Pages  2549-2844  plus  Index 


December  1994 


Volume  25A-NO.  12 


for  public  r 

distribution 


INSTRUCTIONS  FOR  AUTHORS 


METALLURGICAL  AND  MATERIALS  TRANSACTIONS 
publishes  contributions  on  all  aspects  of  research  and  significant 
engineering  advances  in  materials  science  and  metallurgy.  Ap¬ 
proved  manuscripts  will  be  published  according  to  subject  matter 
in  Section  A  or  B.  Assignment  will  be  made  in  the  Editor’s  Of¬ 
fice,  but  author  guidance  will  be  appreciated  concerning  appear¬ 
ance  in  Section  A  or  B  and  the  classification  of  the  manuscript 
according  to  current  nomenclature  used  in  the  Table  of  Contents. 

Metallurgical  and  Materials  Transactions  A  publishes  contri¬ 
butions  on  all  aspects  of  physical  metallurgy  and  materials  sci¬ 
ence,  with  a  special  emphasis  on  relationships  among  the  processing, 
structure,  and  properties  of  materials. 

Metallurgical  and  Materials  Transactions  B  publishes  contri¬ 
butions  on  the  theoretical  and  engineering  aspects  of  the  process¬ 
ing  of  metals  and  other  materials,  including  studies  of  electro-  and 
physical  chemistry,  mass  transport,  modeling,  and  related  com¬ 
puter  applications. 

All  manuscripts,  including  symposia,  will  be  judged  by  qual¬ 
ified  reviewers  according  to  established  criteria  for  technical  merit. 
The  review  procedure  begins  in  the  editorial  office  as  a  Key  Reader 
is  assigned  by  the  Editor  or  Associate  Editor.  The  Key  Reader 
chooses  one  or  two  reviewers  for  the  manuscript  and  submits  his 
recommendation,  based  on  his  own  and  the  reviewers’  judgments, 
to  the  editorial  office.  The  Editor  or  Associate  Editor  then  makes 
a  final  decision  on  the  paper. 

Submission  of  a  manuscript  is  representation  that  it  has  neither 


been  copyrighted,  published,  nor  submitted  for  publication  else¬ 
where.  Prior  publication  is  a  basis  for  rejection.  Appearance  in  a 
conference  proceedings  or  similar  special  presentation  with  lim¬ 
ited  distribution  is  not  necessarily  prior  publication.  In  such  cases 
the  article  should  be  so  referenced.  There  are  two  classes  of  papers: 

Technical  Publication:  Manuscripts  should  represent  com¬ 
pleted  original  work  embodying  the  results  of  extensive  field,  plant, 
laboratory,  or  theoretical  investigation,  or  new  interpretations  of 
existing  problems.  Material  must  be  considered  to  have  significant 
permanent  value.  In  addition  to  technical  acceptability,  material 
should  be  presented  clearly  and  concisely. 

Communication:  This  class  provides  more  rapid  publication 
of  short  items.  Abstracts  and  divisional  headings  are  not  used. 
The  length  for  a  Communication  should  be  about  1000  words  of 
text,  accompanied  by  whatever  figures  and  tables  may  be  required 
to  support  this  text.  These  fall  in  the  following  categories: 

(a)  theoretical  or  experimental  work  of  immediate  current  interest; 

(b)  discussion  of  Technical  Papers  and  Communications.  These 
should  contribute  to  the  original  article  by  providing  con¬ 
firmation  or  additional  interpretation.  They  will  be  referred 
to  authors  for  reply.  Discussion  and  authors’  reply  will  be 
published  concurrently; 

(c)  announcements  and  summaries  of  computations  and  com¬ 
puter  programs  or  other  compilations  which  are  available 
on  request  from  the  author  or  a  specified  agency. 


MANUSCRIPT 


1 .  Send  to:  Metallurgical  and  Materials  Transactions 

Carnegie  Mellon  University 
Schenley  Park 
Pittsburgh,  PA  15213 

2.  Submit  three  copies,  each  complete  with  abstract,  tables, 
and  figures.  All  copy  (abstract,  text,  footnotes,  references, 
figure  captions)  should  be  typed  double-spaced  on  one  side 
of  22  X  28  cm  (S'A  x  11  in.)  paper,  with  a  margin  of  at 
least  2.5  cm  (1  in.)  all  around.  Three  sets  of  high  quality 
micrographs  are  required  for  review  purposes;  Xerox-type 
copies  are  not  acceptable.  Printer’ s  copy  of  all  figures  (draw¬ 
ings  and  halftones)  should  be  retained  by  the  author  until 
requested  by  the  editor  (see  items  3a  and  3b). 

a.  Copyright  transfer  must  accompany  the  manuscript.  See 
section  entitled  COPYRIGHT  POLICY  which  follows. 

b.  A  separate  list  of  figure  captions  should  be  included 
(double-spaced)  in  addition  to  the  caption  appearing  with 
each  figure. 

c.  All  tabulated  data  identified  as  tables  should  be  given  a 
table  number  and  a  descriptive  caption.  Tables  should  be 
numbered  consecutively,  using  Roman  numerals. 

3.  Figures  (halftones  and  line  drawings)  should  be  designed 
for  final  printing  in  single  column  8.5  cm  (3>/4  in.)  width. 
Double  column  18  cm  (7  in.)  treatment  will  be  used  only 
when  required  by  the  complexity  of  the  material. 

a.  Line  drawings.  These  should  be  no  larger  than  22  x  28 
cm  (8V2  X  11  in.).  Lettering  should  be  large  enough  to 
be  2  mm  (i/ib  in.)  after  reduction.  Glossy  photocopies  of 
larger  drawings  are  preferred. 

b.  Photographic  material.  One  mounted  set  of  glossy  prints 
with  captions  should  be  furnished  for  the  printer’s  use. 
These  should  be  protected  by  cardboard  to  avoid  creases 
and  markings.  Staples,  tape  or  clips  should  not  be  used. 
If  necessary,  indicate  suitable  framing,  position,  and  pro¬ 
portion  on  a  working  copy. 

c.  Color  printing  of  photographic  material  can  be  arranged. 
This  will  involve  an  additional  charge.  Authors  should 
correspond  with  the  editor  regarding  specific  papers. 

d.  Original  drawings  and  photographic  material  will  be  re¬ 
turned  to  the  author  by  the  printer  after  publication. 


4.  The  abstract  is  the  author’s  summary  of  a  scientific  paper 
and  is  included  in  the  review  procedure.  It  should  indicate 
newly  observed  facts,  conclusions,  and  the  essential  parts  of 
any  new  theory,  treatment,  apparatus,  technique,  etc.  It  should 
be  concise  and  informative  and  only  in  exceptional  cases  ex¬ 
ceed  200  words. 

5.  References  should  be  double-spaced  and  listed  on  a  separate 
sheet.  The  required  format  is  shown  in  the  section  entitled 
STYLING  OF  REFERENCES. 

6.  If  the  paper  depends  on  unpublished  work,  three  copies  of 
the  unpublished  material  should  be  included  to  assist  the  ref¬ 
erees  in  their  evaluation. 

7.  On  the  printer’s  copy,  symbols  should  be  clearly  identified, 
i.e.,  “Greek  omicron,”  “One  and  ell”  and  “oh  and  zero”  should 
be  differentiated  by  a  marginal  note  to  avoid  ambiguity. 

8.  Extensive  revision  at  the  author’s  option  of  text  or  figures  in 
proof  is  costly  and  will  be  charged  to  the  authors.  Typo¬ 
graphical  errors  may  be  corrected  and  references  updated 
without  charge. 

9.  There  are  no  facilities  for  translating  or  making  editorial  re¬ 
visions  of  foreign  contributions.  All  publication  is  in  English, 
and  papers  must  be  submitted  in  proper  form.  Canadian  and 
British  spelling  should  be  changed  to  Americanized  version. 

10.  The  policy  of  Metallurgical  and  Materials  Transactions  is  to 
use  the  International  System  of  Units  (SI).  For  guidelines, 
see  National  Bureau  of  Standards  Special  Publication  003- 
003-02380-9  (for  sale  by  the  Superintendent  of  Documents, 
U.S.  Government  Printing  Office,  Washington,  DC  20402). 
If  other  units  are  required  for  special  situations,  a  conversion 
to  SI  must  be  provided  in  parentheses  or  in  a  table. 

1 1 .  Avoid  the  use  of  trade  names  and  proprietary  information 
whenever  possible.  Such  use  can  occasionally  be  justified  if 
this  is  the  best  way  to  specify  a  particular  material  or  process. 

12.  A  series  of  papers  dealing  with  separate  aspects  of  a  subject 
should  be  cross  referenced.  Divisions,  such  as  Part  I,  Part  11, 
etc.,  are  not  recommended  as  they  complicate  the  review  pro¬ 
cedure  and  abstract  listings.  If  such  divisions  are  considered 
essential,  they  should  be  justified  by  the  author  at  the  time 
of  submission  and  are  subject  to  approval  in  review. 

13.  A  Table  of  Symbols  should  be  included  when  symbols  are 
used  extensively  throughout  a  paper. 

cover  3) 


(continued  on 


METALLURGICAL 
AND  MATERIALS 
TRANSACTIONS  A 


Physical  Metallurgy  and  Materials  Science 

VOLUME  25A,  NUMBER  12  DECEMBER  1994 

Metallurgical  and  Materials  Transactions  A  publishes  contributions  on  all  aspects  of  physical  met¬ 
allurgy  and  materials  science,  with  a  special  emphasis  on  relationships  among  the  processing,  struc¬ 
ture,  and  properties  of  materials.  All  papers,  including  symposia  contributions,  are  reviewed  by  a 
committee  consisting  of  one  member  of  the  Board  of  Review  and  one  or  two  other  reviewers.  See 
inside  covers  for  detailed  instructions  for  authors. 


EDITORIAL  STAFF 

Editor;  David  E.  Laughlin 
Editor  Emeritus:  Gerhard  Derget 
Associate  Editors:  Alan  W.  Cramb 

R. J.  Fruehan 

S.  Mahajan 

Thaddeus  B.  Massalski 
Production  Editor:  Dora  Moscatello 

Carnegie  Mellon  University 
Pittsburgh,  Pennsylvania  15213 
FAX;  (412)  268-7169 
E-mail:  mettrans@andrew.cmu.edu 


JOINT  COMMISSION 
FOR  METALLURGICAL 
AND  MATERIALS 
TRANSACTIONS 

C.  Parker,  Chair 
B.  Attwood 

D.  Granger 
M.  Ozgu 
A.  Romig 
J.  Salsgiver 

Alexander  R.  Scott 
Edward  L.  Danger 


JOINT  MANAGERS 

Edward  L.  Danger 
ASM  INTERNATIONAL 

Alexander  R.  Scott 

The  Minerals,  Metals  <&  Materials  Society 

BUSINESS  STAFF 

TMS  Subscriptions  and  Advertising: 

Dinda  D,  Gibb,  TMS 

ASM  Subscriptions: 

Faye  D.  Balser,  ASM  INTERNATIONAL 


SOCIETY  PRESIDENTS 

ASM  INTERNATIONAL 

John  G.  Simon 

The  Minerals,  Metals  &  Materials  Society 

Dionel  C.  Kimerling 

Iron  &  Steel  Society 
Harry  E.  Follwell 


Published  jointly  by 

The  Minerals,  Metals  &  Materials  Society  ASM  INTERNATIONAL 

420  Commonwealth  Drive  Materials  Park,  OH  44073 

Warrendale,  PA  15086 


Metallurgical  and  Materials  Transactions  “A”  is  published  monthly  by  THE  MINERALS,  MET¬ 
ALS  &  MATERIALS  SOCIETY  (TMS),  420  Commonwealth  Drive,  Warrendale,  PA  15086,  tele¬ 
phone  (412)  776-9000,  and  ASM  INTERNATIONAL,  Materials  Park,  OH  44073,  telephone  (216) 
338-5151.  TMS  and  ASM  are  not  responsible  for  any  statements  made  or  opinions  expressed  in  their 
publications. 

Subscription  rates  per  year — Metallurgical  and  Materials  Transactions  “A”:  Individual  non-mem¬ 
bers  and  multi-user  facilities  (libraries,  corporate  information  centers,  documentation  services,  rnili- 
tary  installations,  government  and  private  laboratories,  etc.)  $696.00  U.S.,  $696.(X)  other  countries; 
individual  members  of  TMS  or  ASM  $50.00  U.S.,  $50.00  other  countries.  Metallurgical  and  Ma¬ 
terials  Transactions  “B”:  Individual  non-members  and  multi-user  facilities  $498.00  U.S.,  $498.00 
other  countries;  individual  members  of  TMS  or  ASM  $36.00  U.S. ,  $36.00  other  countries.  Combined 
Metallurgical  and  Materials  Transactions  “A”  and  “B”;  Individual  non-members  and  multi-user  fa¬ 
cilities  $1 134. (X)  U.S.,  $1 134.00  other  countries;  individual  members  of  TMS  or  ASM  $82.(K)  U.S., 
$82.00  other  countries.  Back  issues  of  Metallurgical  and  Materials  Transactions  “A”  and  “B”  are 
available  by  contacting  TMS  or  ASM.  Bound  volumes  of  Metallurgical  and  Materials  Transactions 
are  available  through  TMS.  Claims  to  either  ASM  or  TMS  for  issues  not  received  must  be  made 
within  120  days  of  expected  delivery  date. 

Copyright  1994  by  THE  MINERALS,  METALS  &  MATERIALS  SOCIETY  and  ASM  INTER¬ 
NATIONAL  .  .  .  indexed  by  major  abstracting  services  .  .  .  second  class  postage  paid  at  Warren¬ 
dale,  PA  15086,  and  at  additional  entry  offices.  Send  all  3579  forms  to  Metallurgical  and  Materials 
Transactions,  TMS,  420  Commonwealth  Drive,  Warrendale,  PA  15086. 

Authorization  to  photocopy  items  for  internal  and/or  personal  use  of  specific  clients  is  granted 
upon  request  to  TMS  or  ASM.  Libraries  and  other  users  registered  with  the  Copyright  Clearance 
Center  (CCC)  Transactional  Reporting  Service,  may  photocopy  items  provided  that  the  base  fee 
of  $00.75  per  copy  is  paid  directly  to  CCC,  21  Congress  St,,  Salem,  MA  01970. 

Metallurgical  and  Materials  Transactions  “A”  prior  to  1972  is  available  from  University  Mi¬ 
crofilms  International,  300  North  Zeeb  Rd.,  Ann  Arbor,  Ml  48106. 

ISSN:  1073-5623/83 

CODEN:  MTTABN  25A(I2)  2549-2844  (1994) 


BOARD  OF  REVIEW 


H.I.  Aaronson 
J.  Ainsworth 
S.  Ankem 
S.D.  Antolovich 

S. A.  Argyropoulos 
M.J.  Aziz 

A.S.  Ballantyne 
R.G.  Bautista 
C.  Beckermann 
W.D.  Bennon 

J. T.  Berry 
R.  Berryman 

C.P.  Blankenship,  Jr. 
C.L.  Briant 

C. R.  Brinkman 
A.  Bronson 
W.E.  Brower,  Jr. 

V.  Brusic 

A.  Bustos 

M.  Byrne 

R. W.  Carpenter 

K. S.  Chan 
K.-M.  Chang 
P.  Chaubal 
P.K.  Chaudhury 
H.  Chen 

N. S.  Cheruvu 
H.  Cialone 
M.J.  Cieslak 
J.A.  Clum 

T. H.  Courtney 
J.A.  Dantzig 

D. L.  Davidson 
G.P.  Demopoulos 
P.  Desclaux 

M.  Dollar 

F. M.  Doyle 

S.  Dregia 

D.  Dreisinger 

T. W.  Eagar 

G. R.  Edwards 

N.  El-Kaddah 
J.W.  Elmer 

W. H,  Emling 
M.  Enomoto 

B.  Farouk 

S. G.  Fishman 
R.A.  Foumelle 
D.  Frear 

P.D.  Funkenbusch 
A.  Garg 
W.M.  Garrison 
D.R.  Gaskell 
W.W.  Gerberich 
P  C.  Glaws 
J.  Goldak 

T.  Gross 
J.  Grubb 

D.  Gupta 

J. E.  Hack 

K. N.  Han 

R. L.  Harris 
M.J.  Haun 
J.B.  Hiskey 

J. M.  Howe 
Hsun  Hu 

S. -C.  Huang 

G.  Irons 

A.F.  Jankowski 

K. V.  data 
W.C.  Johnson 

R. H.  Jones 
J.S.  Kallend 

S. L.  Kampe 
M.E.  Kassner 

T. Z.  Kattamis 

A. H.  King 

C. C.  Koch 

B.  Daily 

C.  Landefeld 
J.D.  Landes 
T.G.  Langdon 
J.  Lankford 

E. J.  Lavemia 

H. M.  Ledbetter 
C.G.  Levi 


J. J.  Lewandowski 
P.K.  Liaw 

B.  Lichter 

K.  Liddell 
J.C.  Liu 

H.  Margolin 

S.  Marsh 
M.  Mataya 

R.  Matway 
J.  Mazumder 

A.  McLean 

T. R.  McNelley 

S. K.  Menon 
P.J.  Meschter 
M.  Meshii 

M. A.  Meyers 

G. M.  Michal 

B.  Mishra 

F.  Mohamed 

N. R.  Moody 
M.B.  Mooiman 
J.J.  Moore 

J. E.  Morral 

A. E.  Morris 
D.R.  Morris 
W.C.  Moshier 

K.  Mukheijee 
K.L.  Murty 

R. H.  Nafziger 

S.  Nourbaldhsh 
D.L.  Olson 
M.  Ozgu 

B.  Ozturk 
R.A.  Page 

U.  Pal 

C.  Pande 
J.M.  Papazian 

H. G.  Paris 

C. A.  Parker 
R.D.  Pehlke 

T.  Piwonka 
M.R.  Plichta 
J.H.  Poveromo 
M.  Przystupa 

V. A,  Ravi 

D.  Rego 

W. T.  Reynolds,  Jr. 

C. G.  Rhodes 

G.  Richards 

R. E.  Ricker 
J.M.  Robertson 
P.  Rohatgi 
A.K.  Sachdev 

I. V.  Samarasekera 
M,  Sarikaya 

A.  Saxena 

H.  Schade 

J. H,  Schneibel 

S. K.  Sharma 
G.J.  Shiflet 
G.K.  Sig worth 

J. E.  Smugeresky 
G.  Spanos 
S.K.  Srivastava 
G.R.  Stafford 

K. P.  Staudhammer 

D. M.  Stefanescu 

R.  Stevenson 

C.  Suryanarayana 
J.M.  Tartaglia 

B. G.  Thomas 
J.A.  Todd 
J.M.  Toguri 
A.K.  Vasudevan 
J.M.  Vitek 

V.  Voller 
P.W.  Voorhees 
G.W.  Warren 
G.S.  Was 

C. M.  Wayman 
C.A.  Wert 
J.A.  Wert 

S. H.  Whang 
J.E.  Wittig 
M.  Wuttig 


DTIG  QUALI^ 


T*!yr 


Contents 


Pacific  Rim  Symposium— Part  II 


T.Y.  Hsu  (Xu  Zuyao)  and  X.W.  Zhou  2555 


J.B.  Cohen  2565 

T.  Tadaki  and  K.  Shimizu  2569 

M.H.  Wu,  Y.  Hamada,  2581 

and  CM.  Wayman 

X. K.  Meng,  M.K.  Kang,  Y.Q.  Yang,  2601 
and  D.H.  Liu 

Y. Q.  Yang,  D.H.  Liu,  X.K.  Meng,  2609 

and  M.K.  Kang 

Hong-Sheng  Fang  and  ChunMing  Li  2615 


K.  Takezawa,  S.  Maruyama,  2621 

K.  Marukawa,  and  S.  Sato 

N.  Ravishankar,  H.I.  Aaronson,  2631 

and  K.  Chattopadhyay 

J.K.  Chen,  T.W.  Ross  III,  G.  Chen,  2639 
M.  Kikuchi,  and  W.T.  Reynolds,  Jr. 

N.  Nakanishi,  T.  Shigematsu,  2647 

T.  Furukawa,  and  N.  Machida 

H.I.  Aaronson,  J.P.  Hirth,  B.B.  Rath,  2655 
and  C.M.  Wayman 


Thermodynamic  Consideration  of  Formation  Mechanism  of  aj 
Plate  in  )3Cu-Base  Alloys 

Long-Range  Ordering  in  the  Early  Stages  of  Precipitation — 

A  Brief  Review 

High-Resolution  Analytical  Electron  Microscopy  Study 
of  Isothermal  Plate-Shaped  Products  in  Some  3-Phase  Alloys 

Transformation  Characteristics  of  a.  Plates  in  Cu-Zn-Al  Alloys 

The  Formation  Mechanism  of  Plate  in  Beta  Cu-Zn 
and  Cu-Zn-Al  Alloys 

Growth  Kinetics  and  High-Temperature  TEM  in  situ 
Observation  of  Bainite  in  a  Cu-Zn  Alloy 

Study  on  the  Transformation  Mechanism  of  ct|  Plates 
in  a  Cu-Zn-Al  Alloy 

A  Discussion  on  the  Formation  of  Bainite  and  Other 
Precipitates  in  Cu-Zn  and  Ag-Zn  Alloys 

Mechanism  of  the  Early  Stages  of  a]  Plate  Formation 
in  a  Cu-39  Pet  Zn  Alloy 

The  Selection  of  Precipitate  Habit  Planes  in  Cr-32  Wt  Pet  Ni 

Bainitelike  Transformations  in  Some  Oxide  Ceramics 

General  Discussion  Sessions  of  the  “Pacific  Rim  Conference 
on  the  Roles  of  Shear  and  Diffusion  in  the  Formation  of 
Plate-Shaped  Transformation  Products” 


Alloy  Phases 

V.  Raghavan  and  Dara  P.  Antia 
V.  Raghavan  and  Dara  P.  Antia 


2675  The  Chromium  Equivalents  of  Selected  Elements  in  Austenitic 
Stainless  Steels 

2827  Communication:  The  Chromium  Equivalents  of  Ferrite  Stabilizers 
in  Commercial  Stainless  Steels 


Transformations 

J.P.  Bourne,  C.  Atkinson,  and  R.C.  Reed  2683 
Werner  Hort  and  William  C.  Johnson  2695 

Joon-Woong  Noh,  Moon-Hee  Hong,  2828 

Geun-Hong  Kim,  Suk-Joong  L.  Kang, 
and  Duk  Yong  Yoon 


Diffusion-Controlled  Growth  in  Ternary  Systems 

Diffusional  Boundary  Conditions  during  Coarsening  of  Elastically 
Interacting  Precipitates 

Communication:  The  Cause  of  Matrix  Penetration  of  W /W  Grain 
Boundaries  During  Heat  Treatment  of  W-Ni-Fe  Heavy  Alloy 


Transport  Phenomena 

V.  Sabathier,  G.R.  Edwards,  2705  Kinetic  Study  of  Low-Temperature  Transient  Liquid  Phase  Joining 

and  C.E.  Cross  of  an  Aluminum-SiC  Composite 


2550  — VOLUME  25A,  DECEMBER  1994 


METALLURGICAL  AND  MATERIALS  TRANSACTIONS  A 


Mechanical  Behavior 


J.L.  Freer  Goldstein 
and  J.W.  Morris,  Jr. 

2715 

The  Effect  of  Substrate  on  the  Microstructure  and  Creep 
of  Eutectic  In-Sn 

Xiaoyu  Hu,  Robert  H.  Wagoner, 

Glenn  S.  Daehn,  and  Somnath  Ghosh 

2723 

The  Effect  of  Inertia  on  Tensile  Ductility 

M.C.  Mataya  and  V.E.  Sackschewsky 

2737 

Effect  of  Internal  Heating  During  Hot  Compression  on  the  Stress- 
Strain  Behavior  of  Alloy  304L 

S.L.  Semiatin,  V.  Seetharaman, 
and  V.K.  Jain 

2753 

Microstructure  Development  during  Conventional  and  Isothermal 
Hot  Forging  of  a  Near-Gamma  Titanium  Aluminide 

P.R.  Subramanian,  M.G.  Mendiratta, 
and  D.B.  Miracle 

2769 

Microstructures  and  Mechanical  Behavior  of  NiAl-Mo  and  NiAl- 
Mo-Ti  Two-Phase  Alloys 

Xiao-Hu  Zeng  and  Frederic  Barlat 

2783 

Effects  of  Texture  Gradients  on  Yield  Loci  and  Forming  Limit 
Diagrams  in  Various  Aluminum-Lithium  Sheet  Alloys 

Ming  Lei  and  Hassel  Ledbetter 

2832 

Communication;  Elastic  Constants  of  SiC^/Al:  Measurements  and 
Modeling 

Chi-Sing  Man 

2835 

Communication;  Elastic  Compliance  and  Hill’s  Quadratic  Yield 
Function  for  Weakly  Orthotropic  Sheets  of  Cubic  Metals 

Physical  Chemistry 

Bart  J.  Kooi,  Marcel  A  .J.  Somers, 
and  Eric  J.  Mittemeijer 

2797 

Thermodynamics  and  Long-Range  Order  of  Interstitials 
in  a  Hexagonal  Close-Packed  Lattice 

Surface  Treatment 

T.C.  Totemeier,  W.F.  Gale, 
and  J.E.  King 

2837 

Communication;  Microstructural  Evolution  of  an  Overlay  Coating 
on  a  Single-Crystal  Nickel-Base  Superalloy 

Solidification 

Seong-Gyoon  Kim,  Sung-Ho  Shin, 

Toshio  Suzuki,  and  Takateru  Umeda 

2815 

2841 

Numerical  Analysis  of  the  Rapid  Solidification  of  Gas-Atomized 
Al-8  Wt  Pet  Fe  Droplets 

Contents,  Metallurgical  and  Materials  Transactions  B, 

Volume  25A,  December  1994 

Combined  Index  to  Volumes  25A  and  25B  follows  page  2842 


DISCLAIMER.  The  acceptance  and  publication  of  manuscripts  in  METALLURGICAL  AND  MATERIALS 
TRANSACTIONS  does  not  imply  that  the  reviewers,  key  readers,  editors,  or  the  sponsoring  Societies  (ASM 
INTERNATIONAL,  The  Minerals,  Metals  &  Materials  Society,  and  The  Iron  and  Steel  Society)  accept,  approve, 
or  endorse  the  data,  opinions,  and  conclusions  of  authors.  While  manuscripts  published  in  METALLURGICAL 
AND  MATERIALS  TRANSACTIONS  are  intended  to  have  archival  significance,  authors’  data  and  interpretations 
are  frequently  insufficient  to  be  directly  translatable  to  specific  design,  production,  testing,  or  performance  ap¬ 
plications  without  independent  examination  and  verification  of  their  applicability  and  suitability  by  professionally 
qualified  personnel. 

METALLURGICAL  AND  MATERIALS  TRANSACTIONS  A  VOLUME  25A,  DECEMBER  1994  —  2551 


Part  II 


Proceedings  of  the  Pacific  Rim  Conference  on  The  Roles  of  Shear  and 
Diffusion  in  the  Formation  of  Plate-Shaped  Transformation  Products 

(Part  I  appeared  in  September  A,  1994) 


Foreword 


The  question  as  to  whether  the  atomic  movements  involved  in  the  formation  of  plates  during  phase 
transformations  in  crystalline  solids  taking  place  at  temperatures  above  the  martensite  range  occur 
by  closely  coordinated  glide-type  motions,  i.e.,  shear,  or  by  biased  random  walk  diffusion  has  been 
a  controversial  issue  since  it  was  raised  by  J.M.  Robertson  (1929),  E.S.  Davenport,  and  E.C.  Bain 
(1930)  and  R.F.  Mehl  and  C.S.  Barrett  (1931).  Contrary  to  reasonable  expectation,  the  increasing 
availability  of  sharper  experimental  tools  (particularly  visual  and  analytical  transmission  electron 
microscopy)  and  improved  theoretical  analyses  has  made  this  controversy  more  intense,  albeit  also 
more  precisely  defined.  Since  it  has  become  clear  that  at  least  part  of  the  difficulty  being  encoun¬ 
tered  in  resolving  this  basic  issue  is  one  of  communication  between  the  two  schools  of  thought, 
the  Phase  Transformations  Committee  of  ASM  International  (Chaired  by  Professor  Hayden  Chen 
during  the  organization  of  this  conference  and  then  by  Professor  James  M.  Howe)  decided  to  hold 
a  conference  focused  as  tightly  as  practicable  solely  upon  this  question.  All  speakers  at  this  con¬ 
ference  were  invited,  as  were  those  additional  conferees  who  have  maintained  an  active  interest  in 
the  subject.  Approximately  equal  numbers  of  papers  were  commissioned  from  the  two  schools,  as 
well  as  several  from  leading  authorities  in  related  phase  transformation  research  areas  who  were 
not  identified  with  either  school.  In  addition  to  time  for  discussion  scheduled  after  the  presentation 
of  each  paper,  most  of  the  last  day  of  the  conference  was  devoted  to  two  General  Discussions 
sessions  in  which  the  main  issues  which  arose  during  the  Conference  were  publically  discussed  at 
length.  Recordings  were  made  of  these  Discussions.  After  some  editing  by  the  organizers, .the 
individual  discussions  were  returned  to  those  who  had  given  them  for  modification  into  final  form. 
The  compilation  of  these  discussions,  together  with  the  large  set  of  papers  obtained  on  the  formation 
of  a^  plates  in  Cu-Zn,  Cu-Zn-Al,  and  Ag-Zn  alloys,  will  appear  soon  in  Part  II  of  these  proceedings, 
also  to  be  published  in  this  journal. 

Because  interest  in  this  controversy  has  increasingly  shifted  in  recent  years  to  Japan  and  China, 
it  was  decided  the  conference  would  be  held  in  the  Hawaiian  Islands — in  particular  on  the  “big 
island”  of  Hawaii — because  these  islands  have  won  wide  acceptance  and  the  vote  of  preference  as 
a  meeting  place  for  persons  from  the  Pacific  Rim  countries.  The  Kona  Hilton  Hotel  provided  an 
outstanding  milieu  for  the  conference  in  the  form  of  a  relaxed  and  informal  but  very  comfortable 
environment  in  which  private  discussions  flourished  as  vigorously  as  did  those  held  in  public.  (In¬ 
deed,  considerable  correspondence  and  research  has  already  resulted  from  this  conference.) 

The  organizers  would  like  to  express  their  gratitude  to  the  Office  of  Naval  Research  (Dr.  Robert 
C.  Pohanka,  Dr.  George  Yoder,  and  Dr.  A.K.  Vasudevan)  and  the  National  Science  Foundation 
(Dr.  Bruce  A.  MacDonald)  for  financial  support  which  made  possible  the  participation  of  a  number 
of  the  conferees.  Ms.  Althena  Franklin  of  the  Kona  Hilton  Hotel  staff  and  Mrs.  Melody  Guthrie, 
whose  services  as  conference  manager  were  provided  by  the  Naval  Research  Laboratory,  handled 


METALLURGICAL  AND  MATERIALS  TRANSACTIONS  A 


VOLUME  25A,  DECEMBER  1994  —  2553 


the  operation  of  the  conference  so  smoothly  and  efficiently  that  the  organizers  were  able  to  devote 
their  full  attention  to  the  technical  business  of  the  conference  itself.  We  are  grateful  to  the  members 
of  the  Phase  Transformations  Committee  of  ASM  International  for  their  support  and  constructive 
suggestions  during  the  formulation  of  the  conference  program.  Thanks  are  also  due  to  Professors 
Tsun  Ko  (University  of  Science  and  Technology  Beijing),  Makato  Kikuchi  (Tokyo  Institute  of 
Technology),  Gregory  Olson  (Northwestern  University),  Ken’ichi  Shimizu  (Kanazawa  University), 
George  Weatherly  (McMaster  University),  Hayden  Chen  (University  of  Illinois  at  Urbana-Cham- 
paign),  Barry  Muddle  (Monash  University),  Yasuya  Ohmori  (Ehime  University),  George  Krauss 
(Colorado  School  of  Mines),  Mats  Hillert  (Royal  Institute  of  Technology),  T.Y.  Hsu  (Xu  Zuyao) 
(Shanghai  Jiao  Tong  University),  James  Howe  (University  of  Virginia),  and  William  Reynolds,  Jr. 
(Virginia  Polytechnic  Institute  and  State  University)  for  their  service  as  session  chairmen.  Finally 
we  thank  Professor  David  E.  Laughlin,  Editor,  and  Ms.  Dora  Moscatello,  Production  Editor,  Met¬ 
allurgical  and  Materials  Transactions,  for  supervising  the  review  procedures  for  the  conference 
papers. 


C.M.  Wayman,  General  Chairman 
University  of  Illinois  at  Urbana-Champaign 

H.I.  Aaronson,  Administrative  Chairman 
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Thermodynamic  Consideration  of  Formation 
Mechanism  of  Plate  in  jSCu-Base  Alloys 


T.Y.  HSU  (XU  ZUYAO)  and  X.W.  ZHOU 

For  the  possible  ordering  structures  of  the  parent  phase  jS' — i.e.,  B2  in  Cu-Zn  alloys,  DO3  in 
Cu-Al  alloys,  and  B2  and  L2,  in  Cu-Zn-Al  alloys — the  driving  forces  for  the  a,  plate  formation 
have  been  calculated  for  the  three  /3Cu-base  alloys.  The  driving  force,  AG,  is  larger  than  zero 
for  the  /3'  Oi  shear  mechanism  and  less  than  zero  for  the  /S'  — »  )8[  +  a,  diffusional  mechanism. 
Furthermore,  the  equilibrium  temperature,  Tg,  between  the  parent  /S'  phase  and  the  Oi  plate  has 
been  evaluated  to  be  much  less  than  the  experimental  start  temperature,  of  the  plate 
formation.  Therefore,  the  a^  plate  formation  cannot  be  initiated  by  a  diffusionless  yS'  ai  shear 
reaction  without  other  causative  factors  such  as  stress  field,  defects,  etc.  However,  the  a,  plate 
can  be  formed  through  a  diffusional  )3'  ^  ySJ  +  a,  reaction.  Results  in  Cu-Al  alloys  also  show 
that  the  composition  of  the  a,  plate  produced  in  the  diffusional  reaction  has  to  deviate  from  that 
of  the  parent  phase  to  a  certain  extent.  For  some  compositions  of  Cu-Zn-Al  alloys, 
^^ai(dis.>^ai(ord.)  ^  q  ^  tcmpcrature  range.  Thus,  the  fresh  a,  plate  produced  after  the 

diffusional  reaction  may  further  transform  into  the  ordered  a,  plate  within  this  temperature 
range.  Calculated  driving  forces  for  the  disordered  parent  phase  reveal  that  the  ordering  of  the 
parent  phase  resists  the  a^  formation  in  Cu-Zn  and  Cu-Zn-Al  alloys  and  enhances  it  in  Cu-Al 
alloys. 


I.  INTRODUCTION 

Garwood'"  first  found  the  surface  relief  phenom¬ 
enon  accompanying  the  ai  formation  in  a  Cu-Zn  alloy, 
and  later,  Garwood'^'  and  Cornells  and  Wayman'^'  re¬ 
vealed  that  the  crystallography  of  (3'  a,  exhibited  all 
the  characteristics  generally  ascribed  to  a  martensitic 
transformation.  In  addition,  they  found  in  Cu-Zn- Al*'*' 
and  Cu-Zn-Au'^'  alloys  that  the  phase  even  inherits 
the  ordering  of  the  parent  phase.  However,  the  interface 
and  inner  structure  of  in  a  Cu-Zn  alloy  are  different 
from  those  of  the  martensite.'*'  Recent  measurements 
show  that  at  an  earlier  stage  of  the  a,  formation  in 
Cu-Zn- Al'^  *'  and  Cu-Zn- Au'*'  alloys,  the  composition  of 
a  I  is  markedly  different  from  that  of  the  matrix.  Thus, 
some  authors  thought  that  the  partitioning  of  Cu  and 
solute  atoms  only  influences  the  characteristics  of  the  a, 
plate  after  its  formation  in  a  diffusionless  manner,'**' 
while  others  believed  that  the  composition  change  by  a 
long-range  diffusion  of  solute  atoms  takes  place  before 
the  Oi  nucleation  by  shear'*'^'  or  that  the  directional  dif¬ 
fusion  of  solute  atoms  stimulates  the  nucleation  and 
growth  of  a,  plate."®'  Recently,  it  was  reported  that  in 
Cu-Zn-Al  alloys,  the  antiphase  domain  structures  of  the 
parent  phase  are  inherited  by  the  a,  plate,  the  compo¬ 
sition  of  the  Of,  plate  is  different  from  that  of  the  parent 
phase,  and  some  local  solute  depletions  occur  at  the  dis¬ 
location  in  the  parent  phase.""  Thus,  the  authors  sug¬ 
gested  that  some  solute-depleted  defects  act  as 
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nucleation  sites  for  the  formation  of  the  ai  plate,  which 
lengthens  through  a  shear  mechanism  but  thickens  by  a 
diffusional  process.""  The  role  of  dislocation  in  an  elas¬ 
tic  anisotropy  medium  in  promoting  both  solute  diffu¬ 
sion  and  shear  for  the  Oj  plate  formation  has  been 
emphasized."^'  Internal  friction  study  of  Cu-Zn-Al 
alloys  revealed  that  the  damping  peaks  appear  within  the 
incubation  period  of  the  Oi  formation,  and  the  maximum 
damping  values  are  inversely  proportional  to  the  incu¬ 
bation  period;  i.e.,  directly  proportional  to  the  nucle¬ 
ation  rate  of  the  Oj  plate.  Consequently,  it  is  concluded 
that  the  pretransformation  of  Oj  formation  involves  the 
nucleation  process. Kinetic  characteristics  of  the 
formation  in  Cu-Zn-Al  alloys  under  stress"*'  through 
upquenching  from  the  martensitic  state"*"’'  or  cooling 
from  high-temperature  B2  parent  phase'”'  obey  the 
Austin-Rickett  equation"*'  for  diffusional  transforma¬ 
tion.  The  activation  energy  is  in  good  agreement  with 
that  of  the  diffusion  of  the  solute  atoms.  X-ray  diffrac- 
tometry  indicated  that  in  a  Cu-Zn-Al  alloy,  ordering  of 
the  a,  is  totally  different  from  that  of  the  martensite, 
which  implies  that  the  cannot  inherit  the  ordering  of 
the  parent  phase."’"®'  The  composition  change  during 
the  a,  formation  involves  long-range  diffusion  of  atoms, 
which  may  destroy  the  ordering  structure.  Thus, 
Aaronson  et  u/.'”'  concluded  that  the  freshly  formed 
cannot  even  partially  inherit  the  ordering  of  the  parent 
phase.  This  article  summarizes  the  results  of  the  thermo¬ 
dynamic  studies  of  the  Oj  formation  in  Cu-Zn,'’’' 
Cu-Al,'”'  and  Cu-Zn- AI'’**'  alloys,  based  upon  the 
thermodynamic  surveys  of  these  alloy  systems,'’*"’*'  and 
attempts  to  give  a  clear  view  of  the  formation  mecha¬ 
nism  of  the  O)  plates. 

II.  THERMODYNAMIC  APPROACH 

In  /SCu-base  alloys,  the  a,  is  produced  from  an  or¬ 
dered  parent  (3’  phase  possessing  the  B2  ordering  struc¬ 
ture,  as  in  Cu-Zn  and  Cu-Zn-Al  alloys,  or  DO3  ordering 

VOLUME  25A,  DECEMBER  1994  —  2555 


structure,  as  in  Cu-Al  alloys,  or  L2,  ordering  structure, 
as  in  Cu-Zn-Al  alloys.  Any  diffusionless  transformation 
forming  the  a,  can  be  expressed  as  /3'  — >  a,  reaction, 
where  the  inherits  the  composition  and  ordering  of 
the  j8'  phase.  Any  diffusional  transformation  of  the  aj 
can  be  viewed  as  j8'  — >  /3[  +  a,  reaction,  where  the  com¬ 
position  of  the  disordered  Oi  is  somewhat  different  from 
that  of  the  /3',  which  in  turn,  causes  some  composition 
change  in  the  ordered  matrix.  This  resulting  matrix  with 
changed  composition  is  notated  here  as  )3[.  In  order  to 
determine  the  possibility  of  these  two  reactions  occur¬ 
ring,  their  driving  forces  have  to  be  evaluated.  In  ad¬ 
dition,  the  disordered  formed  from  the  diffusional 
reaction  may  undergo  ordering  upon  aging  or  cooling 
from  its  formation  temperature  to  ambient  temperature. 
This  process  also  can  be  determined  by  calculating  the 
driving  force  for  a,  (disorder)  a,  (order)  ordering 
transition. 

1.  Calculation  of 

The  change  in  free  energy  attending  the  shearing  can 
be  written  as 

+  AG^“  +  AG“^“'  [1] 

where  AG^“  is  the  change  of  free  energy  between  the 
disordered  a  and  p  phases  and  (=  -AG^^^) 

the  change  of  free  energy  associated  with  the  ordering 
)3  — >  )3'  (B2,  DO3,  or  L2i).  Because  the  a  and  a\  phases 
have  a  similar  structure  [such  as  face-centered  cubic 
(FCC)],  except  that  the  latter  is  ordered,  AG“^“'  simply 
can  be  regarded  as  the  change  of  free  energy  for  the 
a  ^  ordering,  where  a,  inherits  the  ordering  of 
the  )3'. 

If  the  disordered  a  and  )3  phases  are  regarded  as  reg¬ 
ular  solutions,  the  general  formula  for  the  driving  force 
AG^“  of  phase  transformation  is  expressed  as  follows: 

AG^“  =  AGf~*“ 

+  i,y  =  Cu,  ...  [2] 

i^i 

/3 — >(x 

Here,  AG,  stands  for  the  lattice  stability  parameter  of 
the  i  element,  AE^‘‘  =  E“j  -  Efj,  with  Efj  and  Efj  rep¬ 
resenting,  respectively,  the  interaction  energy  parame¬ 
ters  between  i  and  j  components  in  the  a  and  phases. 
Xi  is  the  atomic  fraction  of  i  element.  According  to  the 
regular  solution  model  for  the  binary  system,  the  activity 
coefficient  of  component  i  in  solution  (p,  yf,  should  be 

RTlnyf  =  E^il-Xf  [3] 

In  addition,  it  can  also  be  derived^^’)  for  the  regular  so¬ 
lution  that 

E,  =  -0.5No  2  [4] 

k 

where  Nq  is  Avogadro’s  constant,  Z^.  represents  the 
number  of  the  ^h  nearest  neighbors,  and  1^*’  =  e®  + 
c®  —  2c®  stands  for  the  chemical  interchange  energy 


between  i  and  j  elements,  with  the  superscript  (k)  de¬ 
noting  the  fcth  nearest  neighbor  interactions  and  e  de¬ 
noting  the  various  pair  energies.  The  interaction 
parameters,  Efj,  can  therefore  be  determined  either  from 
the  experimental  activity  data^^*'  through  Eq.  [3]  or  from 
the  known  chemical  interchange  parameters'^®’^ 
through  Eq.  [4]. 

In  an  i-j  binary  system,  if  the  a  and  p  phases  are  in 
equilibrium,  the  chemical  potentials  of  components  in 
the  a  and  P  phases  are  equal,  and  the  following  equa¬ 
tions  hold 

AGf^“  =  -RTln  IX't'^lxf'^) 

-  EtjiXf/^f  +  EfjiXf'^f  [5] 

and 

AGf"“  =  -RTln  iXf^/Xf'^) 

-  +  EfjiXfh"  [6] 

where  Xf^^,  Zf^“,  XJ^^,  and  Xf^°  are  equilibrium  phase 
boundaries  of  the  binary  system.  By  fitting  Eqs.  [5]  and 
[6]  to  the  experimental  binary  phase  diagram,'^®'  we  can 
get  the  lattice  stability  parameters  of  i  and  j  as  functions 
of  temperature.  It  should  be  noted  here  that  AGcr“  de¬ 
termined  from  different  Cu-i  (/  =  Zn,  Al)  binary  phase 
diagrams  differs  in  value.  In  the  calculation  of  the  ter¬ 
nary  Cu-Zn-Al  alloys,  the  weighted  average  of  the 
AG§7“  (Cu-i)  (/  =  Zn,  Al)  obtained  from  the  Cu-i  binary 
system  is  used  as  AGcT”,  i  e.'. 

,  Xz„AG^“(Cu-Zn)  +  XA,AG£r“(Cu-Al) 


With  the  various  Ey  and  AGf^“,  determined  as  described 
above,  we  can  calculate  the  driving  force  AG^“  for 
P  ^  a  transformation  through  Eq.  [2]. 

AG^'^'  (=  -AG^'^^)  and  AG°^“‘  in  Eq.  [1]  were 
treated  using  the  GBW  model, which  is  a  counterpart 
of  the  regular  solution  model.  In  (TBW  model,  the 
energy  of  the  system  is  approximated  as  the  total  pair 
energies,  while  the  entropy  of  the  system  is  derived  on 
the  basis  that  the  atoms  are  distributed  on  the  lattice  (or 
sublattice)  sites  as  independent  points  (i.e.,  the  tendency 
for  the  system  to  form  different  pairs,  triangles,  etc.,  is 
neglected).  Since  both  the  solid  solutions  a  and  j8  are 
substitutional,  the  number  of  lattice  sites  which  Cu,  .  .  . 
may  occupy  should  be  identical  in  the  two  phases;  i.e., 
the  configurational  entropy  of  the  P  equals  that  of  the  a: 

=  5“.  In  addition,  because  no  change  in  the  relative 
positions  of  atoms  takes  place  in  the  diffusionless  re¬ 
action,  the  configurational  entropies  are  such  that 
5^  =  5“'.  Considering  only  the  configurational  altera¬ 
tion,  we  give  AS^^  =  AA“^“'  for  the  entropy  change 
in  the  ordering  transition.  As  the  volume  change  in  the 
ordering  transition  is  small  enough,  then  it  is  straight¬ 
forward  to  write 

AG^'^>^  +  AG“^“‘  =  -AU<^<^'  +  AG““"“'  [7] 

where  U  refers  to  the  internal  energy. 

In  order  to  derive  the  driving  force  for  the  P^  P'  and 
a—^ai  ordering  transitions,  the  body-centered  cubic  lat¬ 
tice  of  the  parent  phase  is  divided  into  four  sublattices 
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named  a,  b,  c,  and  Letting  the  probability  of 

i  atoms  on  the  L  sublattice  be  shown  by  P,l,  L  =  a,  fo, 
c,  and  d,  the  various  ordering  structures  in  the  parent 
/3Cu-base  alloys  can  be  defined: 

Disordered.  P cua  Pcub  Pcuc  ^cu  [8] 

B2:  Pcua  =  Pcub  >  Pc.c  =  Pcud  [9] 

DO3;  Pca  =  Pcb  =  Pcuc  >  Pcod  [  1 0] 

L2,:Pc,a  =  Pcub>Pcuc>Pc.d  [11] 

From  the  relationship  among  these  four  sublattices,  it 
is  easy  to  derive  the  number  of  the  various  bonds  for  the 
nearest  and  next  nearest  neighbors  for  the  /3  phase.  The 
change  in  internal  energy  of  the  /3  phase  during  its  or¬ 
dering  transition  is  approximated  by  the  total  change  in 
bonding  energy  of  the  nearest  and  next  nearest  atoms, 
i.e.: 

=  2  (AA9’4‘’  +  AAj/’cf)  ij  =  Cu,  . . . 

ij 

[12] 

where  AAJ"  and  AAf  represent,  respectively,  the  change 
of  the  number  of  the  nearest  and  next  nearest  i-j  bonds 
during  the  ordering  transition.  Subject  to  certain  con¬ 
straining  conditions  imposed  on  all  the  variables  P,l,  we 
have  for  the  Cu-i-j  ternary  system.'^*' 

B2  /3'  structure: 

=  O.SNorj^  7^^ 

L  1  -^Cu 

+  (Z2W^il  - 

1  ""  ^Cu 

_ 

(1-XcJ^^  ^ 

[13] 


DO3  /?'  structure: 

=  -0.5No4  — ^  (ZiWii.  +  ZXcld 
L 1  Xcu 


iZjW^clj 


+  z,wSj) 


and  L2|  jS'  structure: 


x,x, 

(1  -Xcj' 


[14] 


=  0.25No| — — —  [(t/I  -  2i7irj,  -  t;])  ZitV]?],  -  2r;]Z|Wc„d 

H - - - [(-rjT  -  2i7,t),  -  17;)  ZjVV'cj,  -  2T;TZ,Wc„j] 

(1  -  a:cJ 

XX  1 

- ^  [(7,1  -  2r,,r,,  -  r,l)  ZMf  -  2t,]Z,W;;’] 

(l-^tcu)-  1 

[15] 


where  the  ordering  degrees  are  defined  as  17  —  77 ,  — 
Pc^  -  Xcu,  and  7,2  =  Pcuc  -  Xcu-  Because  in  the  L2, 
ordered  structure,  the  P/l’s  are  less  dependent  than  those 
in  B2  or  DO3  ordered  structure,  two  ordering  degree  pa¬ 
rameters,  7ji  and  7J2,  are  introduced  for  the  L2i  structure. 
7j,  171,  and  772  are  confined  to  the  following  conditions: 


f  0<77<Xcu  Xc„s0.5 

1^0  <  77  1  ~  Xcu  Xcu  >  0-5 


[16] 


DO3: 


f  0  <  77  <  Xc./3  Xcu  ^  0.75 
1^0  <  77  s  1  —  Xcu  Xcu  >  0.75 


[17] 


and 

' 

r  0  <■>?,<  Xc„ 

]  a:c„  0.5 

[-17,  <7)2^  min  (tji,  Xc„  -  2r7,) 

L2,:  ^ 

C  0  <  T),  <  1  -  Xc„ 

]  Xc.  >  0.5 

^  I-171  <  7)2  ^  min  (r;,,  Xc„  -  2r),) 

[18] 

The  configurational  entropy  changes  in  ordering  transi¬ 
tion  are  given  by 

B2  /S'  structure: 

=  0.5R/A[2Xc„  InXc^  +  2(1  -  XcJ  In  (1  -  XcJ 

-  (77  +  Xcu)  In  (77  +  Xcu) 

-  (1  -  Xc„  -  77)  In  (1  -  Xc„  -  77) 

-  (77  +  1  -  Xcu)  In  (77  +  1  -  Xcu) 

-  (Xcu  -  V)  In  (Xcu  -  1?)] 

[19] 

DO3  /S'  structure: 

AS'*-'*’  =  0.25R/A[4Xc„  In  Xc„  +  4(1  -  Xc„)  In  (1  -  XcJ 

-  3(7)  +  XcJ  In  (7)  +  XcJ 

-  3(1  -Xc„  -  7))ln(l  -  Xcu  -  v) 

-  (Xcu  -  37))  In  (Xcu  -  37)) 

-  (1  -  Xcu  +  37))  In  (1  -  Xcu  +  37))] 

[20] 

and  L2|  j8'  structure: 

AX'’-'*'  =  0.25R/A[4Xcu  In  Xcu  +  4(1  -  XcJ  In  (1  -  Xcu) 

-  2(7),  +  Xcu)  In  (t),  +  Xcu) 

-  2(1  -  Xc„  -  7),)  In  (1  -  Xcu  -  7)i) 

-  (7),  +  Xcu)  In  (7)2  +  Xcu) 

-  (1  -  Xcu  -  7),)  In  (1  -  Xcu  -  7)2) 

-  (Xcu  -  27),  -  7)2)  In  (Xcu  -  27),  -  7)2) 

-  (1  -  Xcu  +  27),  +  7)2)  In  (1  -  Xcu  +  27),  +  7),)] 

[21] 
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where  R  is  the  universal  gas  constant  and  A  is  the  cor¬ 
rection  factor  for  short-range  order.  By  comparison  of 
the  calculated  results  of  the  critical  temperature  of  or¬ 
dering  obtained  using  the  cluster  variation  method  and 
the  GBW  model,  respectively,  A  was  determined  as  0.67 
for  Cu-Zn  alloys. 1^°'  In  addition,  A  was  chosen  to  be 
A  =  0.78  in  Cu-Al  alloys,'^'*'  so  as  to  minimize  the  de¬ 
viation  of  the  critical  temperature  of  ordering  calculated 
using  the  GBW  model  from  the  experimental  critical 
temperature.  In  the  ternary  Cu-Zn- A1  alloys,  A  is  eval¬ 
uated  as  the  weighted  average  of  its  binary  counterparts, 
i.e. 


_  0.67Xzn  +  0.78Aa, 

A  — - 

1  -^Cu 

where  Zcu  is  the  atomic  fraction  of  Cu  in  the  ternary 
alloys.  As  long  as  AU  and  AS  are  known,  the  Gibbs 
energy  change  associated  with  any  process  5,  82  can 

be  expressed  as 

[22] 

The  ordering  structure  of  the  parent  /3'  phase  is  B2  in 
Cu-Zn  alloys  and  DO3  in  Cu-Al  alloys,  with  both  struc¬ 
tures  formed  during  the  /3  ^  /S'  transition.  In  Cu-Zn-Al 
alloys,  the  parent  /S'  phase  has  two  types  of  ordering 
structures;  that  is,  B2  and  L2,,  where  B2  formed 
during  the  /3  /S'  transition  and  L2|  formed  during  the 

/3'(B2)  — ^  ^'(L2|)  transition. 

Since  the  ^  ;S'(B2  or  DO3)  ordering  transition  is  a 

second-order  transition,  the  ordering  degree  should  be  a 
function  of  temperature.  By  fitting  to  the  phase  diagram 
of  the  Cu-Zn  system,  we  found  that  17  can  be  described 
simply  as  7/  =  77^,,[1  -  ^^ere  rep¬ 

resents  the  maximum  ordering  degree  the  /S'  phase  can 
actually  obtain  and  T,.  the  critical  ordering  transition  tem¬ 
perature.  was  determined  as  t/„,,  =  0.32  for  B2 

ordering'25]  =  q  jg  ordering,i27i  and  7, 

can  be  obtained  from  the  phase  diagram. In 
Cu-Zn-Al  alloys,  however,  the  /S'(B2)  ^  /3'(L2|)  tran¬ 
sition  is  a  first-order  transition,  and  the  ordering  degree 
parameters  of  the  L2|y8'  phase  should  be  treated  differ¬ 
ently.  Here  the  ordering  degree  parameters  p,  and  p,  are 
chosen  as  values  which  renders  a  quasi-equilibrium  L2, 
ordered  phase  at  a  given  temperature.  For  a  Cu-24.77Zn- 
9.00A1  at.  pet  alloy,  we  get  p,  =  0.31  and  p,  =  0.04 
at  150  °C  for  the  extreme  point  of  described 

in  Eqs.  [15],  [21],  and  [22],  respectively. 

In  the  /?'  ^  a,  shear  reaction,  we  may  suppose  that 
the  low-temperature  a,  phase  inherits  the  ordering  of  the 
parent  /S'  phase;  i.e.,  the  Bain  correspondence  between 
the  atoms  of  the  a,  and  /S'  phases  is  assumed  to  hold. 
The  numbers  of  all  the  different  bonds  of  the  a,  then  can 
be  expressed  as  functions  of  the  7,1^  variables  defined 
above.  If  only  the  nearest  interactions  among  atoms  are 
considered  for  the  a,  phase,  the  changes  in  internal 
energy  during  the  ordering  transitions  can  be  approxi¬ 
mated  as 

iJ=Cu,...  [23] 

‘J 

For  the  ternary  system,  our  derivation  gives'-*’ 

B2  /3'  structure; 


AG“ 


2Nop^  - 


Wr - 

1  -  Zc„  1  -  Z, 


— 


DO3  /S'  structure: 
AG'^"'  =  6Nop" 


XiXj 

+ - 

(1  -^cu)" 


Z,. 


[24] 


1  -Zr 


1  -  Zr 


”  Cuy 


zx 

+  - W?: 


(1  -^Cu) 


2  y 


[25] 

and  L2|  /S'  structure: 

Air-"'  =  No(-3p?  -  2p,p3  -  p^) 


w? 


1  -Zcu 


IF, 


Cu; 


z,z, 

(1  -Zc„)‘ 


[26] 

where  the  symbol  is  used  for  the  a  phase  referring 
to  the  nearest  chemical  interchange  energy.  Because 
AS"^"’  =  AS^^  ,  the  Gibbs  energy  change,  AG“^“‘,  as¬ 
sociated  with  a  ^  a,  reaction  can  then  be  calculated 
through  Eqs.  [19]  through  [21]  and  [22]  through  [26]. 

Using  the  procedures  described  above,  we  can  deter¬ 
mine  all  the  driving  forces,  such  as  AG'^",  AG^^' ,  and 
AG“-^“i  35  functions  of  temperature  for  a  given  alloy. 
AG^-“i  can  then  be  calculated  using  Eq.  [1]. 


2.  Calculation  of 

Supposing  that  the  phase  with  composition  Z^'  de¬ 
composes  into  the  /3I  phase  with  composition  Zcl, 
and  the  a,  plate  with  composition  Zcu,  the  driving  force 
for  the  phase  transformation  should  be 

=  G"  +  (Gf  -  G“)  -  G^'  [27] 

^Cu  ^Cu 

Here,  the  a,  is  treated  as  the  a  phase  so  that  the  known 
thermodynamic  properties  of  the  a  phase  can  be  fully 
utilized.  This  treatment  should  be  correct,  at  least  to  a 
certain  extent,  because:  (1)  analogous  to  the  a,  phase, 
the  a  phase  also  is  a  nonequilibrium  phase  at  the  given 
composition;  and  (2)  the  structure  of  the  a^  is  close  to 
that  of  the  disordered  a  (FCC),  especially  as  a,  loses  the 
ordering  of  the  parent  phase.  Also,  we  can  list 

G^'  =  G'^  -t-  AG^^'  =  G^  +  AU^^'  -  TAS^-^'  [28] 

G^'  =  G^'  +  AG^^'-^' 

=  G^'  +  [29] 

and 

G\<p  =  a,  13,  /S,)  =  2  XfGf  -f  RT^  Xf  In  Xf 

i  i 

+  ^EtxfXf  /,y  =  Cu,  ...  [30] 
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Using  Eq.  [27]  and  the  parameters  derived  in  Eqs.  [28] 
through  [30],  driving  force  can  be  calculated 

as  a  function  of  composition  (if  the  amount  of  the 
a,  decomposed  from  the  is  fixed,  will  be  depen¬ 
dent  upon  the  Z^u)  at  a  given  temperature.  If  Zgu  and 
Z^[  are  known,  then  can  be  determined  as  a 

function  of  temperature.  It  should  be  pointed  out  here 
that  although  Eqs.  [13],  [14],  [24],  and  [25]  are  derived 
for  a  ternary  system,  they  also  can  be  used  for  a  binary 
system  as  long  as  the  composition  of  one  of  the  com¬ 
ponents  is  equal  to  0. 

3.  Calculation  of  the  Driving  Force  for  Ordering  of 
Fresh  O/  in  a  Cu-24.77Zn-9.00Al  at.  pet  Alloy 

The  disordered  plate  formed  during  the  diffusional 
reaction  /?'  -^  /3J  +  may  further  transform  to  the  or¬ 
dered  plate  upon  aging  or  subsequent  cooling  to  the  am¬ 
bient  temperature.  The  driving  force  accompanying  this 
transition  is  expressed  as  aG“‘^‘‘‘"  ^  In  order  to 

judge  the  possibility  of  such  a  transition,  the  value  of 
^^a,(dis.)-^a,(ord.)  calculated  for  a  Cu-24.77Zn-9.00Al 
at.  pet  alloy.  Following  the  calculation  of  the  driving 
force  of  ordering, we  assume  arbitrarily  a  rather  small 
value  of  i.e.— n™  =  0.20,  and  substitute  it  into 

h  =  TJmax[l  -  (7’/7’c)T^l  ^(jaKd.s.h-a.Cord,) 

calculated  using  Eqs.  [19],  [22],  and  [24].  The 
^a,cdis.)-*a,(ord.)  Calculated  refers  to  an  ordered  a, 
inherited  from  the  /3'  phase.  For  a  real  addis.)  -> 
a,(ord.)  reaction  where  the  constraints  on  the  ordering 
types  and  ordering  degree  are  removed,  ag^'***'*  ’ 

should  be  smaller. 


III.  RESULTS  OF  CALCULATION 

The  parent  phase  of  the  Cu-40.00  at.  pet  Zn  alloy  is 
the  P'  phase  with  the  B2  structure.  Letting  the  compo¬ 
sition  of  the  alloy  be  Zz„  =  0.4000,  the  driving  forces 
for  various  phase  transformations  are  calculated  in  terms 
of  Eqs.  [1],  [2],  [7],  [13],  [19],  [22],  [24],  and  [27] 
through  [30].  When  calculating  the  driving  forces 
j-gj.  diffusional  transformations,  it  is  assumed 
that  Zz„  =  0.3380  and  Zf],  =  0.4010,  according  to  the 
experimental  results  of  Lorimer  et  al.^^^^  Within  the  tem¬ 
perature  range  from  473  to  673  K  of  the  Oi  plate  for¬ 
mation,  regression  and  simplification  by  computer  yield 

AG'^'^^'  =  -222.6  -f  1.56727-  3.27  x  lO^V 

-  5.324  X  10^‘^7^  7  =  473  to  673  K 

[31] 

AG^''"'^'^“‘  =  -9.8  -f  8.17  X  10“Y-  2.603  x  10"Y^ 
-H  2.141  X  lO^Y^  7  =  473  to  673  K 

[32] 


and  if  the  ordering  degree  parameter  p  =  0,  we  get  the 
driving  forces  for  the  transformation  between  disordered 
phases 


AG'*^"'  =  -1117.4  -f  1.56727-  3.27  x  10"‘*7^ 

[33] 

AG^^'’"“‘  =  -25.5  -t-  0.02887  -  4.4  x  10”®7^ 

[34] 


The  results  of  Eqs.  [31]  through  [34]  are  shown  in 
Figures  1  and  2,  respectively. 

The  /S  phase  of  the  Cu-24.00A1  at.  pet  alloy  will  trans¬ 
form  into  the  jS'  phase  with  DO3  structure,  so  Eqs.  [14], 
[20],  and  [25]  are  used  instead  of  Eqs.  [13],  [19],  and 
[24]  in  calculating  the  driving  forces  for  shear  reaction. 
Regression  simplification  yields 

Ag/5'-“>  =  -333.2  -  0.36927  +  1.3246  x  lO^Y^ 


7  =  300  to  750  K 


[35] 


and 

AG^“‘  =  -365.1  +  0.68247  T  =  750  to  800  K 

[36] 

The  results  of  Eqs.  [35]  and  [36]  are  plotted  in  Figure  3. 


°C 


Fig.  1 — Driving  forces  and  in  a  Cu-40.00Zn  at.  pet 

alloy. - :  AG  =  0. 


Fig.  2 — Driving  forces  AG^^^'^”’  and  AG^  ^  Cu-40.00Zn 

at.  pet  alloy. 
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If  the  a,  formation  produces  5  pet  of  the  a,  at  its  initial 
stage  through  the  diffusional  reaction,  the  Lever  prin¬ 
ciple  is  used  to  calculate  the  driving  force  for  precipi¬ 
tating  the  a,  as  a  function  of  its  composition  at  a  given 
temperature.  The  calculated  results  for  the  700  and 
750  K  ternperatures  are  shown  in  Figure  4.  The  mini¬ 
mum  values  to  precipitate  the  equilibrium  a 

also  are  calculated,  and  the  results  are  plotted  in 
Figure  5  as  a  function  of  temperature. 

The  Oj  in  the  Cu-Zn-Al  alloys  forms  from  the  B2  j8' 
or  the  L2,  matrix  in  the  elevated  temperature  range 
from  523  to  623  K.  For  the  Cu-24.77Zn-9.00Al  at.  pet 
alloy,  calculation  from  Eq.  [22]  gives 

^  g  _  1  49407+  8.1215  x  10 
-  8.1925  X  10“*r^ 

r  =  300  to  750  K  B2,/3'  [37] 

=  2549.6  -  3.43487’  -  1.868  x  10“Y- 
T  =  300  to  600  K  L2|,/3'  [38] 


and 


T(K) 

Fig.  3  — Driving  forces  and  in  a  Cu-24.00AI  at.  pet 

alloy. - :  AG  =  0. 


AG'^"'  =  -1098.8  +  1.3516r  T=  300  to  800  K 

[39] 

the  results  of  Eqs.  [37]  through  [39]  are  shown  in 
Figures  6  through  8. 

Wu  and  Wayman'^’  indicated  a  3  wt.  pet  difference  in 


T(K) 

Rg-  5  —  Minimum  values  as  a  function  of  temperature  for 

a  Cu-24.00A1  at.  pet  alloy, - :  AG  =  0. 


T(K) 


o 

£ 


o 

+ 


CD 

< 


Xai 

Fig.  4  — Driving  force  AG'*'^'^' as  a  function  of  a,  composition  in 

a  CU-24.00A1  at.  pet  alloy.  - :  700  K; - •  750  K' - ■ 

AG  =  0. 


Fig-  6  —  Driving  force  AG^^"'  in  a  Cu-24.77Zn-9.00Al  at.  pet  alloy. 
O'  is  with  B2  structure.) 
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Fig.  8  —  Driving  force  AG^"*“'  in  a  Cu-24.77Zn-9.00Al  at.  pet  alloy. 
---:  AG  =  0. 


Zn  and  about  a  0.5  to  1  wt.  pet  difference  in  A1  between 
the  plate  and  the  matrix  in  the  Cu-24.77Zn-9.00Al 
at.  pet  alloy,  even  at  the  earliest  accessible  stage  of  the 
a^  plate  formation.  Accordingly,  the  values  X§l,  = 
0.2480,  X^\  =  0.0902,  X^‘  =  0.2218,  and  =  0.0738 
are  adopted.  The  calculated  driving  forces  are  as  follows 

^  g  3  _  1.71  X  lO^^T-  3.99 

X  lO’^r^  5.71  X  lO'Y'* 

T  =  300  to  750  K  B2,  /3'  [40] 

=  15.5  -  0.03757-  1.9  x  10”^- 

7  =  300  to  600  K  L2|,/3'  [41] 

and 

=  -17.7  +  1.73  X  10“-7 
7  =  300  to  750  K  [42] 

Results  of  Eqs.  [40]  through  [42]  are  plotted  in  Figure  9. 

In  order  to  determine  the  possibility  of  the  disordered 
a,  undergoing  ordering  once  it  is  formed  after  a  diffu- 
sional  reaction,  ag“'“‘'*  ’  also  is  calculated  accord¬ 

ing  to  the  procedure  described  in  Eqs.  [19],  [22],  and 
[24],  and  the  results  are 

^^a,(dis.H-a,(crd.)  ^  _520.4  +  1.19317 

7  =  300  to  450  K  [43] 

which  are  shown  in  Figure  10. 

Letting  AG'^^"'  be  equal  to  zero,  the  equilibrium  tem¬ 
perature,  To,  between  the  /3'  and  a,  phases  can  be  cal¬ 
culated.  Figure  1 1  shows  the  results  of  the  calculated  7„ 
and  the  experimental  in  Cu-Zn  alloys.  In  addition, 

the  equilibrium  temperatures  between  the  DO,  /3'  parent 
phase  and  a,  phase  and  between  72,  /S'  parent  phase  and 
a,  phase  are  calculated  for  the  Cu-24.00A1  at.  pet  and 
Cu-24.77Zn-9.00Al  at.  pet  alloys,  respectively,  and  the 
corresponding  results  are  approximately  660  and  240  K. 

IV.  DISCUSSION 

This  work  focuses  on  the  possible  mechanisms  for  the 
initiation  of  the  a,  plate  formation  through  the  calcula¬ 
tion  of  the  driving  force  for  the  shear  j8'  ^  a,  and  the 
diffusional  (3'  ^  processes.  In  the  former  case. 


T(K) 

Fig.  9 — Driving  forces  and  AG*^^**'*”'  in  a  Cu-24.77Zn- 

9.00AI  at.  pet  alloy.  - :  (/3'  is  with  B2  structure); 

- ;  if}'  is  with  L2,  structure); - ;  AG'*^'*‘*“‘. 


Fig.  lO  — Driving  force  aG“"‘'“ '  for  a  Cu-24.77Zn-9.00Al  at. 
pet  alloy. . :  AG  =  0. 


Xzn 


Fig.  1 1  — To  and  B,  as  a  function  of  in  Cu-Zn  alloys. 
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the  is  the  shear  product  which  inherits  the  ordering 
and  composition  of  the  parent  phase,  while  in  the  latter 
case,  the  is  by  definition  a  disordered  FCC  phase. 
From  this  point  of  view,  the  fault  structures  of  9R  and 
18R  of  the  a,  plate  do  not  need  to  be  considered.  An 
experiment  in  Cu-Zn-Al  also  has  given  evidence  that  at 
a  very  early  stage  of  transformation,  small  plate  forms 
with  narrow  fault-free  edges. 

The  start  temperature  at  which  a^  plate  is  formed  is 
about  400  to  500  K  {i.e.,  B,  =  450  in  Figure  11) 
for  the  Cu-40.00  Zn  at.  pet  alloy.  The  plate  formation 
temperatures  for  Cu-Al  alloys  and  Cu-Zn-Al  alloys  are 
over  660  and  300  K,  respectively.  As  revealed  in 
Eqs.  [1],  [5],  [7],  and  [8]  and  Figures  1,  3,  6,  and  7, 
the  values  of  the  )3'  ^  Oi  shear  driving  force 
are  all  positive  within  these  temperature  ranges  of  the 
plate  formation.  Therefore,  the  a,  plate  formation 
from  the  parent  phase  with  the  same  composition 
through  a  shear  mechanism  is  thermodynamically  im¬ 
possible  without  the  influence  of  other  factors.  In  some 
cases,  however,  a,  may  be  formed  through  a  shear 
mechanism.  For  example,  if  there  is  a  stress  field  in  the 
alloy,  a,  may  be  induced.  In  addition,  some  defects, 
such  as  dislocations,  may  change  the  local  compositions 
of  the  alloy  and  cause  a,  to  nucleate.  This  requires  the 
defect  density  to  be  high  enough  to  be  consistent  with 
the  nucleation  density,  which  rarely  happens.  Con¬ 
versely,  as  can  be  seen  from  Eqs.  [32],  [40],  and  [41] 
and  Eigures  2  and  9,  the  values  of  the  p'  +  a, 

diffusional  driving  force,  ag^’^^''^'*',  are  negative  within 
the  corresponding  ai  plate  formation  temperature  range 
for  Cu-Zn  and  Cu-Zn-Al  alloys,  respectively.  This  in¬ 
dicates  that  a,  plate  can  be  formed  in  a  diffusional  re¬ 
action,  )8'  -h  a,,  in  the  Cu-Zn  and  Cu-Zn-Al 

alloys.  The  same  results  can  be  obtained  for  Cu-Al 
alloys  from  Eigures  4  and  5.  Because  the  experimental 
information  about  the  composition  of  u,  plate  is  not 
available  for  Cu-Al  alloys,  we  calculate  the  driv¬ 
ing  force,  AG'^'^^''^“‘,  for  Cu-Al  alloys  as  a  function 
of  the  composition  of  plate  at  given  temperatures. 
Eigure  4  shows  that  in  order  for  the  driving  force 
to  be  negative,  the  composition  of  the 
ai  plate  has  to  be  less  than  Xa,  =  0.209  at  750  K  and 
Xai  =  0.204  at  700  K,  which  greatly  deviates  from  the 
composition  of  the  parent  /3'  phase  (Zai  =  0.240). 
Eigure  5  verifies  that  the  diffusional  driving  force, 
achieves  a  negative  value  within  the  tem¬ 
perature  range  from  680  to  750  K,  as  long  as  the  re¬ 
quirement  of  the  abrupt  alteration  in  the  composition  of 
the  a,  plate  is  satisfied.  Therefore,  the  a,  plate  formation 
can  be  initiated  through  a  reaction,  P'  +  a^,  by  a 

diffusional  mechanism. 

It  can  be  seen  from  Eigure  1 1  that  the  equilibrium  tem¬ 
perature,  Tq,  between  P'  and  Uj  is  about  700  K  lower 
than  the  temperature  of  Cu-Zn  alloys.  Also,  Tg  is 
calculated  to  be  much  lower  than  in  Cu-24.00A1  at. 
pet  alloy  and  Cu-24.77Zn-9.00Al  at.  pet  alloy.  As  one 
of  the  characteristics  of  the  thermoelastic  martensitic 
transformation,  M,  is  close  to  Tg-i.e.,  Tg  =  M,<  B^ — 
which  also  explains  why  it  is  impossible  for  shearing 
transformation  to  take  place  near  the  temperature  of  B,. 
The  possibilities  which  would  allow  the  shear  reaction 


to  take  place  above  the  temperature  Tg  should  be  the  al¬ 
teration  of  the  composition  of  the  parent  jS'  phase  or  nu¬ 
cleation  at  solute-depleted  sites  near  dislocations  or  at 
stress  field,  Composition  change  in  the  parent  phase 
within  the  incubation  period  will  cause  the  increase  of 
the  free  energy  unless  an  a^  plate  with  different  com¬ 
position  is  nucleated.  Thus,  we  would  emphasize  here 
that  diffusion  for  the  formation  of  solute-depleted  zone 
before  the  formation  of  the  Oj  is  thermodynamically  im¬ 
possible.  Diffusion  may  occur  for  the  nucleation  of  ai 
as  indicated  in  our  previous  experiment,  which  shows 
that  nucleation  has  already  started  in  the  incubation 
period. It  seems  possible  that  Oj  forms  by  shear  at 
solute-depleted  zone  near  dislocations  or  at  stress  field 
above  "  However,  problems  may  arise  if  the 
nucleation  density  and  the  dislocation  or  stress  field  den¬ 
sity  in  the  parent  phase  do  not  match.  In  addition,  it  is 
well  known  that  stress-induced  martensite  will  form 
above  M^. 

Experiments  show  that  the  plate  inherits  the  order- 
ingf'*'  and  the  antiphase  domain  structures^"'  of  the  parent 
phase  in  Cu-Zn-Al  alloys  and  partially  inherits  the  or¬ 
dering  of  the  parent  phase  in  Cu-Zn- Au  alloys.'^'  How¬ 
ever,  these  transmission  electron  microscopy 
experiments  are  unable  to  measure  the  ordering  degree 
in  the  a,  plate.  In  Eq.  [43]  and  Figure  10, 
AG“'<‘‘"")^“‘‘”d  >  is  negative  within  the  temperature  range 
from  300  to  430  K  for  a  Cu-24.77Zn-9.00Al  at.  pet 
alloy.  This  suggests  that  the  disordered  phase  pro¬ 
duced  after  the  diffusional  )3'  jSJ  -I-  a,  reaction  may 
further  transform  into  the  ordered  aj  phase  during  the 
isothermal  holding  or  the  subsequent  cooling  process  in 
this  alloy.  That  the  ordering  degree  of  the  ai  phase  is 
much  less  than  that  of  the  parent  phase  (or  martensite), 
as  predicted  in  the  present  work,  is  in  agreement  with 
the  experiments.'"'  Calculation  of 
other  temperatures  and  other  compositions  of  the  ai  plate 
shows  that  aG“‘'‘'‘^  might  be  positive  unless  the 

ordering  degree,  is  changed  to  lower  values.  This 
implies  that  there  is  a  range  of  temperature  associated 
with  a  given  composition  of  the  in  which  the  plate 
either  keeps  the  disordered  state  or  has  an  ordering 
degree  too  low  to  be  detected  by  experiments. 

The  parent  phases  of  Oj  plate  formation  are  all  or¬ 
dered.  In  order  to  investigate  the  effects  of  ordering  on 
the  Ui  plate  formation,  the  corresponding  driving  forces 
for  the  disordered  parent  phase  are  calculated  and  the 
results  shown  in  Eqs.  [33],  [34],  [36],  [39],  and  [42] 
and  Figures  1,  2,  3,  8,  and  9.  Compared  with  those  for 
the  ordered  parent  /S'  phase,  the  values  of  various  driv¬ 
ing  forces  are  much  less  in  Cu-Zn  and  Cu-Zn-Al  alloys 
and  larger  in  Cu-Al  alloys.  Therefore,  the  B2  (in  Cu-Zn 
and  Cu-Zn-Al  alloys)  and  L2i  (in  Cu-Zn-Al  alloys)  or¬ 
dering  of  the  parent  phase  resists  the  plate  formation 
in  Cu-Zn  and  Cu-Zn-Al  alloys,  while  the  DO3  ordering 
of  the  parent  phase  enhances  the  Oj  plate  formation  in 
Cu-Al  alloys. 

The  results  of  the  thermodynamic  consideration  of  the 
formation  mechanism  of  a,  plate  for  /3Cu-base  alloys  ob¬ 
tained  in  this  paper  are  in  agreement  with  the  results  of 
the  thermodynamic  treatment  for  Fe-C,'^’'  and  Fe-X-C'^®' 
alloys  and  the  experimental  results  of  internal  friction  for 
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Fe-Ni-C^^'^'  alloys;  that  is,  the  mechanism  of  the  a,  plate 
formation  at  intermediate  temperature  is  diffusional. 


V.  CONCLUSIONS 

Calculations  on  the  thermodynamics  of  the  a,  plate 

formation  in  ^Cu-base  alloys  in  this  article  give  the  fol¬ 
lowing  conclusions: 

1.  For  all  the  ordered  structures  of  the  parent  phase — 

i.e.,  B2  structure  in  Cu-Zn  alloys,  DO3  structure  in 
Cu-Al  alloys,  and  B2  and  L2,  structures  in  Cu-Zn-Al 
alloys,  the  driving  forces  for  the  shear  reaction 
P'  a^  are  positive  for  all  three  Cu-base  alloys 
within  their  a,  plate  formation  temperature  range. 
Conversely,  the  corresponding  driving  forces  for  the 
diffusional  reaction  ji'  ^  are  negative. 

Therefore,  the  a,  plate  formation  can  be  initiated  by 
a  diffusional  reaction  /3'  ^  /3!  +  a, . 

2.  Results  in  Cu-Al  alloys  show  that  a  composition  dif¬ 

ference  between  the  a^  plate  produced  in  the  diffu¬ 
sional  reaction  ^  +  a^  and  the  parent  )3'  phase 

is  required  in  order  for  the  diffusional  reaction  to  take 
place. 

3.  The  calculated  equilibrium  temperature,  Tq,  between 
the  at  plate  and  the  parent  /3'  phase  is  much  lower 
than  the  start  temperature  for  the  a,  plate  formation, 
which  further  proves  that  it  is  impossible  for  the 
a,  plate  formation  to  be  initiated  through  a  shear  re¬ 
action  without  other  preferential  conditions. 

4.  Since  >  <  0  in  the  temperature  range 

between  300  and  430  K,  the  fresh  a,  plate  produced 
after  the  diffusional  iS'  ^  /3|  +  ai  reaction  may  fur¬ 
ther  transform  into  the  ordered  a,  plate  for  a  Cu- 
24.77Zn-9.00Al  at.  pet  alloy. 

5.  Calculation  on  the  various  driving  forces  for  the  dis¬ 
ordered  parent  phase  shows  that  the  ordering  of  the 
parent  phase  resists  the  Oj  plate  formation  in  Cu-Zn 
and  Cu-Zn- Al  alloys  and  enhances  it  in  Cu-Al  alloys. 
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Long-Range  Ordering  in  the  Early 
Stages  of  Precipitation — A  Brief  Review 

J.B.  COHEN 

Local  order  adjusts  more  rapidly  than  long-range  order  for  several  reasons,  and  this  local  order 
need  not  mimic  the  low-temperature  precipitate  (although  it  does  in  many  cases).  This  may 
drastically  alter  the  activation  energy  for  nucleation.  Strain  energy  can  play  a  key  role  in  de¬ 
termining  whether  precipitation,  ordering,  or  a  displacive  transformation  occurs  and  in  deter¬ 
mining  not  only  the  shape  but  also  the  compositions  of  the  phases.  Long-range  ordering  in  the 
matrix  may  develop  prior  to  precipitation  of  an  ordered  phase.  A  plate-like  morphology  for 
ordered  precipitates  can  occur  for  several  reasons,  e.g.  strain,  anisotropic  interfacial  energy,  or 
planar  antiphase  boundaries  in  an  ordered  matrix. 


I.  INTRODUCTION 

It  is  the  purpose  of  this  article  to  briefly  review  what 
is  currently  known  about  the  initial  stage  of  precipitation 
in  solid  solutions,  with  particular  emphasis  on  ordering 
phenomena.  We  will  first  explore  the  local  atomic  ar¬ 
rangements  above  a  phase  boundary,  then  the  changes 
with  temperature,  and  finally,  what  is  expected  on 
quenching  below  a  phase  boundary  (in  terms  of  what  is 
feasible  from  a  thermodynamic  and  kinetic  point  of 
view),  as  well  as  the  evidence  for  these  phenomena. 


T-'(k)  =  — B"(k)F(k)  [1] 

Here,  D  is  the  diffusivily,/"  the  second  derivative  of  the 
Helmholtz  free  energy  with  respect  to  composition,  B  a 
geometric  factor  depending  on  the  structure,  and  F(k) 
the  kth  Fourier  component  of  this  free  energy,  including 
chemical  and  elastic  terms.  This  relaxation  time  depends 
both  on  wavelength  and  crystallographic  direction,  as 
shown  in  Figure  1  for  a  Cu-Au  alloy. 


II.  ABOVE  A  PHASE  BOUNDARY 

In  many  solid  solutions  that  precipitate  below  a 
solvus,  there  are  local  atomic  arrangements  forming  and 
breaking  that  resemble  the  phase  that  develops  below  the 
solvus.  This  occurs  in  Al-2  pet  Cu,  Au  40  at.  pet  Ni  (see 
Reference  1  for  a  review),  and  Ni-12.7  at.  pet  Al,'^'  for 
example.  This  is  also  true  in  many  cases  of  ordering  as 
well,  the  classic  case  being  Cu3Au,‘''  but  this  is  not  yet 
proven  to  be  the  general  case.  In  fact,  there  are  already 
clear  except! ons.'^* 

Nevertheless,  in  such  cases  where  this  is  true,  the  con¬ 
cept  of  nucleation  below  a  phase  boundary  needs  careful 
consideration  because  embryonic  regions  are  present  al¬ 
ready.  These  regions  should  considerably  decrease  or 
even  eliminate  the  activation  energy  for  nucleation,  and 
this  has  recently  been  reported  by  Haubold  and  co¬ 
workers  in  dilute  Cu-Fe  alloys. When  these  regions  are 
not  like  the  low-temperature  phase,  the  energy  should  be 
increased  over  that  for  a  random  alloy. 

These  arrangements  can  be  described  by  the  well- 
known  concept  of  concentration  fluctuations.  On  chang¬ 
ing  the  temperature  (still  above  a  phase  boundary),  these 
regions  relax  to  a  new  form,  with  a  relaxation  time  T(k), 
where  k  is  the  wave  vector: 
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III.  CROSSING  A  PHASE  BOUNDARY 

Strain  energy  can  play  an  important  role  not  only  in 
controlling  the  shape  of  a  precipitate  or  zone,  but  also 
in  deciding  whether  a  system  can  form  a  precipitate  or 
order  or  even  undergo  a  displacive  transformation.  (Of 
course,  chemical  interactions  are  important  as  well  and 
dominate  if  the  atoms  are  close  in  size.) 

To  examine  this,  we  consider  the  formation  of  a  solid 
solution  and  focus  on  the  strain  energy.  We  can  write 
the  following  equation  for  the  Fourier  coefficients  of  this 
term,  £(1/A):I*> 


initial  strain 
energy  for  a 
random  alloy: 
atoms  at  aver¬ 
age  lattice 
points — a  con¬ 
stant  term 


composition 

fluctuations 


relaxation: 

/(i)  -  “ ” 

superlattice 

points 


We  can  think  of  this  strain  energy  as  developing  in 
three  stages  represented  in  Eq.  [2]  by  three  terms.  First, 
randomly  arranged  atoms  are  strained  to  conform  to  the 
average  lattice  from  their  own  lattice,  which  costs 
energy  represented  by  the  constant  term  Eq.  Then  fluc¬ 
tuations  form,  whose  elastic  energy  coefficient,  E^,  is  a 
function  of  the  second  derivative  of  the  square  of  the 
phonon  dispersion  curve  (whose  shape  depends  on  the 
strengths  of  interatomic  forces  and  hence  on  electron 
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Fig.  I  — The  relaxation  time  estimated  with  the  measured  Fourier  rep¬ 
resentation  of  total  free  energy,  F(k).  Experimental  results  are  also 
shown. '^1 


shielding).  Finally,  the  atoms  relax  from  the  average  lat¬ 
tice  points  to  more  comfortable  positions,  the  term  E2, 
and  the  total  elastic  energy  coefficient  is  thereby  de¬ 
creased.  This  last  term  is  a  function  of  the  reciprocal  of 
the  wavelength  of  decomposition,  and  it  turns  out  that 
this  term  is  zero  (makes  no  contribution)  at  superlattice 
positions  in  reciprocal  space.  Thus,  the  shape  of  phonon 
dispersion  is  critical.  If  the  phonon  dispersion  is 
“normal”  (the  solid  lines  in  Figure  2),  the  second  term 
is  lowest  at  superlattice  points  and,  therefore,  the  total 
elastic  energy  favors  ordering.  If  there  is  a  dip  or  soft¬ 
ening  in  this  curve  (due  to  electron  shielding  effects,  the 
dotted  lines  in  Figure  2),  is  negative  at  the  wavelength 
of  the  maximum,  favoring  clustering.  Such  softening  has 
been  detected  in  the  Au-Ni  system'll  (and  the  spacing  of 
the  fine  coherent  regions  below  the  miscibility  gap  is  that 
predicted  from  the  maximum  in  the  phonon  dispersion). 


ia)  {b) 


000  hm  too 


(c)  id) 

Fig.  2  —  {a)  Phonon  dispersion  curves:  solid  line — normal;  dotted 
line — softened,  (b)  the  elastic  energy  coefficient,  (c)  its  first  deriva¬ 
tive,  and  (d)  its  second  derivative. ''’i 


We  have  detected  softening  in  the  Cu-Be  system  as 
well.i*^  (In  dilute  Al-Cu  alloys,  bound  states  appear  in 
the  dispersion  but  there  is  no  theory  yet  as  to  this  con¬ 
tribution.)  Of  course,  it  is  already  well  known  that  the 
shape  of  the  phonon  dispersion  curve  can  stimulate  a  dis- 
placive  transformation.  Soft  regions  in  the  dispersion 
lead  to  long-lived  fluctuations  in  displacement  (usually 
referred  to  as  the  tweed  structure  to  describe  its  appear¬ 
ance  in  transmission  electron  microscopy  (TEM))  which 
can  start  the  low-temperature  phase.  This  is  particularly 
well  known  in  body-centered  cubic  lattices,  whose 
phonon  dispersions  usually  show  a  “dip”  near  wave¬ 
lengths  that  are  known  to  set  up  precursor  hexagonal 
close-packed  (hep)  or  omega-like  distortions  in  the  solid 
solution.'®' 

Indeed,  even  displacements  around  individual  atoms 
may  initiate  precipitation  and/or  displacive  transforma¬ 
tions — by  trapping  a  phonon  and/or  lowering  the  free 
energy  barrier.  Here  again,  there  may  be  no  real  ho¬ 
mogeneous  nucleation.  For  example,  in  NiAl,  for  Al- 
rich  alloys,  there  are  Ni  vacancies,  whereas  in  excess  Ni 
alloys,  Ni  is  on  the  A1  sublattice.  In  both  cases,  omega¬ 
like  regions  form  around  the  point  defect.'"*'  Heiming 
et  uf/.""  have  recently  reported  similar  displacements  in 
Zr-Nb  alloys  at  high  temperature,  those  akin  to  the  hep 
phase  that  can  occur  in  this  system,  as  well  as  those  for 
the  omega  phase.  Thus,  displacements  around  individual 
point  defects  can  assist  decomposition,  ordering,  or  dis¬ 
placive  transformations.  Only  when  atoms  are  the  same 
size  (and  there  is  no  electron  transfer)  will  this  effect 
vanish. 

If  strain  effects  can  assist  the  initiation  of  both  repla- 
cive  and  displacive  transformations,  we  can  certainly 
expect  that  there  will  be  situations  where  these  two  trans¬ 
formations  interact,  competing  with  or  assisting  each 
other,  as  Tanner  has  suggested."^'  Furthermore,  it  is 
well  established  that  some  (if  not  all)  of  these  systems 
exhibit  enhanced  diffusion  near  a  critical  temperature 
due  to  the  phonon  softening,  which  could  aid  the  for¬ 
mation  of  clustering.''-*'  In  this  new  picture,  displacive 
transformations  might  start  just  because  diffusion  is  too 
slow  for  the  other  reactions. 

During  decomposition,  basic  thermodynamics  predicts 
a  variety  of  paths,  recently  nicely  reviewed  by  Soffa  and 
Laughlin.""''  Decomposition  can  precede  ordering,  the 
entire  solid  solution  can  order  first  followed  by  decom¬ 
position  into  ordered  and  disordered  phases,  the  precip¬ 
itation  can  occur  fully  ordered,  or  the  matrix  can  order 
after  precipitation.  This  depends  on  the  relative  free 
energies  of  the  phases. 

There  are  many  examples  of  decomposition  followed 
by  ordering — in  the  development  of  GP  zones  in  Al-Cu, 
Cu-Be,  and  Al-Ag  systems,  for  example,  where  the  GP 
zones  are  initially  disordered  but  eventually  an  ordered 
phase  appears  (Reference  1).  What  about  ordering  pre¬ 
ceding  precipitation?  Chen  and  co-workers''^'  sampled 
the  small-angle  scattering  for  signs  of  precipitation  and 
a  superstructure  reflection  for  signs  of  ordering  in  an  Al- 
Li  alloy.  Ordering  clearly  preceded  precipitation.  (How¬ 
ever  a  recent  TEM  and  field-ion  microscopy  study  of  the 
same  alloy"®'  disagrees,  claiming  the  matrix  is  dis¬ 
ordered.)  Thermodynamics  predicts  the  possible,  so  ki¬ 
netic  considerations  can  be  important.  Based  on  Monte 
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Carlo  simulations  of  the  kinetics  with  the  pair  approxi¬ 
mation,  Khachaturyan  and  co-workersi'^  '^  '^^  indicate 
that  if  a  nonstoichiometric  ordered  matrix  appears  first, 
a  plate-like  disordered  phase  then  forms  at  the  antiphase 
boundaries  and  the  matrix  adjusts  its  composition  toward 
the  stoichiometric  ordered  phase.  A  periodic  array  of 
precipitates  results.  The  authors  point  out  that  this  has 
been  actually  observed  by  Matsumara  et  al.  in  Fe-13.8 
at.  pet  Si^^°’  and  in  the  Fe-Al  system'^*'  prior  to  precip¬ 
itation.  While  the  final  phases  in  the  Al-Cu,  Al-Ag,  and 
Cu-Be  systems  are  ordered,  ordering  of  the  matrix  is  not 
observed  in  these  systems.  Clearly,  different  sequences 
are  already  observed. 

Fultz^^^^  has  pointed  out  that  thermodynamic  argu¬ 
ments  may  not  be  correct  far  from  equilibrium,  because 
a  system  may  be  changing  its  microstates  rapidly.  As  a 
result,  the  statistical  argument  of  sampling  all  of  these 
may  not  be  met.  Fultz  shows  that  if  a  system  approaches 
a  saddle  point  between  local  order  and  long-range  order 
(which  it  always  does  at  least  in  the  pair  approximation), 
kinetics  can  slow  drastically.  This  is  so  because  if  S  is 
a  state  variable,  at  a  saddle  point  following  Fultz, 


dt  ~^\ds)  ~  ^ 


[4] 


It  is  often  observed  that  local  order  adjusts  rapidly 
below  an  ordering  transition,  but  long-range  order  de¬ 
velops  more  slowly.  While  it  has  been  thought  that  this 
might  be  due  to  nucleation  of  ordered  regions  or  domain 
boundary  impingement,  the  only  thing  necessary  is  the 
saddle  point.  Fultz  calls  such  a  nearly  stalled  state 
“pseudostable.”  This  pseudostability  can  occur  in  an¬ 
other  way,  as  pointed  out  by  Kikuchi  et  and  illus¬ 
trated  in  Figure  3,  from  their  work.  The  free  energy 
curve  may  change  with  time.  Immediately  after  a 
quench,  an  alloy  has  configurations  like  those  at  the 
higher  temperature,  and  even  a  rigorous  mathematical 
treatment  shows  subsidiary  minima  in  the  free  energy. 
An  alloy  of  composition  0. 1  or  so  is  in  a  local  minimum 
which  evolves  to  the  flat  bottomed  curve  with  time — 
hence,  pseudostability.  What  is  the  evidence  for  these 
predictions?  We’ve  already  alluded  to  the  well-known 
rapid  evolution  of  local  order  below  followed  by  a 
slow  development  of  long-range  order. 

Fultz  has  also  been  studying  kinetic  factors,  particu¬ 
larly  in  the  case  of  the  development  of  any  long-range 
ordered  phase  below  an  ordus.  In  binary  (or  higher)  sys¬ 
tems,  unusual  phases  can  appear. For  example,  if 
there  are  four  (interpenetrating)  sublattices  in  a  cubic 
structure,  there  are  three  order  parameters  which  can  de¬ 
scribe  order  for  B2,  DO3,  or  B32  phases.  Second  neigh¬ 
bor  interactions  as  well  as  first  are  important  for 
stabilizing  DO3  and  B32.  At  low  temperatures,  the  B32 
structure  is  not  favored  when  first  neighbor  interactions 
favor  unlike  neighbors.  However,  strong  repulsion  of 
like  second  neighbors  can  lead  to  the  transient  appear¬ 
ance  of  B32.  This  is  not  a  metastable  state,  as  the  free 
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Fig.  3  —  Free  energy  after  quench,  reprinted  with  permission  from 
Ref.  23.  Horizontal  lines  are  compositions  of  phases,  which  vary  with 
alloy  composition. 


energy  is  decreasing  continuously.  Fultz  has  also  pointed 
out  that  the  diffusion  of  species  to  favor  strong  bonds 
can  force  vacancies  onto  a  particular  sublattice,  making 
it  likely  for  another  species  to  jump  there,  even  though 
there  is  no  energy  preference  to  do  so  and  this  atom  type 
can  find  itself  in  the  wrong  sublattice  temporarily. 

Distortions  may  also  affect  the  compositions  of  the 
phases  and  even  whether  the  lever  rule  is  fol¬ 
lowed. This  is  illustrated  with  calculations  for  the 
Ni-V  system  following  the  theory  in  Reference  28 
(Figure  4).  Despite  the  fact  that  the  strain  is  quite  small 
(0.3  pet  or  less),  the  predicted  effect  is  significant  and 
there  are  clearly  regions  where  the  lever  rule  is  not  fol¬ 
lowed;  these  regions  are  larger  the  larger  the  strain.  This 
has  not  yet  been  confirmed  experimentally,  but  it  is  ob¬ 
viously  quite  important  to  do  so  soon.  Certainly,  most 
previous  measurements  of  the  coherent  regions  of  exis¬ 
tence  have  assumed  the  lever  rule,  which  is  why  current 


Fig.  4 — The  Ni-V  phased  diagram  in  the  vicinity  of  NijV,  calculated 
by  D.K.,  Na.  The  term  £  is  the  coherency  strain  between  the  matrix 
and  precipitate.  Horizontal  lines  are  compositions  of  phases,  which 
vary  with  alloy  composition. 
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coherent  phase  diagrams  are  probably  only  approximate 
regions  of  coexistence. 

IV.  PLATE-LIKE  EORMATION 

Plates  form  due  to  the  faceted  antiphase  domains  in 
Fe-Si,  as  mentioned  in  Section  III.  They  also  occur  in 
the  Al-Cu  and  Cu-Be  systems.  However,  in  the  former, 
there  are  plate-like  regions  in  the  solid  solution  before 
precipitation  starts,  whereas  in  the  Cu-Be  system,  the 
initial  zones  are  ellipsoidal  and  then  flatten  during  aging 
(Reference  1)  while  retaining  their  initial  regularity  in 
the  (110)  directions.  Apparently,  interfacial  energy  is 
more  important  in  the  Cu-Be  system  than  in  Al-Cu 
alloys. 

V.  CONCLUSIONS 

Regions  exist  in  a  solid  solution  that  may  drastically 
increase  or  decrease  the  activation  energy  for  nucleation. 
Coherency  strains  may  affect  whether  ordering  or  pre¬ 
cipitation  or  a  displacive  transformation  will  occur  and 
the  compositions  of  the  phases  as  well  as  their  shapes. 
Ordering  of  the  matrix  may  precede  precipitation  of  an 
ordered  phase. 

Plate-like  morphologies  can  arise  if  the  matrix  is  or¬ 
dered  and  the  antiphase  boundary  energy  is  anisotropic 
or  due  to  elastic  effects.  Finally,  local  atomic  arrange¬ 
ments  (local  order  or  clustering  and  the  attendant  dis¬ 
tortions)  may  impede  or  assist  the  growth  of  plates.  This 
area  has  yet  to  be  explored. 
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High-Resolution  Analytical  Electron  Microscopy  Study  of 
Isothermal  Plate-Shaped  Products  in  Some  p-Phase  Alloys 


T.  TADAKI  and  K.  SHIMIZU 

The  isothermal  plate-shaped  products  in  /3-phase  Cu-Zn-Al,  Cu-Zn-Au,  and  Ag-Cd  alloys  have 
been  studied  from  the  viewpoints  of  morphology,  crystal  structure,  and  composition  using  a 
high-resolution  analytical  electron  microscope  equipped  with  a  field-emission  electron  gun.  It 
is  shown  that  thin  plate-shaped  products,  at  early  stages  of  the  isothermal  formation,  exhibit 
crystallographic  properties  characteristic  of  martensites  formed  at  subzero  temperatures  but  that 
their  compositions  were  definitely  different  from  those  of  the  surrounding  matrices.  Therefore, 
atom  diffusion  is  conceivable  to  be  involved  in  the  plate  formation  from  the  nucleation  stage 
and  to  occur  across  the  coherent  plate/matrix  interfaces.  In  order  for  nucleation  of  the  isothermal 
transformation  to  occur,  two  kinds  of  reactions  should  be  thermally  activated  at  intermediate 
temperatures  above  Tq  for  the  martensitic  transformation:  (1)  atom  diffusion  to  achieve  the  ob¬ 
served  composition  differences  between  plates  and  matrices  and  (2)  martensitic  transformation 
in  hypothetical  alloys  with  compositions  less  than  those  of  the  original  ones  by  the  observed 
composition  differences.  The  incubation  periods  experimentally  observed  should  be  associated 
with  these  two  thermal  activation  processes. 


I.  INTRODUCTION 

The  isothermal  plate-shaped  products  in  /3-phase 
noble  metal-base  alloys  such  as  Cu-Zn  are  widely 
known' to  exhibit  a  dual  nature  as  though  they  are 
formed  by  both  a  crystallographic-shear  mechanism  and 
a  diffusion-controlled  reaction.  But,  the  questions  of 
when  and  how  atom  diffusion  is  involved  in  plate  for¬ 
mation  are  not  clearly  understood  yet.  Recently,  analyt¬ 
ical  electron  microscopy  studies  on  these  topics  have 
been  made  for  several  /3-phase  alloys. As  a  result, 
it  is  being  established  that  the  plate-shaped  products  pos¬ 
sess  certain  solute  concentrations  definitely  different 
from  those  in  the  surrounding  matrices.'^’"'’'  This  fact 
strongly  suggests  that  atom  diffusion  is  involved  in  plate 
formation  from  the  nucleation  stage. 

However,  Doig  and  Flewitt'*'  formerly  reported  that 
no  composition  difference  between  the  plate-shaped 
product  and  its  matrix  in  a  Cu-Zn  alloy  was  found  in  the 
vicinity  of  the  growth  edge.  They  also  reported  that  the 
solute  concentration  was  uneven  inside  the  plate-shaped 
products  of  Cu-Zn-Au  alloys,  i.e.,  appreciably  higher  in 
the  central  regions  than  at  both  sides,  and  was  also 
higher  in  matrix  regions  close  to  the  matrix/plate  inter¬ 
faces  than  in  those  far  from  them.  On  the  other  hand, 
Wu  et  reported  that  very  thin  plate-shaped  prod¬ 
ucts  in  a  Cu-Zn-Al  alloy  had  an  even  antiphase  domain 
(APD)  stmcture  throughout,  which  inherited  the  next 
nearest  neighbor  (nnn)  type  APDs  in  the  aged  L2, 
matrix,  while  thicker  plates  were  observed  to  have  a 
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composite  substructure  with  respect  to  the  APD  struc¬ 
ture,  i.e.,  the  central  region  consisted  of  the  APD  struc¬ 
ture  inheriting  the  nnn  type,  with  both  sides  inheriting 
the  nearest  neighbor  (nn)  type  in  the  matrix.  They  thus 
inferred  that  plate  lengthening  takes  place  due  to  the 
crystallographic-shear  mechanism  but  that  plate  thick¬ 
ening  occurs  due  to  atom  diffusion.  These  results  appear 
to  suggest  that  the  isothermal  formation  of  plate-shaped 
isothermal  products  in  substitutional  alloys  proceeds  in 
two  steps;  (1)  lengthwise  growth  by  a  crystallographic- 
shear  mechanism  and  (2)  sidewise  growth  by  a  diffusion- 
controlled  reaction. 

Taking  those  previous  studies  into  consideration,  the 
present  authors  and  their  group  have  extensively  inves¬ 
tigated  the  isothermal  plate-shaped  products  in  /3-phase 
Cu-Zn-Al,  Cu-Zn-Au,  and  Ag-Cd  alloys  to  clarify  the 
dual  nature,  i.e.,  diffusionless  and  diffusional,  of  the  re¬ 
action  from  the  viewpoint  of  morphology,  crystal  struc¬ 
ture,  and  composition  using  a  high-resolution  analytical 
electron  microscope  equipped  with  a  field-emission  elec¬ 
tron  gun.  This  analytical  electron  microscope"’'  makes 
it  possible  to  produce  a  narrow  electron  beam  1  to  2  nm 
in  diameter  with  extremely  high  brightness,  good  co¬ 
herency,  and  parallelism  and  thus  enables  us  to  take 
electron  diffraction  (ED)  patterns  and  energy  dispersive 
X-ray  (EDX)  spectra  from  very  small  areas  of  thin  plate¬ 
shaped  products  just  after  nucleation.  The  results  ob¬ 
tained  are  described,  and  nucleation  of  the  plate-shaped 
products  in  the  substitutional  /3-phase  noble  metal-base 
alloys  is  discussed. 


II.  EXPERIMENTAL  PROCEDURES 

The  methods  of  specimen  preparation  of  Cu-29.1Zn- 
6.7A1  (at.  pet),  Ag-45  at.  pet  Cd,  and  Cu6o-^Zn4oAUj 
{x  =  4,  9,  and  15)  alloys  have  been  described  in  detail 
elsewhere.'®"*''"  For  simplicity,  the  Cu6o-j:Zn4oAu, 
alloys  with  x  =  4,  9,  and  15  are  called  the  4,  9,  and 
15  pet  Au  alloys,  respectively,  in  the  present  article. 
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After  solution  treatments,  disk-shaped  specimens  of 
these  alloys  were  quenched  into  iced  water  and  heat- 
treated  to  form  the  plate-shaped  products  at  473  or  573 
K  for  various  periods  ranging  from  1.5  hours  to  28  days 
for  the  Cu-29.lZn-6.7Al  (at.  pet)  alloy,  at  433  K  for  up 
to  17  days  for  the  Ag-45  at.  pet  Cd  alloy,  and  at  tem¬ 
peratures  between  373  and  623  K  for  up  to  60  hours  for 
the  Cu6o-.vZn4oAiq  (x  =  4,  9,  and  15)  alloys. 

Thin  foils  of  these  specimens  were  examined  by  a 
Hitachi  H-600FE  analytical  electron  microscope 
equipped  with  a  field-emission  electron  gun,  operating 
at  100  kV.  The  spatial  resolution  in  the  present  experi¬ 
ment  was  estimated  to  be  about  20  nm  by  using  the  for¬ 
mula  proposed  by  Goldstein  et  a/.,''*'  because  the  foil 
thickness  was  less  than  100  nm.  The  compositions  of  the 
plate-shaped  product  and  its  adjacent  matrix  were  quan¬ 
titatively  analyzed  using  the  formula  presented  by  Cliff 
and  Lorimer."®'  The  factor  K  in  this  formula  is  reported 
to  vary  under  various  experimental  conditions."®!  In  the 
present  study,  however,  it  is  of  interest  to  know  whether 
or  not  the  composition  of  plate-shaped  products  is  dif¬ 
ferent  from  that  of  the  matrices  just  after  transformation; 
in  fact,  the  difference  in  solvent  content  between  the 
products  and  matrices  rather  than  their  absolute  contents 
was  determined.  It  was  thus  assumed  that  a  slight  vari¬ 
ation  in  the  K  factor  does  not  affect  the  results  seriously, 
because  composition  analyses  of  plate-shaped  products 
and  matrices  were  carried  out  under  almost  the  same 
conditions. 

The  EDX  spectroscopy  of  nanometer-size  areas  was 
partly  performed  in  the  transmission  electron  microscopy 
(TEM)  mode.  The  probe  size  in  the  TEM  mode  was  less 
than  20  nm  in  diameter,  and  they  were  larger  than  that 
in  the  scanning  transmission  electron  microscopy 
(STEM)  mode  which  was  1  to  2  nm  in  diameter.  The 
TEM  mode  was  used  because  very  small  regions  could 
be  observed  during  the  acquisition  of  the  characteristic 
X-ray  spectra  from  those  areas. 

The  EDX  spectra  were  taken  under  diffraction  con¬ 
ditions  where  low-order  reflections  were  not  strongly  ex¬ 
cited,  because  it  is  well  known  that  EDX  spectra  are 
significantly  affected  by  the  crystal  orientation  near  the 
exact  Bragg  conditions.  However,  TEM  images  of  iso¬ 
thermal  plate-shaped  products  were  recorded  under  dif¬ 
fraction  conditions  where  some  reflections  were  properly 
excited  so  that  good  contrast  images  of  them  were 
obtained. 

Characteristic  X-ray  quanta  emitted  from  constituent 
atoms  were  counted  up  to  the  order  of  10'*  except  Al  and 
Au  atoms,  for  which  the  X-ray  intensities  were  on  the 
order  of  10'^  under  the  same  condition.  The  overall  error 
involved  in  the  experimentally  determined  solvent  con¬ 
tent  of  each  phase  was  thus  estimated  to  be  about 
±  10  pet.  The  measurement  for  the  solvent  content  of  the 
plate-shaped  product  and  matrix  was  repeated  several 
times  for  each  region.  The  solvent  content  of  the  matrix 
obtained  by  using  defocused  electron  beams  approxi¬ 
mately  500  nm  in  diameter  was  regarded  as  the  average 
one  of  the  matrix.  The  difference  in  the  solvent  content 
between  the  two  phases  was  obtained  by  subtracting  the 
average  value  of  the  matrix  from  each  measured  value 
of  plate-shaped  product.  The  range  of  variation  in  the 


difference  in  solvent  content  was  roughly  less  than 
±20  pet. 

In  order  to  examine  how  the  isothermal  formation  of 
plate-shaped  products  and  the  martensitic  transformation 
are  interrelated,  M,  temperatures  of  the  present  alloys 
were  measured  through  electrical  resistivity  vs  temper¬ 
ature  curves  or  differential  scanning  calorimetry.  As  a 
result,  they  were  about  225,  218,  223,  123,  and  <80  K 
for  the  Cu-Zn-Al,  Ag-Cd,  15  pet  Au,  9  pet  Au,  and 
4  pet  Au  alloys,  respectively. 


III.  RESULTS 

A.  Morphology  of  Isothermal  Plate-Shaped  Products 

Figure  1  shows  examples  of  TEM  images  of  iso¬ 
thermal  plate-shaped  products  formed  in  Cu-Zn-Al  alloy 
specimens  heat-treated  at  473  K  for  (a)  2  hours  and 
(b)  8  hours.  No  such  plates  were  observed  in  specimens 
heat-treated  at  the  same  temperature  for  1.5  hours  or 
less.  These  plates  are  thus  considered  to  be  at  early 
stages  of  their  growth  and  are  seen  to  have  such  char¬ 
acteristic  features  of  martensitic  products  as  parallel 
straight  interfaces  and  internal  faults.  But,  it  is  to  be 
noted  that  the  size  of  the  plates  is  on  the  order  of  two 
times  smaller  than  that  of  martensite  plates  formed 
during  subzero  cooling  of  the  same  alloy. Such  a  large 
difference  in  size  between  the  two  kinds  of  products 


% 


Fig.  1 — TEM  images  of  isothermal  plate-shaped  products  in  a  Cu- 
Zn-Al  alloy  specimen  heat-treated  at  473  K  for  (a)  2  h  and  (b)  8  h. 
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seems  to  be  a  common  feature  in  /3-phase  alloys,  al¬ 
though  their  morphology  is  quite  similar. 

The  thickness  of  the  plate-shaped  products  was  in  gen¬ 
eral  different  from  plate  to  plate  even  in  an  identical 
specimen;  e.g.,  in  a  Cu-Zn-Al  alloy  specimen  heat- 
treated  at  473  K  for  2  hours,  it  varied  roughly  in  a  range 
of  15  to  50  nm.  However,  at  this  stage  of  aging,  the 
individual  plates  were  observed  to  be  separated  far  from 
one  another  so  that  they  were  assumed  not  to  impede  the 
growth  by  interaction.  Thus,  it  is  possible  that  the  dif¬ 
ference  in  thickness  from  plate  to  plate  reflects  the  dif¬ 
ferences  in  the  elapsing  times  after  the  formation  of 
individual  plates;  although,  this  may  not  always  be  true. 

It  is  interesting  to  note  that  in  the  Ag-45  at.  pet  Cd 
alloy,  the  morphologies  of  the  plate-shaped  isothermal 
and  martensitic  products  were  observed  to  be  entirely 
different  from  each  other,  as  shown  in  Figure  2. 
Figure  2(a)  is  an  optical  micrograph  of  the  /Si  matrix, 
which  was  taken  from  a  polished  surface  of  an  as- 
quenched  specimen  at  room  temperature.  No  specific 
structure  is  observed  there.  When  aged  at  433  K  for 

1  hour,  plate-shaped  products  appeared  in  the  etched 
specimen  (Figure  2(b)).  Also  shown  are  massive  prod¬ 
ucts  without  any  specific  habit  plane  (indicated  by  an 
arrow).  Figure  2(c)  shows  the  martensite  plates,  which 
were  formed  upon  subzero  cooling  to  183  K  below  the 
M,.  It  should  be  noted  in  this  case  that  the  plate-shaped 
products  are  entirely  different  from  the  martensite  both 
in  size  and  morphology.  Moreover,  while  the  spearlike- 
shaped  martensite  possesses  a  2H-type  structure,  as  ver¬ 
ified  by  the  present  authors,'^''  the  plate-shaped  products 
is  of  a  9R  type,  as  described  later. 

Figure  3  reveals  the  composition  dependence  of  the 
morphology  of  isothermal  products  in  the  Cueo-.vZn4oAUj 
alloys.  Figures  3(a),  (b),  and  (c)  show  optical  micro¬ 
graphs  of  the  plate-shaped  products  formed  in  the  4,  9, 
and  15  pet  Au  alloys  upon  aging  at  473  K  for  60  hours, 

2  hours,  and  30  minutes,  respectively.  It  is  seen  that  the 
amount  of  plate-shaped  products  increases,  while  the 
size  decreases  remarkably  with  increasing  Au  content. 
This  observation  suggests  that  as  the  Au  content  in¬ 
creases,  the  incubation  period  for  the  isothemial  for¬ 
mation  of  plate-shaped  products  becomes  shorter,  or 
simply  the  degree  of  supersaturation  becomes  higher.  A 
very  recent  study, however,  shows  that  the  former  is 
the  case.  Hence,  it  is  to  be  noted  that  since  the  M,  tem¬ 
peratures  of  these  alloys  were  about  223,  123,  and  below 
80  K  for  the  15,  9,  and  4  pet  Au  alloys,  respectively, 
there  exists  a  strong  correlation  between  the  M,  temper¬ 
ature  and  the  incubation  period. 

A  lattice-fringe  TEM  image  of  an  interface  between 
the  plate-shaped  product  and  matrix  is  shown  in 
Figure  4,  which  was  taken  from  a  plate  about  50-nm 
thick  and  formed  in  a  Cu-Zn-Al  alloy  specimen  aged  at 
473  K  for  3  hours.  The  lattice  fringes  corresponding  to 
the  (TT4)  planes  of  the  plate-shaped  product  with  an  or¬ 
dered  9R  structure  are  continuous  with  the  (Oil)  planes 
of  the  matrix  with  a  fi2-type  structure  at  the  interface. 
This  observation  suggests  that  the  plate-shaped  product 
is  largely  coherent  with  the  matrix  at  least  until  this 
growth  stage,  although  whether  or  not  the  product  phase 
is  fully  coherent  should  be  closely  examined  by  observ¬ 
ing  other  lattice-fringe  images. 


Fig.  2  —  Optical  micrographs  of  a  Ag-45  at.  pet  Cd  alloy:  (o)  as- 
quenched;  (b)  isothermal  plate-shaped  products  formed  in  the  alloy 
subsequently  heat-treated  at  433  K  for  1  h;  and  (c)  martensites  pro¬ 
duced  in  the  as-quenched  alloy  upon  subzero  cooling  to  183  K. 


B.  Crystal  Structure  of  Isothermal 
Plate-Shaped  Products 

Figure  5  shows  (a)  a  TEM  image  of  the  plate-shaped 
products  observed  in  a  Cu-Zn-Al  alloy  specimen  aged  at 
473  K  for  8  hours  and  (b)  an  ED  pattern  taken  from  the 
central  plate  and  (c)  from  the  adjacent  matrix.  The  thick¬ 
ness  of  the  central  plate  is  approximately  100  nm. 
Figure  5(b)  is  indexed  as  an  ordered  9R  structure  like 
that  of  the  martensite  formed  at  subzero  temperatures. 
The  angle  between  the  a*-axis  and  c*-axis,  /3*,  is  about 
91  deg,  showing  that  the  plate-shaped  product  possesses 
a  monoclinic  9R  structure.  The  present  authors  previ¬ 
ously  measured  the  /3  angle  of  the  martensite  with  an 
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Fig.  3  —  Optical  micrographs  of  isothermal  plate-shaped  products  in 
(a)  4  pet,  (b)  9  pet,  and  (c)  15  pet  Au  alloys  heat-treated  at  473  K 
for  60  h,  2  h,  and  30  min,  respectively. 


ordered  9R  structure  of  the  same  alloy  below  by 
means  of  X-ray  diffraction. The  /3  angle  was 
88.5  deg,  or  nearly  equal  to  89  deg  in  the  present  case. 
Superlattice  reflections  are  hardly  seen  in  the  ED  pat¬ 
terns  of  both  the  plate-shaped  product  and  the  adjacent 
matrix  because  of  their  extreme  weakness.  However, 
weak  but  sharp  100-type  superlattice  reflections  exhib¬ 
iting  B2  order  in  the  matrix  are  in  fact  recognized  in  the 
original  film  corresponding  to  Figure  5(c).  Such  weak 
superlattice  reflections  become  visible  also  in  the  ED 
patterns  from  the  plate-shaped  products  when  observing 
under  systematic  reflection  conditions,  as  shown  for  ex¬ 
ample,  in  the  inserted  pattern  in  Figure  5(b).  The  sim¬ 
ilarity  in  crystal  structure  between  the  plate-shaped 


Fig.  4  —  Lattice-fringe  TEM  image  around  an  interface  between  the 
matrix  and  isothermal  plate-shaped  product  in  a  Cu-Zn-Al  alloy  spec¬ 
imen  heat-treated  at  473  K  for  3  h. 


product  and  the  martensite  indicates  that  the  former  has 
an  ordered  9R  structure  inheriting  the  S2-type  order  of 
the  matrix.  This  suggests  that  the  plate-shaped  product 
formed  by  a  crystallographic  shear  mechanism  rather 
than  by  diffusion-controlled  reaction.  Similar  sugges¬ 
tions  have  been  made  by  Wu  et  and  Takezawa 

et  a/.'-"*'  for  Cu-Zn-Al  alloys  with  different 
compositions. 

Although  the  isothermal  plate-shaped  product  exhibits 
some  characteristics  of  the  martensitic  product  in  terms 
of  the  crystallographic  and  morphological  aspects,  as  de¬ 
scribed  earlier,  this  does  not  necessarily  mean  that  the 
crystal  structure  is  entirely  the  same.  Figure  6(a)  is  a 
TEM  image  of  a  plate-shaped  product  in  a  Cu-Zn-Al 
alloy  aged  at  473  K  for  2  hours,  and  Figure  6(b)  shows 
the  corresponding  ED  pattern  taken  from  the  encircled 
area.  Weak  003  and  006  reflections  are  still  observed 
along  the  c*-axis,  although  other  reflections  parallel  to 
the  c*-axis  are  not  visible.  This  indicates  that  these  re¬ 
flections  are  not  due  to  double  diffraction  and  are  in¬ 
trinsic  to  the  plate-shaped  product.  As  suggested  by 
Hornbogen  and  Warlimont,'-®’  these  reflections  may  be 
due  to  segregation  of  solute  atoms  on  every  third  layer 
parallel  to  the  basal  plane. 

Figure  7(a)  is  a  TEM  image  of  the  isothermal  plate¬ 
shaped  product  observed  in  a  Cu-Zn-Al  alloy  specimen 
aged  at  473  K  for  28  days.  Interfaces  of  the  product  are 
no  longer  as  straight  as  seen  in  Figures  1,  4,  5,  and  6. 
Then  it  appears  that  the  coherence  of  the  interface  be¬ 
tween  the  product  and  matrix  becomes  worse  in  this 
stage  of  growth.  Figures  7(b)  and  (c)  show  ED  patterns 
taken  from  the  product  and  the  adjacent  matrix  marked 
with  black  spots,  respectively.  In  Figure  7(b),  the 
/3*  angle  in  the  ED  pattern  from  the  product  is  exactly 
90  deg,  and  no  ordered  reflections  are  observed,  al¬ 
though  the  matrix  still  has  the  B2  structure  (Figure  7(c)). 
This  result  indicates  that  the  crystal  structure  of  the  iso¬ 
thermal  product  has  changed  from  the  ordered  9R  to  a 
disordered  one  during  the  isothermal  growth.  Prolonged 
aging  at  the  same  temperature  or  for  shorter  times  at 
higher  temperatures  is  supposed  to  bring  about  further 
change  of  the  disordered  9R  structure  to  a  disordered 
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Fig,  6  —  (a)  TEM  image  of  a  plate-shaped  product  in  a  Cu-Zn-Al 
alloy  specimen  heat-treated  at  473  K  for  2  h.  (b)  An  ED  pattern  taken 
from  the  encircled  area. 
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Fig.  5  —  (a)  TEM  image  of  plate-shaped  products  in  a  Cu-Zn-Al  alloy 
specimen  heat-treated  at  473  K  for  8  h;  (b)  ED  pattern  taken  from  the 
central  plate;  and  (c)  its  adjacent  matrix. 


content.  The  plate-shaped  product  in  the  4  pet  Au  alloy 
aged  at  473  K  possessed  an  ordered  9R  structure,  as  in 
the  Cu-Zn-Al  alloy  mentioned  earlier,  while  the  products 
in  the  9  and  15  pet  Au  alloys  had  an  18R  structure,  cor¬ 
responding  to  a  change  in  the  ordered  structure  of  the 
matrix  phase  from  B2  to  L2|  with  increasing  Au  content. 
On  the  other  hand,  the  plate-shaped  product  in  the  Ag-45 
at.  pet  Cd  alloy  was  observed  to  be  a  disordered  9R 
structure  even  at  very  early  stages  of  formation.  A  sim¬ 
ilar  result  was  also  reported  by  Wu  et  a/.'** 

C.  Composition  of  Isothermal  Plate-Shaped  Products 


face-centered  cubic  (fee)  one,  which  is  the  thermal  equi¬ 
librium  a  phase.  In  fact,  by  aging  at  573  K  for  7  days, 
the  disordered  fee  phase  was  obtained  (Figure  8). 
Figure  8(a)  shows  the  fee  phase  with  a  low  density  of 
stacking  faults,  although  it  is  not  of  the  completely  equi¬ 
librium  a  phase  yet.  The  interfaces  of  the  fee  phase  are 
no  longer  flat  and  are  considerably  bowed.  Figures  8(b) 
and  (c)  show  the  corresponding  ED  patterns  taken  from 
the  product  and  the  matrix  in  Figure  8(a),  respectively, 
showing  these  regions  to  be  of  the  fee  and  the  B2  struc¬ 
ture,  respectively. 

The  crystal  structures  of  plate-shaped  products  in  the 
Cu6o-vZn4oAu,  alloys  were  observed  to  depend  on  the  Au 


The  existence  of  composition  differences  between  iso¬ 
thermal  plate-shaped  products  and  their  matrices  was  ex¬ 
amined  by  EDX  spectroscopy.  The  EDX  spectra  were 
taken  from  plate-shaped  products  whose  thickness  was 
greater  than  about  20  nm  (the  spatial  resolution)  and 
whose  interfaces  were  set  to  be  as  parallel  to  the  incident 
electron  beam  as  possible,  especially  for  thin  products. 
Figure  9  shows  an  example  of  a  series  of  TEM  images 
and  EDX  spectra  obtained  for  a  plate-shaped  product 
about  30-nm  thick  in  a  Cu-Zn-Al  alloy  specimen  aged 
at  473  K  for  2  hours.  Figures  9(b)  and  (c)  are  the  EDX 
spectra  taken  from  the  product  and  the  matrix  in 
Figure  9(a),  respectively.  It  is  apparent  in  Figures  9(b) 
and  (c)  that  the  concentration  of  Cu  and  Zn  atoms  are 
different  between  the  product  and  the  adjacent  matrix. 
The  results  of  the  EDX  spectroscopy  for  plate-shaped 
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Fig,  7  —  (a)  TEM  image  of  a  plate-shaped  product  in  a  Cu-Zn-AI 
alloy  specimen  heat-treated  at  473  K  for  28  days;  (b)  ED  patterns 
taken  from  the  plate;  and  (c)  matrix  regions  marked  with  black  spots. 


products  in  the  Cu-Zn-Al  alloy  are  summarized  in 
Figure  10.  For  simplicity,  the  difference  in  composition 
between  the  product  and  matrix  is  expressed  by  that  in 
the  solvent  content  as  a  function  of  plate  thickness  of  the 
product.  The  thickness  of  product  may  be  considered  to 
be  a  measure  of  reaction  periods  which  have  elapsed 
after  the  formation  of  plate-shaped  products,  although 
this  may  not  always  be  true. 

When  the  amount  of  the  products  was  small,  the  com¬ 
position  of  the  matrices  was  nearly  the  same  as  that  of 
the  as-quenched  specimens.  But  the  solute  content  in  the 
matrix  increased  markedly  as  the  amount  of  the  products 
increased.  Then,  the  two  data  points  on  the  right-hand 
side  in  Figure  10  were  obtained  by  subtracting  the  Cu 


Fig.  8  —  (a)  TEM  image  of  an  isothermal  product  in  a  Cu-Zn-Al  alloy 
specimen  heat-treated  at  573  K  for  7  days;  (b)  ED  patterns  taken  from 
the  plate;  and  (c)  the  matrix  regions  marked  with  black  circles. 


content  of  the  as-quenched  specimen  from  those  of  the 
isothermal  products. 

It  is  clear  in  Figure  10  that  the  isothermal  plate-shaped 
products  form  with  a  certain  composition  that  is  defi¬ 
nitely  different  from  their  matrices  and  that  they  grow 
keeping  the  composition  almost  constant.  The  farthest 
point  on  the  right-hand  side  in  Figure  10  is  from  the 
equilibrium  fee  a  phase  shown  in  Figure  8.  Since  the  fee 
product  was  formed  at  573  K,  it  might  have  had  a  little 
higher  Cu  content  than  this  value  if  formed  at  473  K. 
But,  such  a  difference  is  probably  less  than  the  EDX 
experimental  measurement  error.  Roughly  speaking 
then,  the  isothermal  plate-shaped  product  appears  to 
form  with  nearly  the  same  composition  as  the  equilib¬ 
rium  fee  a  phase  from  the  very  beginning  of  formation. 
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Fig.  9  —  (a)  TEM  image  of  a  plate-shaped  product  in  a  Cu-Zn-Al 
alloy  specimen  heat-treated  at  473  K  for  2  h;  (b)  EDX  spectrum  taken 
from  the  plate;  and  (c)  the  matrix  regions  marked  with  black  spots. 


Whether  or  not  there  is  a  difference  in  solute  concen¬ 
tration  between  the  central  regions  and  both  sides  close 
to  the  matrix /product  interfaces  inside  the  plate-shaped 
products  was  examined  for  products  with  thicknesses 
from  100  to  200  nm.  Two  examples  of  such  examina¬ 
tions  are  shown  in  Figures  11  and  12,  which  are  for  a 
4  pet  Au  alloy  specimen  aged  at  473  K  for  5  hours.  The 
result  of  EDX  analyses  on  the  plate-shaped  product 
about  100-nm  thick  in  Figure  11(a)  is  shown  in 
Figure  11(b).  Here,  the  difference  in  solvent  content, 
ACcu,  is  measured  on  the  basis  of  the  average  obtained 
by  irradiating  the  matrix  regions  with  a  defocused  elec¬ 
tron  beam  approximately  500  nm  in  diameter.  The  base 
line  is  thus  drawn  at  ACc„  =  0  with  a  dashed  line  in  the 


DISTANCE,  d/nm 

Fig.  11 — (a)  TEM  image  of  a  plate-shaped  product  about  100-nm 
thick  formed  in  the  4  pet  Au  alloy  heat-treated  at  473  K  for  5  h. 
(b)  Results  of  EDX  analyses  on  the  interior  of  the  plate  and  the  adja¬ 
cent  matrix. 


figure.  It  appears  that  ACcu  is  substantially  the  same  be¬ 
tween  the  central  region  and  both  sides.  It  is  to  be  noted, 
however,  that  AQu  in  the  matrix  regions  adjacent  to  the 
interfaces  is  somewhat  lower  than  the  average  of  the 
matrix.  Although  the  difference  is  small,  it  is  believed 
to  be  real,  because  such  a  tendency  was  reproduced 
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DISTANCE,  d/nm 

Fig.  12  —  (a)  TEM  image  of  a  plate-shaped  product  about  200-nm 
thick  formed  in  the  4  pet  Au  alloy  heat-treated  at  473  K  for  5  h. 
(b)  Results  of  EDX  analyses  on  the  interior  of  the  plate  and  the  adja¬ 
cent  matrix. 


along  a  number  of  plate-shaped  products.  Another  ex¬ 
ample  of  the  EDX  analyses  is  shown  in  Figure  12,  which 
is  for  a  plate-shaped  product  about  200-nm  thick,  as  seen 
in  Figure  12(a).  Figure  12(b)  shows  the  result  of  EDX 
analyses  on  the  product.  There  are  no  statistically  sig¬ 
nificant  composition  differences  between  the  central 
region  and  both  sides  of  the  plate.  However,  the  ten¬ 
dency  for  solute  enrichment  in  the  matrix  regions  near 
the  interfaces  is  again  seen. 

Figures  13(a),  (b),  and  (c)  show  the  results  of  EDX 
analyses  on  plate-shaped  products  in  the  4,  9,  and  15  pet 
Au  alloys  aged  at  473  K  for  5  hours,  4  hours,  and 
15  minutes,  respectively.  The  analyses  were  made  on 
isolated  products  where  the  diffusion  fields  around  in¬ 
dividual  plates  did  not  overlap.  The  average  differences 
measured  for  the  plate-shaped  products  about  100-nm 
thick  in  the  4,  9,  and  15  pet  Au  alloys  were  5.8,  4.4, 
and  1.5  at.  pet,  respectively.  It  thus  turned  out  that  there 
is  a  tendency  for  ACcu  to  decrease  with  increasing  Au 
content. 

Although  the  values  of  ACc„  for  the  15  pet  Au  alloy 
was  small  and  comparable  to  the  error  involved  in  the 
EDX  spectroscopy,  a  similar  result  was  also  obtained  for 
a  thin  product  25-nm  thick,  as  shown  in  Figure  13(d), 
which  was  observed  in  the  15  pet  Au  alloy  aged  at 
373  K  for  84  hours  and  appeared  to  be  at  an  early  stage 


of  growth.  Each  measured  value  of  ACcu  is  seen  to  lie 
around  1.5  at.  pet. 


IV.  DISCUSSION 

A.  Composition  of  Isothermal  Plate-Shaped  Products 

In  Figure  10,  the  thickness  of  isothermal  plate-shaped 
products  is  regarded  as  a  measure  representing  their 
growth  stage.  This  may  be  a  reasonable  assumption 
unless  the  individual  plates  are  arrested  during  growth 
by  impinging  upon  one  another  or  grain  boundaries.  As 
described  in  the  previous  section,  isolated  products  were 
carefully  selected  for  the  EDX  spectroscopy.  Hence,  the 
ACcu  vs  the  plate-thickness  line  may  be  extrapolated  to 
zero  thickness.  The  figure  thus  indicates  that  atom  dif¬ 
fusion  is  involved  in  the  isothermal  formation  of 
plate-shaped  products  from  the  nucleation  stage,  and 
moreover,  that  the  composition  of  the  products  is  almost 
the  same  as  that  of  the  thermal  equilibrium  a  phase  from 
the  very  beginning  of  formation.  If  this  is  the  case,  the 
role  of  diffusion  is  essential  for  the  isothermal  formation 
of  plate-shaped  product. 

Strictly  speaking,  however,  a  question  arises  if  the 
plate-shaped  products  examined  by  the  EDX  spectros¬ 
copy  have  not  been  affected  at  all  by  aging  after  their 
formation  even  though  their  thicknesses  were  on  the 
order  of  10  nm.  Such  a  possibility  cannot  be  denied 
completely  at  present,  but  it  is  unlikely.  One  way  to  ex¬ 
amine  this  possibility  experimentally  may  be  to  perform 
in  situ  EDX  spectroscopy  on  growing  plate-shaped  prod¬ 
ucts  at  a  certain  temperature.  Although  such  an  attempt 
was  not  tried  in  the  present  study,  a  plate-shaped  product 
was  examined  by  EDX  spectroscopy  immediately  after 
it  was  confirmed  to  form  in  a  thin  foil  under  observation 
by  TEM  and  thus  was  considered  not  to  be  held  for  pro¬ 
longed  periods  after  its  formation.  As  a  result,  it  was 
found  that  even  such  a  product  possesses  a  composition 
definitely  different  from  that  of  the  surrounding  matrix. 
Therefore,  the  observed  composition  differences  be¬ 
tween  the  plate-shaped  product  and  matrix  are  not  con¬ 
sidered  to  be  entirely  “postformation”  effect. 
Furthermore,  according  to  a  thermodynamic  consider¬ 
ation  of  the  isothermal  formation  of  plate-shaped  prod¬ 
ucts  in  Cu-Zn  alloys  by  Hsu  and  Zhou,^^®^  the  formation 
due  to  the  crystallographic-shear  mechanism  is  impos¬ 
sible  at  the  intermediate  temperature  regions  examined. 
These  results  seem  to  strongly  suggest  that  the  formation 
of  plate-shaped  products  and  atom  diffusion  take  place 
simultaneously. 

Wu  cr  a/.i'*'  have  extensively  examined  the  isothermal 
formation  of  plate-shaped  products  in  a  Cu-Zn-Al  alloy 
by  means  of  TEM.  Observing  that  the  products  have  a. 
composite  substructure  with  respect  to  the  APD  struc¬ 
ture,  as  mentioned  in  Section  I,  they  concluded  that 
lengthening  of  the  plate-shaped  product  takes  place  due 
to  the  crystallographic-shear  mechanism,  whereas  the 
thickening  occurs  by  atom  diffusion. 

Additionally,  in  the  15  pet  Au  alloy  aged  at  373  K  for 
108  hours,  the  L2|-type  order  in  the  matrix  was  observed 
to  develop  about  30-nm  nnn  APDs  on  the  average,  as 
shown  in  Figure  14.  Then,  the  thickness  of  the  plate¬ 
shaped  products  examined  by  the  EDX  spectroscopy,  as 
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Pig  13 _ TEM  images  of  plate-shaped  products  about  100-nm  thick  and  the  EDX  analyses  on  them  formed  in  the  (a)  4  pet,  (b)  9  pet,  and 

(c)  15  pet  Au  alloys,  heat-treated  at  473  K  for  5  h,  4  h,  and  15  min,  respectively,  (d)  is  for  a  very  thin  plate-shaped  product  about  25-nm  thick 
in  the  15  pet  Au  alloy  heat-treated  at  373  K  for  84  h. 


shown  in  Figure  13(d),  is  comparable  to  the  size  of  the 
nnn-type  APDs.  Nevertheless,  the  EDX  spectroscopy 
has  revealed  that  even  at  such  a  very  early  stage  of  for¬ 
mation,  a  certain  composition  difference  exists  between 
the  matrix  and  the  plate-shaped  product.  A  similar  result 
was  also  reported  by  Hamada  et  on  a  Cu-Zn-Al 

alloy.  These  observations  indicate  that  the  inheritance  of 
the  APD  structure  from  the  matrix  to  the  plate-shaped 
product  does  not  necessarily  mean  the  crystallographic- 
shear  mechanism  operates  for  the  isothermal  formation 
of  plate-shaped  products. 


B.  Significance  of  Dependence  of  ACcu  upon  Alloy 
Composition  in  the  Cu-Zn-Au  Alloys 

In  Table  I,  the  data  obtained  for  the  Cu6o-.vZn4oAu^ 
alloys  are  summarized.  Here,  7}  means  the  formation 
temperature  of  plate-shaped  products,  at  which  aging 
was  performed.  It  is  interesting  to  note  that  when  the 
temperature  difference,  AT  =  (?}  —  M,),  becomes 
smaller,  the  composition  difference,  ACcu,  does  also.  On 
the  other  hand.  Figure  3  indicates  that  nucleation  of  the 
plate-shaped  products  becomes  much  easier  as  the  Au 
content  increases.  In  other  words,  it  does  so  as  the  AT 
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Fig.  14  —  Dark-field  TEM  image  of  a  plate-shaped  product  formed 
in  the  15  pet  Au  alloy  heat-treated  at  373  K  for  108  h  taken  with  a 
111-type  superlattice  reflection  of  the  Z.2,-type  matrix. 


Table  I.  Dependence  of  Temperature, 
Temperature  Difference,  AT  =  (7}  —  Mj, 
and  Composition  Difference,  ACc„,  upon 
Alloy  Composition  in  the  Cu6o-.tZn4oAu,  Alloys 


j:  (At.  Pet) 

4 

9 

15 

Af,  (K) 

<80 

123 

223 

Tf  -  M,  (K) 

>393 

350 

250 

ACcu  (at.  pet) 

5.8 

4.4 

1.5 

becomes  smaller,  because  the  M,  temperature  increases 
with  increasing  Au  content.  This  is  reasonably  under¬ 
stood  by  the  fact  that  AQu  decreases  with  decreasing 
AT.  Then,  if  the  Au  content  could  further  be  increased 
so  that  AT  becomes  less  than  zero,  ACcu  would  be  ex¬ 
pected  to  become  zero,  and  then  the  transformation 
could  be  diffusionless,  i.e.,  martensitic.  Therefore,  as 
long  as  AT  is  positive,  the  transformation  cannot  be 
purely  martensitic,  because  a  change  in  composition  is 
inevitably  involved. 

C.  Isothermal  Formation  of  Plate-Shaped  Products  in 
the  Ag-Cd  Alloy 

From  the  previous  argument,  if  it  is  supposed  that  the 
plate-shaped  product  is  a  martensitic  one  formed  in  the 
matrix  depleted  in  solute  by  the  composition  difference 
actually  observed,  its  crystal  structure  may  be  different 
from  that  of  the  martensites  formed  at  subzero  temper¬ 
atures.  As  is  well  known  for  Cu-Al  alloys,  the  crystal 
structure  of  the  martensite  depends  on  alloy  composi¬ 
tion;  Cu-Al  alloys  with  a  higher  A1  content  (26  to  28  at. 
pet)  exhibit  a  2H-type  martensite,  while  those  with  a 
lower  A1  content  (22  to  26  at.  pet)  have  an  18R  type.'-^' 
The  fact  that  the  crystal  structures  of  the  isothermal 
plate-shaped  product  and  the  martensite  formed  at  sub¬ 
zero  temperatures  are  entirely  different  from  one  another 
in  the  Ag-Cd  alloy  may  correspond  to  such  a  composi¬ 
tion  dependence  of  crystal  structure  of  the  martensite. 
Although  the  martensite  in  the  Ag-45  at.  pet  Cd  alloy  is 
of  a  2H  structure,  another  martensite  with  a  9R  structure 
was  verified'-*’  to  be  stress-induced  in  the  same  alloy. 
Therefore,  it  may  be  plausible  that  2H-  and  9R-type 


martensites  are  produced  in  the  Ag-Cd  alloys  with  higher 
and  lower  Cd  contents,  respectively.  If  so,  there  may  be 
a  possibility  that  the  plate-shaped  product  with  a  9R 
structure  in  the  aged  Ag-45  at.  pet  Cd  alloy  is  a  mar¬ 
tensite  in  a  Ag-Cd  alloy  with  a  composition  less  than 
45  at.  pet  Cd  by  the  observed  composition  differences. 
It  thus  appears  that  the  structural  difference  between 
plate-shaped  product  and  martensite  in  the  Ag-Cd  alloy 
exhibits  a  strong  correlation  between  the  isothermal  and 
martensitic  transformations,  as  in  the  Cu6o-xZn4oAu, 
alloys. 

D.  Nucleation  of  Isothermal  Plate-Shaped  Products 

Our  experimental  results  have  indicated  that  the  plate¬ 
shaped  product  is  just  like  a  martensitic  one  formed  in 
a  matrix  with  a  solute  concentration  less  than  that  of  the 
original  alloy.  Therefore,  the  plate-shaped  product  is  not 
the  martensite  of  a  diffusionless  reaction,  because  its 
composition  is  entirely  different  from  that  of  the  original 
matrix.  It  is  not  likely  that  diffusion  takes  place  during 
aging  after  the  plate-shaped  product  is  formed  due  to  a 
crystallographic-shear  mechanism,  because  the  driving 
force  for  the  martensitic  transformation  at  temperatures 
where  the  plate-shaped  product  is  actually  formed  is  neg¬ 
ative.'^®'  There  may  then  be  a  possibility  that  diffusion 
alone  occurs  first  in  the  matrix,  followed  by  martensitic 
transformation  to  the  plate-shaped  product."^'  But  this  is 
not  plausible  either,  because  if  it  were  true,  the  solute 
concentration  in  the  matrix  regions  close  to  the  interfaces 
should  not  be  higher  than  the  average  of  the  matrix  for 
not  fully  grown  plate-shaped  products,  this  being  in  con¬ 
trast  to  our  experimental  data  that  the  matrix  regions  in 
the  vicinity  of  the  interfaces  are  always  somewhat  en¬ 
riched  with  solute  atoms  for  very  thin  and  even  fairly 
thick  products.  Therefore,  it  is  reasonable  to  assume  that 
tor  nucleation  of  the  plate-shaped  products  the  crystallo¬ 
graphic  shear  and  atom  diffusion  occur  simultaneously, 
the  latter  of  which  takes  place  across  largely  coherent 
interfaces.  The  atomistic  mechanism  for  the  diffusion  of 
atoms  across  the  coherent  interfaces,  which  are  struc¬ 
turally  not  much  different  from  those  of  martensites,  is 
unclear  at  present,  but  our  experimental  results  suggest 
that  diffusion  to  achieve  the  observed  composition  dif¬ 
ference  should  occur  across  the  coherent  interfaces.  In 
fact,  a  transformation  dislocation  motion  coupled  with 
solute  redistribution  has  been  proposed  for  the  formation 
of  isothermal  plate-shaped  products  by  Aaronson  and  his 
co-workers. 

The  simultaneous  occurrence  of  crystallographic  shear 
and  atom  diffusion  should  be  thermally  activated  for  the 
isothermal  transformation  of  plate-shaped  products  to 
nucleate.  The  transformation  kinetics  would  thus  be  gov¬ 
erned  by  the  thermal  activation  process  not  only  for  atom 
diffusion  but  also  for  the  nucleation  of  the  martensitic 
transformation.  In  fact,  it  was  recently  shown'*'  *^'  that 
the  nucleation  of  the  martensitic  transformation  is  ther¬ 
mally  activated,  even  at  temperatures  above  M,  in  some 
ferrous  alloys.  Therefore,  it  is  considered  that  in  a  tem¬ 
perature  region,  M,  <  T  <  Tq,  a  purely  martensitic  trans¬ 
formation  can  be  thermally  activated,  but  in  a 
temperature  region,  Tq  <  T,  the  formation  of  plate¬ 
shaped  products  accompanied  by  atom  diffusion  is  ther¬ 
mally  activated.  In  this  sense,  the  isothermal  formation 
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of  plate-shaped  products  is  a  more  general  case  of  a 
shear- type  phase  transformation  which  allows  atom 
diffusion. 
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Transformation  Characteristics 
of  ai  Plates  in  Cu-Zn-AI  Alloys 

M.H.  WU,  Y.  HAMADA,  and  C.M.  WAYMAN 

The  formation  of  a,  plates  during  isothermal  aging  of  a  Cu-26.7  wt  pet  Zn-4.0  wt  pet  A1  alloy 
at  150  °C  to  350  °C  follows  thermally  aetivated  ineubation  kineties.  Early  stage  a,  plates  possess 
an  ordered  18R  or  9R  long-period  staeking  order  (LPSO)  erystal  strueture,  with  antiphase 
domain  boundaries  running  eontinuously  aeross  the  interfaee.  The  plates  also  exhibit  invariant 
plane  strain  (IPS)  erystallography  eonsistent  with  ealculations  of  the  phenomenologieal  theory 
of  martensite  erystallography  (PTMC).  The  ordered  LPSO  strueture  and  IPS  erystallography  are 
gradually  annealed  out  only  after  extended  aging  as  the  strueture  ehanges  to  the  equilibrium 
disordered  faee-eentered  eubie  (fee)  one.  High-resolution  transmission  eleetron  microseopy 
(TEM)  analyses  reveal  that  early  stage  plates  have  straight  eoherent  interfaees.  Prolonged 
aging  induees  misfit  disloeations  at  the  interfaee  and  eauses  the  interfaee  to  protrude  into  the 
parent  phase.  Although  mieroanalytieal  analyses  indieate  that  a  eomposition  differenee  exists 
between  the  plates  and  the  parent  matrix,  solute  depletion  was  observed  at  neighboring  de- 
feets.  These  observations  support  the  proposed  transformation  meehanism  that  the  a,  plates 
nucleate  at  solute  depleted  defects  through  a  shear  mechanism  and  that  subsequent  plate  growth 
is  then  controlled  by  a  diffusional  process. 


I.  INTRODUCTION 


A.  ^2  Transformations  in  Cu-Zn  and 
Ag-Cd  Alloys 

The  plate-shaped  a,  phase  that  forms  during  iso¬ 
thermal  aging  of  B2  (CsCl)  ordered  ^2  phase*  Cu-Zn  and 

*Present  notations  for  various  types  of  /3  phase  superlattices  and 
martensites  follow  those  proposed  by  Delaey  et  a/.'" 


Ag-Cd  alloys  represents  a  transitional,  metastable  trans¬ 
formation  product  that  eventually  changes  to  the  equi¬ 
librium  disordered  face-centered  cubic  (fee)  a  phase 
after  prolonged  annealing.  Early  stage  a,  plates  exhibit 
crystallography  consistent  with  the  phenomenological 
theory  of  martensite  crystallography  (PTMC)  and  other 
characteristics  of  a  diffusional  transformation.  The 
common  features  of  the  ^2  «i  transformation  are  sum¬ 
marized  in  the  following  paragraphs. 

(1)  An  incubation  time,  following  C-curve  kinetics,  is 
required  for  the  transformation, typical  of  a  thermally 
activated  process.  The  incubation  C-curve  shifts  toward 
shorter  times  when  the  transformation  takes  place  under 
external  stress. 

(2)  The  growth  of  the  a,  plate  proceeds  first  by  fast 
lengthening  beyond  that  permitted  by  volume  diffusion. 
Plate  thickening  occurs  only  after  the  lengthening  is 
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more  or  less  complete'’  ®'^'  and  follows  the  kinetics  con¬ 
sistent  with  Frank-Zener  model  of  volume  diffusion- 
controlled  growth  of  a  plate-shaped  precipitate. f®' 

(3)  Early  stage  Oi  plates  possess  a  disordered  9R  long 
period  stacking  order  (LPSO)  structure  with  the  presence 
of  random  faults  parallel  to  the  (009)9r  periodic  faults. 
The  structure  conforms  to  that  of  low-temperature  mar¬ 
tensite  where  random  faults  are  the  fine  structure  gen¬ 
erated  by  lattice  invariant  shear.'*'  Other  crystallographic 
features  and  the  surface  relief  effect  also  resemble  those 
of  martensite  and  are  in  agreement  with  the  calculations 
of  PTMC.'®  '®"' 

(4)  Although  early  mieroanalytieal  studies'*  '^'  on  Cu-Zn 
alloys  observed  no  composition  difference  between 
the  a,  plate  and  the  matrix  at  early  stages  of  trans¬ 
formation,  recent  analyses  on  Cu-Zn,''*''*'®'  Cu- 
Au-Zn,"'*  '®'  and  Ag-Cd''*  ’*'  with  improved  resolution 
have  repeatedly  confirmed  the  presence  of  a  composition 
difference  between  Oj  plates  and  parent  P2  matrix.  The 
a^  plate  tip,  however,  appears  to  inherit  the  parent 
composition. '''*' 

B.  Transformation  of  Ui  Plate  in  Cu-Zn-Al  Alloys 

The  formation  of  a,  plates  in  Cu-Zn- A1  alloys  shares 
close  similarity  with  the  transformation  in  Cu-Zn  and 
Ag-Cd  alloys.  Here,  the  formation  of  an  plate  gives 
rise  to  a  reverse-shape  memory  effect  where  external 
stress  assists  the  incubation  and  limits  the  variant  selec¬ 
tion  of  the  plate,  thus  creating  a  macroscopic  shape 
change.''®’*®'  The  incubation  kinetics  also  follow  a 
C-curve.'*''  The  LPSO  crystal  structure  and  crystallo¬ 
graphic  characteristics  are  again  similar  to  those  of  low- 
temperature  martensite  and  are  in  agreement  with  the 
PTMC  calculations.'*'  **'  Earlier  study'*®'  reported  dis¬ 
ordered  9R  Cu-Zn- A1  a,  plates.  More  detailed  transmis¬ 
sion  electron  microscopy  (TEM)  analyses'*'  **'  suggested 
that  early  stage  Oi  plates  possess  an  ordered  18R  struc¬ 
ture  when  they  transform  in  an  L2,,  parent  phase  or 
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an  ordered  9R  structure  when  the  transformation  takes 
place  in  a  B2  ordered  ^2  matrix  at  temperatures  above 
the  second  nearest  neighbor  ordering  transition  temper¬ 
ature.  Both  the  nearest  neighbor  (NN)  and  the  next  near¬ 
est  neighbor  (NNN)  antiphase  domain  (APD)  structures 
of  the  ^3  parent  phase  are  inherited  by  the  a,  plate  during 
the  early  stage  of  transformation.  The  ordered  a,  crystal 
structure  and  the  inheritance  of  APD  structures  have 
been  further  confirmed  by  Nakata  et  and  Hamada 
et  The  crystal  structure  becomes  disordered  at 
high  temperatures,  e.g.,  350  °C  or  after  prolonged 
aging. 

Several  microanalytical  analyses'^-^’^'*-^’  have  been  car¬ 
ried  out  to  study  the  a,  composition  in  Cu-Zn-AI  alloys. 
Again,  the  chemistry  difference  between  the  two  phases 
is  distinct  even  at  the  earliest  accessible  stage  of  trans¬ 
formation.  Takezawa  and  Sato,'^^'  in  particular,  have  no¬ 
ticed  an  asymmetric  composition  profile  in  the  parent 
matrix  adjacent  to  the  q!|  plate. 

C.  Proposed  Transformation  Mechanisms  for  a,  Plate 

The  implication  of  experimental  results  on  the  trans¬ 
formation  mechanism  remains  controversial.  Based  on 
the  observed  composition  profile  of  an  a,  plate,  Doig 
and  Flewitt^''*^  proposed  that  a,  plates  lengthen  by  a  shear 
mechanism  and  that  subsequent  plate  thickening  is  con¬ 
trolled  by  diffusion.  Lorimer  et  alf^^  suggested  that  a 
diffusional  ledge  mechanism  operates  during  a,  plate 
thickening.  Recent  study  by  Chattopadhyay  and 
Aaronson^^®^  reported  an  interfacial  structure  for  a, 
plates,  in  support  of  ledge  thickening.  They  also  claimed 
the  observation  of  a  ledge  structure  at  a^  plate  edges, 
although  they  presented  with  no  crystallographic  evi¬ 
dence,  and  inferred  that  a,  plates  lengthen  by  a  ledge 
mechanism  as  well.  Takezawa  and  Sato,'-^'  on  the  other 
hand,  argued  that  plates  nucleate  by  a  shear  mecha¬ 
nism  at  pre-existing  sites  of  solute  depletion  in  the  parent 
matrix.  They  suggested  that  solute  depletion  at  these 
sites  is  created  by  stress-induced  diffusion  around  de¬ 
fects.  The  presence  of  solute  depletion  at  defects  in  the 
parent  matrix  was  confirmed  by  Hamada  et  How¬ 
ever,  the  validity  of  this  nucleation  concept  was  ques¬ 
tioned  by  Rusself-^'  as  to  whether  the  geometrical 
significance  of  such  chemistry  precursors  can  provide 
sufficient  driving  force  for  the  nucleation  to  occur  above 
the  nominal  Tq  temperature.'^*' 

D.  Background 

Based  on  a  presentation  at  “The  Pacific  Rim 
Conference  on  the  Role  of  Shear  and  Diffusion  in  the 
Formation  of  Plate-Shaped  Transformation  Products,” 
this  article  reviews  our  results  on  the  crystal  structure, 
crystallography,  and  microchemistry  of  a,  plates  in  a 
Cu-26.7  wt  pet  Zn-4.0  wt  pet  A1  alloy.  The  implications 
of  the  present  results  and  other  viewpoints  regarding  the 
transformation  mechanism  will  be  discussed. 

1 .  Long-range  order  of  the  parent  P  phase 

High-temperature  /3  Cu-Zn-Al  alloys  possess  an  A2, 
disordered  body-centered  cubic  (bcc)  structure  that  goes 
through  two  ordering  transitions  upon  cooling.  The  first 
NN  ordering  transition  results  in  a  B2,  CsCl  superlattice. 


designated  as  Further  cooling  induces  NNN  order¬ 
ing,  and  the  ordered  structure  has  been  identified  to  be 
an  L2,,  CuzMnAl  superlattice,  designated  as  ^83.'^'*'  For 
the  present  alloy,  the  A2  -»  B2  transition  temperature 
has  been  calculated  using  a  modified  Bragg-William- 
Gorski  approximation  to  be  500  The  B2  ^  L2| 
ordering  transition  occurs  at  approximately  250 

2.  Crystallographic  equivalency  between  different 
ordered  structures 

Because  long-range  order  changes  the  translation  sym¬ 
metry,  the  relationship  between  equivalent  lattice  vectors 
and  plane  normals  for  B2  and  L2,  parent  structures  and 
for  9R  and  18R  a,  structures  are  described  in  Table  I. 


II.  EXPERIMENTAL 

Specimens  of  Cu-26.7  wt  pet  Zn-4.0  wt  pet  A1  alloy 
were  solution  treated  at  900  °C  for  3  minutes  and  then 
quenched  into  a  10  pet  brine  bath  at  room  temperature. 
They  were  subsequently  aged  isothermally  in  a  nitrite/ 
nitrate  bath  maintained  at  temperatures  of  150  °C  to 
350  °C  to  induce  a,  plates. 

Foil  specimens  for  transmission  electron  microscopy 
(TEM)  and  analytical  electron  microscopy  (AEM)  were 
initially  profiled  using  a  twin-jet  method  and  a  50  pet 
H3PO4  water  solution.  Final  perforation  was  carried  out 
in  a  static  microwindow  electropolishing  bath  of  H3PO4 
saturated  with  CrOj.  Diffraction  contrast  and  phase  con¬ 
trast  TEM  analyses  were  performed  in  a  JEOL 
JEM- 100  CX  and  a  JEOL  JEM-2000  EX  transmission 
electron  microscope,  respectively.  Analytical  electron 
microscopy  analyses  were  carried  out  using  a  VG  HB5 
scanning  transmission  electron  microscope  (STEM) 
equipped  with  a  KEVEX*  energy  dispersive  X-ray 

*KEVEX  Ls  a  trademark  of  the  Kevex  Corporation,  Foster  City, 
CA. 


(EDX)  detector,  operating  at  100  kV  with  a  nominal 
probe  size  of  1  nm.  The  quantification  of  the  EDX  spec¬ 
trum  and  the  absorption  correction  for  the  A1  Ka  line  are 
described  in  References  17  and  24,  respectively. 

The  PTMC  crystallographic  calculations  follow  the 
Suzuki  method  formulated  for  the  bcc  9R  transfor¬ 
mation.'*"  The  input  data  of  lattice  constants  for  B2  and 
9R  structures  for  the  PTMC  calculation  were  determined 
by  the  X-ray  powder  diffraction  method.  Habit  planes 
were  measured  using  a  TEM  trace  analysis  technique. 
By  first  measuring  the  line  direction  of  interfacial  dis¬ 
locations  and  that  of  the  intersection  between  habit  plane 
and  foil  surface,  the  habit  plane  normal  was  determined 
by  taking  the  cross  product  of  these  two  directions. 


III.  EXPERIMENTAL  RESULTS 

A.  Incubation  C-Curve 

The  incubation  C-curve  in  the  temperature  range  of 
150  °C  to  350  °C,  determined  using  electrical  resistivity 
measurements  and  optical  metallography,  is  presented  in 
Figure  1 .  The  incubation  period  ranges  from  1 0  seconds 
at  350  °C  to  48  hours  at  150  °C. 
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Table  I.  Equivalent  Lattice  Vectors  and  Plane  Normals  between  B2  and  L2] 
Parent-Ordered  Structures  and  between  9R  and  18R  Ordered  ai  Structures 


Parent  Phase 

tti  Plate 

B2 

L2, 

9R 

18R 

Lattice  constants 

a 

2a 

a 

a 

b 

2b 

c 

2c 

Lattice  vectors 

[h,  k,  1] 

\/2{h,  k,  /] 

[h,  k,  /] 

\/2[2h,  k,  /] 

Plane  normals 

(h,  k,  1) 

2{h,  k,  1) 

(h,  k,  1) 

{h,  2k,  21) 

Fig.  1 — Incubation  curve  for  ai  plates  in  a  Cu-26.7  wt  pet 
Zn-4.0  wt  pet  Al  alloy  in  a  temperature  range  of  150  °C  to  350  "C. 


B .  Morphology  and  Fine  Structures  of  a/  Plates 

Bright-field  and  dark-field  electron  micrographs  of  an 
a,  plate  after  aging  at  350  °C  for  10  seconds  are  shown 
in  Figure  _2._  The  dark-field  micrograph  was  imaged 
using  the  118  reflection  of  the  plate,  the  diffraction 
condition  of  which  is  shown  in  Figure  2(d).  The  plate, 
0.015  pm  in  thickness,  exhibits  a  thin  plate  morphology 
with  sharp  plate  edges  and  a  small  aspect  ratio,  c/r, 
around  0.01,  where  c  is  the  semithickness  and  r  is  the 
plate  radius.  Striations  inside  the  plate  are  visible  in  both 
micrographs.  A  [T10]9r/[1  1  1]b2  composite  zone  pattern 
(Figure  2(c))  taken  from  the  plate  and  the  adjacent 
matrix  indicates  that  the  ai  plate  possesses  a  9R  LPSO 
structure  with  the  striations  corresponding  to  random 
faults  along  the  (009)9r  basal  plane. 

Midribs  are  often  present  in  early  stage  a,  plates. 
Figure  3  shows  (a)  a  bright-field  and  (b)  a  dark-field 
TEM  micrograph  of  an  a,  plate  after  aging  at  150  °C  for 
48  hours.  Contrast  of  a  planar  trace  is  clearly  present  at 
the  center  of  the  plate. 

With  extended  aging,  a,  plates  thicken,  and  both  pe¬ 
riodic  and  random  faults  are  gradually  annealed  out.  The 
crystal  structure  eventually  becomes  equilibrium  fee 
with  residual  stacking  faults.  An  example  of  this  struc¬ 
tural  evolution  during  aging  at  250  °C  is  shown  in 
Figure  4.  Note  that  the  equilibrium  y  phase  precipitates 
after  prolonged  aging  (Figure  4(e)).  These  equilibrium 
phases  are  consistent  with  the  quasibinary  phase  diagram 
of  Cu-Zn-Al  system  at  4  wt  pet  Al.'^^'  The  annihilation 


■ 


Fig.  2 — (a)  BrighjTield  micrograph  and  (F)  dark-field  micrograph 
imaged  using  the  118  a,  reflection  together  with  the  corresponding 
diffraction  conditions  (c)  and  {d)  of  an  a,  plate  after  aging  at  350  °C 
for  10  s. 


of  the  faulting  structure  is  also  demonstrated  in  a  change 
in  the  intensity  distribution  of  reflections  along  the  009 
reciprocal  direction.  As  shown  in  Figure  5,  the  114  and 
1 1 5  9R  reflections  gradually  shift  toward  the  positions 
for  1 1 1  and  002  fee  reflections,  respectively,  and  the  1 1 1 
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Fig.  3  —  (a)  Bright-field  and  (b)  dark-field  micrographs  of  an  a,  plate 
after  aging  at  150  °C  for  48  h  showing  the  presence  of  a  midrib  con¬ 
trast. 


and  1 12  9R  reflections,  together  with  streaking  along  the 
009  reciprocal  axis,  gradually  disappear  during  aging. 

C.  Crystal  Structure  and  Long-Range  Order  of 
a,  Plates 

Further  details  of  the  a^  crystal  structure  and  long- 
range  order  have  been  studied  by  systematic  tilting  of 
the  plate  along  the  faulting  plane  normal.  Figure  6  in¬ 
cludes  a  series  of  electron  diffraction  patterns  taken  from 
an  plate  and  the  adjacent  parent  matrix  after  aging  at 
150  °C  for  96  hours.  These  patterns  are  in  agreement 
with_  (a)  [210]_,8r/[1T1]^3,  (b)  [T10],sr/~[121]^3, 

(c)  [230]i8r/~[131]^3,  and  (d)  [010]igR/~[010]^3  zone 
patterns,  suggesting  that  the  ai  plate  has  an  18R  crystal 
structure.  In  the  [TIOJisr  zone  pattern  (Figure  6(b)),  two 
types  of  superlattice  reflections  have  been  identified  ac¬ 
cording  to  calculation  of  the  structural  factor  for  18R 
reflections. The  33/  and  11/  reflections  are  derived 
from  the  NNN  order  of  the  L2|  ordered  parent  phase 
and  will  be  referred  to  as  NNNSR.  The  22/  reflections, 
together  with  the  30/  reflection  in  the  [010]|gR  zone  pat¬ 
tern  (Figure  6(d)),  are  derived  from  the  NN  order  of  the 
parent  phase  and  will  be  referred  to  as  NNSR.  The 
angle  between  0  0  18  and  300  g  vectors,  measured  from 
the  [OlOJisR  pattern  (Figure  6(d))  is  89  deg,  suggesting 


the  presence  of  a  monoclin^ic  distortioii.  Supportive  of 
this,  reflections  such  as  326  and  3  2  12,  are  present  in 
the  [230], 8R  zone  pattern  (Figure  6(c)). The  a,  plates 
after  aging  at  150  °C  for  96  hours  thus  possess  an  M18R 
structure,  the  same  as  that  of  low-temperature 
martensite. 

Among  the  four  zone  patterns  in  Figure  6,  only  the 
[1  lOJigR  zone  pattern  contains  both  NNSR  and  NNNSR. 
This  zone  axis  was  therefore  selected  for  the  study  of 
temperature  effect  on  the  long-range  order  of  a,  plates. 
Early  stage  pl_ates  after  aging  at  150  °C  to  350  °C  were 
tilted  to  the  [llOJigR  axis,  or  the  equivalent  [T20]9r  axis 
when  NNNSR  is  extinct.  The  patterns  recorded  are 
shown  in  Figure  7.  Figure  7(a)  shows  the  same  pattern 
as  Figure  6(b)  for  comparison.  The  pattern  of 
Figure  7(b)  was  taken  from  an  a,  plate  after  aging  at 
200  °C  for  3  hours  and  again  shows  the  presence  of  22/ 
NNSRs  and  33/  NNNSRs,  suggesting  an  18R  crystal 
structure  of  the  a,  plates  that  form  at  200  °C.  A  pattern 
taken  from  an  a,  plate  after  aging  at  250  °C  for  10  min¬ 
utes  (Figure  7(c))  conforms  to  a  [T20]9r  pattern  with  only 
21/  NNSRs  present,  suggesting  an  ordered  9R  structure 
of  the  plates  that  form  at  250  °C.  The  pattern  of 
Figure  7(d)  was  taken  from  a  plate  after  aging  at  350  °C 
for  10  seconds  and  reveals  no  detectable  superlattice  re¬ 
flections.  The  a,  plates  that  transform  at  350  °C  there¬ 
fore  possess  a  disordered  9R  structure. 


D.  APD  Structures 

Figure  8(a)  shows  a  bright-field  electron  micrograph 
of  a,  plates  after  aging  at  150  °C  for  48  hours.  The  area 
micrograph  of  Figure  8(b)  is  a  superimposed  dark-field 
electron  micrograph  of  NN  APD  imaged  using  the 
222  NNSR  of  the  matrix,  and  a,  NN  APD  imaged 
using  the  228  18R  a,  NNSR;  the  diffraction  conditions 
are  shown  in  the  diffraction  patterns  of  Figures  8(c)  and 
8(d),  respectively.  It  is  evident  that  NN  APD  structures 
are  present  in  both  a,  plate  and  ^83  matrix,  and  the  NN 
APD  boundaries  are  continuous  across  the  interface. 

The  dark-field  micrograph  of  NNN  APD  of  the  area 
is  shown  in  Figure  9(a),  which  was  imaged  using  the 
superimposed  111  NNNSR  of  the  18R  a,  plate  and  111 
NNNSR  of  the  L2|  (3^  matrix  under  the  diffraction  con¬ 
dition  shown  in  Figure  9(b).  Again,  NNN  APD  contrast 
is  present  in  both  phases  and  the  APD  boundary  extends 
continuously  across  the  interface. 

The  continuity  of  both  NN  and  NNN  APD  boundaries 
at  the  interface  suggests  that  both  APD  structures  are 
inherited  by  the  a,  plates  upon  the  ft  ^  a,  trans¬ 
formation  and  persist  during  initial  plate  growth  during 
aging  at  150  °C. 

The  progressive  evolution  of  APD  structures  in  both 
a,  plate  and  ft  matrix  during  aging  at  150  °C  for  96  to 
720  hours  is  shown  in  Figure  10  where  Figures  10(a) 
through  (c)  (1)  show  the  bright-field  micrographs  of  a, 
plates  studied  and  Figures  10(a)  through  (c)  (2)  and  10(a) 
through  (c)  (3)  reveal  the  NN  and  the  NNN  APD  struc¬ 
tures,  respectively.  As  seen  in  Figures  10(a)  (2)  and 
10(a)  (3),  both  NN  and  NNN  APD  boundaries  maintain 
their  continuity  across  the  interface  after  96  hours  of 
aging  at  150  °C.  After  240  hours  of  aging,  most  NN 
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APD  boundaries  remain  continuous  across  the  interface 
(Figure  10(b)  (2)).  Flowever,  some  NN  APD  boundaries 
that  terminate  at  the  interface  are  also  present. 

In  contrast  to  the  well-preserved  NN  APD  structure, 
the  outer  layer  of  an  a,  plate  after  aging  at  150  °C  for 
240  hours  is  out  of  NNN  reflection  contrast 
(Figure  10(b)  (3)),'  suggesting  the  absence  of  NNN 
order.  NNN  APD  structure  in  the  a,  plate  is  present  only 
in  the  central  region,  about  0.05  ^im  thick,  which  cor¬ 
responds  to  an  earlier  stage  a,  structure.  The  inheritance 
of  NNN  order  and  its  APD  structure  is  thus  limited  to 
early  stage  plate  growth.  The  NNN  order  is  lost  during 
later  stage  plate  thickening. 

Further  aging,  e.g.,  720  hours  at  150  °C,  anneals  out 
most  NN  APD  boundaries  in  the  jSs  matrix  as  they  are 
not  observed  in  the  ft  matrix.  Figure  10(c)  (2).  Residual 
NN  APD  boundaries  are  present  only  in  the  a,  plates. 
Note  that  the  entire  a,  plate  exhibits  bright  reflecting 


contrast,  indicating  that  the  NN  order  in  the  a,  plate  is 
preserved  after  aging  for  720  hours  at  150  °C. 

The  NNN  APD  in  plates  after  such  prolonged  aging 
is  shown  in  Figure  10(c)  (3),  which  exhibits  the  same 
general  characteristics  as  shown  in  Figure  10(b)  (3). 
NNN  APDs  are  present  only  in  the  central  layer  of 
0.05  jum  thickness.  The  rest  of  the  Oj  plate  is  not  in 
NNNSR  reflection  contrast. 

The  evolution  of  APD  structures  in  Oj  plate  during 
aging  at  200  °C  is  similar  to  that  observed  during  aging 
at  150  °C,  as  seen  in  Figure  11  for  specimens  aged  at 
200  °C  for  3  to  24  hours.  However,  the  thickness  of  the 
NNN-ordered  central  layer  is  only  0.025  yum  thick, 
much  smaller  than  that  after  aging  at  150  °C.  The  life¬ 
time  of  NNN  order  in  the  a,  plates  is  also  much  shorter 
owing  to  more  rapid  diffusion  at  200  °C.  The  NNN  order 
and  APD  are  annealed  out  after  aging  for  24  hours;  no 
NNNSR  are  observed  in  the  [120]9r  zone  pattern 
(Figure  11(c)  (3)). 
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(a)  10  mins 

(b)  30  mins 

(c)  24  hrs 

{d)  96  h  rs 


002(fcc) 


Fig.  5  —  Change  in  reflection  intensity  distribution  along  the  (009),r 
plane  normal  during  aging  at  250  “C, 


Fig.  7  — [1  10]|8„/[120]9r  zone  patterns  from  a,  plates  in  conjunction 
with  (121]gj  patterns  of  adjacent  ft  matrix  in  specimens  after  aging: 
(a)  150  "C,  96  h;  (ft  200  °C,  3  h;  (c)  250  "C,  10  min;  and  (d)  350  °C 
for  10  s. 


Fig.  6  —  Selected  area  diffraction  patterns  from  an  ct,  plate  after  aging 
at  150  °C  for  96  h:  (a)  [210],8r//[1  1  l]p„  (ft  [T  10]„R/-[121]pr 
(c)  [230]i»K/~[131  V,.  and  (d)  f010],»R/~[010V,.  Reflections  hkl  are 
from  a,  plate.s,  and  reflections  hkl,,  are  from  the  parent  ft,  phase. 


At  250  °C,  despite  the  absence  of  NNN  order,  the  a, 
plates  exhibit  NNSR  reflection  contrast  as  shown  in 
Figure  12,  where  the  micrograph  was  imaged  using  the 
214  NNSR  of  the  9R  a,  plate.  Again,  continuous 
NN  APp  boundaries  across  the  interface  are  observed. 

The  [120]9r  diffraction  pattern  of  Figure  7(d)  indicates 
that  the  a,  plates  formed  at  350  °C  are  not  ordered.  The 
NN  order  is  either  lost  during  the  transformation  or  is 
annealed  out  immediately  after  the  plate  formation  and 
before  experimental  accessibility. 


E.  Crystallography 

1 .  PTMC  calculations 

For  simplicity,  NNN  order  will  be  ignored  in  the 
PTMC  calculations,  and  the  transformation  will  be 
treated  as  a  B2  ^  9R  transformation.  Since  B2  and  bcc 
lattices  have  identical  lattice  constants,  Kajiwara’s  for- 
mulationi-^''  can  be  applied  directly  to  the  B2  9R 
transformation.  Equivalent  L2|  and  18R  lattice  vectors 
and  plane  normals  can  be  converted  following  the 
relationship  listed  in  Table  I. 

The  input  data  for  the  calculation  is  listed  as  follows: 

Lattice  constants  (A): 

B2:  a  =  2.94 

9R;  a  =  4.41,  b  =  2.67,  c  =  19.18,  /3  =  89  deg 

Lattice  correspondence: 

[101]b2-^  [lOOW 

[010]b2  ^  [010]9R 

[504]b.-^  [001]9B 

Lattice  invariant  shear: 

1/3[100]9b/(009)9r 

Note  that  the  lattice  correspondence  has  already  included 
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Fig.  8  —  (a)  Bright-field  micrograph  and  (/?)  dark-field  micrograph 
with  the  accompanying  diffraction  patterns  in  (c)  and  (d)  showing  the 
imaging  condition  for  /3,  NNAPD  and  a,  NNAPD,  respectively,  after 
aging  at  150  "C  for  48  h. 


9R  periodic  faults,  and  that  the  lattice  invariant  shear 
will  account  for  only  the  random  faults. 

2.  Numerical  results  of  PTMC  calculations  and 
experimental  verification 


Fig.  9  —  Dark-field  micrograph,  with  the  corresponding  diffraction 
condition,  showing  NNN  APD  of  a,  plates  and  ^83  matrix  of  the  same 
specimen  region  as  in  Figure  8;  specimen  aged  at  150  °C  for  48  h. 


fringes  correspond  to  the  9R  periodic  faults  while  the 
4.3  A  fringes  conform  to  the  2H  random  faults.  Ex¬ 
perimental  results  in  quantitative  agreement  with  the 
present  prediction  on  the  random  fault  spacing  were  also 
reported  by  Kang  et  alP^^  who,  in  their  study  of  a, 
interfacial  structure  in  a  Cu-26.84  wt  pet  Zn-4.22  wt 
pet  A1  alloy,  showed  that  the  average  spacing  between 
interface  dislocations  associated  with  random  faults  is 
72.7  A  in  early  stage  a,  plates. 

b.  Habit  plane 

Present  calculations  yield  a  theoretical  invariant  plane 
strain  (IPS)  habit  plane  of  (1,  5.181,  5.252)b2-  The  ex¬ 
perimentally  determined  habit  planes  of  a,  plates  are 
plotted  in  a  stereographic  triangle  in  Figure  14.  Good 
agreement  within  2  deg  between  theoretical  and  experi¬ 
mental  values  was  observed  for  plates  transformed  at 
150  °C  to  200  °C.  Deviations  become  more  significant 


a.  Lattice  invariant  shear 

According  to  the  calculation,  the  magnitude  of  lattice 
invariant  shear,  g'  =  +0.0185.  A  positive  g'  suggests 
that  random  faults  are  of  2H  hexagonal  close-packed 
(hep)  type.'”'  This  magnitude  of  g'  will  produce  2H 
faults  averaging  80  A  in  spacing.  Experimental  evidence 
confirming  the  calculation  is  presented  in_ Figure  13,  a 
phase  contrast  electron  micrograph  of  a  [1  10]9r  projec¬ 
tion  of  an  a,  plate  after  aging  at  250  °C  for  5  minutes^. 
Two  types  of  fringes  are  present  in  the  plate.  The  6.4  A 


with  increasing  aging  temperature  as  the  habit  plane 
gradually  shifts  toward  (278)b2- 

c.  Orientation  relationship 

According  to  the  calculation,  the  [IlOjgR  (equivalent 
to  [210]|gR)  and  [111]b2  axes  are  0.38  deg  apart;  and 
(TT4)9r  (equivalent  to  (T28)|8r)  is  0.54  deg  away  from 
the  (011)b2  plane  normal.  This  is  consistent  with  the 
[210]|8r/[1T1];33  composite  zone  pattern  presented  in 
Figure  6(a).  The  orientation  relationship  is  plotted  in  a 
stereographic  projection  in  Figure  15. 
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Fig.  10  —  (1)  Bright-field  micrographs  and  (2)  and  (3)  dark-field  micrographs  showing  NN  and  NNN  APDs,  respectively,  of  a,  plates  and  the 
adjacent  matrix  after  aging  at  150  °C  for  {a)  96  h,  (b)  240  h,  and  (c)  720  h. 


d.  Shape  deformation  planes,  and  shape-change  vectors  of  the  total  24  variants 

The  calculated  shape-deformation  vector  is  have  been  calculated  and  are  listed  in  Table  II.  The  des- 

0.187[0.160,  -0.732,  0.662]b2,  which  should  produce  ignation  for  each  variant  follows  that  used  by  Adachi 

a  surface  relief  of  10.6  deg.  Quantitative  measurement  et  alP^^  The  variant  discussed  in  the  PTMC  calculation 

of  the  shape  change  is  difficult  because  of  the  small  plate  corresponds  to  Ai.  The  calculation  based  on  the  same 

width.  However,  an  optical  micrograph  taken  under  lattice  correspondence  yields  another  variant,  Dj,  which 

oblique  illumination  and  the  corresponding  interference  has  a  habit  plane  of  (1,  -5.185,  5.252)b2  and  a  shape- 

micrograph  in  Figure  16,  where  three  a,  plates  are  la-  change  vector  of  0.187[0.160,  0.732,  0.662]b2- 

beled  a,  b,  and  c,  respectively,  do  confirm  the  presence  It  is  well  known  that  a,  plates  often  form  in  pairs  with 

of  a  shear  type  of  surface  relief  associated  with  the  a,  obtuse  angles. 1’  '°'  The  intervariant  relationship  between 

plates.  the  paired  variants  is  to  be  described  with  reference  to 

e.  Intervariant  relationship  between  paired  variants  A,  variant. 

According  to  the  PTMC  calculations,  there  are  12  pos-  The  most  frequently  found  a,  pair  has  an  Aj/Di  com- 

sible  lattice  correspondences,  each  yielding  two  IPS  bination.  A  micrograph  of  an  A,/Di  pair  in  a  specimen 

habit  plane  variants.  Lattice  correspondences,  habit  after  aging  at  350  °C  for  5  seconds  is  shown  in 
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pjg.  11 — (1)  Bright-field  micrographs  and  (2)  and  (3)  dark-field  micrographs  showing  NN  and  NNN  APDs,  respectively,  of  plates  and  the 
adjacent  (3,  matrix  after  aging  at  200  °C  for  (a)  3  h,  (b)  8  h,  and  (c)  24  h.  A  [I20]9r  zone  pattern  in  (c3)  demonstrates  the  absence  of  NNN  order 
in  the  a,  plates  after  24  h  at  200  °C. 


Figure  17.  According  to  the  calculation,  the  pair  forms 
an  angle  of  164.6  deg  between  the  habit  planes  and  is 
twin-related  with  respect  to  the  (100)b2  atomic  plane. 
The  measured  angle .  between  the  habit  plane  from  the 
micrograph  is  deviated  from  the  calculated  value,  be¬ 
cause  the  micrograph  was  not  viewed  under  the  edge-on 
orientation  of  the  habit  plane.  The  measured  angle  be¬ 
tween  the  streaking  from  the  diffraction  pattern  is 
87.0  deg  in  agreement  with  the  calculated  angle  of 
85.5  deg  between  the  basal  (009)9r  plane  normals  of  A, 
and  D,  a,  variants. 

Another  type  of  pair  observed  in  a  specimen  aged  at 
350  °C  for  10  seconds  is  shown  in  Figure  18,  which  has 
a  combination  of  Aj/Dj.  The  two  variants  are  twin- 
related  with  respect  to  the  (101)  atomic  plane  of  the 
parent  phase,  and  the  calculated  angle  between  the  two 
habit  planes  is  132.4  deg.  The  measured  angle  between 
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the  diffraction  streaking  is  172.5  deg  in  agreement  with 
the  calculated  angle  of  172.8  deg  between  the  basal 
(009)9r  plane  normals  of  Aj  and  D5  ai  variants. 

The  most  common  martensite  variant  combination  of 
Ai/Ci  is  also  observed  for  a,  plates,  as  shown  in 
Figure  19.  The  micrograph  was  taken  from  a  specimen 
aged  at  200  °C  for  4  hours.  The  habit  planes  of  the  pair 
form  an  angle  of  164.5  deg  and  the  measured  angle  be¬ 
tween  the  two  streaking  directions  is  128.0  deg,  in  good 
agreement  with  the  calculated  127.1  deg.  The  pair  is 
twin-related  with  respect  to  the  (011)b2  atomic  plane. 
However,  A,  and  Ci  variants  do  not  share  an  obvious 
interface,  as  do  the  other  two  types  of  a,  pairs.  It  is 
likely  that  the  two  variants  nucleated  separately,  and  the 
pair  is  simply  created  by  the  impingement  of  the  two 
variants  during  growth. 

According  to  Adachi  et  there  is  a  total  of  16 
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Fig.  12  —  A  dark-field  micrograph  of  NNAPD  in  an  a,  plate  and  the 
Pj  matrix  after  aging  at  250  °C  for  10  min. 


001 


Fig.  13  —  Phase  contrast  electron  micrograph  of  a  [1  10],r  projected 
a,  plate  showing  9R  periodic  faults  and  2H  random  faults  after  aging 
at  250  °C  for  5  min. 


unique  variant  combinations  for  18R  martensites.  The 
combined  shape-change  vectors  of  these  16  combina¬ 
tions  for  plates  are  listed  in  Table  III.  The  results 
suggest  that  both  Aj/D,  and  A,/C|  pairs  are  very  effec¬ 
tive  in  shape-change  accommodation;  the  Aj/Dj  com¬ 
bination,  however,  is  the  least  effective.  Strain  energy 
is  clearly  not  the  only  deciding  factor  in  the  choice  of 
these  pair  formations.  This  can  be  understood,  since 
strain  energy  is  not  significant  when  early  stage  a,  plates 
adopt  a  small  aspect  ratio.  In  comparison  to  martensite, 
a,  plates  thicken  at  a  much  slower  rate.  When  the  aspect 
ratio  becomes  significant  at  a  later  thickening  stage,  the 
transformation  shape  change  is  perhaps  relieved  by 
diffusion. 

F.  Composition  of  a,  Plates 

An  a,  plate  formed  after  aging  at  150  °C  for  48  hours 
is  shown  in  Figure  20.  Regions  labeled  x  and  y  were 
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• 

1  50  “C, 

4  8  HRS 

o 

20  0°C, 

2  HRS 
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250°C, 

5  MINS 
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35  0  °C, 

1  0  SECS 

X 

(1  5.185 

5.252  ) 

Fig.  14  —  Distribution  of  habit  plane  normals  of  a,  plates  that  trans¬ 
form  at  temperatures  from  150  °C  to  350  °C. 


(04) 


o  (hkl) 
•  [hlcl] 
O  hJcl 
A 

X 


9R  plane  normals 
9R  lattice  directions 

B2  plane  normals  and  lattice  direction 

o,  habit  plane  normal,  (1,5.185,5.252) 

a,  shape  change  direction,  [0.160,-0.732,0.662] 


Fig.  15  —  Stereographic  projection  of  a,  crystallography  and  its  ori¬ 
entation  relationship  with  the  parent  /S,  phase. 
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subjected  to  microanalytical  EDX  analyses.  The  Zn  and 
A1  concentration  profiles  were  traced  along  line  seg¬ 
ments  of  a-b  and  c-d.  Both  traces  run  across  the  Oi  plate 
and  the  adjacent  parent  matrix  including  a  dislocation 
line  indicated  by  an  arrow.  The  results  are  plotted  in 
Figure  21. 

Along  these  traces,  both  Zn  and  A1  concentrations  in 
the  Oi  plate  are  consistently  lower  than  those  in  the 
parent  matrix.  The  solute  concentration  appears  to  vary 
from  point  to  point  of  analysis  inside  the  Oi  plate.  The 
composition  of  the  plate  at  the  point  of  the  lowest  solute 
content  along  the  a-b  trace  line  is  Cu-24.7  wt  pet  Zn- 
3.6  wt  pet  Al,  while  the  composition  at  the  lowest 
solute  content  along  the  c-d  trace  line  is  Cu-25.5  wt  pet 
Zn-4.0  wt  pet  Al.  Asymmetric  concentration  profiles  are 
also  observed  in  the  Al  concentration  along  the  a-b  trace 
in  both  the  a,  plate  and  the  parent  matrix,  confirming 
the  observation  by  Takezawa  and  Sato.^^^' 

Depletion  of  Zn  is  observed  at  dislocation  lines  in  both 
Figures  21(a)  and  (b).  The  Zn  concentration  at  the  dis¬ 
location  segment  in  region  x  is  25.3  wt  pet,  in  agreement 
with  that  in  the  cti  plate.  The  Zn  depletion  at  the  dis¬ 
location  segment  in  region  y  and  the  Al  depletion  in  both 
dislocation  segments  are  less  significant  but  yet 
detectable. 

The  composition  profiles  after  aging  at  150  °C  for  96 
and  240  hours  are  plotted  in  Figures  22(a)  and  (b),  re¬ 
spectively.  The  Zn  concentration  in  the  plate  after 
96  hours  is  in  the  range  of  23.7  to  25.7  wt  pet,  while 
the  Al  concentration  is  around  3.5  wt  pet,  as  shown  in 
Figure  22(a).  After  240  hours,  the  Zn  concentration  of 
the  a,  plate  ranges  from  24.3  to  26.0  wt  pet  and  the  Al 
concentration  falls  into  a  range  of  3.5  to  4.2  wt  pet 
(Figure  22(b)).  At  this  stage,  significant  diffusional 
composition  profiles,  with  Zn  concentration  up  to 
29.0  wt  pet  after  96  hours  of  aging  (Figure  22(a))  and 
31.1  wt  pet  after  240  hours  of  aging  (Figure  22(b))  and 


Table  II.  Lattice  Correspondences,  Habit  Planes,  and  Shape- 
Change  Vectors  of  the  24  a.  Variants  (Indices  in  B2  Coordinates) 


Variant 

[lOOjgR 

Lattice  Correspondence 

[010],R 

[00  iw 

Habit  Plane 

Shape-Change  Vector 

Bs 

[Oil] 

[lOO] 

[045] 

(-5.185  5.252  1) 

[  0.137 

0.124 

0.030] 

Cs 

[011] 

[100] 

[045] 

(  5.185  5.252  1) 

[-0.137 

0.124 

0.030] 

D, 

[011] 

[100] 

[054] 

(  5.185  1  5.252) 

[-0.137 

0.030 

0.124] 

A4 

[011] 

[100] 

[054] 

(-5.185  1  5.252) 

[  0.137 

0,030 

0.124] 

D4 

[011] 

[lOO] 

[054] 

(-5.185  -1  5.252) 

[  0.137 

-0.030 

0.124] 

A, 

[Oil] 

[100] 

[054] 

(  5.185  -15.252) 

[-0.137 

-0.030 

0.124] 

B, 

[Oil] 

[100] 

[045] 

(-5,185  -5.252  1) 

[  0.137 

-0.124 

0.030] 

Cs 

[Oil] 

[100] 

[045] 

(  5.185  -5.252  1) 

[-0.137 

-0.124 

0.030] 

D, 

[101] 

[OlO] 

[504] 

(  1-5.185  5.252) 

[  0.030 

0.137 

0.124] 

[101] 

[010] 

[504] 

(  15.185  5.252) 

[  0.030 

-0.137 

0.124] 

D, 

[101] 

[010] 

[405] 

(  5.252  5.185  1) 

[  0.124 

-0.137 

0.030] 

D„ 

[101] 

[010] 

[405] 

(  5.252  -5.185  1) 

[  0.124 

0.137 

0.030] 

[lOl] 

[010] 

[405] 

(  5.252  -5.185  -1) 

[  0.124 

0.137 

-0.030] 

[lol] 

[010] 

[405] 

(  5.252  5.185  -1) 

[  0.124 

-0.137 

-0.030] 

D, 

[101] 

[010] 

[504] 

(  1-5.185  -5.252) 

[  0.030 

0.137 

-0.124] 

A, 

[lol] 

[010] 

[504] 

(  1  5.185  -5.252) 

[  0.030 

-0.137 

-0.124] 

C4 

[110] 

[001] 

[450] 

(  5.252  1  -5.185) 

[  0.124 

0.030 

0.137] 

C, 

[110] 

[OOl] 

[450] 

(  5.252  1  5.185) 

[  0.124 

0.030 

-0.137] 

B, 

[110] 

[001] 

[540] 

(  1  5.252  5.185) 

[  0.030 

0.124 

-0.137] 

B, 

[110] 

[001] 

[540] 

(  1  5.252  -5.185) 

[  0.030 

0.124 

0.137] 

C, 

[110] 

[OOl] 

[540] 

(-1  5.252  -5.185) 

[-0.030 

0.124 

0.137] 

c, 

[IlO] 

[OOl] 

[540] 

(-1  5.252  5.185) 

[-0.030 

0.124 

0.137] 

B, 

[110] 

[001] 

[450] 

(-5.252  1  -5.185) 

[-0.124 

0.030 

0.137] 

B4 

[110] 

[001] 

[450] 

(-5.252  1  5.185) 

[-0.124 

0.030 

-0.137] 

b  C 


Fig.  16  —  (a)  Surface  relief  micrograph  and  (i>)  the  corresponding 
interference  micrograph  of  ai  plates  after  aging  at  150  °C  for  48  h. 
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Fig.  17  (a)  Bright-field  micrograph  and  (b)  the  corresponding  diffraction  pattern  of  an  A,/D|  a[  pair  in  a  specimen  aged  at  350  °C 
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Fig.  18  —  (a)  Bnght-field  micrograph  and  (b)  the  corresponding  dif¬ 
fraction  pattern  of  an  A./D,  a,  pair  in  a  specimen  aged  at  350  °C 
for  10  s. 


Fig.  19  —  (a)  Bright-field  micrograph  and  (b)  the  corresponding  dif¬ 
fraction  pattern  of  A,/C,  a,  pairs  in  a  specimen  aged  at  200  °C 
for  4  h. 
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Table  III.  Comparison  between  the  Intervariant  Relationships  of  the 
Observed  Pairs  and  the  16  Unique  Variant  Combination  of  Martensite'^^’ 


Theoretical 

Measured 

Angle 

Angle 

between 

between 

Basal 

Basal 

Variant 

Intervariant 

Planes 

Planes 

V5  A, 

Relationship 

Combined  Shape  Change  of  the  Pair 

(deg) 

(deg) 

B, 

T 

[011]b2 

0.063 

[  0.956, 

-0.207, 

-0.207] 

61.68 

C,* 

T 

(011)b2 

0.018 

[  0.000, 

-0.707, 

-0.707] 

127.11 

D,* 

T 

(100)b2 

0,060 

[  1.000, 

0.000, 

0.000] 

85.53 

Ao 

T 

(001)b2 

0.280 

[  0.214, 

-0.977, 

0.000] 

85.27 

B, 

— 

0.268 

[  0.224, 

-0.048, 

0.973] 

57.39 

D, 

I  - 

(010)b2 

0.255 

[  0.235, 

0.000, 

0.972] 

5.51 

Aj 

— 

0.318 

[-0.337, 

-0.526, 

0.781] 

62.69 

B3 

_ 

0.297 

[-0.316, 

-0.360, 

0.878] 

55.64 

c, 

_ 

0.188 

[  0.819, 

-0.569, 

-0.069] 

119.64 

D, 

T 

(no)B2 

0.291 

[-0.368, 

-0.368, 

0.852] 

58.12 

B4 

— 

0.143 

[-0.657, 

-0.748, 

-0.091] 

60.01 

C4 

_ 

0.321 

[  0.479, 

-0.333, 

0.812] 

115.47 

D4 

T 

(110)b2 

0,342 

[  0.488, 

-0.488, 

0.724] 

67.12 

A, 

— 

0.328 

[  0.469, 

-0.835, 

0.287] 

89.87 

D,* 

T 

(101)b2 

0.350 

[  0.440, 

-0.783, 

0.440] 

172.81 

De 

T 

(101)b2 

0.218 

[  0.707, 

0.000, 

0.707] 

175.33 

*Observed  a,  pairs,  (I)  =  Identical,  (T)  =  Twin-related. 


A1  concentration  up  to  4.8  wt  pet  in  both  cases 
(Figures  22(a)  and  (b)),  are  present  in  the  parent  phase 
immediately  adjacent  to  the  interface.  Asymmetric  com¬ 
position  profiles  of  both  Zn  and  A1  contents,  again,  are 
observed  in  both  the  plates  and  the  parent  matrix. 

G.  High  Resolution  TEM  of  a,  Interface 

A  phase  contrast  TEM  micrograph  of  an  a,  interface 
after  aging  at  150  °C  for  48  hours  is  shown  in 
Figure  23(a).  The  projection _ axis  is  parallel  to  the 
common  zone  axis  of  [1 1  1],83/[210]i8r-  Periodic  faults  at 
every  third  (00  18)i8r  basal  plane  of  the  a,  plate  appear 
as  bright  dots.  It  can  be  seen  from  the  micrograph  that 
all  three  close-packed  planes,  (1  2  10), 8r,  (0  0  18), gR, 
and  (128), 8R,  of  the  a,  plate  maintain  full  coherency  with 
the  {220)^3  atomic  planes.  The  presence  of  a  strain  field 
near  the  interface  is  also  obvious  as  (0  0  18),gR  and 
(202)^3  lattice  planes  are  bent  near  the  interface. 

Another  micrograph  of  an  a,  interface,  taken  under 
the  same  imaging  condition  from  a  sample  aged  at 
150  °C  for  240  hours,  is  shown  in  Figure  23(b).  The 
annihilation  of  basal  stacking  faults  after  extended  aging 
causes  the  faulting  periodicity  to  become  less  regular.  A 
stepped  interface  protruding  into  the  parent  matrix  is 
also  present.  Although  the  coherency  between  the 
(202),33  and  the  (0  0  18)i8r  lattice  planes  is  maintained 
along  the  broad  interface  where  the  18R  stacking  se¬ 
quence  is  preserved,  misfits  are  present,  as  indicated  by 
arrows,  at  both  the  stepped  interface  and  the  local  inter¬ 
face  where  the  18R  stacking  periodicity  is  interrupted. 

H.  Isothermal  Thickening  of  Martensite  during  Aging 

Despite  the  fact  that  the  martensitic-transformation- 
temperature  start  temperature  of  the  present  alloy  is 


around  -10  °C  after  aging  at  150  °C,  isothermal  thick¬ 
ening  of  quench-indu  jed  and  stabilized  martensite  has 
been  observed  to  be  similar  to  that  of  a,  plates  formed 
during  aging  at  150  °C,  Figure  24  shows  (a)  a  bright- 
field  micrograph  and  (b)  and  (c)  dark-field  micrographs 
showing  NN  and  NNN  APDs,  respectively,  of  a  mar¬ 
tensite  plate  after  aging  at  150  °C  for  96  hours.  The  plate 
consists  layers  divided  by  planar  traces  parallel  to  the 
interfaces  (Figure  24(a)).  These  layers  contain  different 
APD  structures.  The  central  layer  features  NNAPD  of 
0.07  )u.m  in  size  but  does  not  show  NNN  order.  Such 
order  and  APD  structures  are  consistent  with  those  of 
the  parent  phase  in  the  as-quenched  state, indicating 
that  the  central  layer  corresponds  to  a  quench-induced 
martensite  plate.  The  outer  layer  contains  both  NN  and 
NNN  APDs  with  domain  sizes  of  0.1  and  0.02  /um,  re¬ 
spectively.  Comparing  this  to  the  growth  pattern  of 
APDs  in  Pj  parent  phase, this  particular  martensite 
plate  obviously  has  thickened  considerably  after  approx¬ 
imately  1  hour  of  aging  at  150  °C.  Similar  to  the  a, 
plates,  isothermally  thickened  layers  of  the  martensite 
plate  inherit  both  NN  and  NNN  order  and  the  associated 
APD  structures  of  the  parent  phase. 

IV.  DISCUSSION 

A.  Morphology  and  Internal  Fine  Structure 

As  seen  in  Figure  2,  early  stage  a,  plates  in  Cu- 
Zn-Al  alloys  clearly  adopt  a  thin  plate  morphology  with 
sharp  plate  edges  and  a  small  aspect  ratio.  The  plates 
contain  LPSO  periodic  faults  as  well  as  2H  random 
faults  consistent  with  the  fine  structure  of  a  lattice  in¬ 
variant  shear.  The  faulting  fine  structure  is  annealed  out 
only  after  prolonged  aging  when  the  structure  changes 
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Fig,  20  —  An  a,  plate  in  a  specimen  after  aging  at  150  °C  for  48  h 
that  was  subjected  to  microanalytical  analyses  along  a-b  and  c-d  traces. 


from  LPSO  structure  to  equilibrium  fee.  Such  morphol¬ 
ogy  and  fine  structure  are  in  agreement  with  earlier  stud¬ 
ies  on  the  plates  in  Cu-Zn,‘^>'“>  Ag-Cd,'"  ''''  and 
Cu-Zn-Af-^'  but  do  not  support  an  observation  reported 
by  Chattopadhyay  and  Aaronson>“'  that  initial  a,  plates 
appear  in  the  form  of  coherent  precipitates  with  no  fault¬ 
ing  fine  structure  and  that  internal  faults  develop  during 
secondary  growth  in  association  with  the  generation  of 
misfit  dislocations.  Without  detailed  diffraction  infor¬ 
mation  supporting  their  interpretation,  we  have  to  ques¬ 
tion  whether  the  fault-free  structure  described  as  an 
initial  a,  plate  in  Figure  4  of  Reference  26  truly  repre¬ 
sents  early  stage  a,  plates.  In  fact,  the  only  a,  diffraction 
pattern  presented,  Figure  2  of  Reference  26,  is  consistent 
with  a  9R  ai  structure  with  random  faults. 

B .  Crystal  Structure  and  Long-Range  Order 

Clearly  demonstrated  in  this  study  is  that  at  temper¬ 
atures  below  the  ^2  Pi  ordering  transition  tempera¬ 
ture,  both  NN  and  NNN  order  components  and 
associated  APD  structures  are  preserved  in  early  stage 
a,  plates,  which  possess  an  ordered  M18R  structure. 
Both  NN  and  NNN  APD  boundaries  are  continuous 


across  the  interface.  The  NNN  order  is  lost  during  later 
stage  plate  thickening,  and  the  structure  of  the  plates 
becomes  ordered  9R,  creating  a  composite  a,  plate  with 
an  ordered  18R  inner  layer  and  ordered  9R  outer  layers. 
The  NN  APD  boundaries  remain  continuous  at  the  inter¬ 
face  at  this  stage.  The  loss  of  continuity  of  NN  APD 
boundaries  at  the  interface  is  observed  only  after  ex¬ 
tended  aging,  i.e.,  240  hours  at  150  °C.  This  is  probably 
caused  by  the  faster  diffusion,  and  therefore  the  higher 
growth  rate  of  NN  APD,  in  the  parent  P3  phase  than  that 
in  the  a,  plate  such  that  the  APD  boundaries  break  away 
from  continuity  at  the  interface. 

At  temperatures  above  the  P2  Pi  transition  temper¬ 
ature,  the  NN  order  and  APD  structure  are  preserved  in 
early  stage  a,  plates  during  aging  at  250  °C.  The  NN 
APD  boundaries  again  run  continuously  across  the  inter¬ 
face.  It  is  only  at  350  °C  that  the  early  stage  a,  plates 
possess  a  disordered  9R  structure. 

As  compared  in  Table  IV,  the  long-range  order  of 
early  stage  plates  is  consistent  with  that  of  the  mar¬ 
tensite,  the  product  of  a  shear  transformation.  The  evo¬ 
lution  of  a,  long-range  order  during  aging  is  also  in 
agreement  with  that  of  tempered  martensite.  These  re¬ 
sults  suggest  that  the  NNN  order  component  of  the  18R 
structure  of  both  a,  plates  and  martensite  is  metastable 
at  temperatures  below  the  P2  Pi  transition  tempera¬ 
ture.  One  would  expect  that  the  ordered  9R  structure  is 
also  metastable  in  nature,  since  the  structure  will  even¬ 
tually  become  disordered  fee  during  extended  aging.  As 
shown  in  this  study  and  Reference  36,  both  NN  order 
and  9R  stacking  structure  are  annealed  out  during  pro¬ 
longed  aging  of  a,  plates  and  tempering  of  martensite, 
and  the  structure  changes  to  the  ground  state,  disordered 
fee,  in  agreement  with  the  equilibrium  phase  of  the 
phase  diagram. The  absence  of  long-range  order  in 
the  a,  plates  at  350  °C  is  therefore  most  likely  due  to 
the  fast  diffusion  inside  the  plate  at  such  a  high  tem¬ 
perature  such  that,  even  though  the  plate  may  form  with 
long-range  order,  it  is  annealed  out  well  before  experi¬ 
mental  observation. 

The  continuity  of  APD  boundaries  across  the  interface 
suggests  that  long-range  order  in  a,  plates  is  an  inherited 
feature,  a  result  of  a  shear  transformation,  rather  than  a 
consequence  of  secondary  reordering  inside  the  plate 
after  the  plate  formation,  as  suggested  by  Hsu,^^®^  for  the 
following  reasons.  As  discussed  in  this  section,  long- 
range  order  in  the  a,  is  not  a  stable  configuration.  If  the 
plates  form  with  a  disordered  structure,  there  is  no  driv¬ 
ing  force  for  the  reordering  to  occur.  In  addition,  even 
if  the  reordering  occurs,  the  probability  of  the  APD 
boundaries  to  match  perfectly  at  the  interface  is  remotely 
small.  These  factors  suggest  that  the  thermodynamic  cal¬ 
culation  carried  out  by  Hsu^^®'  is  in  contradiction  with 
both  the  experimental  evidence  and  the  phase  diagram^^-^ 
and  needs  to  be  reexamined. 

Increasing  18R  layer  thickness  with  decreasing  tem¬ 
perature  suggests  that  the  ability  of  the  a,  plates  to  in¬ 
herit  the  parent  long-range  order  during  plate  growth 
increases  as  the  transformation  temperature  approaches 
the  martensitic  transformation  temperature.  This  sug¬ 
gests  that  the  volume  free  energy  change  in  the  forma¬ 
tion  of  a,  plate  is  related  to  that  of  martensitic 
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{a)  a-b  trace  (b)  c-d  trace 

Fig.  21  — Zinc  and  A1  concentration  profiles  along  (a)  a-b  and  (b)  c-d  traces  of  an  a,  plate  shown  in  Fig.  20. 


transformation,  which  is  well  expected  due  to  their  struc¬ 
tural  similarity.  Previous  studies  concluding  disordered 
a,  plates  in  binary  Cu-Zn'^'^®'  and  Ag-Cd'"  '”  were  car¬ 
ried  out  using  compositions  with  M,  temperatures  below 
-100  °C.  Compared  to  the  transformation  in  the  present 
Cu-Zn-Al  alloy  with  M,  temperature  around  - 10  °C,  the 
formation  of  a;  plates  in  the  former  binary  alloys  pro¬ 
ceeds  at  a  much  higher  temperature  above  the  tem¬ 
perature.  It  is  therefore  not  surprising  that  the  inheritance 
of  long-range  order  in  binary  Cu-Zn  and  Ag-Cd  alloys 
is  less  readily  detectable  than  that  in  Cu-Zn-Al  alloys. 
Studies  of  a,  long-range  order  in  binary  alloys  or  other 
ternary  derivatives  with  higher  M,  temperature  are 
worthwhile  to  validate  this  argument.  However,  care 
must  be  taken  with  binary  Cu-Zn  and  Ag-Cd  alloys  with 
higher  M,  temperatures,  as  it  is  difficult  to  completely 
retain  the  (3  phase  without  partial  decomposition  during 
quenching. 

C.  Crystallography 

The  crystallography  of  the  a,  plates  in  present  Cu- 
Zn-Al  alloy  is  in  good  agreement  with  PTMC  calcula¬ 
tions  in  all  aspects  and  is  consistent  with  that  of  low- 
temperature  martensite. Quantitative  agreements  are 
demonstrated  in  the  orientation  relationship,  habit  plane, 
and  the  magnitude  of  lattice  invariant  shear.  The  ob¬ 
served  surface  relief  again  indicates  the  presence  of  a 
shear  type  of  transformation  shape  change  that  is  essen¬ 
tial  for  the  observed  reverse-shape  memory  effect.''®'  Al¬ 
though  a,  pairs  do  not  always  adopt  a  configuration  of 


the  optimum  shape-change  accommodation,  this  can  be 
understood  as  the  O]  plates  thicken  at  a  much  slower  rate 
than  does  martensite,  and  the  aspect  ratio  becomes  sig¬ 
nificant  only  after  considerable  plate  thickening  at  which 
time  diffusion  may  have  somewhat  relieved  the  trans¬ 
formation  shape  change. 

These  results  are  in  agreement  with  earlier  studies 
on  the  crystallography  of  a,  plates  in  Cu-Zn'®' and 
Ag-Cd""  alloys.  Aaronson  and  Lorimer'^’'  argued  that  a 
diffusional  transformation  may  equally  likely  adopt  a 
habit  plane  and  orientation  relationship  conforming  to 
the  PTMC  in  order  to  minimize  interfacial  energy.  How¬ 
ever,  their  argument  does  not  explain  the  presence  of  a 
transformation  shape  change  and  the  observed  reverse- 
shape  memory  effect.  Neither  does  it  provide  any  im¬ 
plication  on  the  presence  of  2H  random  faults  and  the 
inheritance  of  highly  metastable  long-range  order  and 
APD  structures.  We  suggest  that  these  pieces  of  evi¬ 
dence  constitute  solid  support  for  the  direct  presence  of 
a  shear  process  during  initial  ai  plate  formation  and 
which  is  difficult  to  rationalize  by  a  diffusion-controlled 
transformation  per  se. 

D.  Composition 

Consistent  with  earlier  microanalytical  studies,  a  com¬ 
position  difference  exists  between  early  stage  aj  plates 
and  parent  matrix,  even  at  a  stage  when  both  NN  and 
NNN  order  and  APD  structures  are  fully  inherited. 
Solute  distributions  inside  plates  and  the  adjacent 
parent  matrix  are  characterized  by  asymmetric  profiles, 
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(a) 


Fig.  22— Zinc  and  A1  concentration  profiles  of  a,  plates  and  adjacent  matrix  after  aging  at  150  °C  for  (a)  96  h  and  (b)  240  h. 


supporting  the  result  reported  by  Takezawa  and  Sato,'^^> 
who  implied  that  local  composition  perturbation  exists 
in  the  parent  matrix  due  to  directional  diffusion  caused 
by  the  stress  field  around  pre-existing  defects.  This  im¬ 
plication  was  supported  by  Schmitz  et  who  sug¬ 

gested  that  elastic  anisotropy  may  play  an  important  role 
in  promoting  solute  depletion  at  defects.  Present  micro¬ 
analysis  detects  evident  solute  depletion  at  dislocation 
lines  in  the  parent  matrix  adjacent  to  the  a,  plate,  thus 
providing  direct  experimental  confirmation  to  both  stud¬ 
ies.  It  is  possible  that  a  combined  effect  of  solute  de¬ 
pletion  and  increasing  elastic  anisotropy  leads  to  a 
sufficient  driving  force  for  a  shear  process  to  commence 
at  these  defects. 

Whether  the  combined  effect  of  solute  depletion  and 
high  anisotropy  is  geometrically  significant  enough  to 
permit  a  martensitic  transformation  to  occur  at  these  de¬ 
fects  needs  to  be  examined  in  more  detail.  However,  as 
suggested  by  Schmitz  et  al.™  further  solute  depletion 
may  continue  to  occur  ahead  of  the  lengthening  a,  plate 
tip,  as  the  stress  field  ahead  of  the  plate  tip  would  pro¬ 
vide  similar  driving  force  for  solute  depletion  and  in¬ 
creasing  elastic  anisotropy  for  the  lengthening  to 
continue. 


E.  Transformation  Kinetics 

The  study  by  Weisner  and  Hombogeni'*!  indicated  that 
the  nucleation  C-curve  of  a,  plates  in  Cu-Zn  alloys  shifts 
toward  shorter  incubation  periods  when  the  transfor¬ 
mation  takes  place  under  uniaxial  tensile  stress.  This 
result  supports  a  shear  transformation  mechanism  oper¬ 
ating  in  the  nucleation  stage  of  the  Oj  plates. - 

Similar  to  martensite  growth,  initial  a,  plates  lengthen 
rapidly.  Significant  plate  thickening  follows  only  after 
the  lengthening  more  or  less  is  complete.!^  *'  The  length¬ 
ening  kinetics  of  a,  plates  in  Cu-Zn  Alloys  during  aging 
at  250  °C  to  350  °C,  reported  by  Simonen  and  Trivedi,!’' 
indicate  that  the  rapid  lengthening  kinetics  are  in¬ 
compatible  with  volume  diffusion.  The  rapid  lengthen¬ 
ing  can  be  rationalized  only  with  the  assumptions  of 
semicoherent  interfaces  and  supersaturation  of  Zn  con¬ 
centration;  the  latter  increases  significantly  with  decreas¬ 
ing  temperature.  Kostic  et  a/.i®'  also  pointed  out  that  the 
lengthening  kinetics  of  a,  plates  in  a  Ag-45  at.  pet  Cd 
alloy  at  160  °C  is  clearly  beyond  that  which  can  be  dic¬ 
tated  by  volume  diffusion.  The  evidence  suggests  that 
the  similarity  in  the  lengthening  kinetics  between  a, 
plates  and  low-temperature  martensite  also  becomes 
more  evident  with  decreasing  temperature. 
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Fig.  23  —  High-resolution  micrographs  of  a,  plates  and  the  adjacent 
parent  matrix  after  aging  at  150  °C  for  (a)  48  h  and  (b)  240  h.  Pro¬ 
jection  axis  is  [210],gR//[lll]^3. 


The  thickening  kinetics  of  a,  plates  in  a  Ag-45  at.  pet 
Cd  alloy  reported  by  Kostic  et  are  consistent  with 
the  Frank-Zener  model  for  the  growth  of  planar  precip¬ 
itates.  However,  the  smallest  plate  thickness  at  160  °C 
studied  by  Kostic  et  al.  was  approximately  0.5  /am,  an 
order  of  magnitude  greater  than  the  18R  layer  of  the 
present  a,  plate  at  150  °C.  If  the  plate  formation  is  ini¬ 
tiated  by  a  shear  process  with  the  later  growth  controlled 
by  diffusion,  a  plate  of  0.5  /um  thickness  may  have  sur¬ 
passed  this  transitional  stage.  It  is  therefore  not  surpris¬ 
ing  that  the  thickening  kinetics  follow  the  Frank-Zener 
model. 


F.  Interfacial  Structure 

Interfacial  structure  may  bear  direct  evidence  related 
to  the  transformation  mechanism  as  a  shear  mechanism 
produces  glissile  interfacial  dislocations  with  the  com¬ 
bined  Burgers  vector  of  the  dislocation  network  consis¬ 
tent  with  the  shape  change  of  the  transformation.  A 
diffusional  mechanism,  on  the  other  hand,  would  gen¬ 
erate  sessile  interfacial  dislocations  with  their  nature  dic¬ 
tated  by  the  lattice  misfit  between  the  two  phases. 


A  TEM  study  of  the  interfacial  structure  carried  out 
by  Chattopadhyay  and  Aaronson^^®'  implied  that  the 
interfacial  dislocations  of  ai  plates  in  Cu-Zn  alloys  con¬ 
sist  of  growth  ledges  and  misfit  dislocations.  However, 
their  analysis  was  based  solely  on  the  invisibility  crite¬ 
ria,  the  accuracy  of  which  may  be  affected  by  the  ex¬ 
tremely  high  anisotropy  of  the  parent  matrix,  which 
causes  residual  contrast  and  makes  any  accurate  deter¬ 
mination  of  Burgers  vectors  very  difficult.  They  also 
claimed  to  observe  ledge  structures  along  plate  tips,  on 
which  they  base  their  argument  that  the  lengthening  of 
the  plate  is  also  controlled  by  a  ledge  mechanism. 
Again,  such  argument  lacks  supportive  evidence,  since 


Fig.  24 — (a)  Bright-field  micrograph,  (b)  dark-field  micrograph 
showing  NN  APD,  and  (c)  dark-field  micrograph  showing  NNN  APD 
of  a  quench-induced  martensite  plate  after  isothermal  thickening  in  a 
specimen  aged  at  150  °C  for  96  h. 
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Table  IV.  Evolution  of  Crystal  Structure  and  Long-Range  Order 
of  tti  Plates  during  Aging  and  that  of  Martensite  during  Tempering'^' 


Temperature  (°C) 

jS  Phase 

Martensite* 

Plate 

150 

L2, 

18R  ^  (0)9R 

18R  ^  (0)9R 

200 

L2, 

— 

18R  ^  (0)9R 

250 

B2 

(0)9R  (DO)9R  fee 

(0)9R  ^  (DO)9R  ^  fee 

350 

B2 

— 

(DO)9R  fee 

*(0)  =  Ordered,  (DO)  =  Disordered. 

the  nature  of  the  defects  they  interpreted  as  ledges  has 
not  been  quantitatively  characterized. 

Early  stage  plates  possess  interfacial  dislocations 
associated  with  random  faults  of  a  lattice  invariant  shear 
and  must  be  glissile  in  nature.  At  this  stage,  coherency 
of  close-packed  planes  is  maintained  across  the  straight 
interface  of  the  IPS  habit  plane,  as  shown  in  the  present 
high-resolution  TEM  analysis.  Stepped  interfaces  and 
the  loss  of  coherency  are  developed  only  after  significant 
plate  thickening,  at  which  point  misfit  dislocations  are 
generated  at  the  interface  where  stacking  faults  are  an¬ 
nealed  out. 

The  Burgers  vector  of  these  interfacial  dislocations 
has  not  been  studied  conclusively.  Modeling  based  on 
the  PTMC  and  more  detailed  TEM  studies  with  the  as¬ 
sistance  of  computer  image  analysis  on  the  a,  interfacial 
structure  are  necessary.  Such  in-depth  analyses  will  add 
more  direct  evidence  for  the  clarification  of  the  actual 
transformation  mechanism. 


G.  Transformation  Mechanism 

Based  on  the  evidence  discussed,  we  support  the  pro¬ 
posed  mechanism  that  the  formation  of  a,  plates  in 
Cu-Zn-Al  alloys  is  initiated  by  a  shear  mechanism  that 
controls  initial  plate  lengthening.  A  combined  effect  of 
elastic  anisotropy  and  solute  depletion  at  parent  phase 
defects  provide  the  driving  force  for  the  shear  transfor¬ 
mation  to  take  place  at  these  defects  as  nucleation  sites, 
which  would  otherwise  be  thermodynamically  in¬ 
feasible.  The  shear  process  explains  the  rapid¬ 
lengthening  kinetics  of  the  a,  plates  and  allows  the  plates 
to  adopt  IPS  crystallography  and  to  inherit  parent  long- 
range  order  and  the  associated  APD  structures.  The 
mechanism  also  gives  rise  to  the  observed  reverse-shape 
memory  effect  and  is  consistent  with  the  reported  effect 
of  uniaxial  tensile  stress  that  promotes  the  incubation  of 
Oi  plates  in  Cu-Zn  alloys. 

Volume  diffusion  inevitably  becomes  necessary  in 
order  to  provide  additional  driving  force  for  further 
growth  of  a  I  plates.  Diffusion  in  the  parent  (3  phase 
ahead  of  plate  tip  may  be  induced  by  the  stress  field 
around  the  plate  tip,  which  permits  the  shear  lengthening 
to  continue.  Diffusion  at  the  interface  eventually  con¬ 
trols  the  plate  thickening,  which  maintains  a  lower  solute 
concentration  in  the  Oj  plates  and  explains  the  Frank- 
Zener  plate-thickening  kinetics. 

Whether  the  shear-diffusion  transition  is  an  abrupt 
process  or  the  two  mechanisms  are  compatible  and  co¬ 
operate  during  a  gradual  transition  process  remains  to  be 
answered.  However,  early  stage  diffusion  evidently  does 


not  immediately  destroy  the  IPS  crystallography,  fault¬ 
ing  fine  structure,  and  long-range  order  as  these  features 
are  slowly  annealed  out  during  extended  aging. 

The  proposed  transformation  mechanism  is  supported 
by  the  observation  that  a  quench-induced  martensite 
plate  can  thicken  isothermally  during  aging  at  a  temper¬ 
ature  above  M,  and  inherit  the  long-range  order  and  APD 
structures  of  the  parent  phase.  The  evidence  suggests  a 
structurally  glissile  martensite  interface  that,  although 
possibly  immobile  due  to  various  stabilization  effects,'^®’ 
can  migrate  during  isothermal  aging  at  the  a,  transfor¬ 
mation  temperatures.  The  presence  of  planar  traces  of 
original  martensite  interfaces  suggests  that  reconstruc¬ 
tion  of  the  interface  may  have  occurred  before  aging- 
induced  plate  thickening.  It  is  possible  that  the  observed 
midrib  in  a,  plates  and  the  planar  traces  in  the  isother¬ 
mally  thickened  martensite  plate  share  similar  features. 
The  nature  of  these  planar  defects  may  provide  further 
insight  into  the  transformation  mechanism  that  remains 
to  be  characterized. 
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The  Formation  Mechanism  of  Plate 
in  Beta  Cu-Zn  and  Cu-Zn-AI  Alloys 


X.K.  MENG,  M.K.  KANG,  Y.Q.  YANG,  and  D.H.  LIU 

The  initial  formation  and  the  subsequent  early  and  late  stage  growth  of  the  Oj  plates  in  Cu-Zn 
and  Cu-Zn-Al  alloys  are  studied  by  optieal  mieroseopy,  transmission  electron  microscopy 
(TEM),  and  high-temperature  TEM  in  situ.  Single-phase  a,  plates  (initial  Oj  plates)  can  be 
obtained  only  at  the  early  stage  of  isothermal  transformation.  Striations  corresponding  to  stack¬ 
ing  faults  are  observed  during  the  nucleation  of  initial  a,  plates.  A  strong  and  discontinuous 
strain-stress  field  exists  in  front  of  the  tips  of  initial  a,  plates  and  causes  inducing  nucleation 
and  crossing  growth.  The  displacement  between  stacking  fault  faces  and  the  thickening  along 
the  direction  of  streaking  contrast  show  that  the  growth  of  initial  a,  plate  has  the  nature  of  shear 
transformation,  and  the  shear  direction  along  the  streaking  contrast  corresponds  to  stacking 
faults.  The  superledges  at  the  broad  faces  of  the  a,  plates  are  also  observed,  but  they  move 
only  along  the  direction  of  streaking  contrast  during  plates  thickening.  The  “overannealing”  of 
initial  ai  plates  during  longer  transformation  time  results  in  the  disappearing  of  stacking  faults, 
and  corresponding  initial  a^  plates  are  partially  or  completely  “degenerated”  into  equilibrium 
a  phase  (here  designated  as  late  a,  (a)  plates).  The  thickening  kinetics  of  late  a,  (a)  plates 
seems  to  be  compatible  with  the  diffusional  ledge  mechanism,  but  the  lateral  movement  of 
superledges  along  the  broad  faces  of  late  a,  (a)  plates  is  not  observed.  According  to  the  facts 
mentioned  previously,  a  possible  atomic  mechanism  for  the  formation  of  the  a,  plates  is 
suggested. 


I.  INTRODUCTION 

As  a  branch  of  the  solid  state  transformation,  the 
bainitic  reaction  is  still  a  heated  controversial  topic  as  to 
its  formation  mechanism.  Much  research  on  the  crystal¬ 
lography,  morphology,  thermodynamics,  and  kinetics  of 
bainite  plates  has  so  far  been  carried  out  to  clarify  which 
mechanism  (displacive  shear  or  diffusional  ledge)  op¬ 
erates  the  bainitic  transformation.  In  Fe-C-X  alloys, 
however,  the  awkward  ranking  of  bainite  between  the 
obviously  diffusionless  martensitic  reaction  and  pearlitic 
reaction,  which  is  a  clear  example  of  a  reconstructive 
transformation,  has  in  the  past  led  to  difficulties. 

It  is  well  known  that  the  precipitating  process  of  the 
P'  (/3i,  ft,  ft  matrix  phase)  ^  Oi  (bainite  plate)  reaction 
in  some  nonferrous  alloys,  such  as  Cu-Zn  and  Cu-Zn- 
Al,  is  not  only  undisturbed  by  diffusion  of  institial  atoms 
but  also  simple  and  hence  helpful  to  the  analyses  of  crys¬ 
tallography  and  kinetics.  Therefore,  the  )3'  ^  a,  trans¬ 
formation  has  recently  become  an  important  model 
reaction. 

The  composition  analytical  results  of  bainitic  O)  plates 
in  a  Cu-39.3  wt  pet  Zn  alloy  and  y,  plates  in  a  Cr-33 
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Wt  pet  Ni  alloy  given  by  Cliff  et  showed  that  even 
at  the  early  stages  of  plate  formation,  and  near  the  tips 
of  the  growing  plates,  the  composition  of  the  plates  is 
different  from  that  of  the  matrix  and  near  the  equilibrium 
composition  of  the  second  phase.  Thus,  Cliff  et  al. 
denied  the  initial  formation  of  these  bainitic  plates  by  a 
mechanism  solely  involving  crystallographic  shear.  Hsu 
and  Zhou’s  thermodynamics  calculations^'*'  also  showed 
that  the  bainitic  transformation  in  a  Cu-26.77  wt  pet  Zn- 
4.00  wt  pet  Al  alloy  could  only  proceed  with  a  diffu¬ 
sional  mechanism.  In  a  Cu-24,3  wt  pet  Zn-4.7  wt  pet 
Al-0.8  wt  pet  Mn  alloy  and  a  Cu-19.51  wt  pet  Zn-5.88 
wt  pet  Al  alloy,  however,  Liu  and  co-workers'^®'  ob¬ 
served  the  midribs  in  initial  Oj  plates,  the  slabby  stress 
field  in  front  of  the  tips  of  the  plates,  and  the  twisting 
of  the  intersected  plates.  These  phenomena  provided  evi¬ 
dence  for  the  shear  mechanism  of  bainitic  transforma¬ 
tion.  Wu  et  concluded  that  the  formation  and  early 
growth  of  a,  plates  formed  in  a  Cu-26.67  wl  pet  Zn-4 
wt  pet  Al  alloy  involved  a  shear  process  and  the  classical 
diffusion  dominated  the  growth  of  late  Oj  (a)  plates,  be¬ 
cause  both  NN  and  NNN  antiphase  domains  (APDs)  are 
inherited  by  the  product  aj  plates  and  the  long-range 
order  in  initial  a,  plates  annealed  out  at  the  late  stage  of 
transformation.  The  initial  shear  and  late  diffusion 
mechanism,  which  depend  upon  the  time  frame  of  ob¬ 
servation  during  the  course  of  total  transformation, 
should  be  further  proved  and  a  clear  atomic  process  for 
the  formation  of  the  a^  plates  should  be  described. 


II.  EXPERIMENTAL  PROCEDURE 

A  Cu-42.85  wt  pet  Zn  and  a  Cu-26.84  wt  pet  Zn-4. 22 
wt  pet  Al  alloy  were  prepared  by  melting  high-purity 
(99.99  pet)  Cu,  Zn  and  Cu,  Zn,  Al,  respectively,  in 
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(a)  ib) 

Fig.  1 — The  TTT  diagrams  of  (a)  Cu-Zn  and  (b)  Cu-Zn-AI  alloys. 


graphite  crucibles  and  then  homogenizing.  The  Cu-Zn 
and  Cu-Zn- A1  specimens  were  betanized  in  a  molten  salt 
bath  at  1063  K  for  180  seconds,  water  quenching  to 
room  temperature.  The  thin  foils  made  from  the 
quenched  specimens,  after  final  thinning,  were  held  at 
523  and  543  K  in  high-temperature  TEM,  respectively, 
and  observed  in  situ  when  the  a,  plates  nucleated  and 
grew.  On  the  other  hand,  some  betanized  specimens 
were  held  in  another  molten  salt  bath  at  the  medium  tem¬ 
perature  range  and  quenched  into  water  to  obtain  initial 
tti  plates  statically.  The  time-temperature-transformation 
(TTT)  diagrams  were  detected  with  a  quantitative  me- 
tallographical  method.  Optical  microscopy  observation 
was  carried  out  with  the  Neophot-I-type  photo¬ 
microscope,  and  TEM  studies  were  made  with  the  JEM- 
200CX  and  PHILIPS*EM  400  and  H800  type 

*PHILIPS  is  a  trademark  of  Philips  Electronic  Instruments  Corp., 
Mahwah,  NJ. 


equipment. 


III.  EXPERIMENTAL  RESULTS 

The  TTT  diagrams  (Eigure  1 )  within  the  medium  tem¬ 
perature  range  for  the  Cu-Zn  and  Cu-Zn-Al  alloys  have 
been  found  to  consist  of  two  separate  C-curves  repre¬ 
senting  the  start  of  transformation,  the  upper  curve  being 
associated  with  the  rod-like  a  product  and  the  lower  with 
the  plate-like  a,.  At  temperatures  below  the  intersection 
of  the  two  C-curves,  to  be  referred  to  as  bay  tempera¬ 
tures,  plates  are  formed  initially  (Figure  2(a))  but  sub¬ 
sequently  rods  ( t )  occur  (Figure  2(b)).  The  a,  plates 
appear  as  V-shaped  plates  separated  by  an  obtuse  angle. 
Some  plates  are  annealed  out  to  equilibrium  a  phase 
(late  a^  (a)  plates,  f )  more  rapidly  than  others  during 
longer  transformation  time,  as  can  be  seen  in  Figure  3. 
Late  (a)  plate  is  resoluble  under  optical  microscopy, 
because  it  is  much  coarser  than  initial  Oi  plate.  At  tem¬ 
peratures  above  the  bay,  rods  (Figure  4(a))  occur  prior 
to  plates  ( I ,  Figure  4(b))  although  the  plates  are  diffi¬ 
cult  to  find. 


Fig.  2 — Optical  microscopy  images  of  (a)  single  product  (initial  a, 
plates)  and  {b)  mixed  product  (initial  a,  plates  +  a  rods  ( t ))  formed 
in  Cu-Zn- A1  alloy  at  653  K  for  10  and  600  s,  respectively. 


When  the  foil  of  Cu-Zn  alloy  is  held  at  543  K  in  high- 
temperature  TEM,  the  )3'  a^  transformation  can  be 
observed  in  situ  and  it  is  found  that  each  a,  plate  has  a 
clear  striation  contrast  ( f )  corresponding  to  stacking 
faults  the  moment  it  nucleates,  and  the  initial  plate  (f^) 
also  keeps  this  contrast,  as  shown  in  Figure  5.  A  new 
nucleus  (point  B)  breaks  out  in  front  of  the  tip  of  an  old 
nucleus  or  plate  (point  A)  when  the  original  nucleus 
grows  to  a  degree,  then  the  two  nuclei  combinate  and 
continue  to  grow  (o),  as  also  shown  in  Figure  5. 
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Fig.  3  —  Optical  microscopy  images  of  mixed  product  (initial  a, 
plates  +  equilibrium  a  phase  or  late  a,  (a)  plates  (  f  ))  formed  in 
(a)  Cu-Zn  alloy  at  523  K  for  9000  s  and  (b)  Cu-Zn-Al  alloy  at  653  K 
for  960  s. 


Figure  6  is  another  example  of  this  phenomenon;  the 
new  nucleus  ( f )  in  Figure  6(b)  is  induced  near  the  tip 
(ff)  of  the  a,  plate.  Figure  7  is  a  TEM  photograph  ob¬ 
tained  statically.  When  the  growing  tip  ( f )  of  nn 
plate  formed  in  Cu-Zn- A1  alloy  meets  the  side  of  another 
plate,  a  new  a,  nucleus  (ff)  is  also  induced  on  the  other 
side. 

The  detailed  thickening  process  of  an  initial  a,  plate 
(A-A)  formed  in  Cu-Zn  alloy  is  observed  in  situ  by  high- 
temperature  TEM,  as  shown  in  Figure  8.  Similar  to  the 
result  obtained  in  Cu-Zn- Al-Mn  alloy  by  Han  et 
the  ledge  (X,  Y,  Z,  Figure  8)  at  the  broad  faces  of  the 
a,  plate  is  observed.  In  fact,  this  ledge  is  similar  to  the 
superledge  found  in  a  hypereutectoid  steel  by  Jin  et 
From  the  “macroscale,”  the  superledge  just  moves  along 
the  direction  of  streaking  contrast  corresponding  to 
stacking  faults  during  the  early  stages  (B-B  and  C-C)  of 
thickening.  The  a,  plate  in  Figure  9  is  formed  statically 
in  Cu-Zn  alloy.  The  double  ledges  (  f )  located  at  two 


Fig.  5  —  High-temperature  TEM  image  of  the  nucleation  and  growth 
of  initial  a,  plates  formed  in  Cu-Zn  alloy  at  543  K  for  4800  s. 


Fig.  4  —  Optical  microscopy  images  of  (a)  single  product  (a  rods) 
and  {b)  mixed  product  (a  rods  -f-  initial  a,  plates  (  j  ))  formed  in  Cu- 
Zn-AI  alloy  at  743  K  for  30  and  160  s,  respectively. 


Fig.  6 — High-temperature  TEM  image  of  a  new  nucleus  (  j  ,  (b)) 
induced  in  front  of  the  tip  of  an  initial  a,  plate  (f),  (a))  formed  in 
Cu-Zn  alloy.  The  heating  temperature  is  523  K. 
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B,  and  C-C)  of  an  initial 
first  formed  in  a  molten 
:n  in  a  high-temperature 


Fig.  9  —  TEM  image  of  an  initial  a,  plate  formed  in  Cu-Zn  alloy  at 
543  K  for  3240  s. 


broad  faces  along  the  direction  of  streaking  contrast  (cor¬ 
responding  to  stacking  fault  faces)  show  clearly  the  fea¬ 
ture  of  displacement  between  stacking  faults.  For 
another  Oj  plate  formed  in  Cu-Zn- A1  alloy,  the  direction 
of  streaking  contrast  can  be  resolved  at  point  A  and  the 
displacement  along  the  streaking  contrast  is  also  ob¬ 
served,  as  shown  in  Figure  10. 

Figure  1 1  shows  the  subsequent  thickening  of  a  late 
a,  (a)  plate  formed  statically  in  Cu-Zn  alloy  at  543  K 


Fig.  11 — The  subsequent  thickening  process  of  a  late  a,  (a)  plate  in 
the  TEM  specimen  heating  holder  at  543  K  for  (a)  0  s,  (b)  660  s, 
(c)  3000  s,  (d)  3600  s,  and  (e)  4080  s.  The  late  a,  (a)  plate  is  first 
formed  in  a  molten  bath  at  543  K  for  14400  s. 
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for  14,400  seconds.  Superledge  ( | )  clearly  appears 
during  thickening  from  Figures  11(c)  through  (e).  One 
can  find  that  the  superledge  moves  only  along  the  di¬ 
rection  of  original  streaking  contrast  (A- A,  Figure 
11(a)). 

This  should  indicate  that  the  weak  streaking  contrast 
in  Figures  6,  7,  and  10  is  possibly  due  to  the  value  of 
R  •  g  near  zero  or  integer,  where  R  and  g  are  the  vectors 
of  fault  and  reflection,  respectively. 


IV.  ANALYSIS  AND  DISCUSSION 

A.  Mixed  Product  and  Single  Product 

Flewitt  and  Towner’®’  designated  the  bay  temperature 
in  the  TTT  diagram  as  the  a,  plates  start  temperature, 
because  they  found  that  the  plate-like  a,  product  was 
formed  only  below  the  bay  temperature.  Nevertheless, 
the  present  results  show  that  the  plates,  although  ac¬ 
companied  by  the  a  rods,  may  also  be  obtained  at  tem¬ 
peratures  above  the  bay.  Moreover,  initial  a,  plates 
formed  below  the  bay  temperature  will  “degenerate” 
themselves  into  equilibrium  a  phase  when  the  isothermal 
holding  is  prolonged.  Therefore,  only  during  shorter 
transformation  time  can  the  single-phase  a  (a  rods. 
Figure  4(a))  or  aj  (initial  a,  plates.  Figure  2(a))  product 
be  obtained  (corresponding  to  region  R  ox  P,  respec¬ 
tively,  in  Figure  1).  In  general,  a  mixed  a  and  product 
(Figures  2(b),  3,  and  4(b))  occurs  (corresponding  to 
region  M  in  Figure  1). 

B.  Substructure  of  Initial  aj  Plates 

A  TEM  study  made  by  Chattopadhyay  and 
Aaronson’^’  showed  that  no  stacking  faults  were  ob¬ 
served  within  an  initial  Oi  plate  formed  in  a  Cu-43.4  at 
pet  (43.8  wt  pet)  Zn  alloy,  and  no  misfit  dislocations 
were  seen  on  the  faces  of  this  plate.  Therefore,  they  con¬ 
cluded  that  the  growth  of  the  oi  plate  was  different  from 
that  of  martensite  but  consistent  with  the  diffusion- 
controlled  ledge  growth  mechanism.  However,  the  plate 
observed  in  Figure  4  of  their  article  was  formed  at  523  K 
enough  to  9000  seconds.  In  fact,  the  composition  of  the 
present  Cu-Zn  alloy  is  quite  near  that  of  their  alloy,  but 
it  is  found  that  some  of  the  a,  plates  formed  at  the  same 
temperature  for  the  same  time  described  by  them  have 
been  annealed  out  and  transformed  into  equilibrium  a 
phase  (Figure  3(a));  hence,  the  mixed  product  (a,  +  a) 
occurs.  It  is  well  accepted  that  equilibrium  a  phase  has 
no  internal  substructure.  Moreover,  the  a,  plate  shown 
in  Figure  4  of  their  article  exhibits  an  aspect  ratio,  c/r, 
around  0.12,  which  is  significantly  larger  than  the  usual 
value,  approximately,  0.01,  as  well  as  a  blunt  plate  tip 
and  a  wavy  interface.’^’  These  features  are  possessed 
generally  by  equilibrium  a  phase.  Therefore,  it  is  doubt¬ 
ful  whether  the  structure  described  as  initial  a,  plates  by 
Chattopadhyay  and  Aaronson  truly  represents  initial  a, 
plates.  Han  et  aids  TEM  observation’”  showed  that  ini¬ 
tial  a,  plates  formed  in  a  Cu-Zn-Al-Mn  alloy  have  in¬ 
ternal  stacking  faults.  It  proved  to  be  true  by  the  present 
high-temperature  TEM  in  situ  observation  of  the  nucle- 
ation  and  growth  of  the  plates  (Figure  5).  Therefore, 


so  far  as  the  faults  substructure  is  concerned,  there  is  no 
difference  between  initial  Ui  plate  and  martensite. 

C.  The  Strain-Stress  Field 

Takezawa  and  Sato”®’  supposed  that  the  nucleus  of  an 
a,  plate  is  formed  with  shear,  and  hence,  a  special  stress 
field  may  be  reasonably  produced  at  the  tip  of  the  nu¬ 
cleus.  The  present  in  situ  observation  of  the  formation 
of  a  new  nucleus  (or  plate)  in  front  of  the  tip  of  a  plate 
(-0  Figure  5  and  f  Figure  6(b))  has  proven  directly  the 
existence  of  the  inducing  effect  of  a  strain-stress  field. 
Moreover,  the  separated  nuclei  (or  plates)  imply  that  the 
strain-stress  field  is  discontinuous.  In  Figure  7,  the 
strain-stress  field  at  the  tip  of  the  first  plate  may  be  trans¬ 
ported  across  the  second  plate,  which  is  met  by  the  tip 
of  the  first  plate  on  one  side,  and  induce  a  new  nucleus 
(or  plate)  on  the  other  side;  i.e.,  the  first  plate  “crosses 
over”  the  second  and  continues  to  grow.  The  discontin¬ 
uous  strain  field  at  the  tip  of  the  initial  bainitic  plate 
formed  in  a  Si  alloyed  steel  is  also  observed  by  Gong 
et  a/.’"'  It  is  the  strong  strain-stress  field  existing  at  the 
tip  of  the  bainitic  plate  that  makes  the  nucleation  by  “in¬ 
ducing”  and  the  growth  by  crossing  over  possible,  be¬ 
cause  this  field  can  be  transported  by  means  of  elastic 
wave  and  hence  causes  the  induced  strain.  It  is  unima¬ 
ginable  that  the  growth  by  diffusion  mechanism  can  pro¬ 
duce  so  much  strong  strain-stress  field  at  the  tip  of  a 
plate. 

D.  The  Shear  between  Stacking  Fault  Faces 

The  thickening  kinetics  of  initial  Oj  plates  have  been 
analyzed  with  Zener-Hillert’s  model  by  Yang  et  al.™ 
recently.  They  found  that  the  thickening  process  is  only 
macroscopically  controlled  by  volume  diffusion,  but  the 
nature  is  a  shear  process.  The  present  in  situ  observation 
(shown  in  Figure  8)  further  reveals  that  the  atomic  shear 
takes  place  between  stacking  fault  faces,  because  the 
straight  propagation  trace  of  streaking  contrast  can  be 
observed  clearly  during  the  plate  thickening  from  A-A 
to  B-B  or  C-C.  Therefore,  the  shear  direction  is  incon¬ 
sistent  with  that  reported  formerly,  i.e.,  it  is  only  along 
the  trace  of  the  j8'/«i  interface.”®’  The  present  shear  is 
also  in  conformity  with  that  of  e-martensite  nucleated  by 
propagation  of  faults.””  The  double  ledges  at  the  broad 
faces  of  initial  a^  plates  shown  in  Figures  9  and  10  are 
also  convincible  evidence  for  the  shear  between  stacking 
fault  faces.  With  the  shear  growth  of  an  initial  a,  plate 
(Figure  10),  the  concentrated  strain-stress  field  is  pro¬ 
duced.  When  the  plate  meets  another,  the  “strong 
impact”  causes  a  large  magnitude  of  slip  between  the 
weak  fault  faces  to  release  the  strain  energy. 

Though  the  atomic  movement  during  initial  a-,  plates 
growing  cannot  be  directly  observed  at  present,  it  can 
still  be  proven  that  the  superledge  in  Figure  8  displaces 
just  along  the  streaking  contrast  during  plate  thickening. 
According  to  diffusional  ledge  mechanism,  the  ledge 
should  displace  laterally  along  the  trace  of  the  /3'/ai 
interface  to  make  the  broad  faces  thickened.  Therefore, 
the  growth  of  an  initial  Oi  plate  does  not  fit  into  the 
framework  provided  by  diffusional  ledge  thickening.  As 
for  the  formation  of  ledges,  it  is  possibly  due  to  the  slip¬ 
ping  of  interfacial  dislocation  along  stacking  fault  faces. 
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E.  Growth  of  Late  (a)  Plates  by  Volume  Diffusion 

The  thickening  kinetics  of  a  late  a,  (a)  plate  shown 
in  Figure  11  is  modeled  using  a  diffusional  ledge 
model. The  calculated  and  measured  values  of  max¬ 
imum  thickness  are  shown  in  Figure  12.  By  way  of  cal¬ 
culation,  the  thickening  of  the  late  a^  (a)  plate  seems  to 
be  compatible  with  the  ledge  mechanism.  However,  the 
moving  direction  of  the  superledge  (  f  ,  Figures  1 1  (c) 
through  (e))  formed  during  the  thickening  process  is  not 
along  the  lateral  of  the  plate.  Accordingly,  it  can  be  con¬ 
cluded  by  direct  observation  that  the  growth  of  the  late 
a,  (a)  plate  is  dominated  by  volume  diffusion  rather  than 
by  diffusional  ledge  mechanism. 

F.  A  Possible  Atomic  Mechanism 

The  shear  behavior,  characterized  by  shear  between 
stacking  fault  faces,  of  initial  plates  and  the  volume 
diffusion  nature  of  late  a,  (a)  plates  have  been  revealed 
in  several  aspects  as  discussed  earlier.  Referring  to  the 
shear  model  for  martensitic  transformation  in  Cu-Zn 
alloys''^'  and  the  model  of  one-dimensional  domain  of 
multilayer  structure, the  atomic  process  of  the  a,  plate 
formation  can  be  suggested  as  follows. 

1 .  Bain  distortion  for  a  bcc  fct  transition 

The  adjacent  four  original  body-centered  cubic  (bcc) 
cells  are  defined  as  a  unit,  and  a  possible  direction,  for 
example,  [001]  is  chosen  as  the  Bain  axis;  then  the 
parent  bcc  lattice  can  be  transmitted  to  the  face-centered 
tetragonal  (fct)  lattice,  as  schematically  shown  in 
Figure  13.  The  principal  distortions  for  such  a  case  are 

a  c 

7]i  =  7?2  =  , - (<l)and  i?3  =  — (>1) 

2.  The  generation  of  stacking  faults  and  the 
formation  of  initial  plates 

In  the  fct  lattice  obtained  after  the  Bain  distortion,  the 
magnitude  of  slip  by  displacement  of  a/6  [1 12]  on  every 
third  (111)  plane  causes  the  9R  structure.  Thus,  the  reg¬ 
ularly  spaced  stacking  faults  are  generated  (ABCBCA- 
CABA,  Figure  14(a)).  Followed  by  an  invariant  lattice 


t,(  X  60)s 

Fig.  12  —  The  calculated  and  measured  maximum  thickness  of  a  late 
a,  (a)  plate  shown  in  Fig.  11. 


deformation  (the  secondary  shear)  between  the  stacking 
fault  faces,  the  lattice  structure  of  an  initial  plate  is 
formed  (Figure  14(b)).  The  lengthening  and  thickening 
of  initial  a,  plates  depend  on  the  continuous  generation 
of  stacking  faults  and  displacement  between  stacking 
fault  faces,  respectively. 

3.  Initial  aj  plates  to  late  aj  (a)  plates 

During  the  growth  of  the  a,  plates  from  initial  stage 
to  late  one,  the  “overannealing”  results  in  diffusion  of 
solute  or  even  solvent  atoms’  internal  plates.  As  verified 
by  many  authors, the  diffusion  brings  about  a  struc¬ 
tural  change  from  the  9R  structure  into  the  face-centered 
cubic  one.  The  present  article  shows  that  the  thickening 
of  late  a,  (a)  plates  is  in  contradiction  to  the  diffusional 
ledge  mechanism.  Therefore,  the  growth  process  of  late 
Qii  (a)  plates  may  be  a  volume  diffusion  process.  The 
lattice  structure  of  a  late  a,  (a)  plate  is  schematically 
shown  in  Figure  15. 

V.  REMARKS 

The  experiment  of  Cliff  et  al.  showed  that  the  com¬ 
position  of  an  initial  (or  y,)  plate  was  different  from 


Bain  axisfOOl] 


(«) 


Fig,  13  —  Bain  distortion  for  a  bcc  ^  fct  transition:  (a)  bcc  and  fct 
lattice  and  (i>)  three  adjacent  (111)  planes  (A,  B,  C). 
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stacking  fault 


stacking  fault 


the  secondary  shear 


Pig.  14 — The  formation  of  initial  a,  plates:  {a)  atoms  slipping  on 
every  third  (111)  plane  and  hence  causing  the  deformed  9R  multilayer 
structure  (the  atom  plane  corresponding  to  the  shadow  plane  shown 
in  Figure  13(b));  and  (b)  the  secondary  shear  (invariant  lattice  defor¬ 
mation)  causing  the  lattice  structure. 


Fig,  15  —  The  lattice  structure  of  a  late  a,  (a)  plate. 


that  of  the  surrounding  matrix. The  latest  work  con¬ 
ducted  by  Yang''®'  also  found  that  there  was  little  com¬ 
position  difference  between  the  growing  tip  of  an  initial 
a,  plate  and  its  adjacent  matrix,  while  the  composition 
at  the  two  sides  of  the  plate  is  obviously  inconsistent 
with  that  at  the  matrix.  It  gives  us  the  impression  that 
the  formation  of  initial  a,  plates  is  inconsistent  with 
shear  mechanism.  However,  this  inconsistency  is  re¬ 
solved  by  the  assumption  of  the  solute-depleted  region 
formed  within  the  incubation  period. According  to  the 
assumption,  diffusion  has  already  occurred  in  the  matrix 
prior  to  transformation.  As  a  result,  the  M,  temperature 
increases  and  a  shear  transformation  becomes  thermo¬ 
dynamically  possible.  On  the  other  hand,  the  strain- 
stress  field  in  front  of  the  tip  of  an  initial  a,  plate 


increases  the  driving  force  of  transformation  remarka¬ 
bly.  Thus,  the  condition  for  thermodynamical  shear  may 
be  met  and  the  plate  therefore  formed  by  self-strain  trig¬ 
gering.'”'  Because  of  shear  formation,  the  compression 
and  tension  stresses  are  produced  in  two  sides  of  the 
plate,  respectively.''"'  The  effective  atomic  radius  of  Cu 
was  reported  to  be  0.128  nm  and  that  of  Zn  to  be  0.137 
nm.  Accordingly,  the  solute  atoms  with  bigger  radius  at 
the  tip  of  the  plate  would  move  from  the  compression 
region  to  the  tension  one.  As  a  result,  the  new  solute- 
depleted  region  is  formed  and  hence  the  bainite  plate 
keeps  growing  by  shear.  Moreover,  at  the  growing  tip, 
the  driving  force  for  the  shear  formation  may  be  obtained 
by  removing  only  a  few  solute  atoms  because  of  the 
small  radius  of  curvature.  But  to  the  broad  face  of  the 
plate,  due  to  its  planar  boundary,  much  more  solute 
atoms  must  be  shifted  to  get  enough  driving  force  for 
the  shear  transformation.  This  is  why  the  composition 
difference  between  the  growing  tip  and  the  adjacent 
matrix  is  not  obvious  but  between  the  side  of  the  broad 
face  and  the  matrix  is  quite  evident.  Nevertheless,  Hsu 
inferred  that  the  effect  of  the  bainite  incubation  period 
was  far  from  the  process  of  the  formation  of  solute- 
depleted  region  by  their  internal  friction  measurement'^"' 
and  denied  the  shear  mechanism  of  bainite  formation  in 
terms  of  their  thermodynamics  analyses.''*'  No  matter 
what  controversy  may  arise,  the  present  results  by  means 
of  optical  microscopy,  TEM,  and  high-temperature 
TEM  support  convincingly  the  conclusion  of  the  shear 
formation  of  initial  cci  plate.  The  volume  diffusion  only 
dominates  the  growth  of  late  ai  (a)  plates,  i.e.,  equilib¬ 
rium  a  phase. 
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Growth  Kinetics  and  High-Temperature  TEM 
in  situ  Observation  of  Bainite  in  a  Cu-Zn  Alloy 


Y.Q.  YANG,  D.H.  LIU,  X.K.  MENG,  and  M.K.  KANG 

A  kinetics  study  with  in  situ  observation  of  the  growth  process  of  bainitic  plates  in  a  Cu-Zn 
alloy  was  conducted  by  means  of  high-temperature  transmission  electron  microscopy  (TEM). 
The  lengthening  and  thickening  rates  of  bainitic  plate  were  measured  and  analyzed,  respectively. 
It  was  pointed  out  that  the  measured  lengthening  rate  of  bainitic  plate  is  not  consistent  with 
Trivedi’s  model  and  that  the  thickening  process  is  only  macroscopically  controlled  by  volume 
diffusion,  although  its  thickening  kinetics  is  inconsistent  with  diffusional  ledge  mechanism.  It 
was  found  that  the  stacking-fault  substructure  exists  just  in  the  growing  tip  of  fresh  bainitic  plate 
and  so  does  the  shear  stress  field  in  the  matrix  around  the  tip.  Superledges  in  the  interphase 
boundaries  of  bainite  were  found  but  their  moving  direction  is  not  the  same  as  that  predicted 
by  ledge  mechanism.  The  degeneration  of  bainite  to  equilibrium  a  phase  was  also  observed. 
The  shear  mechanism  of  bainitic  transformation  in  Cu-Zn  alloy  is  supported  by  this 
investigation. 


I.  INTRODUCTION 

A  bainitic  transformation  in  p  brasses  has  been 
widely  studied  since  the  1950s.  Nevertheless,  its  mech¬ 
anism  is  not  yet  clear.  Studies  of  crystallography' 
showed  that  surface  relief,  habit  plane,  and  orientation 
relationship  of  bainite  are  the  same  as  those  of  martens¬ 
ite,  respectively.  Bainite  in  its  early  growth  stage  inher¬ 
its  the  ordered  structure  of  the  matrix. Therefore, 
bainite  forms  by  shear.  But,  thermodynamic  calcula¬ 
tions'^'  indicated  that  bainite  can  only  form  by  volume 
diffusion.  It  was  found  by  transmission  electron  micros¬ 
copy  (TEM)  at  room  temperature  that  the  fresh  bainite 
is  fully  coherent  with  the  matrix  and  free  of  internal  sub¬ 
structure.'®'  So,  it  is  inconsistent  with  the  phenomeno¬ 
logical  theory  of  martensite.  Growth  kinetics  studies  by 
optical  microscopy  or  by  TEM  at  room  temperature  also 
showed  that  bainite  grows  by  volume  diffusion. How¬ 
ever,  it  should  be  pointed  out  that  the  optical  microscopy 
used  in  kinetics  studies  does  not  seem  accurate  enough 
to  measure  the  growth  rates  of  very  fine  bainitic  plates 
and  that  it  is  not  clear  whether  or  not  the  bainite  plates 
observed  statically  by  TEM  at  room  temperature  can 
really  represent  their  different  growth  stages.  On  the 
other  hand,  some  features  which  may  be  important  in 
understanding  the  mechanism  of  bainite  formation 
cannot  be  found  at  room  temperature  after  quenching  be¬ 
cause  these  features  may  appear  only  during  the  growth 
of  bainite.  Therefore,  in  this  article,  high-temperature 
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TEM  was  used  to  study  the  growth  kinetics  and  to  ob¬ 
serve  in  situ  the  growth  process  of  bainite  in  a  Cu-Zn 
alloy. 

II.  EXPERIMENTAL  PROCESSES 

A  Cu-42.85Zn  (wt  t/ct)  alloy  was  prepared  by  melting 
high-purity  (99.99  pet)  Cu  and  Zn  in  a  graphite  crucible. 
The  ingot,  with  a  dimension  of  80-mm  diameter,  was 
homogenized  at  800  °C  for  48  hours  and  a  10-mm  outer 
layer  of  the  ingot  was  machined  off  so  that  the  entire 
layer  of  Zn  sublimation  was  eliminated.  The  machined 
bar  was  forged  into  rods  of  20  mm  in  diameter.  Speci¬ 
mens  1  mm  in  thickness  were  cut  from  the  rods  and  bo¬ 
tanized  in  a  molten  salt  bath  at  790  “C  for  3  minutes 
before  water  quenching  to  room  temperature.  The  thin 
foils  made  from  the  quenched  specimens,  after  final 
thinning,  were  held  at  230  °C,  250  “C,  and  270  °C,  re¬ 
spectively,  in  a  Phillips  EM400  TEM  and  observed  as 
bainite  formed.  No  reversible  martensitic  transformation 
occurred  during  heating  in  the  TEM,  because  the  Ms 
temperature  of  this  alloy  is  below  room  temperature.'^' 


III.  RESULTS  AND  DISCUSSION 

A.  Growth  Rates  of  Bainitic  Plate 

The  growth  process  of  a  bainite  plate  in  the  foil  hold¬ 
ing  at  270  °C  in  TEM  is  shown  in  Eigure  1 .  After  hold¬ 
ing  for  78  minutes,  the  plate  forms  and  lengthens  rapidly 
but  thickens  slowly.  When  the  holding  time  is  91  min¬ 
utes,  the  plate  grows  in  a  direction  which  makes  an 
obtuse  angle  with  its  initial  growth  direction.  At  96  min¬ 
utes  of  holding  time,  due  to  impingement  with  another 
plate,  the  bainite  plate  stops  lengthening  but  continues 
to  thicken  slowly.  The  maximum  length  is  23.6  fxm,  and 
the  measured  value  of  lengthening  rate  is  2.23  x 
10“**  m/s,  as  shown  in  Figure  2(a).  A  parabolic  curve 
of  the  half-thickness  vy  holding  time  is  seen  in 
Figure  2(b). 

If  the  lengthening  of  bainitic  plate  is  controlled  by 
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Leng  th,x-10' 


Fig.  1 — The  growth  process  of  a  bainitic  plate  in  the  sample  held  at 
270  °C  in  TEM:  (a)  80  min;  (b)  81  min;  (c)  89  min;  (d)  96  min. 


Tinne ,  min 

(a)  (b) 

Fig.  2  —  The  measured  and  calculated  values  of  (a)  lengthening  rate 
and  (h)  half-thickness  of  bainitic  plate  in  CuZn  alloy. 


volume  diffusion,  the  diffusivity  and  the  molar  volume 
of  solute  are  independent  of  concentration  and  the  in¬ 
terface  migrates  at  a  constant  rate.  If  the  effects  of  the 
anisotropy  of  strain  energy  and  interfacial  energy  are  ne¬ 
glected,  Trivedi’s  model  of  lengthening  kinetics 
yields:^^-*' 


flo  =  e'’[  1  -  erfcCV?)]  1  + 

k,  p  J 


According  to  Zener’s  maximum  growth  rate 
hypothesis, 

atlo  flo  fto 

- =  0  =  —  (2F  -H  1) - - - 

'\ArFe'’[l  -  erfc(VF)] 

+  V^c'’[i  -  erfcCVp)]  5i{P}  -f  -  -  -  SdF} 

Lk,  p  p 


When  interface  kinetics  are  neglected,  Eq.  [1]  becomes: 

flo  =  V^e^erfcCVE)  1  +  -  floSjlF}  [3] 

P 


where  flo  is  dimensionless  supersaturation  defined  as 
(Co  -  C,)/(Co  -  Cp)  in  which  Cq  and  Cp  are  respec¬ 
tively  the  concentration  in  bainite  and  in  the  matrix  at 
the  bainite/matrix  interface,  and  C*  is  the  initial  con¬ 
centration  in  the  matrix;  V  is  the  lengthening  rate  of  the 
bainitic  plate;  V,.  is  the  migration  rate  of  a  flat  interface 
when  controlled  only  by  the  interfacial  kinetics;  p  is  the 
radius  of  curvature  at  the  tip  of  the  plate;  is  the  critical 
equilibrium  radius  equal  to  [Co(l  -  Co)/(C„  -  Cq) 
(Cp  -  Co)]  (crV'„|/Rre,^.)  in  which  a  is  the  interfacial 
free  energy,  is  the  molar  volume  of  bainite,  R  is  the 
gas  constant,  T  is  the  absolute  temperature,  and  is  a 
thermodynamical  parameter;  P  is  the  dimensionless 
Peclet  number  equal  to  VpIlD  in  which  D  is  the  diffu¬ 
sivity  of  solute;  and  and  52{E}  are  mathematically 
complicated  functions. 

Equations  [2]  and  [3]  are  used  for  calculation.  The 
numerical  values  of  the  parameters  used  in  calculation 
are  as  follows;  Cp  =  42.85  pet,  Cq  =  36  pet,  and  C„  = 
46.5  pet  according  to  the  CuZn  equilibrium  phase  dia¬ 
gram,’®'  a  =  0.25  J/m^  for  semicoherent  interface, k’ 
^znp'  =  13,”®'  =  7.8  X  10"®  mVmolk'  andD  =  4.65 

X  10"'®mVs.i®' 

The  result  calculated  with  the  computer  is  k^-ai  =  1-9 
X  10  m/s  which  is  one  order  of  magnitude  smaller 
than  the  measured  one,  as  shown  in  Figure  2(a).  So  large 
of  a  discrepancy  between  the  measured  and  the  calcu¬ 
lated  values  indicates  that  the  lengthening  of  bainitic 
plate  is  not  consistent  with  Trivedi’s  volume  diffusion 
model. 

Because  the  measured  curve  of  half-thickness  vy  hold¬ 
ing  time  is  a  parabolic  one  which  is  consistent  with 
Hombogen’s  result,'^'  the  thickening  is  not  consistent 
with  a  diffusion-controlled  ledge  mechanism  in  which 
the  thickening  kinetic  curve  is  linear  because  of  a  ledge 
spacing  of  0.5  to  1  x  10~^mina  Cu-Zn  alloy  held  at 
250  °C  to  270  °C,  as  indicated  by  Chattopadhyay  and 
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Aaronson,'®'  and  this  is  also  confirmed  later.  Therefore, 
the  Zener’s  volume  diffusion-thickening  model  which  is 
consistent  with  the  parabolic  feature  is  used.  The  model 
is  shown  in  the  following:^"’ 

Z  =  hVot  [4] 

fio  =  ^  L  exp  erfc  j  [5] 

where  L  is  a  dimensionless  growth  coefficient  which  de¬ 
pends  only  on  Oq,  t  is  the  growth  time  and  the  meanings 
of  the  other  parameters  are  the  same  as  those  mentioned 
earlier.  The  measured  and  calculated  curves  of  half¬ 
thickness  vs  time  are  shown  in  Figure  2(b).  Because  the 
thickening  kinetics  of  bainite  in  so-treated  specimen  is 
smaller  than  that  in  the  specimen  quenched  directly  to 
and  held  in  the  temperature  range  of  bainite  formation,'®' 
from  Figure  2(b),  one  may  conclude  that  the  thickening 
of  the  bainite  plate  is  identical  with  Zener’s  volume  dif¬ 
fusion  model.  The  thickening  is  macroscopically  con¬ 
trolled  by  volume  diffusion. 


plates. 


B .  Growth  Activation  Energy  of  Bainite 

Activation  energy  is  the  increased  energy  of  the 
atoms’  migration  from  one  equilibrium  position  to  an¬ 
other.  If  the  controlling  factor  of  phase  transformations 
is  different,  then  the  activation  energy  is  not  the  same. 
So  the  calculation  of  activation  energy  is  helpful  for 
understanding  the  mechanism  of  bainitic  transformation. 

The  Arrhenius  equation  was  used  to  calculate  the 
growth  activation  energy:''^' 

V=Foexp(^-^^  [6] 


where  V  is  the  growth  rate  which  can  be  determined 
from  the  experiment,  Vq  is  the  pre-exponential  term,  and 
Q  is  the  growth  activation  energy.  Then  the  activation 
energy  may  be  written  as 


e  =  -R 


d{ln  V) 
dH/T) 


[7] 


The  curves  of  (In  V)  vx  (l/T)  is  drawn  according  to  ex¬ 
perimental  data,  as  shown  in  Figure  3.  Then  the  acti¬ 
vation  energy  can  be  determined  from  Figure  3  in  terms 
of  Eq.  [7].  The  calculated  lengthening  activation  energy 
is  25.15  KJ/mol  which  is  much  smaller  than  the  diffu¬ 
sion  activation  energy  of  Zn  atoms  in  the  ordered  matrix 
jS'  (which  is  135  or  150  KJ/mol“^')  but  very  close  to 
the  growth  activation  energy  of  martensite  in  a  Cu-Al-Ni 
alloy  (which  is  21.08  KJ/mol"^').  Therefore,  from  the 
point  of  view  of  energy,  the  lengthening  of  bainite  is  a 
shear  process  similar  to  martensite  transformation, 
which  is  also  supported  by  comparing  its  measured 
lengthening  rate  with  a  calculated  one  according  to 
Trivedi’s  volume  diffusion  model. 

However,  previous  results  only  exhibit  the  macros- 
copical  features  of  bainite  growth.  Perhaps  it  is  not 
enough  to  explain  the  mechanism  of  bainite  formation 
only  with  these  macroscopical  results.  Therefore,  in  the 


rest  of  this  article,  we  show  the  details  of  bainitic  plates 
in  their  growing  process  observed  in  situ  by  high- 
temperature  TEM. 

C.  Stacking-Fault  Substructure 

In  terms  of  the  crystallographic  theory  of  martensitic 
transformation,  there  are  two  kinds  of  deformation,  i.e, 
lattice  deformation  which  changes  the  lattice  of  matrix 
into  that  of  martensite  and  lattice  invariant  deformation 
which  keeps  the  habit  plane  as  an  invariant  plane  and 
produces  internal  substructure.  Therefore,  if  bainite 
forms  by  shear  as  in  a  martensite  transformation,  the  in¬ 
ternal  substructure  must  exist  in  a  fresh  bainite  plate. 
The  stacking-fault  substructure  of  bainite  in  Cu-Zn  and 
Cu-Zn-Al  alloys  can  be  seen  every  where. Cornells 
and  Wayman'^'  have  further  pointed  out  that  there  exist 
regularly  distributed  stacking  faults  and  extra  disordered 
stacking  faults  in  bainite  according  to  their  TEM  obser¬ 
vation  and  crystallographic  analysis.  But,  as  described 
in  Section  I,  Chattopadhyay  and  Aaronson'®'  observed  a 
small  bainite  plate  which  formed  at  250  °C  holding  for 
150  minutes  and  found  that  no  internal  substructure 
exists  in  the  plate.  However,  according  to  its  wavy  in¬ 
terface  with  matrix  /3',  Wu  et  thought  that  this  plate 
may  not  be  a  really  fresh  bainite  plate.  They  found  that 
the  stacking-fault  substmcture  indeed  exists  in  fresh 
bainite.  Although  many  authors  have  reported  the  exis¬ 
tence  of  the  stacking -fault  substructure  in  fresh  bainite, 
in  those  static  observations,  what  really  is  the  fresh  bain¬ 
ite  may  be  easily  questioned. 

However,  in  this  in  situ  observation,  it  was  found  that 
the  stacking-fault  substructure  indeed  exists  in  fresh- 
formed  bainite  plates  in  the  specimens  held  at  all  three 
experimental  temperatures.  As  shown  in  Figure  4(a),  the 
stacking-fault  substmcture  can  be  clearly  seen  in  grow¬ 
ing  bainite  plates,  especially  in  their  growing  tips  which 
are  no  doubt  the  fresh-formed  ones.  A  more  clear 
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Fig.  4  —  The  stacking-fault  substructure  in  fresh-formed  bainitic 
plates,  (a)  High  temperature  in  situ  observation  in  the  sample  holding 
at  250  °C.  (b)  The  sample  which  was  held  at  250  °C  in  TEM  and 
cooled  rapidly  to  room  temperature  when  bainitic  plate  just  formed. 


Stacking-fault  substructure  can  be  observed  in  the  spec¬ 
imen  which  was  held  at  250  °C  in  TEM  and  cooled  rap¬ 
idly  to  room  temperature  when  bainite  just  formed,  as 
shown  in  Figure  4(b).  This  bainitic  plate  is  266  nm  in 
length  and  its  maximum  thickness  is  only  36  nm.  It 
should  be  emphasized  that  the  growing  tip  of  this  plate 
is  very  thin  (at  least,  thinner  than  that  observed  by 
Chattopadhyay  and  Aaronson^*’)  and  there  also  exist  the 
stacking-fault  substructure. 


D.  The  Observation  of  Shear  Stress  Field 

It  is  known  that,  because  of  the  curvature  of  the  TEM 
thin-foil  specimen  which  is  bent  a  little,  strong  electron 
diffraction  occurs  at  some  atomic  planes  which  are  con¬ 
sistent  with  Bragg’s  condition,  and  so,  the  bend- 
extinction  contours  appear.  Takezawa  and  Sato'"')  have 
proposed  a  shear  stress  field  around  the  tip  of  a  bainite 
plate  in  order  to  explain  the  composition  difference  at 
opposite  sides  of  a  bainite  plate,  but  they  did  not  confirm 
the  existence  of  the  shear  stress  field  experimentally. 
However,  if  bainite  growth  is  accompanied  with  the 
shear  stress  field,  when  the  bainite  grows  through  the 
bend-extinction  contour,  it  is  predicted  that  the  curvature 
of  the  thin  foil  will  locally  change  under  the  action  of 
the  shear  stress  field.  Therefore,  the  bend-extinction 
contour  will  be  sharply  twisted  at  opposite  sides  of  the 
bainite  plate,  and  this  phenomenon  can  only  be  seen 
during  the  growing  process  of  a  bainite  plate  observed 
in  situ  by  TEM.  Figures  5  and  1(a)  show  us  the  sharply 
twisted  bend-extinction  contour  by  single  arrows,  which 
indicate  the  shear  feature  of  bainite  formation.  In 
Figure  5,  one  can  find  that  there  is  an  identical  change 
of  the  bend-extinction  contour  at  the  tips  of  the  bainite 
plates  which  are  parallel  to  each  other.  Therefore,  the 
stress  in  the  matrix  between  two  parallel  bainite  plates 
can  partly  counteract,  and  it  is  favorable  to  relax  the 


Fig.  5  —  The  change  of  bend-extinction  contour  when  bainitic  plates 
grow  through  it. 


stress  in  the  matrix.  However,  the  bend-extinction  con¬ 
tour  becomes  continuous  at  the  medial  part  of  the  bain¬ 
itic  plates  shown  in  Figure  5.  This  means  that  the  shear 
stress  field  is  gradually  relaxed  as  the  bainitic  plates  con¬ 
tinue  growing.  Meanwhile,  it  also  implies  that  the 
twisted  bend-extinction  contour  is  not  induced  by  the 
surface  relief. 

In  fact,  the  shear  feature  of  bainite  formation  can  also 
be  shown  by  other  phenomena.  For  example,  as  shown 
in  Figure  6,  the  intersecting  and  the  branching  of  bainite 
plates  were  observed  very  often  in  copper-base  alloys. 
A  simple  crystallographic  analysis"^'  eliminates  the  pos¬ 
sibility  of  sympathetic  nucleation."®'  In  fact,  when  a 
bainite  plate  encounters  a  second  plate  during  its  grow¬ 
ing,  another  plate  can  be  induced  at  the  other  side  of  the 
second  one  by  the  shear  stress  field  which  can  spread 
over  the  obstacle  as  an  elastic  wave,  which  is  very  sim¬ 
ilar  to  that  of  martensitic  transformation.'”' 

Examining  Figure  6(a)  in  detail,  one  can  find  that, 
under  the  action  of  the  stress  field,  the  contrast  change 
appears  within  the  bainitic  plate  just  in  front  of  the  tip 
of  another  plate  which  encounters  the  first  one,  as  shown 
by  single  arrows.  It  is  also  believed  that  the  contrast  is 
produced  by  the  shear  stress  accompanying  bainite  for¬ 
mation.  Some  contrast  change  also  appears  at  the  two 
sides  of  the  bainite  plate  indicated  by  the  double  arrow 
in  Figure  6(a).  Therefore,  the  shear  stress  field  exists  not 
only  in  lengthening  but  also  in  thickening  of  a  bainite 
plate.  According  to  the  study  of  interfacial  structure  of 
bainite  in  fS  brasses,  the  interfacial  dislocation  can  move 
conservatively  on  the  stacking-fault  plane  in  the  normal 
direction  to  the  interface.'"^'  Therefore,  although  the 
thickening  of  bainite  shows  macroscopically  the  feature 
of  volume  diffusion  control  as  mentioned  previously,  its 
atomic  mechanism  may  still  be  a  shear  process. 

E.  The  Movement  of  Growth  Ledges 

Many  articles  concerned  the  growth  ledges  of  bainite, 
and  some  superledges  have  been  published."^'  We  also 
find  superledges  during  the  process  of  bainite  thicken¬ 
ing.  However,  the  TEM  in  situ  observation  clearly 
shows  that,  as  a  bainite  plate  thickens,  the  superledges 
do  not  move  laterally  as  predicted  by  diffusional  ledge 
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mechanism, but  they  move  in  the  direction  of 
stacking-fault  propagation  on  the  stacking-fault  plane. 
Figure  7  shows  the  successive  movement  of  a  superledge 
from  1  to  3  as  the  whole  plate  thickens.  This  observation 
is  in  disagreement  with  the  theoretical  prediction  of  dif- 
fusional  ledge  mechanism. 

F.  Degeneration  of  Bainite  Plates 

After  a  bainite  plate  stops  growing,  if  the  holding  time 
is  extended  or  the  holding  temperature  is  increased,  the 
stacking-fault  substructure  of  bainite  anneals  out  grad¬ 
ually,  i.e.,  the  bainite  degenerates  gradually  to  equilib¬ 
rium  a  phase  with  a  face-centered  cubic  (fee)  crystal 
structure  and  grows  again. Finally,  the  whole  plate 


degenerates  into  an  equilibrium  a  phase.  As  shown  in 
Figure  8,  after  stopping  growth  at  250  °C,  a  bainitic  plate 
becomes  an  equilibrium  a  phase  at  310  °C  which  is  still 
in  the  temperature  range  of  bainite  formation.  Because 
bainite  with  9R  structure  is  thermodynamically  meta¬ 
stable,  it  tends  to  transform  into  stable  a  phase.  In  this 
process,  the  extra  solute  atoms'*''^  in  bainite  would  dif¬ 
fuse  into  the  surrounding  matrix.  As  a  result,  the  stack¬ 
ing  substructure  is  gradually  eliminated,  and  the 
interfacial  structure  is  changed. Bhadeshia''®'  has  re¬ 
ported  the  degeneration  of  bainite  in  ferrous  alloys  held 
in  the  bainite-formation  temperature  range  for  a  long 
time  and  pointed  out  that  the  degeneration  process  is  not 
the  same  as  the  mechanism  of  bainite  formation.  How¬ 
ever,  the  degeneration  of  bainite  in  copper-base  alloys 


Fig.  6  —  Stress-induced  growth  of  bainite  plates  showing  with  intersecting  (a),  branching  and  kink  {b)  morphology. 


Fig.  7  —  Three  growth  stages  of  a  bainitic  plate  showing  the  move¬ 
ment  of  super  ledge  with  arrows;  the  sample  was  first  held  in  a  molten 
salt  bath  at  270  °C  for  40  min,  then  in  TEM  at  the  same  temperature 
for  40  min. 


Fig.  8 — Degenerating  of  bainitic  plate  to  equilibrium  a  phase  holding 
at  (a)  250  °C  and  (fc)  310  °C  after  the  plate  stops  its  growth  at  250  °C. 
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Fig,  1 — Microstructure  of  the  specimen  (623  K,  1  min). 

fcc/dhcp  transformations).  The  present  experimental  ob¬ 
servation  shows  no  such  internal  inhomogeneity  in  the 
plates,  so  the  bainitic  transformation  in  Cu-Zn-Al 
alloys  is  considered  inconsistent  with  the  shear 
mechanism. 

Chattopadhyay  and  Aaronson^^'  studied  the  bainitic 
transformation  in  brass  and  found  a  similar  result.  They 
found  that  a,  plates  are  coherent  with  the  matrix  during 
their  initial  growth  stage,  free  of  stacking  faults,  and 
possess  misfit  dislocations  after  they  reach  a  size  of  200 
to  300  nm.  On  the  contrary,  the  martensite  aj  plates  ex¬ 
hibit  the  previously  mentioned  defects,  which  means  that 
they  produce  the  LID.  So  Chattopadhyay  and  Aaronson 
proved  that  a,  plate  cannot  be  formed  by  a  shear 
mechanism. 

But  Wu  et  alP^  disagreed  with  Chattopadhyay  and 
Aaronson ’s  conclusions.  They  argued  that  the  coherent 
a,  plates  shown  in  Figure  4  of  Chattopadhyay  and 
Aaronson’s  article^'’'  exhibit  a  significantly  large  aspect 
ratio,  c/r,  around  0.12,  as  well  as  a  blunt  plate  tip  and 
a  wavy  interface,  which  is  inconsistent  with  the  reported 
a,  plate  morphologies  for  aspect  ratios  around  0.01, 
which  have  a  sharp  plate  tip,  a  9R  long-period  stacking 
order  structure,  and  a  randomly  faulted  fine  structure. 
Wu  et  al.  questioned  whether  the  structure  described  as 
initial  a^  plates  by  Chattopadhyay  and  Aaronson  truly 
represents  initial  a,  plates,  as  Chattopadhyay  and 
Aaronson  provided  no  detailed  diffraction  information  to 
support  their  interpretation. 

In  fact,  the  conditions  of  the  experiment  described  in 
the  present  article  are  almost  the  same  as  those  of  Wu 
et  al.  (Table  I).  It  has  been  shown  that  there  are  no  stack¬ 
ing  faults  or  other  internal  substructures  inside  the  ini¬ 
tially  formed  bainites.  This  indicates  that  Oj  plates  are 
free  of  substructures  during  their  initial  stage,  confirm¬ 
ing  the  observation  of  Chattopadhyay  and  Aaronson^^' 
and  contrary  to  the  requirements  of  the  shear  mechanism 
of  formation.  As  time  progresses,  stacking  faults  appear 
inside  the  a,  plates,  as  shown  in  Figure  3.  The  appear¬ 
ance  of  the  stacking  faults  might  result  from  the  differ¬ 
ence  in  the  specific  volume  between  the  bainite  and  the 
matrix  phases  (according  to  a  rough  calculation,  the  spe¬ 
cific  volume  difference  amounts  to  8  pet).  At  the  initial 


transformation  stage,  the  transformation  product  is  so 
small  that  there  is  no  obvious  change  inside  the  bainites. 
The  difference  of  the  total  volume  between  these  two 
phases  increases  gradually  as  the  transformation  contin¬ 
ues.  When  the  resulting  elastic  strain  energy  reaches  a 
certain  level,  the  strain  has  increased  to  such  an  extent 
that  stacking  faults  form  inside  the  bainites,  as  the  stack¬ 
ing  fault  energy  of  this  alloy  is  very  low. 


Fig.  2  —  Initial  a,  plates:  {a)  TEM  micrograph  after  holding  at  623  K 
for  10  s;  tb)  small-angle  diffractometer  pattern,  consistent  with 
n  1  11b2//I352]„,;  and  (c)  indexing  result. 
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Table  I.  Comparison  between  the  Specimen 
Conditions  of  Wu  et  and  the  Present  Study 


Conditions 

Wu  et  al. 

Present  Study 

Composition 

(wt  pet) 

Cu-26.67Zn-4Al 

Cu-25.9Zn-3.75Al 

Isothermal 

temperature  (K) 

623 

623 

Time  (s) 

10 

10 

Aspect  ratio  (c/r) 

0.01 

0.01  to  0.02 

B.  Three-Dimensional  Superledges  on  a,  Plates 

So  far,  ledges  on  platelike  precipitates  have  been 
found  in  both  ferrous  alloys  and  nonferrous  alloys. 
Also,  using  the  results  of  a  large  number  of  experimental 
observations,  this  article  will  provide  a  detailed  descrip¬ 
tion  of  superledges  and  discuss  their  mobility. 

Figure  4(a)  shows  the  morphology  of  the  interphase 
boundary  between  an  a,  plate  and  the  m^atrix.  It  is  a 
dark-field  micrograph  imaged  using  the  215  reflection  in 
Figure  4(b).  From  the  thickness  fringes,  the  three- 
dimensional  ledges  on  the  broad  face  of  the  plate  can  be 
judged  without  any  doubt.  The  ledge  indicated  by  arrow 
A  is  about  80-nm  high,  while  the  array  of  small  ledges 
indicated  by  arrows  have  a  height  of  approximately 
2  nm. 

Christian  and  Edmonds  have  suggested  that  super¬ 
ledges  cannot  exist  because  the  Burgers  vector  associ¬ 
ated  with  the  riser  of  a  superledge  is  too  large. The 
experimental  observation  of  the  three-dimensional 
ledges  shown  in  Figure  4(a)  (also  Figure  5)  conflicts 
with  this  viewpoint.  Considering  previous  studies,'’”'^' 
we  conclude  that  superledges  do  exist  on  the  broad  faces 
of  bainites  in  both  ferrous  and  nonferrous  alloys. 


(b) 


028  213  402 


Fig.  4 — Three-dimensional  supeiiedges  of  a  bainite  (623  K,  3  min): 
(a)  dark-field  micrograph  imaged  using  the  215  reflection  of  (b); 
{b)  diffraction  pattern,  the  zone  axis  is  [182],,,;  and  (c)  indexing 
result. 


Fig.  3  —  Stacking  fault  substructure  of  an  a,  plate  (623  K,  1  min). 
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C.  Mobility  of  the  Superledges 

The  observation  of  superledges  provides  direct  proof 
that  superledges  exist  at  the  broad  face  of  ai  plates,  but 
this  is  not  enough  to  establish  the  ledgewise  growth 
mechanism  of  bainite  plate  formation.  According  to  the 
ledgewise  theory  of  growth, a  plate  can  thicken  only 
by  the  migration  of  ledges. 

As  mentioned  in  Section  A,  Wu  et  al.  questioned  the 
behavior  of  initial  a,  plates  studied  by  Aaronson  and 
Chattopadhyay.  Also,  they  disagreed  with  the  argument 
raised  by  Aaronson  and  Chattopadhyay,  i.e.,  that  the 
thickening  of  Oi  plates  is  controlled  by  a  ledge  mecha¬ 
nism,  as  this  argument  lacked  complete  supportive  evi¬ 
dence,  such  as  a  description  of  the  nature  of  the  ledges, 
and  quantitative  analysis. 

Figure  5(a)  shows  a  micrograph  of  a,  plates  aged  at 
623  K  for  5  minutes,  and  Figure  5(b)  shows  the  corre¬ 
sponding  selected  area  electron  diffraction  pattern  taken 
from  the  area  which  involves  part  of  ai  plates  A  and  D. 
The  streaks  between  diffraction  spots  (indicated  by  the 
arrow)  indicate  that  there  are  stacking  faults  inside  the 
plates.  It  is  apparent  that  one  side  of  the  Oi  plate  A  is 
very  smooth,  while  the  opposite  side  is  relatively  rough; 
i.e.,  there  are  superledges  on  it.  The  spacing  of  the 
ledges  is  50  to  230  nm,  and  the  height  is  10  to  40  nm. 
Close  inspection  shows  that  the  terraces  are  parallel  to 
the  smooth  side  (the  habit  plane  of  the  bainite).  The 
habit  plane  of  the  plate  was  measured  as  (114)„,  by 
means  of  the  trace  analysis  method. All  the  diffraction 
spots  in  Figure  5(b)  were  indexed  as  shown  in 
Figure  5(c).  The  diffraction  pattern  implies  that  Ui  plates 
A  and  D  have  a  twin  relationship;  the  twin  plane  is  also 
(114)„,. 

It  should  be  noted  that  there  is  evidence  that  the  super¬ 
ledges  on  the  bainite  plates  are  mobile.  In  Figure  5(a), 
bainite  plates  I,  D,  and  B  lie  in  front  of  the  ledges  H, 
E,  and  J,  respectively,  and  hinder  their  movement  along 
the  longitudinal  direction  of  the  plates.  Considering 
the  fact  that  plate  A  takes  on  a  gradually  tapering  mor¬ 
phology  from  the  left  to  the  right,  it  is  possible  to  con¬ 
clude  that  the  a,  plate  thickens  by  the  movement  of 
ledges,  which  cease  moving  when  they  meet  barriers. 
Following  the  hypothesis  of  previous  ledge  mechanisms, 
the  terraces  should  have  a  partially  or  fully  coherent 
structure,  while  the  risers  have  a  disordered  or  incoher¬ 
ent  structure.  But  many  experimental  studies  have  in¬ 
dicated  that  risers  also  have  a  partially  or  fully  coherent 
structure.""”  Therefore,  they  must  be  replaced  by  a 
ledge-on-ledge  or  kink-on-ledge  variant  in  order  to  pro¬ 
vide  the  disordered  areas  of  interface  boundary  required 
in  order  that  atomic  attachment  and  detachment  may  pro¬ 
ceed  with  viable  kinetics, as  illustrated  in 
Figure  5(d).  There  is  now  abundant  experimental  evi¬ 
dence  for  this."^  ‘®’^°*  Observing  the  bright-field  micro¬ 
graph  shown  in  Figure  5(a),  it  could  be  considered  that 
the  movement  of  the  small  ledge  G  on  the  riser  of  ledge 
F  results  in  the  lengthening  of  ledge  F,  as  indicated  by 
the  arrow  in  Figure  5(d).  In  this  way,  plate  A  thickens 
continuously. 


Fig.  5  —  Superledges  of  bainites  (623  K,  5  min):  (a)  bright-field 
micrograph;  (b)  small-angle  diffractometer  pattern  with  the  zone  axis 
[lObl],,,;  O — bainite,  9 — twin;  (c)  indexing  result;  and  (d)  schematic 
illustration  of  the  ledge-on-ledge  mechanism. i'"' 


IV.  CONCLUSIONS 

Based  upon  the  experiments  described  in  this  article, 
the  following  conclusions  can  be  obtained. 


2618  — VOLUME  25A,  DECEMBER  1994 


METALLURGICAL  AND  MATERIALS  TRANSACTIONS  A 


1.  Initially  formed  plates  in  Cu-25.9  pet  Zn-3.75  pet 
A1  alloy  aged  at  623  K  are  free  of  stacking  faults  and 
thus  cannot  have  been  formed  by  a  shear  mechanism. 

2.  There  exist  three-dimensional  superledges  on  the 
broad  faces  of  plates.  The  typical  height  of  the 
ledges  is  approximately  10  to  40  nm,  and  their  spac¬ 
ing  is  50  to  230  nm.  The  terraces  of  these  ledges  are 
parallel  to  the  habit  plane,  which  is  (114)„,. 

3.  It  has  been  found  that  barriers  in  front  of  superledges 
hinder  their  movement  and  that  small  ledges  exist  on 
the  risers  of  superledges. 

4.  Superledges  are  considered  to  be  mobile;  they  move 
forward  along  the  plate,  allowing  the  bainite  plate 
to  thicken.  These  results  indicate  that  growth  of 
Oi  plates  occurs  by  a  diffusion-controlled  ledgewise 
mechanism. 
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A  Discussion  on  the  Formation  of  Bainite  and 
Other  Precipitates  in  Cu-Zn  and  Ag-Zn  Alloys 


K.  TAKEZAWA,  S.  MARUYAMA,  K.  MARUKAWA,  and  S.  SATO 

Various  transformation  products  appearing  in  Cu-Zn  and  Ag-Zn  alloys  upon  aging  at 
temperatures  in  the  a  +  ^  and  single  a-phase  range  were  examined  by  optical  and  electron 
microscopy.  Upon  aging  at  relatively  low  temperature,  bainite  plates  with  the  9R  structure  are 
first  formed  and  then  retransformed  to  face-centered  cubic  (fee).  At  higher  temperature,  other 
transformation  products  with  the  fee  structure,  such  as  rod-shaped  a  and  massive  a,  are  con¬ 
currently  observed  with  the  bainite.  Measurements  of  solute  concentration  in  bainite  were  per¬ 
formed  by  using  analytical  electron  microscopy.  Bainite  plates  were  found  to  have  lower  solute 
concentration  than  that  of  stable  a,  not  only  in  Cu-Zn  but  also  in  Ag-Zn  alloys.  These  results 
were  discussed  in  terms  of  the  free-energy  change  in  the  transformation.  The  first  appearance 
of  the  9R  bainite  in  place  of  the  stable  fee  phase  in  low-temperature  aging  should  be  attributed 
to  the  “shear”  process  which  lowers  the  nonchemical  energy  and  diminishes  the  necessary  driv¬ 
ing  force  for  the  transformation.  The  measured  solute  concentration  of  the  bainite  is  well  re¬ 
produced  theoretically  on  the  view  that  the  bainite  is  a  product  of  shear  transformation  combined 
with  the  concentration  change. 


I.  INTRODUCTION 

The  martensite  of  9R  (or  18R)  structure  with  the 
stacking  sequence  ABCBCACAB  is  known  to  appear 
upon  cooling  in  noble  metal-based  /3-phase  alloys  having 
B2  (or  L2,)  ordered  structure. In  addition,  plate-shaped 
precipitates  with  the  9R  structure  and  crystallographic 
characteristics  similar  to  martensite  are  formed  during 
aging  at  moderately  high  temperatures  in  Cu-Zn, Cu- 
Zn- Al, Ag-Cd,‘®’®'  and  Ag-Zn>‘°'  alloys.  These  plates 
are  thought  to  correspond  to  the  aging  products  forming 
the  “bainite  morphology”  in  steels,  and  so  we  also  call 
these  plates  bainite,!^’^'  a*,  hereafter.  The  plate  initially 
has  9R  structure  and  is  again  transformed  to  face- 
centered  cubic  (fee)  on  further  aging. Therefore,  the 
product  at,  is  thought  to  be  an  intermediate  phase  which 
forms  prior  to  the  equilibrium  a  phase.  On  the  origin  or 
mechanism  of  a*  formation,  many  studies  have  been 
done,  but  still  a  general  agreement  among  researchers 
has  not  been  attained.  Moreover,  the  other  products  such 
as  the  rod-shaped  precipitate,  "  and  massive 

alpha  phase,  with  fee  structure  are  often  formed 

concurrently  with  a*  under  the  same  aging  treatment  in 
these  alloys.  As  for  these  precipitates,  details  of  for¬ 
mation  mechanisms  are  not  clear.  Therefore,  it  is  im¬ 
portant  to  study  the  mutual  relationship  of  these 
precipitates  with  a*  in  order  to  explore  the  origin  of 
formation. 

Figure  1  shows  portions  of  equilibrium  phase  dia¬ 
grams  of  Cu-Zn  and  Ag-Zn  alloys.  The  matrix  crystal 
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/3,  has  B2  ordered  structure  below  the  transition  tem¬ 
perature  T^,  about  450  °C,  in  Cu-Zn  alloys.  But  in  Ag-Zn 
alloys,  T,  for  B2  order  is  about  200  and  the  matrix 
crystal,  /8,  has  the  disordered  body-centered  cubic  (bcc) 
structure  at  ordinary  aging  temperature.  Therefore,  by 
making  use  of  these  differences  between  Cu-Zn  and 
Ag-Zn  alloys,  the  information  associated  with  the  effect 
of  ordering  on  the  transformation  of  as  well  as  of 
martensite  can  be  obtained.  Moreover,  we  notice  in 
Figure  1  that  the  a  phase  is  more  stable  in  Ag-Zn  alloys 
in  the  range  of  a  higher  solute  concentration  and  lower 
temperature.  Therefore,  we  can  study  a*  formed  in  the 
single  a-phase  range*'®'  in  Ag-Zn  alloys,  for  example,  in 
Ag-38  at.  pet  Zn  alloys  aged  at  300  °C,  where  any 
change  in  the  solute  concentration  should  not  be  required 
during  the  phase  change. 

In  the  present  study,  therefore,  morphological  exam¬ 
inations  are  performed  using  optical  and  electron  micro¬ 
scopy  on  /3|  Cu-Zn  alloys  aged  in  the  a  +  /3  range  as 
well  as  on  /3  Ag-Zn  alloys  aged  in  the  a  single-phase 
range.  In  addition,  the  solute  concentration  in  a*  is  mea¬ 
sured  by  analytical  electron  microscopy  for  Cu-Zn  and 
Ag-Zn  alloys.  Based  on  these  results,  the  functions  of 
the  “shear”  and  “diffusion”  mechanisms  in  bainitic  and 
related  transformations  are  studied  through  thermo¬ 
dynamical  calculations. 


II.  EXPERIMENTAL  PROCEDURE 

Ingots  of  Cu-Zn  and  Ag-Zn  alloys  containing  between 
38  and  42  at.  pet  Zn  were  prepared  by  melting  high- 
purity  metals  in  capsules  filled  with  argon  gas  under  1/3 
atmosphere.  These  ingots  were  hot-rolled  to  0.2  mm  in 
thickness  after  homogenizing  at  a  temperature  in  the  P 
range.  The  thin-plate  specimens  were  again  homoge¬ 
nized  at  850  °C  and  670  °C  for  Cu-Zn  and  Ag-Zn  alloys, 
respectively,  followed  by  quenching  into  water  at  room 
temperature.  The  aging  was  performed  in  a  silicone  or 
salt  bath  at  temperatures  between  200  °C  and  450  °C  for 
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Fig.  1 — Portions  of  equilibrium  phase  diagrams,  (a)  Ag-Zn  alloy  and 


a  prescribed  period.*  The  Cu-Zn  specimens  were 

*Denoted  aging  times  in  later  sections  are  actually  the  time  of  im¬ 
mersing  in  a  bath.  It  has  been  found  that  it  takes  0.5  to  1.0  s  for  a 
specimen  to  attain  the  temperature  of  the  bath  after  immersion.  There¬ 
fore,  the  results  of  observations  for  short-period  aging  should  be  taken 
as  qualitative  rather  than  quantitative. 

electropolished  in  a  Cr03-H3P04  solution  and  then 
etched  in  a  solution  of  FeClj-HCl-HjO.  For  Ag-Zn 
alloys,  the  electropolishing  was  made  in  a  H3PO4-H2O 
solution  at  2  volt,  followed  by  etching  in  the  same  so¬ 
lution  at  1  volt.  After  making  observations  on  the  etched 
surface  of  aged  specimens  under  an  optical  microscope, 
thin  specimens  were  prepared  by  jet-polishing  for  trans¬ 
mission  electron  microscopy. 

Measurements  of  solute  concentration  inside  the  a,, 
plate  were  performed  using  energy-dispersive  X-rays 
(EDX)  attachments  of  Hitachi  H-700  and  JEOL  2000EX 
electron  microscopes.  In  order  to  get  accurate  values  of 
solute  concentration,  the  following  procedures  were 
taken  to  determine  the  correction  factor,  A:-factor,i"’l  in 
advance. 

Step  1:  Four  specimens  of  metastable  /3  crystals  with 
nominal  compositions  of  38.5,  39,  40,  and  42  at.  pet 
Zn  were  prepared  by  quenching  from  850  °C. 

Step  2;  The  previous  specimens  were  thinned  by  an 
electropolishing  for  transmission  electron  microscopy, 
and  the  solute  concentration  was  measured  by  an  elec¬ 
tron  probe  microanalyzer  (EPMA).* 

*The  measurement  was  made  at  the  Central  Re.search  Laboratory. 
Sumitomo  Metal  Mining  Co.,  Ltd.,  Ichikawa  272,  Japan. 

Step  3:  The  concentration  measurement  was  per¬ 
formed  for  the  same  specimen  using  EDX  of  electron 
microscopes. 

Step  4:  The  ^-values  were  determined  by  taking  the 
least-squares  fit  between  the  obtained  values  of  the 
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(b)  Cu-Zn  alloy. 


EPMA  and  EDX. 

The  solid  circles  in  Figure  2  represent  the  relation  be¬ 
tween  the  values  of  solute  concentration  measured  by 
EDX  and  EPMA.** 

**The  EPMA  values  were  smaller  than  the  nominal  ones  by  1  pet, 
at  most,  possibly  due  to  the  evaporation  of  Zn  during  the  specimen 
preparation.  The  nominal  values  are  used  to  label  the  alloys. 


III.  RESULTS 

A.  Transformation  Products  in  a  +  p  Range 

In  agreement  with  previous  reports, the  a*  plates 
with  the  disordered  9R  structure  were  observed  in  the 
form  of  Chevron  pairs  consisting  of  variant  crystals 
having  {551}j3  and  {55 1}^  habit  planes.  The  rod-shaped 
a„.  with  the  fee  structure  was  observed  to  have  an  axial 
direction  parallel  to  (111)^  with  a  diamond-shaped  cross 
section. 

As  the  aging  is  prolonged,  the  plate  grows'with  the 
second  structural  change  from  9R  to  fee  and  with  dif¬ 
ferent  morphology  depending  on  the  aging  temperature. 
Especially  at  the  aging  temperature  where  both  a*  and 
a„.  appear,'^'  the  local  difference  in  morphology  inside 
the  plate  was  remarkable.  Figure  3(a)  shows  an  electron 
micrograph  taken  of  a  specimen  of  Cu-40  at.  pet  Zn 
alloys  aged  for  120  seconds  at  300  °C,  showing  a,, 
plates.  Most  of  the  plates  are  of  the  9R  structure,  but 
some  regions  with  bright  contrast  give  fee  spots  in  the 
diffraction  pattern.  Figure  3(b)  shows  a  bainite  plate 
consisting  of  9R  a,,  and  fee  a,,,  in  the  same  alloy  aged 
for  5  seconds  in  a  bath  at  400  °C.  The  region  marked 
by  the  arrow  has  grown  extraordinarily  wide.  Figure  3(c) 
shows  a  region  where  the  transformation  proceeds  fur¬ 
ther  in  the  alloy  aged  for  1.8  ks  at  350  °C.  A  plate  seems 
to  decompose  to  several  rods,  as  marked  by  the 
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Fig.  2  —  Relation  between  measured  EPMA  and  EDX  values  of  solute 
concentration  in  quenched  /3  Cu-Zn  alloys. 


arrows.  In  optical  micrographs,  a  pattern  consisting  of 
a*  plates  and  linearly  arranged  dots  of  a,,  rods  is  often 
observed  for  the  specimen  treated  with  an  aging  proce¬ 
dure  similar  to  that  in  Figure  3(c). 


50  pm 


Fig.  4 — Optical  micrographs  of  plates  in  Ag-38  at.  pet  Zn  alloy 
aged  for  1  s  at  250  °C.  — Self-accommodation  morphology. 


B.  Transformation  Products  in  the  a 
Single-Phase  Range 

Figures  4(a)  and  (b)  represent  optical  micrographs 
showing  plates  in  Ag-38  at.  pet  Zn  alloys  aged  for 
1  second  at  250  °C.  The  behavior  of  a*  formation  is  quite 
different  from  grain  to  grain.  The  plates  sometimes 


occupy  the  whole  area  in  some  grains  but  are  almost 
absent  in  other  grains.  The  same  tendency  has  been  re¬ 
ported  by  Kostic  and  Hawbolt*’’'  in  an  Ag-45  at.  pet  Cd 
alloy.  Figure  4(a)  shows  an  example  of  grains  in  which 
only  a  small  number  of  Chevron  pairs  appear  with  a  few 
different  orientations.  On  the  other  hand  in  Figure  4(b), 
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Fig.  3  —  Electron  micrographs  showing  a,,  bainite  plate  and  a„.  rod  in  Cu-40  at.  pet  Zn  alloy  aged  (a)  for  120  s  at  300  °C,  (b)  for  5  s  at  400  °C, 
and  (f)  for  1.8  ks  at  350  °C. 
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numbers  of  pairs  are  observed  in  parallel  with  the  same 
orientation  and  in  some  region,  one  sees  a  pattern  similar 
to  the  self-accommodation  pattern  of  the  martensitic 
transformationd**  '®^  Moreover,  we  observed  relief  pat¬ 
terns  on  the  polished  surface  after  aging,  which  was 
almost  the  same  as  that  observed  in  the  case  of 
martensite. 

Electron  micrographs  from  specimens  of  Ag-39  at.  pet 
Zn  aged  for  1  to  5  seconds  at  250  °C  show  parallel  a* 
plates,  consisting  of  9R  only,  of  a  mixture  of  9R  and 
fee,  or  of  fee  only.  Figure  5  shows  an  electron  micro¬ 
graph  and  its  associated  diffraction  pattern  from  a  spec¬ 
imen  aged  for  3  seconds.  Two  a,,  plates  of  different 
variant  crystals,  A  and  B,  are  observed  adjacent  to  each 
other  in  Figure  5(a).  They  have  the  orientation  relation¬ 
ship  of  (101)bcc//(114)9R  and  [Tll]bcc//[1  10]9r  with  the 
matrix.  The  diffraction  pattern  in  Figme  5(b)  is  com¬ 
posed  of  three  patterns,  i.e.,  one  with  [Tl  1],,,,^,  zone  axis 
and  two  of  twin-related  [llOJgR  patterns.  The  second 
transformation  from  9R  to  fee  takes  place  homoge¬ 
neously  in  the  overall  region  of  an  a*  plate.  This  is  in 
contrast  to  the  inhomogeneous  growth  of  plates  in  the 
Cu-Zn  alloy  (Figure  3). 

Figure  6  shows  optical  micrographs  taken  of  speci¬ 
mens  aged  at  temperatures  higher  than  300  °C 


Fig.  5  —  Electron  micrograph  and  diffraction  pattern  of  a  twin-related 
a,,  pair  in  Ag-39  at.  pet  Zn  alloy  aged  for  3  s  at  250  °C. 


Figure  6(a)  is  taken  of  Ag-38  at.  pet  Zn  alloy  aged  for 
2  seconds  at  300  °C.  Figure  6(a)  shows  three  types.  A, 

B,  and  C,  of  transformation  products.  Most  of  the  % 
plates  appear  densely  in  the  form  of  bundles  as  noted  by 
A.  The  Chevron  pairs  are  hardly  seen  in  this  case.  An 
electron  diffraction  study  revealed  that  the  second  trans¬ 
formation  to  fee  has  taken  place  in  all  of  the  plates. 
Plate  B  is  very  large  compared  with  and  this  type  of 
plate  usually  traverses  a  matrix  grain.  These  plates  have 
been  found  by  Ayers  and  reported  as  “thermally  acti¬ 
vated  martensites.  The  present  authors  have  recently 
revealed  that  these  plates  are  athermally  produced  upon 
heating  as  a  burst  phenomenon. These  plates  are  con¬ 
firmed  by  electron  microscopy  to  have  the  fee  structure 
with  numerous  fine  twins  inside  and  are  thought  to  be 
formed  by  shear  with  the  lattice  invariant  shear  of 
{11  l}fcc  twinning  as  Ayers  has  reported.  We  call  this  type 
of  large  plate  a'  martensite.  A  similar  martensite  with 
fee  structure  has  been  reported  to  appear  at  a  high  tem¬ 
perature  in  Cu-Al  alloys. A  massive  a„,  precipitate  is 
observed  inside  the  grain  at  C  in  Figure  6(a). 

Figure  6(b)  shows  a  micrograph  of  Ag-39  at.  pet  Zn 
alloy  aged  for  2  seconds  at  300  °C.  The  ay  plates  are 
sparsely  formed  in  the  matrix  grain  similarly  as  in 
Figure  4(a).  However,  the  plates  grow  thicker  in  com¬ 
parison  with  those  in  Figure  4(a).  These  plates  have  been 
confirmed  to  have  the  fee  structure.  Besides  the  plates, 
a„  rods  are  observed  with  a  shape  of  dots  in  the  sur¬ 
rounding  matrix.  Figure  6(c)  is  a  micrograph  of  Ag-39 
at.  pet  Zn  alloy  aged  for  2  seconds  at  350  °C.  The  pre¬ 
cipitation  of  a„  rods  predominates  over  a*  plates.  One 
sees  at  the  center  of  the  photograph  that  a  large  massive 
a,„  precipitate  grows  surrounding  a  few  thin  ay  plates. 
The  massive  seems  to  grow  faster  than  the  bainite. 

C.  Solute  Concentration  in  ay  Plate 

The  solid  circles  in  Figure  7  show  the  measured  values 
of  solute  concentration  in  ay  plates  in  Cu-Zn  alloys, 
which  have  been  transformed  by  various  aging  treat¬ 
ments  and  verified  to  have  the  9R  structure  by  electron 
diffraction.  The  measurements  were  made  on  three 
Cu-Zn  alloys  containing  39,  40,  and  42  at.  pet  Zn.  Since 
the  obtained  values  were  independent  of  the  initial  alloy 
composition,  no  indication  is  applied  on  the  composition 
of  specimens.  All  of  the  measured  values  were  slightly 
lower  than  the  equilibrium  concentrations  of  a.  The 
same  experimental  result  that  the  solute  concentration  in 
the  bainite  is  less  than  that  in  the  equilibrium  a  has  been 
obtained  by  Lorimer  et  al.^'^^  and  Doig  and  Flewitt.i^^' 
The  empty  circles  indicate  measured  values  for  ay  plates 
having  the  fee  structure.  The  tendency  that  the  empty 
circles  situate  between  the  solid  circles  and  the  solubility 
limit  of  the  a  phase  can  be  observed. 

A  preliminary  measurement  of  solute  concentration 
has  been  performed  for  9R  ay  in  Ag-39  at.  pet  Zn  alloy. 
Lower  values  of  Zn  concentration  by  about  2  at.  pet  Zn 
than  those  in  the  matrix  have  been  obtained  in  ay  plates 
transformed  in  the  a  single-phase  range. 

IV.  DISCUSSION 

A.  Morphological  Features 

Transformation  products  with  the  9R  structure  prin¬ 
cipally  take  the  shape  of  plates.  These  are  ay  plates  and 
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Pig  6 Optical  micrographs  showing  various  transformation  products  in  Ag-Zn  alloys,  (a)  Ag-38  at.  pet  Zn  alloy  aged  for  2  s  at  300  C, 

A:  a,,  bainite,  B:  a'  martensite,  C:  a„,  massive-a.  (b)  Ag-39  at.  pet  Zn  alloy  aged  for  2  s  at  300  °C.  (c)  Ag-39  at.  pet  Zn  alloy  aged  for  2  s  at 
350  °C. 


at%Zn 

Fig,  7  —  Measured  values  of  solute  concentration  in  plotted  in  the 
equilibrium  phase  diagram  of  Cu-Zn  alloy.  Solid  circle:  in  a,,  plate  of 
9R.  Empty  circle:  in  a/,  plate  of  fee. 


ordinary  martensites,  denoted  by  /3'i  hereafter,  induced 
upon  cooling.  The  shape  of  plates  would  be  a  reflection 
of  their  origin  of  “lattice  shear.”  The  shape  may  be 
changed  by  a  subsequent  transformation.  Figure  3  shows 
a  typical  example  of  the  morphological  change  in  Cu-Zn 
alloys  aged  in  the  a  +  /3  range.  As  the  second  structural 
change  takes  place  locally  in  a  part  of  a  9R  a*  plate,  the 
growth  in  the  thickness  direction  is  promoted  in  that  part 
and  the  phase  boundary  bows  out  into  the  matrix.  There¬ 
fore,  the  growth  velocity  in  the  thickness  direction  in  the 
fee  region  must  be  larger  than  that  in  the  9R  region. 

The  situation  is  a  little  different  in  the  case  of  the 
aging  in  the  a  single-phase  region  of  Ag-Zn  alloys.  In 
this  case,  a*  plates  with  the  9R  structure  are  quickly  re¬ 
transformed  to  fee  without  changing  their  shape.  As  the 
aging  proceeds,  the  plates  grow  thicker  homogeneously 
and  finally  occupy  the  whole  area  of  matrix  grain.  This 
is  because  the  fee  structure  is  stable  in  the  single  a-phase 
range.  It  should  be  noted,  however,  that  the  phase 
change  from  p  to  a  takes  place  via  the  transformation 
to  9R  plates,  in  spite  of  the  fact  that  the  fee  could  be 
directly  formed  on  the  aging  in  the  a  range. 

In  the  case  of  Ag-Zn  alloy,  especially  in  an  area  with 
dense  a*  plates,  these  plates  seem  to  be  arranged  in  a 
morphology  similar  to  the  self-accommodation  mor¬ 
phology  in  the  martensitic  transformation.  Since  the 
bainitic  transformation  has  been  known  to  be  accom¬ 
panied  by  the  surface  relief*^^'  as  well  as  macroscopic 
shape  changes, it  is  reasonable  that  we  observe  the 
self-accommodation  morphology  in  bainite  plates.  It 


METALLURGICAL  AND  MATERIALS  TRANSACTIONS  A 


VOLUME  25A,  DECEMBER  1994  —  2625 


should  be  noted  that  self-accommodation  of  transfor¬ 
mation  shears  between  neighboring  plates  becomes  more 
evident  in  the  case  of  the  a  single-phase  range,  because 
the  Oi,  plates  are  produced  in  a  higher  density  in  com¬ 
parison  with  the  case  of  the  two-phase  range. 

Two  fee  phases,  a'  and  a,„,  are  concurrently  formed 
with  Ofc  bainite  plates  through  a  certain  aging  treatment 
in  Ag-Zn  alloys  (Figure  6(a)).  The  plate  morphology  of 
a',  together  with  its  internal  structure  of  dense  twins, 
indicates  that  the  phase  is  produced  by  shear.  It  is  to  be 
noted  that  the  fee  structure  can  directly  be  induced  by 
shear  from  the  bcc.  The  massive  alpha  takes  a  rather 
indefinite  shape.  This  phase  is  known  to  form  by  dif¬ 
fusion  over  short  distances. 

B.  Thermodynamics  of  Phase  Transformations 

As  previously  shown,  we  have  obtained  a  number  of 
phases  as  transformation  products.  In  Cu-Zn  alloy  of 
which  the  matrix  phase  is  the  ordered  bcc,  the  product 
phases  are  bainite  and  martensite,  and  in  Ag-Zn 
alloy  whose  matrix  has  the  disordered  bcc  structure, 
there  are  a'  and  a,„  in  addition  to  and  /S'l.'"*'  All  of 
these  have  close-packed  structures,  fee  or  9R.  There¬ 
fore,  the  next  question  to  be  answered  is  how  these  are 
related  with  each  other,  or  how  these  are  to  be  coordi¬ 
nated  in  terms  of  thermodynamics.  In  the  following,  we 
try  to  answer  this  question.  First,  the  free  energy  of  each 
phase  is  calculated  for  Cu-Zn  alloys.  The  calculation 
procedure  of  Hsu  and  Xiaowang'^^-^*’  is  closely  fol¬ 
lowed,  but  the  energy  difference  between  the  fee  phase 
and  the  9R  phase  is  explicitly  evaluated  on  the  basis  of 
the  experimental  results. 

The  free  energy  of  disordered  fee  (a)  and  bcc  (/8) 
phases  is,  assuming  the  regular  solution  model,  given  by 

Gdis(c,T)  =  (1  -  c)Gcu  +  cGz„ 

+  R7’{(1  —  c)  In  (1  —  c)  -h  c  In  c} 

-  £c(l  -  c)  [1] 

where  Gcu  and  Gzn  are  the  free  energies  of  pure  Cu  and 
Zn  metals,  c,  T,  and  R  being  the  concentration  of  Zn, 
absolute  temperature,  and  gas  constant,  respectively. 
The  E’s  are  the  interaction  parameters  in  a  and  /3  phases 
and 

£a  —  “29,047,  E/3  =  —43,014  (J/mol)  [2] 

are  assumed.'^®!  The  free-energy  change  for  Cu  and  Zn 
at  the  transformation  from  disordered  /3  to  a  can  be  de¬ 
termined  from  the  concentrations  of  phase  boundaries  in 
the  phase  diagram.  The  results  are  approximated  by 
linear  functions  of 

AGgr^“  =  -6440  3-2.167, 

=  -5310  -  1 . 127  (J/mol)  [3] 

The  ordering  energy  is  calculated  from  the  Inden’s 
equation. I The  order  parameter  rj  is  defined  as 

"9  =  -Pcu  -  (1  -  c)  [4] 

where  Pqu  is  the  probability  of  having  Cu  atoms  in  the 


Cu  site  of  the  B2  structure.  Then,  the  ordering  energy 
in  the  transition  from  bcc  to  B2  is  given  by 

AG„,,(c,  7,  p)  =  A//„d  -  R7{2(1  -  c)  In  (1  -  c) 

3-  2c  In  c  —  (1  —  c  3-  p)  In  (1  —  c  3-  p) 

-  (1  -  c  -  p)  In  (1  -  c  -  p) 

—  (c  3-  p)  In  (c  3-  p)  -  (c  -  p)  In  (c  -  p)}/1.34 

[5] 

where  represents  the  change  in  enthalpy  due  to  the 
ordering  and  is  given  by^^®' 

=  - 18,415.5  p"  (J/mol)  [6] 

Assuming  that  the  lattice  transformation  from  bcc  to  fee 
is  described  by  the  Bain  distortion,  Eq.  [5]  will  be  di¬ 
rectly  used  for  the  LIq  ordering  with  the  replacement  of 
the  enthalpy  term  by 

A/Zorr^’'"  =  -9677.5  p^  (J/mol)  [7] 

The  total  energy  of  the  ordered  bcc  or  fee  phase  is  ex¬ 
pressed  as 

G(c,  7,  p)  =  G,i/c,  7)  +  AGo,d(c,  7,  p)  [8] 

The  equilibrium  order  parameter  at  any  temperature  can 
be  calculated  by  solving  3G/3p  =  0.  The  transition  tem¬ 
perature  7^,  at  which  p  =  0,  is  obtained  to  be  440  °C 
for  bcc  and  100  °C  for  fee,  at  the  concentration  of 
c  =  0.4. 

Thermodynamic  data  for  the  9R  structure  are  not 
available  at  present.  Nevertheless,  the  change  in  free 
energy  associated  with  the  structural  change  from  fee  to 
9R  can  be  estimated  from  the  critical  shear  stress  t  of 
stress-induced  martensitic  transformation  from  )8'i  to  a\, 
as  follows:*’' 

AG“  =  -V^yr  [9] 

where  V,„  is  the  molar  volume  and  y  is  the  shear  strain 
of  the  transformation.  The  critical  shear  stress  has  been 
measured  for  binary  Cu-Zn  alloys,'^’'  but  the  number  of 
measurements  is  not  sufficient  for  the  present  purpose. 
Therefore,  the  values  previously  obtained  by  the  present 
authors  for  Cu-Zn-Al  ternary  alloys'^®'  are  used  here.  We 
use  average  values  of  the  forward  and  reverse  transfor¬ 
mations  as 

T  =  «;)  3-  T(a[  ^[)}/2 

=  1744(z  -  1)  -  0. 1567  -  733  (MPa)  [10] 

where  z  is  electron  concentration,  e/a.  Since  the  ob¬ 
tained  values  of  t  were  independent  of  A1  content,*  we 


*  Values  of  t  which  depend  on  A1  content  have  been  reported  for 
Cu-Zn-AI  alloys  with  high  e/a  values.'-'*' 


apply  Eq.  [10]  also  for  binary  Cu-Zn  alloy  with  the  sub¬ 
stitution  z  -  1  =  c.  Using  y  =  0.215,i3oi  AG^"^®  is 
obtained  as 
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^^fcc^9R(^^  D  =  -2920c  +  0.2627  +  1230  (J/mol) 

[11]** 

**No  marked  difference  is  observed  in  Eq.  [11]  when  we  use  the 
values  of  t  reported  by  Ahlers.'" 


Then,  the  free  energy  of  the  9R  phase  is  given  by 

AG^'^lc,  T,  7?)  =  AG'“  (c,  T,  t?)  +  AG'“^®  (c,  T)  [12] 

C.  Mutual  Relation  between  the  Products 

The  energy  change,  AG,  due  to  the  phase  transfor¬ 
mation  may  be  given  by  the  sum  of  two  terms, 

AG  =  -  |AGc|  +  tsG^c  [13] 

where  the  first  term  of  the  right-hand  side  represents  the 
decrease  in  chemical-free  energy  due  to  the  phase 
change  {i.e.,  “driving  force”  as  is  called  sometimes)  and 
the  second  or  nonchemical  term  means  the  additional 
energy  necessary  for  the  process  of  the  transformation, 
such  as  the  interfacial  energy  or  the  elastic  energy.  The 
transformation  will  take  place  only  when  AG  <  0.  The 
existence  of  a  variety  of  transformation  products,  as 
shown  in  the  present  observations,  obviously  indicates  a 
variety  of  nonchemical  terms  for  different  phases.  Since 
the  nonchemical  term  depends  upon  details  of  the  trans¬ 
formation,  such  as  the  size  and  shape  of  phase  nuclei, 
its  precise  evaluation  is  a  difficult  task.  In  the  following, 
a  rough  estimation  is  given. 

Figure  8  represents  a  schematic  diagram  of  free- 
energy  curves.  The  solute  concentration  of  equilibrium 
phases  are  given  by  c„  and  c^.  The  initial  concentration 
of  the  matrix  phase  is  denoted  by  Cq.  According  to  Ayers 
and  Massalski,'"'*'  the  upper-most  temperatures  for  the 
massive  transformation  are  situated  along  the  solubility 
line  of  the  a  phase  and  slightly  higher.  Therefore,  if  we 
neglect  the  slight  deviation  from  the  line,  an  estimate  of 
the  nonchemical  energy  AG,„  for  the  massive  transfor¬ 
mation  may  be  given  by  the  free-energy  difference  be¬ 
tween  a  (disordered  fee)  and  /3  (disordered  bcc)  phases 
at  c„.  By  using  Eqs.  [1]  and  [2],  we  obtain  the  value 
AG„,  =  200  J/mol,*  which  is  shown  to  be  almost  in- 

*Subramanian  et  alP"  have  obtained  410  J/mol  in  their 
calculation. 


dependent  of  temperature.  The  nonchemical  energy  for 
fee  a'  martensite  may  be  fairly  different  from  this  value, 
because  the  structures  of  its  interface  and  internal  defects 
are  quite  different  from  those  of  the  massive  phase.  Al¬ 
though  the  estimation  for  this  has  not  been  performed, 
the  value  is  thought  to  be  less  than  that  of  the  massive 
phase,  judged  from  the  fact  of  the  better  coherence  with 
the  matrix  at  its  interface.  More  detailed  knowledge  will 
be  necessary  for  differentiating  this  phase  from  the  mas¬ 
sive  phase. 

The  nonchemical  energy  AG,  for  the  transformation  to 
[3\  martensite  phase  with  the  9R  structure  has  been  ob¬ 
tained  as  AG,  =  10.4  J/mol  from  the  calorimetric  mea¬ 
surement  and  hysteresis  curve  of  transformation.'^^' 
Obviously,  this  value  is  much  lower  than  the  value  ob¬ 
tained  earlier  for  the  fee  massive  phase.  Therefore,  for 
a  given  temperature,  the  martensitic  transformation  takes 


Concentration 


Fig.  8  —  Schematic  diagram  showing  free-energy  curves  of  matrix 
and  product  phases.  The  initial  concentration  and  the  concentrations 
of  final  decomposition  products  are  denoted  by  Co,  c„,  and  c^,  respec¬ 
tively.  c,„  and  c,  are  concentrations  of  the  massive  a  phase  and  the 
9R  phase. 


place  at  a  concentration  quite  close  to  the  intersecting 
point  between  the  free-energy  curves,  as  sketched  in 
Figure  8.  The  nonchemical  energy  for  the  bainitic  trans¬ 
formation  may  not  be  much  different  from  this  value, 
for  the  structure  of  interface  is  similar  between  a*  bain- 
ites  and  )3j  martensites.  The  smallness  of  this  nonchem¬ 
ical  term  explains  the  reason  why  the  9R  phase  is  first 
produced  on  low-temperature  aging,  in  spite  of  the  fact 
that  the  most  stable  phase  is  the  fee  phase. 

Next,  we  discuss  the  distinction  between  bainite  and 
martensite,  both  of  which  have  the  9R  structure  and  are 
products  of  shear  transformation.  The  obvious  difference 
between  them  is  the  concentration  change  in  the  trans¬ 
formation.  In  the  martensitic  transformation,  the  con¬ 
centration  of  the  product  is  the  same  as  the  matrix.  On 
the  other  hand,  the  concentration  of  the  bainite  is  dif¬ 
ferent  from  that  of  the  matrix,  as  shown  in  Figure  7.  This 
fact  is  explained  only  by  assuming  a  diffusion  process 
involved  in  the  latter  transformation.  Although  both 
transformations  occur  at  a  concentration  near  the  inter¬ 
secting  point  of  free-energy  curves,  as  discussed  earlier, 
the  concentration  change  from  Cq  to  c,  (Figure  8)  by  dif¬ 
fusion  is  necessary  for  the  bainitic  transformation  to  take 
place.  We  now  estimate  the  concentration  of  the  bainite 
and  compare  with  the  experimental  results. 

According  to  the  previous  discussion,  the  first  ap¬ 
proximation  to  the  concentration  of  the  bainite  may  be 
the  concentration  at  the  intersecting  point  of  free-energy 
curves.  This  is  calculated  by  equating  the  free  energy  of 
the  matrix  (Eq.  [8])  to  that  of  the  9R  phase  (Eq.  [12]). 
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An  important  difference  between  the  bainite  and  the 
martensite  is  the  one  in  the  order  parameter.  If  we 
assume  that  the  order  parameter  takes  a  constant  value, 
e.g.,  the  value  at  100  °C,  the  calculation  gives  rise  to 
the  concentration  and  the  temperature  (MJ  correspond¬ 
ing  to  the  martensitic  transformation,’^^'  which  is  sup¬ 
posed  to  occur  at  a  temperature  lower  than  100  °C.  For 
the  bainitic  transformation,  we  use  the  order  parameter 
evaluated  at  the  aging  temperature  in  the  matrix.  We 
assume  that  the  value  remains  the  same  even  after  the 
transformation  to  the  bainite.  The  results  can  be  ex¬ 
pressed  as  the  relation  between  the  temperature  (To)  and 
the  concentration.  This  is  shown  as  the  curve  Toia^)  in 
Figure  9.  In  the  figure,  the  extrapolated  line  from  the 
curve  for  the  M,  temperature  To(l3\)  is  also  included.  An¬ 
other  temperature  curve  Toia)  in  the  figure  corresponds 
to  the  intersection  between  free-energy  curves  of  the  dis¬ 
ordered  fee  and  the  matrix  phases. 

The  curve  Toia/,)  should  be  compared  with  the  ex¬ 
perimental  values  shown  in  Figure  7.  This  curve  is  rather 
close  to  the  afa  +  p  phase  boundary  but  is  located  in 
a  lower  concentration  region.  The  location  and  the  tem¬ 
perature  variation  of  the  curve  seem  to  correspond  well 
to  the  measured  values.  It  is  to  be  noted  that  the  differ¬ 
ence  in  the  order  parameter  gives  rise  to  the  large  dif¬ 
ference  of  the  location  between  the  To{^\)  curve 
(martensite)  and  the  Toia.^)  curve  (bainite).  This  also 
gives  an  explanation  for  the  reason  why  the  9R  phase 
appears  at  rather  high  temperatures  (bainite)  as  well  as 
at  lower  temperatures  (martensite).  In  order  to  confirm 
the  present  view  further,  the  measurement  of  the  order 
parameter  in  the  bainite  would  be  necessary.  As  for  the 
concurrent  occurrence  of  the  concentration  change  and 


Fig.  9  —  Calculated  equilibrium  phase  diagram  of  Cu-Zn  alloy  and  To 
lines  of  (i\,  at,,  and  a.  The  line  T,.  denotes  the  order-disorder  transition 
temperature  in  equilibrium  or  nonequilibrium  bcc  phase. 


the  lattice  shear  in  the  bainitic  transformation,  we  spec¬ 
ulate  that  the  concentration  fluctuation  is  essential.  At 
the  growing  tip  of  plate,  a  favorable  concentration 
fluctuation  may  immediately  be  followed  up  by  shear 
deformation  which  is  attributed  to  the  dislocation 
motion.  This  point  has  been  discussed  in  more  detail 
elsewhere.'^'" 

V.  CONCLUSIONS 

1 .  Upon  aging  )3-phase  alloys  at  relatively  low  (200  °C 
to  250  °C)  temperature,  plates  with  the  9R  struc¬ 
ture  are  first  formed  and  then  retransformed  to  fee. 
In  the  case  of  aging  in  the  a  -F  /3  range  of  Cu-Zn 
alloys,  the  second  transformation  takes  place  at  local 
areas  and  the  transformed  parts  grow  faster.  As  a 
result,  the  plate  morphology  is  disintegrated.  In  the 
case  of  aging  in  the  a  single-phase  range  of  Ag-Zn 
alloys,  the  second  transformation  proceeds  homoge¬ 
neously  in  a  plate,  and  the  plate  shape  remains 
unchanged. 

2.  A  self-accommodation  morphology  of  plates,  sim¬ 
ilar  to  the  case  of  the  martensitic  transformation,  is 
observed  in  the  bainitic  transformation  in  the  a 
single-phase  range. 

3.  At  higher  temperature,  the  massive  a  fee  martensite, 
and  rod-shaped  a  are  formed  concurrently  with  a* 
bainite  in  Ag-Zn  alloys. 

4.  The  solute  concentration  in  9R  bainites  has  been 
measured  and  found  to  be  lower  than  that  in  the 
matrix  in  both  Cu-Zn  and  Ag-Zn  alloys.  Bainite 
plates  have  a  solute  concentration  less  than  that  of 
the  solubility  limit  of  the  a  phase. 

5.  The  nonchemical  energy  to  be  overcome  at  the  trans¬ 
formation  has  been  estimated  on  the  basis  of  thermo¬ 
dynamics.  The  results  show  that  the  energy  for  the 
phase  with  the  9R  structure  is  much  lower  than  that 
for  the  fee  phase.  This  explains  why  the  9R  bainite 
appears  in  advance  of  the  stable  fee  phase  in  low- 
temperature  aging. 

6.  With  the  view  that  the  bainite  is  a  product  of  shear 
transformation  combined  with  the  concentration 
change  through  concentration  fluctuations,  the  rela¬ 
tion  between  the  transformation  temperature  and  the 
solute  concentration  has  been  deduced.  The  results 
are  in  good  agreement  with  the  measured  solute  con¬ 
centration  in  bainite. 

7.  The  change  in  order  parameter  gives  rise  to  the  dif¬ 
ference  between  the  transformation  temperatures  of 
the  martensite  and  bainite. 
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Mechanism  of  the  Early  Stages  of 
Plate  Formation  in  a  Cu-39  Pet  Zn  Alloy 


N.  RAVISHANKAR,  H.I.  AARONSON,  and  K.  CHATTOPADHYAY 

The  early  stages  in  the  formation  of  a,  plates  in  the  ordered  (3'  matrix  of  a  Cu-39  pet  Zn  alloy 
have  been  studied  with  transmission  electron  microscopy  (TEM).  The  early  stage  plates  were 
found  to  be  free  of  stacking  faults.  Their  contrast  features  are  indeed  those  normally  expected 
from  small  coherent  plates.  Electron  microdiffraction  confirms  that  these  plates  have  the  9R 
structure  characteristic  of  ai  with  the  same  lattice  parameters  and  orientation  relationships  re¬ 
ported  by  previous  investigators  at  much  later  stages  of  growth.  Similarly,  the  9R  structure  was 
disordered,  even  though  it  was  formed  in  an  ordered  matrix,  again  repeating  previous  results 
obtained  at  a  later  stage  of  growth.  These  results  further  support  the  view  that  the  Oi  Cu-Zn 
plates  form  by  a  diffusion-controlled  mechanism. 


I.  INTRODUCTION 

There  is  considerable  controversy  in  the  literature 
regarding  the  mechanism  of  formation  of  plates  from 
the  /S'  matrix  in  Cu-Zn  and  Cu-Zn- Al  alloys.  It  has  been 
shown  that  the  morphology,  surface  relief,  and  crystal¬ 
lography  of  Q!i  plates  conform  to  the  phenomenological 
theory  of  martensite  crystallography. It  was,  therefore, 
concluded  that  the  transformation  occurs  by  shear,  as  had 
been  deduced  by  a  number  of  earlier  investigators  be¬ 
ginning  with  Garwood'^'  in  1954.  This  view  was  con¬ 
tested  by  Lorimer  et  alP^  who  established  that  the  change 
in  composition  occurs  during  the  growth  of  these  plates. 
Their  finding  is  inconsistent  with  shear-controlled  growth, 
supporting  instead  a  diffusion  mechanism.  The  initial 
questions  as  to  the  accuracy  of  composition  micro- 
analysis'^”®'  have  been  resolved  only  recently,  with  the 
earlier  conclusion  of  a  change  in  composition  even  in 
the  early  stages  of  growth  having  been  confirmed  with 
high-resolution  analytical  microscopes. The  earlier 
uncertainty  in  composition  analysis,  however,  prompted 
Chattopadhyay  and  Aaronson""  to  carry  out  a  detailed 
study  on  the  crystallography  and  interfacial  structure  of 
Oi  plates.  Three  major  conclusions  were  reached  during 
this  study:  (1)  at  early  stages  of  isothermal  transforma¬ 
tion,  coherent  a,  plates  with  no  internal  structure  are 
formed;  (2)  the  plates  that  form  from  an  ordered  j8' 
matrix  have  a  disordered  structure,  confirming  an  earlier 
observation  by  Hombogen  and  Warlimont;"^'  and  (3)  the 
thickening  of  plates  during  at  least  the  later  stages  of 
growth  occurs  by  a  ledge-controlled  mechanism  char¬ 
acteristic  of  diffusional  growth.  It  is  now  widely  ac¬ 
cepted  that  the  later  stages  of  growth  of  a,  plates  involve 
diffusion;'^  ®’'^’''^'  hence,  agreement  appears  to  be  fairly 
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general  on  the  third  conclusion.  However,  disagreement 
has  developed  about  the  first  two  conclusions  concerning 
the  early  stages  of  growth.  The  conclusion  that  Oi  is  ini¬ 
tially  coherent  and  fault  free  has  been  disputed  by  stating 
that  no  diffraction  evidence  for  this  transformation  prod¬ 
uct  had  been  presented. The  circumstance  that  the 
plates  observed  by  Chattopadhyay  and  Aaronson''" 
had  a  perceptibly  smaller  aspect  ratio  than  those  previ¬ 
ously  seen  at  earlier  reaction  times  also  aroused  doubt 
as  to  the  identity  of  these  plates.'*®'  Finally,  Oi  plates 
have  been  reported  to  be  initially  ordered.''"*'  It  has, 
therefore,  become  imperative  to  take  a  fresh  look  at  the 
early  stage  of  plate  growth.  The  present  article  reports 
the  results  of  an  investigation  undertaken  to  fulfill  this 
task. 


II.  EXPERIMENTAL  PROCEDURE 

The  alloy  used  was  prepared  by  Brush  Wellman 
Company  (Cleveland,  OH)  through  the  courtesy  of  Dr. 
Amitava  Guha  in  the  form  of  hot-rolled  plates.  The 
chemical  analysis  revealed  a  composition  of  61.36  at. 
pet  Cu  and  38.64  at.  pet  Zn.  This  is  part  of  the  same 
plate  used  in  Reference  1 1  as  alloy  2.  In  the  balance  of 
the  text,  we  denote  this  material  as  a  Cu-39  pet  Zn  alloy. 
Thin  strips  of  the  Zn  alloy  were  held  in  the  single-phase 
/8  region  at  1 143  K  for  3  minutes  and  then  quenched  into 
saturated  brine  at  room  temperature  (300  K).  These  sam¬ 
ples  were  then  aged  in  an  oil  or  salt  bath  maintained  at 
523  or  423  K  for  15  to  900  seconds  at  the  former  and 
from  420  to  43,200  seconds  at  the  latter  temperature. 
This  heat-treatment  sequence  was  used  by  most  of  the 
earlier  investigators  and,  in  particular,  those  suggesting 
a  shear-controlled  mechanism  of  growth."  ®  '*'  Exami¬ 
nation  of  a  few  samples  quenched  directly  into  the  aging 
bath  from  the  betatising  temperature  did  not  indicate  any 
significant  difference  in  results.  Samples  for  transmis¬ 
sion  electron  microscopy  (TEM)  investigation  were  pre¬ 
pared  with  the  twin-jet  polishing  technique,  using  Stmers 
D2  electrolyte  at  room  temperature.  The  TEM  investi¬ 
gation  was  carried  out  using  a  JEOL*  2000  FX-II  micro- 

*JEOL  is  a  trademark  of  Japan  Electron  Optics  Ltd,  Tokyo,  Japan. 


scope  operated  at  200  kV. 
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III.  RESULTS  AND  DISCUSSION 

A.  Distinction  between  Uj  Plates  and  Superdislocation 
Pairs  at  Early  Stages  of  Growth 

Some  typical  morphologies  of  a,  plates  at  early  stages 
of  development  can  be  seen  in  Figure  1 .  Representative 
a  I  plates  are  marked  by  arrows.  This  micrograph,  which 
also  contains  a  significant  number  of  dislocations,  was 
also  chosen  to  highlight  the  fact  that  resolvable  super¬ 
dislocation  pairs  could  not  be  seen  in  the  alloy  used, 
which  is  consistent  with  earlier  work  on  dislocations  in 
ordered  P'  Cu-Zn  alloys. 


B.  On  the  Identity  of  a j  Plates 
during  Early  Stages  of  Growth 

Microdiffraction  experiments  were  carried  out  to 
obtain  unambiguous  identification  of  early  stage  cti 
plates.  Figure  2(a)  shows  a  typical  microdiffraction  pat¬ 
tern  obtained  from  the  small  plate  indicated  by  the  filled 
circle  in  Figure  2(b).  Analysis  of  Kikuchi  lines  indicates 
that  the  pattern  belongs  to  a  zone  tilted  about  8  deg  from 
[lOO]^’  toward  the  [OTO]  direction.  This  zone  is  nearly 
parallel  to  the  [160]„|  zone  and  also  nearly  parallel  to 
[710]^'.  The  matrix  superlattice  reflections  can  be  seen 
as  faint  spots.  Figure  2(c)  is  a  computer-calculated 
microdiffraction  pattern  for  the  a,  and  y3'  (B2)  lattices 
under  the  above-mentioned  condition.  The  orthorhombic 
unit  cell  proposed  by  Hombogen  and  Warlimont, 
termed  was  adopted.  Their  lattice  parameters, 

i.e.,  a  =  0.446  nm,  b  =  0.267  nm,  and  c  =  1.93  nm, 
were  utilized.  Figure  3(a)  shows  another  plate  at  an  early 
stage  of  growth.  The  selected  area  pattern  from  the  plate 
is  shown  in  Figure  3(b)  and  is  near  [lT0]a,  zone.  Under 
strong  matrix  operating  reflection  (OlT)^.,  the  plate 
shows  a  dislocation-like  contrast  similar  to  Figure  2(b). 
The  dark  field  (115),,,  reflection  clearly  illuminates  the 
plate.  The  good  agreement  seen  to  be  obtained  between 
the  experimental  patterns  of  Figure  2(a)  and  the  calcu¬ 
lated  pattern  of  Figure  2(c)  and  the  bright  and  dark  field 


Fig.  1 — Bright-field  micrograph  from  a  region  containing  a,  plates 
during  early  stages  of  growth  (400  s  at  423  K,  upquenched  from  room 
temperature  (UQRT)).  The  early  stage  plates  are  indicated  by  arrows. 
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Fig.  2  —  (a)  Microdiffraction  pattern  from  an  early  stage  plate  near 
[010]„|  pattern  (15  s  at  523  K,  UQRT).  Kikuchi  line  analysis  indicates 
the  zone  to  be  [160]„|  which  is  about  8  away  from  the  [100]^-  zone. 
The  very  faint  diffuse  intensity  passing  through  ji'  reflections  in  two 
orthonormal  directions  are  characteristic  of  the  (3'  phase  and  verified 
by  shifting  the  spot  to  P'  matrix;  (b)  small  plate  from  which  the  pat¬ 
tern  was  taken.  The  location  of  the  beam  is  marked  by  the  filled  circle; 
and  (c)  a  calculated  microdiffraction  pattern  corresponding  to  the 
experimentally  observed  zone  indicating  the  expected  a,  (open  circle) 
and  p'  (filled  circle)  spots.  The  spots  in  the  [100]^^  direction  are 
stronger,  revealing  the  (010)^- superlattice  reflection  of  the  P'  matrix. 


Fig.  3  —  (a)  A  bright-field  image  of  a  very  early  stage  a,  plate  (15  s 
at ^23  K,  UQRT);  (b)  SAD  pattern  from  the  a,  plate,  which  is  near 
[1 10]„|  zone;  (c)  shows  a  dislocation  pair  contrast  from  the  same  plate 
when  imaged  with  the  matrix  reflection  (01 1)^-  strongly  diffracting, 
indicating  the  presence  of  coherency  strains  at  the  interface;  and 
(d)  precipitate  dark  field  of  the  same  a,  plate  using  (1 15)„|  reflection. 
The  nonuniform  intensity  is  probably  due  to  local  bending  of  the 
plate. 
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pair  from  precipitate  reflection  in  Figure  3  lead  to  the 
conclusion  that  early  stage  a,  plates  indeed  have  the  9R 
crystal  structure  and  lattice  parameters  characteristic  of 
Oi  plates  determined  by  Hombogen  and  Warlimont^'*^  at 
much  later  stages  of  growth. 

Further  support  for  this  conclusion  is  obtained  from 
the  orientation  relationship  determined  between  small  aj 
plates  and  their  matrix.  Figure  4(b)  is  the  selected 
area  diffraction  (SAD)  pattern  from  which  the  orienta¬ 
tion  relationship  was  determined,  and  Figure  4(c)  is  its 
calculated  counterpart.  The  Oi  plates  from  which  the  SAD 
pattern  was  obtained  is  shown  in  Figure  4(a).  The  ori¬ 
entation  relationship  can  be  represented  as 

[401]5«  II  [010]^. 

(U4),,  II  (TOl)^. 

(208)9;;  about  5  deg  from  (001)^. 

(0T0)9«  about  5  deg  from  (100)^3. 

(001)9;;  about  5  deg  from  (OTl)^. 

This  relationship  thus  described  is  identical  to  that  de¬ 
duced  by  Kubo  et  for  plates  at  later  stages  of 
growth. 

C.  On  the  Question  of  Long-Range  Order  in  a,  Plates 

Figures  5(b)  and  (c)  show  the  [OlOJ^,  and  [iTO]^,  zone 
SAD  patterns,  respectively,  from  the  a,  plate  in 
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Fig.  4  —  A  composite  selected  area  electron  diffraction  pattern 
(b)  taken  from  a,  plate  (a).  The  zones  of  and  ai  are,  respectively, 
[010];j-  and  [401]„,.  The  schematic  is  given  in  (c). 


Figure  5(a).  Figures  5(d)  and  (e)  are  the  computed  pat¬ 
terns  for  a  disordered  unit  cell  of  Oj,  assuming  [OlOJ^, 
and  [110]a,  zone  axes,  respectively.  (These  calculated 
patterns  do  not  include  the  effects  of  stacking  faults.) 

To  establish  the  presence  or  absence  of  long-range  or¬ 
der,  one  needs  to  look  at  a  zone  axis  that  is  expected  to 
show  superlattice  reflections  if  the  structure  were  or¬ 
dered.  In  the  present  case,  the  [OlOJ^,  serves  this  pur¬ 
pose.  Figure  5(b)  shows  a  SAD  pattern  corresponding  to 
the  [010]„,  zone  axis.  This  zone  contains  rows  of  spots 
parallel  to  the  c-axis.  The  calculated  pattern  for  this  zone 
is  shown  in  Figure  5(d).  It  can  be  seen  that  this  zone 
contains  only  hOl  rows,  equivalent  to  c*  rows  for  which 
h  is  even.  In  the  case  of  the  ordered  structure,  the 
/lOI  rows  for  which  h  is  odd  also  appear  as  superlattice 
rows.  Since  this  is  absent  in  the  present  case,  it  can  be 
concluded  that  the  a,  structure  is  disordered. 

There  are  two  problems  associated  with  this  analysis. 
The  first  problem  is  that  the  structure  factors  of  Cu  and 
Zn  are  very  similar,  and  therefore,  the  superlattice  spot 
intensity  is  expected  to  be  very  low.  To  prove  that  we 
do  observe  superlattice  spots  despite  this  limitation,  we 
have  included  a  [010]q.  zone  pattern  (Figure  5(f)  from 
an  aj  martensite  plate  formed  by  subzero  quenching  of 
the  present  alloy.  This  zone  shows  faintly  but  definitely 
the  presence  of  a  101  superlattice  row.  The  301  row  that 
is  present  in  the  computed  pattern  is  not  visible  due  to 
additional  reduction  in  intensity  at  further  removal  from 
the  transmitted  spot. 

Further,  the  second  problem  is  that  the  [lT0]a,  bears 
a  considerable  and  potentially  confusing  resemblance  to 
the  [OlOJa,  zone.  The  [110]„,  zone  from  the  same  plate 
is  presented  in  Figure  5(c)  along  with  its  computed  pat¬ 
tern  (Figure  5(e)).  The  main  difference  that  can  be  ob¬ 
served  experimentally  between  these  patterns  is  the 
difference  between  their  c*  rows.  Since  they  differ  by  a 
very  small,  yet  measurable,  amount,  comparison  of  the 
patterns  is  a  more  definitive  approach  than  an  absolute 
measurement  of  interlayer  spacings.  This  enables  the  un¬ 
ambiguous  identification  of  the  zone  axis.  The  interlayer 
spacing  of  the  (200)„,  planes  is  0.223  nm,  which  cor¬ 
responds  to  about  a  i.97-nm  interlayer  spacing  (for  a 
camera  length  of  about  175  cm)  in  the  [010]„,  pattern, 
while  the  interplanar  spacing  of  (110)„,  planes  is 
0.229  nm,  equivalent  to  an  interlayer  spacing  of 
1.91  cm.  The  calculated  difference  of  about  0.6  mm  (for 
a  175-cm  camera  length)  is  in  good  agreement  with  that 
measured  on  Figures  5(b)  and  (c). 

The  aging  time  for  the  specimen  of  Figure  5(a)  at 
523  K  was  15  minutes,  while  that  for  Figure  2(a)  was 
only  20  seconds.  Since  the  [010]„,  patterns  are  the  same, 
the  absence  of  long-range  order  in  this  time  range  at 
523  K  appears  certain.  Hsu  et  on  the  other  hand, 
aged  a  specimen  of  a  Cu-39  pet  Zn  alloy  for  15  minutes 
at  this  temperature.  They  reported  the  presence  of  long- 
range  order  in  this  specimen.  The  reason  for  the  differ¬ 
ence  of  these  results  from  the  two  investigations  remains 
uncertain. 

D.  On  the  Question  of  Stacking  Faults  in  aj  Plates 
at  an  Early  Stage  of  Growth 

The  early  stage  Oj  plates  in  Figure  2(b)  do  not  exhibit 
any  internal  contrast  due  to  stacking  faults.  This  is  con¬ 
firmed  by  tilting  the  foil.  The  diffraction  discs  in  the 
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Fig.  5  —  (a)  A  bright-field  micrograph  of  a,  plate;  (b)  [010)„|  pattern  (15  min  at  523  K,  UQRT);  (c)  [110],,,  pattern  (same  heat  treatment  as  (b)); 
(d)  computed  [010]„,  pattern;  (c)  computed  [1  lOL,  pattern  for  disordered  a,;  (/)  [010]  pattern  from  a  martensite  plate  shown  in  the  bottom  inset; 
and  (g)  computed  [010]  pattern  for  ordered  a,. 


microdiffraction  pattern  obtained  from  such  a  plate 
(Figure  2(a))  are  undistorted.  In  the  pattern  of 
Figure  2(a),  the  B2  superlattice  spots  can  be  seen  as  faint 
discs.  The  B2  spots  are  labeled  in  bold-face  type  and 
underlined  in  the  computed  pattern  in  Figure  2(c).  A  dis¬ 
tribution  of  diffuse  intensity  passing  through  orthogonal 
(110)^  type  reflections  can  also  be  seen.  Diffraction 
from  the  [100]^-  zone  axis  orientation  is  often  associated 
with  such  diffuse  intensity,  consistent  with  earlier  ob¬ 
servations."^'  The  diffuse  intensity  remains  unaltered 
when  the  specimen  is  moved  such  that  the  beam  is  on 
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the  matrix.  The  result  suggests  growth  of  fault-free 
plates  at  an  early  stage  of  growth.  For  comparison,  we 
also  present  a  microdiffraction  pattern  using  the  same 
zone  axis  (Figure  6(b))  obtained  from  a  bigger  plate  con¬ 
taining  faults  in  Figure  6(a)).  This  pattern  shows  distor¬ 
tion  of  discs  and  pronounced  streaking  in  one  direction 
due  to  the  presence  of  stacking  faults.  On  the  other  hand, 
even  at  a  later  stage  of  growth,  the  stacking  fault  density 
can  still  be  quite  low.  We  must  first  note,  though,  that 
at  this  stage  of  growth,  a  pronounced  tendency  for  edge- 
to-edge  sympathetic  nucleation  appears.'^®'  As  illustrated 
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Fig.  6 — (a)  A  bright-field  micrograph  of  a  faulted  plate;  (h)  micro¬ 
diffraction  corresponding  to  [010]„,  from  the  large  plate  shown  in  (a), 
showing  distortion  of  a,  disc  and  streaking  along  c*-axis  due  to  the 
presence  of  faults  (20  s  at  523  K,  UQRT). 


in  Figure  7,  a  single  plate  often  consists  of  a  number  of 
segments.  Figure  7(a)  is  a  sympathetic  of  the  plate 
shown_in  Figure  7(b)  under  dark-field  illumination  with 
the  (114)„,  operating  reflection.  The  plate  consists  of  at 
least  six  segments.  An  enlargement  of  segments  2 
through  4  is  shown  in  the  inset.  Imaging  with  a  large 
number  of  a,  reflections  revealed  that  segments  2 
through  5  differ  in  orientations  by  the  small  angles  char¬ 
acteristic  of  sympathetic  nucleation.'^®'  Note  that  some 
of  these  segments  still  do  not  show  the  densely  packed 
stacking  faults  usually  observed  in  large  plates.  Only  a 
few  faults  can  be  seen  in  segments  4  and  5,  as  revealed 
in  Figure  7(c),  when  imaged  with  the  (lT2)„|  reflection, 
though  many  are  present  in  segments  2  and  3.  We  em¬ 
phasize  that  the  tilts  employed  to  change  to  the  various 
images  are  very  large,  and  in  no  case  have  we  observed 
any  additional  faults.  Figure  8(c)  shows  that  the  fault 
density  in  another  plate  decreases  significantly  near  the 
tip  of  the  plate,  though  their  density  is  rather  high  in  the 
interior  of  the  plate.  Figure  8(a)  shows  the  [lT0]„,  micro¬ 
diffraction  pattern  near  the  tip  of  the  plate,  in  the  area 
indicated  by  the  filled  circle.  The  schematic  of  this  pat¬ 
tern  is  shown  in  Figure  8(b).  Undistorted  discs  and  the 
absence  of  streaking  in  the  c*  direction  further  support 
the  view  that  faults  develop  only  at  later  stages  of 
growth,  presumably  in  order  to  reduce  the  accumulated 
elastic  transformation  strain  energy.'"* 
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Fig.  7  —  Intermediate  stage  of  plate  growth  (15  s  at  523  K),  (b)  and 
(c)  Dark  field  using  different  reflections,  (a)  showing  the  schematic 
of  the  plate  in  (b),  indicating  various  segments.  The  inset  shows  an 
enlargement  of  a  portion  of  the  plate  showing  the  interface  between 
the  segments. 


E.  On  the  Question  of  Coherency  of  Small  a,  Plates 

Chattopadhyay  and  Aaronson'"'  described  early  re¬ 
action  time  tti  plates  as  coherent  with  their  fi'  matrix.  It 
is  difficult  to  establish  unambiguously  complete  coher¬ 
ency  without  high-resolution  imaging.  Weatherly 
et  alP^^  have  earlier  shown  that  coherency  strains  that 
develop  in  the  early  stage  precipitation  process  often 
show  a  dislocation-like  displacement  field  contrast 
having  a  dipole  character. The  early  stage  aj  plates 
often  show  dislocation  contrast  with  a  pair  of 
dislocation-like  images  bounding  the  precipitate.  Since 
the  matrix  is  ordered,  the  possibility  of  these  being  su¬ 
perdislocations  exists.  A  +g/—g  experiment  carried  out 
with  the  (200)^.  operating  reflection  is  shown  in 
Figure  9.  The  apparent  width  of  this  plate  is  seen  to 
change,  thus  establishing  its  dipole  character.'-^'  If  these 
plates  were  actually  superdislocations,  their  width  would 
have  remained  constant  during  this  experiment. 

In  order  to  further  evaluate  this  feature,  systematic  tilt¬ 
ing  experiments  were  carried  out  on  an  a,  plate. 
Figure  10(a)  shows  a  bright-field  image  of  the  plate.  The 
dark  contrast  is  due  to  some  of  the  precipitate  planes 
satisfying  the  near-Bragg  condition.  Tilting  away  reveals 
the  interface  (Figure  10(b)).  No  defectlike  feature  is  ap¬ 
parent  at  the  interface.  Figure  10(c)  shows  the  strain  in 
the  matrix  associated  with  the  plate.  Figure  10(d)  shows 
a  dislocation  pair  contrast.  Using  conditions  for  com¬ 
plete  extinction  obtained  from  a  detailed  contrast  exper¬ 
iment  with  a  large  number  of  operating  reflections,  the 
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50  nm 


Fig,  8 _ (a)  Microdiffraction  pattern  obtained  from  a  region  near  the 

tip  (indicated  by  black  dot)  of  the  plate  in  (c).  The  spots  appear  undis¬ 
torted  and  do  not  contain  streaks  due  to  the  low  density  of  faults  in 
the  plate.  (/?)  Schematic  of  the  pattern  shown  in  (a)  corresponding  to 
[lT0]„,  zone,  (c)  Bright-field  micrograph  of  the  a,  plate  with  fault 
density  decreasing  toward  the  tip  (15  s  at  523  K,  UQRT). 


displacement  vector  associated  with  the  strain  field  was 
determined  to  be  [13 1]^  .  These  features  are  consistent 
with  the  presence  of  coherency  strain  at  the  interface, 
suggesting  the  presence  of  a  coherent  or  a  semicoherent 
interface. 

F.  On  the  Question  of  the  Aspect  Ratio  of  a.  Plates 

Wu  et  remarked  that  the  aspect  ratio  of  Ui  plates 
observed  at  early  reaction  times  by  Chattopadhyay  and 
Aaronsoni"’  jg  considerably  larger  than  that  estimated 
from  observations  made  during  previous  investigations. 
This  consideration  added  further  doubt  that  the  plates 
Chattopadhyay  and  Aaronson  studied  were  actually 
What  Wu  et  al.  failed  to  note,  however,  was  that  these 
plates  were  photographed  at  a  much  earlier  stage  in  their 
growth  than  those  examined  by  previous  investigators. 
The  resulting  difference  in  aspect  ratio  can  then  be  ex¬ 
plained  on  the  basis  of  the  ledgewise  diffusional  growth 
mechanism. On  this  mechanism,  plates  form  when  the 
intergrowth  ledge  spacing  at  one  boundary  orientation  is 
considerably  greater  than  at  any  other  boundary  orien¬ 
tation.  Experimental  observations  on  this  spacing*^"*  *^' 
indicate  that  it  tends  to  be  very  large  at  early  growth 
times,  to  pass  through  a  minimum  at  an  intermediate 
time,  and  then  to  become  increasingly  large  at  still 


Fig.  9  —  (a)  and  (t>)  +g/-g  pair  revealing  dipole  character  of  early 
stage  a,  plate  (15  s  at  523  K,  UQRT). 


longer  times.  Evidently,  the  intergrowth  ledge  spacing 
at  the  broad  face  of  aj  plates  is  close  to  its  minimum  at 
the  earliest  stages  that  we  have  usually  observed.  The 
larger  aspect  ratio  at  later  times  is  then  consistent  with 
the  anticipated  increase  in  the  interledge  spacing  under 
these  circumstances. 


G.  Atomic  Mechanism  of  a,  Plate  Formation 

We  would  conclude  by  re-emphasizing  the  importance 
of  recent  results  obtained  with  high-resolution  analytical 
electron  microscopy,  particularly  those  of  Hamada 
et  a/.''®*  These  studies  established  a  distinct  difference 
in  composition  between  plates  only  3-nm  thick  and 
their  surrounding  P'  matrix.  It  is  also  important  to  note 
that  the  a,  plate  composition  was  not  observed  to  change 
during  subsequent  growth.  Thermodynamic  calcula¬ 
tions^^®'  have  established  that  there  is  no  driving  force 
for  the  ;8'-to-a,  transformation  without  a  change  in  com¬ 
position  in  the  aging  temperatures  customarily  used  in 
Cu-Zn  alloys  capable  of  producing  Oi  plates,  since  To 
and  M,  are  hundreds  of  degrees  Kelvin  lower  than  these 
temperatures.  Although  there  have  been  suggestions  that 
local  fluctuations  can  significantly  decrease  the  Zn  con¬ 
tent  and  thus  increase  the  M,  temperature  of  these  re¬ 
gions, there  is  no  physical  basis  for  the  presence  of 
fluctuations  of  the  magnitude  required  for  the  nucleation 
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Fig  10  —  (a)  Shows  the  plate  under  precipitate  diffraction  contrast 
(zone  near  [131];,  ).  The  interface  obtained  by  slightly  tilting  away 
from  (a)  can  be  seen  in  (b).  (c)  Shows  strain  field  in  the  matrix  near 
the  plate  matrix  interface,  indicating  the  presence  of  coherency  strains 
at  the  interface;  (d)  shows  the  dislocation  pair  contrast  from  the  a, 
plate.  Both  (c)  and  (d)  are  near  [010](j’  zone. 


of  martensite.'"’’  As  an  alternative  mechanism  for  evad¬ 
ing  the  To  stricture  on  transformation  by  shear,  the  sug¬ 
gestion  has  recently  been  made  that  the  stress  field 
around  the  edge  of  an  a,  plate  provides  the  driving  force 
for  diffusion  that  will  increase  M,  locally  to  the  aging 
temperature."’’  As  also  pointed  out  by  Russell,””  how¬ 
ever,  stress  fields  of  this  type  cannot  change  the  driving 


force  for  nucleation  and  growth.  On  the  basis  of  the  re¬ 
sults  presently  available,  therefore,  the  conclusion  that 
a,  plates  form  by  diffusional  nucleation  and  growth”"" 
remains  valid. 
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The  Selection  of  Precipitate  Habit  Planes  in  Cr-32  Wt  Pet  Ni 


J.K.  CHEN,  T.W.  ROSS  III,  G.  CHEN,  M.  KIKUCHI,  and  W.T.  REYNOLDS,  Jr. 

Causes  are  investigated  for  the  changes  in  precipitate  crystal  structure  (fee  to  9R)  and  in 
morphology  (degenerate  plate  to  plate),  which  are  observed  to  take  place  in  Cr-Ni  alloys  as  the 
reaction  temperature  decreases.  Transmission  electron  microscopy  (TEM)  study  is  performed  to 
determine  the  matrix /precipitate  orientation  relationship,  habit  plane,  and  growth  ledge  spacing. 
0-lattice  modeling  is  used  to  show  that  it  is  likely  that  the  metastable  9R  phase  forms  as  a 
transition  phase  at  lower  reaction  temperatures  because  lattice  matching  at  the  bcc/9R  habit 
plane  is  better  than  the  matching  at  the  bcc/fcc  habit  plane.  The  ability  of  the  phenomenological 
theory  of  martensite  crystallography  (PTMC)  to  predict  the  habit  plane  of  9R  plates  precipitated 
by  a  diffusional  mechanism  is  explained  by  the  small  lattice  invariant  deformation  required  to 
produce  an  invariant  plane  in  Cr-Ni.  Under  this  circumstance,  the  PTMC  habit  plane  nearly 
coincides  with  the  best-matching  interface  that  presumably  appears  and  is  predicted  by  O-lattice 
theory. 


I.  INTRODUCTION 

PCATE-shaped  transformation  products  can  exhibit 
characteristics  of  diffusional  and  martensitic  transfor¬ 
mations.  This  has  led  to  debate  over  the  mechanism  of 
plate  formation.  The  formation  of  9R*  plates  from  the 


*The  9R  structure  (Ramsdel  notation)  has  also  been  referred  to  as 
3r|i..i-7i  jf  ideal,  has  the  Pearson  symbol  hR3.'“' 


parent  B2-ordered  phase  in  Cu-Zn  alloys  is  one  case  in 
which  the  formation  mechanism  has  been  examined  in 
detail. The  plates  appear  martensitic  in  that  there  are 
internal  stacking  faults  that  have  been  interpreted  as  evi¬ 
dence  of  a  lattice  invariant  deformation,  and  their  habit 
plane  can  be  explained  by  the  phenomenological  theory 
of  martensite  crystallography  (PTMC)."”  On  the  other 
hand,  the  interfacial  structure  of  the  plates  is  sessile  and 
is  incapable  of  migrating  in  a  displacive  fashion. There 
are  also  data  suggesting  that  the  composition  of  the 
plates  differs  from  the  parent  phase."”*  Although  this 
point  is  controversial, a  recent  work  clearly  dem¬ 
onstrates  a  composition  difference  at  very  early  stages 
of  plate  growth.***** 

9R  plates  have  also  been  observed  by  Emoto  et 
in  chromium-rich  Cr-Ni  alloys.  These  workers  showed 
that  a  high-temperature  bcc  phase  decomposes  to  an  ir¬ 
regularly  shaped  fee  precipitate,  (hereafter,  called  de¬ 
generate  fee  precipitate)  at  temperatures  above  about 
1050  °C  but  to  a  well-defined  Widmanstatten  morphol¬ 
ogy,  later  identified  as  a  metastable  9R  phase,*'*'*  at 
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lower  temperatures.  Kikuchi  et  al.  concluded  the  9R 
plates  form  by  a  diffusional  mechanism  for  two  reasons: 
the  plate  composition  is  greatly  different  from  that  of  the 
matrix  even  at  the  initial  stages  of  growth,  and  the  plates 
form  at  temperatures  where  a  bcc  — >■  9R  martensitic 
transformation  is  thermodynamically  impossible."^’ 

The  present  work  has  two  objectives.  One  is  to  ex¬ 
plain  why  the  metastable  9R  phase  rather  than  the  more 
stable  fee  phase  forms  in  Cr-Ni  alloys  at  lower  temper¬ 
atures.  As  a  working  hypothesis,  it  is  assumed  the  9R 
phase  is  a  transition  phase  that  nucleates  more  readily 
than  the  fee  phase  at  larger  undercoolings.  If  this  hy¬ 
pothesis  is  correct,  the  total  energy  of  bcc  9R  interphase 
boundaries  must  be  less  than  the  energy  of  bcc/fcc 
boundaries  in  order  to  provide  a  kinetic  advantage  for 
the  9R  phase  over  the  fee  phase  during  nucleation. 
Lower  boundary  energies  for  the  9R  phase  suggest  that 
the  9R  phase  has  better  atomic  matching  with  the  bcc 
phase  than  does  the  fee  phase.  To  test  this  hypothesis, 
the  matching  across  bcc/fcc  and  bcc/9R  habit  planes 
observed  with  transmission  electron  microscopy  (TEM) 
in  a  Cr-32  wt  pet  Ni  alloy  is  investigated  with 
Bollmann’s  O-lattice  model."** 

The  second  objective  is  to  explain  why  martensite 
crystallography  is  sometimes  applicable  to  diffusional 
transformation.  The  change  from  a  degenerate  plate 
morphology  to  a  plate  morphology  in  Cr-32  wt  pet  Ni 
allows  a  comparison  of  the  habit  planes  in  two  types  of 
precipitates  and  facilitates  investigation  of  why  diffu- 
sionally  formed  precipitates  select  a  habit  plane  pre¬ 
dicted  by  the  PTMC. 


II.  PROCEDURE 

A.  Experimental 

A  100-g  Cr-32  wt  pet  Ni  ingot  was  made  by  arc  melt¬ 
ing  appropriate  amounts  of  (99.99  pet  pure)  Ni  and 
(99.99  pet  pure)  Cr.  The  ingot  was  placed  in  a  quartz 
capsule,  evacuated  to  10”^  torr,  and  sealed  under  an 
argon  pressure  of  1/3  atmosphere.  The  ingot  was  ho¬ 
mogenized  for  72  hours  at  1300  °C  and  quenched  to 
room  temperature  in  water.  Samples  10  x  10  x  1-mm 
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in  size  were  cut  from  this  ingot,  wrapped  in  tantalum 
foil,  and  resealed  in  an  argon  atmosphere. 

Two  different  heat  treatments  were  used  to  produce 
the  precipitate  morphologies  for  this  study.  To  obtain  9R 
plates,  encapsulated  samples  were  solution  annealed  for 
12  hours  at  1325  °C,  direct  quenched  to  1000  °C,  held 
for  300  seconds,  and  quenched  to  room  temperature  in 
water.  To  obtain  the  fee  degenerate  morphology,  encap¬ 
sulated  samples  were  solution  annealed  at  1325  °C  for 
12  hours,  direct  quenched  to  1 100  °C,  held  for  900  sec¬ 
onds,  and  quenched  to  room  temperature. 

For  optical  microscopy,  an  etchant  composed  of 
20  mL  HNO3  and  60  mL  HCl  was  employed.  The  TEM 
specimens  were  jet  polished  at  —30  °C  with  a  potential 
of  220  V  using  a  solution^'®'  containing  (by  volume): 
7  pet  perchloric  acid,  11  pet  butyl-cellosolve,  31  pet 
n-type  butanol,  and  balance  ethanol.  Transmission  elec¬ 
tron  microscopy  was  performed  in  a  PHILIPS  EM420 
operated  at  120  kV  to  determine  the  morphology,  the 
matrix/precipitate  orientation  relationship,  and  the  pre¬ 
cipitate  habit  plane.  Precipitate  habit  planes  were  deter¬ 
mined  using  double-trace  analysis. 

B.  O-Lattice  Calculation 

The  O-lattice  theory  developed  by  Bollmann"*'  is  em¬ 
ployed  here  to  evaluate  the  matching  across  the 
precipitate /matrix  habit  plane.  While  considering  the 
bcc  matrix  as  lattice  1  and  either  an  fee  or  9R  precipitate 
as  lattice  2,  the  geometric  transformation  of  lattice  2 
from  lattice  1  can  be  written  as^'*' 

X(2)  =  RS(2)S(|)'X(1)  =  AX(|)  [1] 

where  S(i)  and  S(2)  are  matrices  whose  columns  are  the 
basis  vectors  for  the  primitive  cells  of  lattices  1  and  2, 
respectively,  expressed  in  an  arbitrary  Cartesian  coor¬ 
dinate  system.  The  matrix,  R,  is  the  rotation  needed  to 
generate  the  specified  orientation  relationship,  X,,,  is  any 
arbitrary  vector  in  the  parent  phase,  and  X,2)  is  the  vector 
in  the  product  phase  onto  which  Xd,  is  mapped  by  the 
transformation. 

O-points  are  defined  as  those  positions  with  the  same 
internal  coordinates  in  both  the  matrix  and  precipitate. 
These  points  form  a  lattice  defined  by  the  condition"*' 

X(0)  =  (I  —  A~‘)^‘b(L)  (I  =  identity  matrix)  [2] 

where  bjy  is  a  lattice  vector  in  lattice  1  and  it  is  mapped 
to  an  0-point,  X(o),  in  the  O-lattice. 

The  columns  in  the  (I  -  A“')“'  matrix  are  the  basis 
vectors  of  the  O-lattice.  In  moving  from  one  O-point  to 
the  next,  the  precipitate  and  matrix  lattice  undergo  a  dis- 
registry  of  one  basis  vector  with  respect  to  lattice  1 .  The 
longer  the  O-lattice  vectors,  the  larger  the  volume  of  the 
O-lattice  unit  cell  and  the  better  the  precipitate  and 
matrix  crystal  lattices  match  each  other.  The  determinant 
of  (I  -  A'')” ‘  represents  the  volume  of  the  O-lattice  unit 
cell  and  is  thus  an  indicator  of  how  well  the  two  lattices 
match. 

The  O-lattice  generated  by  two  crystals  with  a  given 
orientation  relationship  is  not  unique.  The  most  signif¬ 
icant  one,  from  a  physical  point  of  view,  is  the  one 
giving  the  best  matching  between  the  precipitate  and 
matrix.  This  implies  S(,,  and  S(2)  should  be  chosen  so 


that  A  is  close  to  I,  or  equivalently,  A  should  be  selected 
so  that  the  distortion  transforming  lattice  1  to  lattice  2 
is  as  small  as  possible. For  an  fcc/bcc  transfor¬ 
mation,  this  leads  to  the  Bain  correspondence  and  the 
Bain  distortion. 

The  primitive  cells  for  bcc  and  9R  structures 

A  convenient  primitive  cell  for  the  bcc  phase  is 
described  by  three  vectors;''*'  l/2[lll]bcc,  [OlOJbcc, 
and  l/2[lll]bcc-  The  9R  phase  can  be  constructed  by 
stacking  close-packed  planes  in  the  sequence  .  .  . 
ABCBCACAB  ....  This  is  equivalent  to  an  fee  crystal 
with  an  intrinsic  stacking  fault  every  three  planes.  An 
orthorhombic  unit  cell  of  the  9R  structure  is  shown  in 
Figure  1 .  The  ideal  ratios  of  the  lattice  constants  a:b:c 
are  1;V3:3V6. 

To  construct  a  primitive  9R  cell  (dashed  in  Figure  1) 
similar  to  the  bcc  primitive  cell,  two  close-packed  di¬ 
rections,  1/2[110]9r  and  [100]9r,  are  selected.  The  third 
basis  vector  must  span  at  least  three  close-packed  planes 
to  produce  the  correct  stacking  sequence.  The  inclusion 
of  three  close-packed  planes  requires  inclusion  of  two 
more  atoms  within  the  primitive  cell,  so  a  9R  primitive 
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Fig.  1 — The  9R  structure  (in  orthorhombic  notation)  and  the  bcc 
structure.  The  primitive  cells  used  in  the  O-lattice  calculation  are 
dashed.  The  bottom  portion  of  the_  figure  depicts  the  locations  of 
atoms  in  the  (009)9r  and  the  (lOOb,.^  planes — the  closest-packed 
planes  of  the  two  crystal  structures.  The  upper  portion  of  the  figure 
represents  the  stacking  sequence  of  these  planes. 
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cell  contains  a  total  of  three  atoms.  The  bcc  cell  must 
be  increased  in  size  to  include  the  same  number  of  atoms 
as  the  9R  cell,  and  this  is  done  by  stacking  three  of  the 
bcc  primitive  cells  together  (dashed  in  Figure  1).  In¬ 
creasing  the  size  of  the  bcc  unit  cell  does  not  affect  the 
resulting  0-lattice  provided  the  atoms  within  the  larger 
unit  cell  are  included  in  the  O-lattice  calculation. 

When  the  crystals  can  be  described  with  only  one 
atom  per  unit  cell,  a  misfit  dislocation  network  in  the 
interphase  boundary  can  be  calculated  in  a  straight¬ 
forward  way:  Wigner-Seitz  cells  are  constructed  about 
the  O-lattice  points.  The  intersection  of  the  boundary 
plane  and  the  Wigner-Seitz  cells  represents  lines  of 
maximum  misfit  between  the  two  crystals  and  can  be 
interpreted  as  misfit  dislocation.''*' 

However,  this  now  classical  approach  to  obtaining 
interphase  boundary  structure  (Eq.  [2])  fails  to  locate  all 
the  regions  of  good  matching  if  the  unit  cells  of  either 
crystal  contain  more  than  one  atom,  as  is  the  case  for 
the  9R  and  bcc  lattices  considered  here.  The  effect  of 
the  two  additional  atoms  in  the  bcc  and  9R  cells  on  the 
interfacial  matching  can  be  included  by  using  a  modified 
O-lattice  developed  by  Mou.'^'*'  In  this  approach,  the 
0-points  are  given  by 

X(0)  ~  X(2)  +  t  =  X(1)  +  b,L) 

Manipulation  of  this  condition  yields 

X,o)  =  (I  -  A-')-'  b<L,  +  (I  -  (I  -  A-')-')t  [3] 

where  t  =  Rt(2)  -  t,,,  and  t(2)  are  the  vectors  describing 
the  locations  of  the  atoms  in  crystals  1  and  2,  respec¬ 
tively.  From  Eq.  [3],  it  can  be  seen  that  the  0-points 
due  to  the  extra  atoms  are  shifted  (I  -  (I  -  A“  V')  t 
from  the  original  0-points.  Each  extra  atom  in  a  unit  cell 
generates  an  additional  set  of  0-points,  because  the  extra 
atom  doubles  the  number  of  atom  planes  in  a  given  di¬ 
rection.  However,  the  total  amount  of  linear  misfit  in 
any  direction  remains  unchanged. 

The  additional  0-points  from  extra  atoms  in  the  unit 
cells  can  make  locating  the  Wigner-Seitz  cell  walls  by 
the  conventional  geometric  approach  difficult.  In  the 
present  work,  the  cell  walls  were  determined  numeri¬ 
cally  by  locating  the  points  in  space  for  which  the  misfit, 
M,  is  a  maximum.  The  misfit  is  given  by 

misfit  =  M(r)  =  (I  ~  A~')r  [4] 

where  r  is  the  position  vector  from  the  nearest  O-point 
to  a  point  of  interest.  The  loci  of  points  around  a  given 
O-point  for  which  M(r)  is  a  maximum  are  the  Wigner- 
Seitz  cell  walls. 


III.  RESULTS 


A.  Experimental 

The  morphology  of  the  degenerate  fee  precipitates  and 
the  9R  plates  are  shown  with  optical  microscopy  in 
Figures  2  and  3(a)  and  (b).  The  degenerate  fee  precip¬ 
itates  appear  irregular  and  highly  branched.  With  TEM, 
they  are  seen  to  be  a  collection  of  small,  faceted  crystals. 
The  connected  nature  of  the  precipitates  suggests  that 
they  form  by  a  sympathetic  nucleation  process. The 
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Fig.  2  —  Microstructure  of  degenerate  fee  precipitates  in  Cr-32  wt  pet 
Ni  isothermally  reacted  for  900  s  at  1100  ®C:  («)  optical  micrograph 
and  {h)  TEM  micrograph. 


fee  precipitates  exhibit  a  Kurdjumov-Sachs  (KS)  ori¬ 
entation  relationship  with  the  parent  bcc  matrix'"^'  in 
agreement  with  earlier  reports."^' 

The  9R  plates  have  a  large  aspect  ratio  and  a  well- 
developed  habit  plane,  as  shown  in  Figures  3(a)  and  (b). 
The  diffraction  pattern  of  these  plates  differs  somewhat 
from  that  of  a  9R  phase  (Figure  3(c)).  A  true  9R  phase 
does  not  exhibit  streaking  in  the  diffraction  pattern.  The 
streaks  in  Figure  3(c)  are  consistent  with  the  presence  of 
random  stacking  faults  on  the  (009)9r  planes  or  the 
random  removal  of  stacking  faults  from  a  periodically 
faulted  fee  structure.  The  latter  process  occurs  as  the  9R 
phase  transforms  to  the  equilibrium  fee  phase;"'  this  is 
apparently  a  rapid  process  at  1000  °C  in  the  Cr-Ni  alloy. 
Operationally,  the  faulting  of  the  9R  phase  occurs  by  the 
passage  of  a  Shockley  partial  on  every  third  (009)9r 
plane.  If  each  of  these  partials  has  the  same  Burgers 
vector,  the  9R  lattice  undergoes  a  simple  shear  of  0.24 
to  convert  it  completely  to  the  fee  structure. 
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Fig.  3  —  Microstructure  of  9R  plates  in  Cr-32  wt  pet  Ni  isothermally  reacted  for  300  s  at  1000  “C:  (a)  optical  micrograph;  (b)  TEM  micrograph; 
(c)  diffraction  pattern  from  the  bcc  and  9R  phases;  (r/)  diffraction  pattern  from  the  bcc  matrix  (location  I  in  (b));  (e)  diffraction  pattern  from  the 
9R  precipitate  (location  2  in  (b)).  The  locations  of  the  Kikuchi  lines  in  (d)  and  (e)  indicate  the  bcc  phase  is  on  its  zone  axis  while  the  9R  precipitate 
is  slightly  off  its  zone  axis. 
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The  orientation  relationship  between  the  9R  phase  and 
the  bcc  phase  before  the  9R  converts  to  fee  can  be  de¬ 
duced  from  Figures  3(c)  through  (e).  The  streaks  lie  per¬ 
pendicular  to  the  (009)9r  plane  and  become  a  (lll)fcc 
plane  after  annealing.  The  open  circles,  which  actually 
correspond  to  fee  diffraction  spots,  indicate  that  the  zone 
axis  is  in  a  close-packed  [1 10]^.^  direction.  Thus,  the  9R 
zone  must  also  have  been  in  the  [1  10]9r_  close-packed 
direction.  The  calculated  location  of  the  014)9r  diffrac¬ 
tion  spot  in  the  [llOlgR  zone  is  parallel  to  the  observed 
(iTO)bcc  plane.  The  bcc/9R  orientation  relationship  is 
thus  inferred  to  be  [lllltcc  II  [110]9r  (to  within  1  deg) 
and  (1 10)bcc  II  (1  14)9r.  This  orientation  relationship  is  the 
same  as  that  reported  in  similar  Cr-Ni  alloys' and  in 
Cu-Zn  alloys.'’’’’^' 

It  is  interesting  to  note  that  the  close-packed  planes  of 
the  two  crystal  structures  are  not  parallel  in  this  orien¬ 
tation  relationship  as  is  often  assumed  to  occur  for  pre¬ 
cipitation  reactions.  The  angle  between  the  (lOl)bcc  and 
(009)9r  planes  is  approximately  3.5  deg,  or  about  2  deg 
less  than  the  angle  reported  in  the  previous  studies.  This 
discrepancy  may  be  due  to  a  different  extent  of  conver¬ 
sion  of  the  9R  phase  to  fee  because  the  c-axis  of  the  9R 
phase  must  expand  slightly  as  it  transforms,'-*'  and  the 
passage  of  Shockley  partials  on  the  (009)9r  plane  can 
cause  this  plane  to  rotate  slightly. 

The  measured  orientations  of  three  9R  habit  planes  are 
shown  in  Figure  4.  Four  different  zone  axes  were  used 
to  determine  each  habit  plane.  The  three  9R  habit  planes 
lie  within  10  deg  of  each  other,  and  the  average  index 
of  the  three  planes  is  (2.25  1.96  l)bcc-  Kikuchi'^*'  deter¬ 
mined  that  the  habit  plane  in  an  alloy  of  the  same  con¬ 
centration  reacted  at  1000  °C  for  100  seconds  to  be  (4.85 
4.27  l)bcc,  which  is  approximately  10  deg  from  the  av¬ 
erage  habit  plane  obtained  here. 

The  facet  planes  of  the  fee  degenerate  precipitates 
were  also  determined.  The  individual  crystals  had  two 
predominant  facets.  The  habit  plane  of  the  long  facet  is 


001 


Fig.  4  —  Stereographic  projection  showing  the  location  of  the  9R 
plate  habit  planes  determined  using  double-trace  analysis. 


close  to  a  (2Tl)bcc  plane  and  that  of  the  short  facet  of  the 
precipitate  is  near  a  (243)bcc  plane. 

Growth  ledge  spacings  were  measured  on  the  degen¬ 
erate  plate  morphology.  On  facets  exhibiting  a  (211)bcc 
habit  plane,  the  growth  ledge  spacings  are  regular  and 
22.1  nm  on  average.  For  facets  exhibiting  a  (243)bcc 
habit  plane,  the  average  ledge  spacing  is  14.7  nm.  The 
ledges  on  the  two  habit  planes  can  be  seen  in  Figure  5. 
An  accurate  determination  of  ledge  spacing  was  not  pos¬ 
sible  for  the  9R  plates  because  of  difficulty  in  distin¬ 
guishing  ledges  from  stacking  faults  intersecting  the 
precipitate/ matrix  interface.  In  addition,  the  ledge  struc¬ 
ture  of  the  plates  almost  certainly  changed  as  the  9R 
phase  decomposed  to  the  fee  phase.  Arrays  of  parallel 
linear  features  were  observed  in  the  fee  degenerate  pre¬ 
cipitate  interfaces  and  in  the  9R  plate  interface,  but  not 
under  enough  diffracting  conditions  to  characterize  them 
unambiguously. 


B.  Dislocation  Network  on  Habit  Planes  Evaluated 
from  O-Lattice  Theory 

The  basis  vectors  of  the  O-lattice  are  given  by  the  col¬ 
umns  of  the  matrix  (I  —  A""')”'  with  A  calculated  from 
Eq.  [1].  For  an  fee  precipitate  in  a_KS  orientation  re¬ 
lationship  wth  a  bcc  matrix  {i.e.,  (lll)fcc  II  (lOl)bcc 
[TOlJfcc  if  [1 1  l]bcc)  and  an  fcc/bcc  lattice  parameter  ratio 
of  1.255,'^®-^°’  the  matrix  (I  -  A”’)  ‘  is 


(I  -  A-')-'  = 


608.825 

704.188 

-567.344 


-39.670 

-55.691 

39.670 


527.674 

607.016 

-486.193 


[5] 


The  determinant  of  this  matrix  is  —27,564;  this  is  a  mea¬ 
sure  of  the  size  of  the  O-lattice  unit  cell  (the  negative 
sign  indicates  the  O-lattice  unit  cell  is  in  a  left-handed 
coordinate  system).  The  dislocation  network  evaluated 
on  the  observed  (2Tl)  facet  plane  is  shown  in 
Figure  6(a). 

For  the  orientation  relationship  between  the  9R  plates 


Fig.  5  —  Interfacial  structure  of  the  (211)i,„  and  (243)i,„  facet  planes 
on  degenerate  fee  precipitates. 
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(except  inset)  (c) 

Fig.  6— Dislocation  network  evaluated  by  0-lattice  theory  on 
(a)  (2Tl)i^,  habit  plane  (bcc/fcc).  (b)  (2.25  1.96  1)^,,  habit  plane 
(bcc/9R),  and  (c)  (4.85  4.27  l)i^f  habit  plane  (bcc/9R). 


and  the  bcc  matrix,  the  best  matched  primitive  cells 
under  the  above  orientation  relationship  are  shown  in 
Figure  1.  The  bcc  primitive  cell  basis  vectors  are 
l/2[lll]bcc,  [OlOJbcc,  and  3/2[lll]bcc.  The  primitive  cell 
of  the  9R  structure  is  then  constructed  by  1/2[110]9r, 
[100J9R,  and  [3/2  1/6  k/3]  9R,  where  k  is  the  ratio  of  the 
length  of  the  actual  c-axis  to  that  of  the  ideal  c-axis  for 
closed-packed  stacking  of  the  closed-packed  (009)9r 
planes.  For  Cr-Ni,  this  ratio  at  room  temperature  is  ap¬ 
proximately  7.330/3\/6.‘^*'  The  matrix  (I  -  A“')“'  for 
matching  of  9R  and  bcc  phases  is 


(I  - 


75.052  -66.675  33.103 

118.174  -112.173  35.480 

305.803  -261.863  -2.459 


[6] 


and  its  determinant  is  86,357.  Figure  6(b)  shows  the 
evaluated  dislocation  network  on  the  experimentally  ob¬ 
served  (2.25  1.96  l)bcc  habit  plane.  Figure  6(c)  shows 
the  calculated  dislocation  structure  on  the  (4.85  4.27 
l)bcc  habit  plane  reported  by  Kikuchi.'^*'  The  results  of 
the  two  types  of  O-lattices  described  above,  as  well  as 
results  obtained  from  O-lattices  calculated  with  different 
precipitate/matrix  lattice  parameter  ratios,  are  summa¬ 
rized  in  Table  I. 


IV.  DISCUSSION 

A.  Precipitation  of  a  Metastable  Transition  Phase 

In  order  for  a  metastable  phase  to  nucleate,  the  work 
of  formation  of  its  critical  nucleus  must  be  lower  than 


that  for  the  equilibrium  phase.  The  formation  energy  is 
a  sensitive  function  of  the  interphase  boundary  energy 
and  the  shape  of  the  nucleus. In  the  absence  of  de¬ 
tailed  information  on  the  shape  and  energy  of  the  critical 
nucleus,  even  for  the  simple  case  of  an  fee  precipitate 
in  a  bcc  matrix,  it  is  reasonable  to  assume  a  large  pro¬ 
portion  of  the  nucleus  is  enclosed  by  a  good-matching 
(low-energy)  interphase  boundary. 

Such  a  boundary  can  be  identified  by  intersecting 
planes  through  the  0-lattice.  Good  matching  boundaries 
are  those  with  widely  spaced  0-points  (or  widely  spaced 
Wigner-Seitz  cell  walls).  The  presence  of  at  least  one 
long  column  vector  in  the  matrices  of  Eqs.  [5]  and  [6] 
indicates  that  the  O-lattice  cells  for  the  bcc/fcc  and 
bcc/9R  cases  considered  here  are  highly  elongated. 
Thus,  the  good-matching  boundaries  for  these  cases 
should  contain  the  long  vectors  of  the  O-lattice.  The 
near-parallel  misfit  dislocation  arrays  shown  in  Figure  6 
are  characteristic  of  such  good-matching  boundaries. 

By  comparing  these  dislocation  arrays,  it  can  be  seen 
that  Figure  6(c)  has  the  largest  dislocation  spacing  of  the 
experimentally  observed  habit  planes.  The  (4.85  4.27 
l)bcc  habit  plane  for  9R  has  slightly  better  interfacial 
matching  than  the  (2.25  1.96  l)bcc  habit  plane,  and  this 
interface  matches  better  than  the  (21 1)^^  habit  plane  for 
fee  in  the  KS  orientation  relationship. 

The  effect  of  lattice  parameter  ratio  on  the  interfacial 
matching  can  be  seen  in  the  last  three  rows  of  Table  I. 
If  the  interatomic  distances  in  the  closed-packed  direc¬ 
tions  of  the  matrix  and  pre^itate  phases  are  the  same, 
i.e.,  ORc/obcc  =  V3/2  or  V2  fljR/abcc  =  V3/2,  then  the 
O-lattice  cell  becomes  infinitely  long  in  one  direction 
and  the  determinant  is  infinite.  This  direction  is  an  in¬ 
variant  line,i^^'  or  a  direction  of  perfect  registry  between 
the  two  phases. 

If  the  closed-packed  planes  in  the  9R  phase  are 
stacked  with  the  ideal  spacing  {k  =  1),  the  determinant 
of  (I  -  A  ')“'  is  125,141,  45  pet  larger  than  the  value 
obtained  (86,355)  using  the  experimental  value  of  k 
(Table  1).  This  indicates  that  the  small  contraction  of  the 
Cr-Ni  9R  phase  along  the  c  direction  produces  slightly 
worse  matching  with  the  bcc  phase  than  the  ideal, 
closed-packed  9R  phase. 

These  comparisons  indicate  that  9R  precipitates  in  the 
Cr-Ni  system  exhibit  better  matching  with  the  bcc  parent 
phase  than  the  fee  precipitates.  Thus,  the  9R  phase  is 
likely  to  have  a  lower  interfacial  energy  than  the  equi¬ 
librium  fee  phase,  and  it  is  reasonable  to  expect  9R  to 
nucleate  more  readily  at  lower  reaction  temperatures 
where  there  is  sufficient  supersaturation  to  overcome  the 
reduced  driving  force  associated  with  formation  of  the 
metastable  phase.  This  deduction  is  consistent  with 
the  observed  transformation  sequence.  At  1100  °C  in 
Cr-32Ni  alloy,  fee  is  the  precipitate  phase.  At  1050  °C, 
slightly  below  the  9R  solvus,"’'  9R  forms  first,  but  the 
fee  phase  appears  to  precipitate  soon  after, as  the 
supersaturation  for  9R  formation  is  depleted.  At 
1000  °C,  a  large  volume  fraction  of  the  9R  plates  can 
be  formed.  At  both  1050  °C  and  1000  °C,  continued 
holding  of  9R  plates  at  the  reaction  temperature  causes 
the  9R  phase  to  decompose  to  the  equilibrium  fee  phase. 
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Table  I.  Comparison  of  the  Evaluated  0-Lattice$  in  Different  Conditions 


Structures 

(Matrix/Precipitate) 

^fcc/^bcc 

(or  V2«9R/«bcc) 

k 

(c/Ideal  c) 

|Det(I  -  A-‘)-'| 

(in  bcc  Coordinate) 

bcc/fcc 

1.255 

1 

27,564 

bcc/9R 

1.255 

7.330/3V6 

86,355 

bcc/fcc 

1 

00 

bcc/9R 

V372 

1 

00 

bcc/9R 

1.255 

1 

125,141 

B.  Applicability  of  Phenomenological  Theory 
of  Martensite  Crystallography 

The  PTMC  has  been  used  in  other  systems  exhibiting 
a  bcc  — >  9R  precipitation  sequence  to  predict  habit 
planes  and  orientation  relationships.  Kajiwara  et  alP'^^ 
employed  Suzuki ’s  version*^^^  of  the  PTMC  to  show  that 
the  observed  habit  plane  and  orientation  relationship  of 
9R  plates  in  Cu-Al  alloys  agree  quite  well  with  predicted 
values,  and  the  OR  reported  by  Kikuchi'^^^  is  also  in 
close  agreement  with  the  predictions  of  the  PTMC.  This 
raises  an  apparent  dichotomy:  why  does  a  martensitic 
theory  accurately  predict  the  crystallography  of  a  dif- 
fusional  precipitation  reaction? 

For  the  case  of  a  diffusional  reaction,  the  orientation 
relationship  is  likely  to  be  selected  to  minimize  the  work 
of  formation  of  the  critical  nucleus.'^"  The  orientation 
relationship  is  thus  very  likely  to  produce  at  least  one 
good-matching  boundary  plane,  although  it  is  not  nec¬ 
essarily  a  crystallographically  invariant  plane. 

In  order  to  keep  the  parent  and  product  phases  to¬ 
gether  across  the  interphase  plane  during  a  martensitic 
transformation,  on  the  other  hand,  a  shear  strain  is  gen¬ 
erally  needed  in  addition  to  the  deformation  that  trans¬ 
forms  the  parent  lattice  to  the  product  lattice. 
Operationally,  this  shear  component  of  the  PTMC 
(sometimes  called  the  lattice  invariant  deformation)  is 
the  only  difference  between  the  PTMC  theory  and  the 
0-lattice  construction.  Thus,  for  cases  in  which  the  shear 
component  of  the  PTMC  is  small,  the  habit  plane  pre¬ 
dicted  by  this  theory  will  be  close  to  a  good-matching 
plane  determined  by  the  O-lattice  construction. 

This  is  the  case  for  some  9R  precipitation  reactions. 
A  lattice  invariant  shear  of  less  than  2  pet  relative  to  the 
length  of  the  a-axis  is  required  to  produce  an  invariant 
plane  in  the  Cr-Ni  alloy.  The  lattice  invariant  shear  in 
Cu-Af'^^'^  (if  chosen  in  the  (009)9r  plane  in  the  [OlOlyR 
direction)  has  a  magnitude  of  less  than  1  pet  relative  to 
the  length  of  the  shortest  axis.*  These  small  shears  in- 


*Kajiwara'”’'  uses  a  different  orthorhombic  coordinate  system  from 
that  employed  here;  the  shortest  axis  corresponds  to  the  a-axis  in  this 
work. 


dicate  that  precipitation  of  9R  in  the  Cr-Ni  and  Cu-Al 
systems  can  produce  a  near-invariant  plane  without  a  lat¬ 
tice  invariant  shear,  and  this  plane  is  close  to  the  good¬ 
matching  plane  predicted  by  the  O-lattice  theory.  Be¬ 
cause,  in  Cu-Al,  the  lattice  parameter  ratio  if/laqy^/ a^^) 
ranges  from  1.260  to  1.264,  within  1  pet  of  the  lattice 
parameter  ratio  in  Cr-Ni  (1.255),  the  good-matching 
plane  is  almost  the  same  in  both  alloy  systems. 
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The  O-points  calculated  from  Eq.  [6]  for  matching  be¬ 
tween  bcc  and  9R  are  distributed  in  a  thin  slab  in  three 
dimensions.  The  index  of  the  slab  plane,  which  is  the 
good-matching  plane,  can  be  determined  analytically’^®' 
and  is  approximately  (8.62  7.72  1).  This  plane  is  about 
3.9  deg  from  the  observed  (4.85  4.27  l)bcc™  habit 
plane.  The  habit  plane  predicted  by  Suzuki ’s  method  is 
(3.10  3.14  l)bcc,  about  5.6  deg  from  the  observed  plane. 
Thus,  both  PTMC  and  O-lattice  theories  give  similar 
agreement  with  the  observed  bcc/9R  habit  plane  in  the 
Cr-Ni  alloy.  Similar  agreement  is  found  for  the  Cu-Al 
alloy. 

Although  the  shape  of  9R  precipitates  in  these  systems 
is  probably  not  the  equilibrium  shape,  the  good¬ 
matching  boundary  orientation  set  during  nucleation 
almost  certainly  affects  the  subsequent  growth  of  the 
precipitate.  At  least  for  Cr-Ni  and  Cu-Al  9R  plates,  the 
habit  plane  appears  to  correspond  to  the  good-matching 
boundary  orientation.  The  (21  l)bjc  facet  plane  of  the  fee 
degenerate  precipitates  is  a  good-matching  boundary, 
but  the  (243)5<.c  facet  plane  has  considerably  poorer 
matching. 

It  seems  clear  that  agreement  between  observed  and 
predicted  habit  planes  by  the  PTMC  does  not  necessarily 
indicate  that  the  transformation  mechanism  is  diffusion¬ 
less.  Precipitation  reactions  can  also  produce  facet 
planes  near  the  PTMC  predicted  habit  planes  if  the  lat¬ 
tice  invariant  deformation  (shear)  component  of  the 
theory  is  small  and  if  the  precipitate/matrix  orientation 
relationship  is  close  to  the  PTMC  orientation 
relationship. 


V.  CONCLUSIONS 

The  O-lattice  model  was  used  to  investigate  the  inter¬ 
facial  matching  of  fee  and  9R  precipitates  with  a  bcc 
matrix  in  Cr-Ni  alloys.  The  following  conclusions  were 
drawn  from  the  interfacial  matching  calculated  using  ex¬ 
perimentally  observed  habit  planes  and  orientation 
relationships. 

1 .  The  9R  phase  in  Cr-Ni  alloys  produces  better  match¬ 
ing  with  the  bcc  matrix  than  the  equilibrium  fee 
phase.  As  a  result,  it  is  likely  to  have  a  lower  inter¬ 
facial  energy  with  the  bcc  phase  and  will  nucleate 
more  rapidly  than  the  equilibrium  phase  provided 
sufficient  supersaturation  (undercooling)  is  available. 
This  is  consistent  with  the  view  that  the  9R  phase  in 
Cr-Ni  is  a  metastable  transition  phase  that  forms  be¬ 
cause  it  has  better  interfacial  matching  with  the 
parent  bcc  phase  than  does  the  equilibrium  fee  phase. 
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2.  The  PTMC  predicts  habit  planes  of  diffusional  trans¬ 
formations  in  cases  where  the  lattice  invariant  defor¬ 
mation  is  small.  For  these  cases,  the  PTMC  and  the 
0-lattice  theory  are  practically  the  same  and  both 
identify  planes  of  good-matching  between  the  pre¬ 
cipitate  phase  and  the  product  phase. 
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Bainitelike  Transformations  in  Some  Oxide  Ceramics 


N.  NAKANISHI,  T.  SHIGEMATSU,  T.  FURUKAWA,  and  N.  MACHIDA 

The  authors  show  two  examples  of  “bainitelike”  transformations  in  some  oxide  ceramics.  A 
bainitelike  transformation  means  that  a  shear  (martensitic)  mechanism  is  controlled  by,  or  to¬ 
gether  with,  ionic  diffusion  in  the  lattice  as  well  as  the  case  of  lower  bainite  in  steel.  The  first 
example  is  a  tetragonal-to-monoclinic  transformation  in  Zr02-Y203  ceramics,  where  the  bain¬ 
itelike  transformation  must  be  characterized  by  (1)  the  increase  in  concentration  of  oxygen  va¬ 
cancies  caused  by  the  substitution  of  Zr'*'^  ions  by  ions,  (2)  a  fairly  high  mobility  of  oxygen 
ions  through  their  vacancies,  and  (3)  the  formation  of  clusters  composed  of  oxygen  vacancies 
and  oxygen  ions.  The  second  case  is  an  inverse  spinel  to  corundum  structural  change  observed 
in  y  Fe203  to  a  Fe203,  in  which  the  bainitelike  transformation  may  be  explained  by  cooperative 
movements  of  oxygen  and  ferric  ions,  which  are  sandwiched  between  oxygen  layers. 


I.  INTRODUCTION 

According  to  Nishiyama,"'  so-called  lower  bain¬ 
ite  is  made  by  a  diffusionless  transformation  from  aus¬ 
tenite  (y)  to  ferrite  (a)  in  steels  where  the  transformation 
requires  not  only  a  shear  mechanism  but  also  an  indi¬ 
vidual  atomic  movement  and  accompanies  small  non¬ 
chemical  energies.  Lattice  invariant  deformation  and 
interface  energies  are  associated  with  the  transformation. 
Therefore,  if  the  temperature  is  lower  than  To  (the  equi¬ 
librium  temperature  between  y  and  a  phases),  the  lower- 
bainitic  transformation  can  occur  even  at  temperatures 
higher  than  the  M,  temperature.  Although  the  progress 
of  this  transformation  is  usually  prevented  by  volume 
strains  caused  by  an  expansion  of  the  martensitic  trans¬ 
formation,  the  growth  of  the  bainitic  a  phase  will  be  able 
to  continue  when  the  expansion  stress  is  released  by  the 
contraction  due  to  the  precipitation  of  carbide  in  the  a 
region.  This  fact  suggests  that  the  activation  energy  for 
the  growth  of  lower  bainite  is  close  to  that  for  the  carbon 
diffusion  in  the  a  region.  A  fairly  large  surface  relief 
can  usually  be  observed  with  the  lower  bainitic  trans¬ 
formation.  Simply  said,  the  lower  bainitic  transforma¬ 
tion  requires  a  cooperative  atomic  shear  movement 
together  with  the  diffusion  of  solute  atoms. 

The  “bainitelike”  transformation,  which  the  authors 
are  proposing  here  in  oxides,  points  out  the  following 
two  cases: 

(1)  A  tetragonal-to-monoclinic  transformation  occurs 
isothermally  in  Zr02-Y203  ceramics,  this  being  similar 
to  the  eutectoidal  transformation,  a  +  Fe3C,  in  steel. 
In  other  words,  as  shown  in  the  phase  diagram 
(Figure  1),  the  bainitelike  transformation  occurs  during 
isothennal  holding  after  a  rapid  cooling  from  high  tem¬ 
perature  into  the  two-phase  region  of  monoclinic  +  cubic. 
The  bainitelike  transformation  is  associated  with  the  fol¬ 
lowing  phenomena:  (a)  A  surface  relief  appears  in  the 
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transformation  from  tetragonal  to  monoclinic;  (b)  this 
transformation,  however,  occurs  not  athermally  but  iso¬ 
thermally;  and  (e)  the  rate  of  isothermal  transformation, 
as  will  be  shown  in  Section  III-A-2,  is  considered  to 
be  controlled  by  rotation  or  short-range  diffusion  of  ox¬ 
ygen  ions.  This  means  that  a  fairly  large  strain  can  be 
released  by  these  ionic  movements.  From  the  crystal¬ 
lographic  point  of  view,  the  herringbone  tetragonal  phase 
of  ZrO2-2.0  mol  pet  Y2O3  thin  films  has  been  observed'^' 
to  undergo  partial  transformation  to  the  monoclinic  phase 
with  an  orientation  relationship  similar  to  that  found  in 
pure  ZrOj:  (100),„  //  {100},,  [001],,,  //  (001),.  The  habit 
plane  of  these  plates  is  reported  to  be  near  (301), „,  and 
eaeh  plate  has  a  substructure  of  fine  striations  interpreted 
to  be  planar  faults  on  the  {101},,,  plane,  which  corre¬ 
sponds  to  the  {101},  twin  plane  of  the  twinned  tetragonal 
band.  Hayakawa  et  have  applied  the  W-L-R  crys- 
tallographie  theory,  assuming  a  lattice  invariant  shear  on 
whichever  of  the  planes  (110),,,,  (101),,,,  or  (011),„  is  par¬ 
allel  to  the  {101},  twin  plane. 

(2)  The  bainitelike  behavior  has  been  observed  also  in 
the  y  Fe203  to  a  Fe203  transformation,  from  inverse  spi¬ 
nel  structure  to  the  corundum  one,  in  which  the  short- 
range  diffusion  of  Fe^"^  ions  through  their  vacancies  may 
associate  with  the  martensitic  shear  movement  of  oxygen 
ions. 

There  are  two  modifications  in  Fe203,  i.e.,  the  y  and 
a  forms.  The  former  has  an  inverse  spinel  structure'^' 
with  cell  dimension  a  =  0.8322  nm,  and  2  •  2/3  vacan¬ 
cies  per  unit  cell  in  the  cation  lattice,  while  the  latter  is 
determined  to  be  a  rhombohedral  corundum  one^^^  with 
cell  dimensions  a  =  0.54271  nm,  a  =  55  deg  17  min. 
It  can  also  conveniently  be  described  as  a  hexagonal 
structure  with  a  =  0.50345  nm  and  c  =  1.3749  nm. 

The  transformation  of  y  Fe203  to  a  Fe203  is  found  to 
occur  irreversibly  above  673  K.  Bemal  et  and  Kachi 
et  studied  this  transformation  by  using  X-ray  dif¬ 

fraction  (XRD)  and  electron  diffraction  techniques,  re¬ 
spectively.  They  pointed  out  that  there  exists  an  orientation 
relationship  between  these  forms,  such  as  (1 1 1).,,  //  (000 !)„ 
and  [lT0].y  //  [0lT0]„.  Also,  the  habit  plane  has  been 
observed  as  a  (111)^  (=  (OOOl)^)  plane.  This  transfor¬ 
mation  is  of  the  ferrimagnetic  to  antiferromagnetic  type. 

The  purpose  of  this  article  is  to  make  clear  the  mean¬ 
ing  of  bainitelike  transformation  observed  both  in  the  cases 
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Fig.  1  —  Phase  diagram  of  Zr02-Y203. 


of  the  tetragonal-to-monoclinic  transformation  in  the  Y2O3- 
Zr02  solid  solution  and  the  y  ^  a  transformation  in  Fe203 
ceramics.  The  mechanism  of  the  bainitelike  transfor¬ 
mation  would  be  that  the  martensitic  shear  was  operated 
together  with  rotation  or  short  diffusion  of  oxygen  ions 
(in  the  former)  and  with  synchronous  rearrangement  of 
ferric  ions  (in  the  latter). 


II.  EXPERIMENTAL  PROCEDURES 

The  raw  materials  were  2.2  to  5.0  mol  pet  Y2O3  con¬ 
taining  Zr02  powders.  These  powders  were  pressed  at 
100  MPa,  and  calcined  for  several  hours  at  1673  and 
1873  K  in  air.  Their  average  grain  sizes  after  sintering 
were  in  the  range  of  0.3  to  5.0  /xm.  X-ray  diffraction, 
Fourier-transform  infrared  spectroscopy  (FT-IR)  absorp¬ 
tion  spectra,  thermogravimetric  and  differential  scanning 
calorimeter  (TG-DSC),  bending  strength,  and  thermal 
expansion  measurements  were  made  to  check  the  mono¬ 
clinic  amounts  transformed  from  the  tetragonal  phase 
during  isothermal  aging  and  upon  cyclic  thermal 
treatments. 

The  starting  material  for  obtaining  thin  plates  of  y  Fe203 
was  a  lepidocrocite  (y  FeOOH)  precipitate  with  a  thin- 
plate  habit.  It  was  approximately  5  yum  in  length,  1  /rm 
in  width,  and  a  few  tens  of  nanometers  in  thickness.  The 
crystal  was  dehydrated  and  completely  converted  to  y 
Fe203  by  heating  at  523  K  for  a  few  hours.  The  authors 


observed  these  samples  before  and  after  the  transfor¬ 
mation  with  a  JEOL*  120  electron  microscope  (120  kV) 

*JEOL  is  a  trademark  of  Japan  Electron  Optics  Ltd.,  Tokyo,  Japan. 

by  using  dark-field  imaging  and  selected  area  diffraction 
as  well  as  ordinary  techniques. 

III.  EXPERIMENTAL 
RESULTS  AND  DISCUSSION 

A.  Isothermal  Propagation  of  the 
Tetragonal-to-Monoclinic  Transformation  in 
Zr02-2.2  to  5.0  Mol  Pet  Y2O3  Sintered  Ceramics 

ZTO2-Y2O2  powder  specimens  were  sintered  for 
10.8  ks  (10.8  X  10^  seconds)  at  1673  and  1873  K  and 
then  isothermally  held  for  several  hours  in  the  temper¬ 
ature  range  from  473  to  673  K  in  air.  In  Figure  2(a), 
plots  are  shown  of  the  isothermal  growth  of  monoclinic 
phase  detected  by  thermal  expansion  measurement,  in 
which  S  and  F  note,  respectively,  “start  and  finish”  of 


(a) 


Time,  t  /  ks 

(b) 


Eig.  2  —  {a)  Thermal  expansion  vi  aging  time  in  2.2  mol  pet  Y,©,- 
ZrO,.  (b)  TTT  diagram  obtained  after  isothermal  holding  in  2.2,  3.3, 
and  5.0  mol  pet  YiOj-ZrO,,  after  being  sintered  at  1873  K  for  10.8  ks 
in  air."”' 
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the  transformation,  and  time-temperature-transformation 
(TTT)  diagram  thus  obtained  is  shown  in  Figure  2(b), 
where  the  C-curve  behavior  in  the  diagram  was  made  by 
plotting  the  S  and  F  points,  and  this  was  also  confirmed 
by  XRD.  It  is  to  be  noted  that  the  C-curves  are  much 
affected  by  their  grain  sizes. 

As  shown  in  Figure  3,""  similar  C-curves  are  ob¬ 
tained  in  a  TTT  diagram,  where  the  shape  of  the  C-curve 
and  the  nose  temperature  are  very  similar  to  one  another, 
but  the  addition  of  AI2O3  retards  the  transformation,  sug¬ 
gesting  that  a  segregation  phenomenon  of  AI2O3  occurs 
at  grain  boundaries  in  the  specimens  containing  AI2O3 
and  results  in  the  suppression  of  martensite  propagation. 

In  order  to  study  the  isothermal  character  of  the  te¬ 
tragonal  monoclinic  martensitic  transformation,  a  cyclic 
thermal  treatment,  using  2.2  mol  pet  Y203-Zr02  Tetrag¬ 
onal  Zirconia  Polycrystals  (TZP)  specimens,  was  carried 
out,  and  the  change  in  thermal  expansion  and  contraction 
associated  with  the  tetragonal  ^  monoclinic  transfor¬ 
mation  was  plotted  against  temperature  (Figure  4).  In  the 
figure,  where  the  grain  size  was  2  to  3  /rm  and  the  cycle 
rate  was  2.1  X  10“^  ks~',  an  extraordinary  expansion 
was  observed  in  the  first  heating  process,  which  was  due 
to  the  appearance  of  the  monoclinic  phase.  The  subse¬ 
quent  contraction  due  to  the  reverse  monoclinic-to- 
tetragonal  transformation  was  followed  at  about  823  K. 
In  the  second  and  third  cycles,  similar  expansion  and 
contraction  were  also  markedly  observed,  where  the 
transformation  temperatures  M,  and  increased  with  in¬ 
creasing  cycle  number,  i.e.,  =  673  K  at  the  second, 

723  K  at  the  third,  and  753  K  at  the  fourth  rising  curve, 
whereas  Aj  =  723  K  at  the  second  and  823  K  at  the  third 
falling  curve,  respectively.  The  following  must  be  noted: 
(1)  when  the  cycle-rate  was  increased  to  8.4  X  10"^  ks"' 
(four  times  larger),  no  expansion  and  contraction  oc¬ 
curred  both  during  heating  and  cooling,  because  of  its 
isothermal  (velocity  dependent)  character;  and  (2)  if  the 
athermal  nature  was  assumed  to  control  the  rate  of  trans¬ 
formation,  the  expansion  due  to  the  tetragonal-to- 
monoclinic  transfomration  could  not  occur  during  the  first 
heating,  but  it  was  observed  during  the  first  cooling. 
Moreover,  the  amount  of  thermal  expansion  increased 
with  the  cycle  number,  suggesting  a  gradual  increase  in 
the  monoclinic  phase  accompanying  a  small  amount  of 


Fig.  3  —  TTT  curves  in  partially  stabilized  zirconia  (PSZ)  with  and 
without  AhO,.'"* 


cracks.  A  similar  isothermal  character  of  the  tetragonal- 
to-monoclinic  transformation  was  clearly  observed  in 
ZrO2-2.0  mol  pet  Er203  ceramics."^' 

1 .  Consideration  of  the  tetragonal  and  monoclinic 
crystal  structures  related  to  oxygen-ion  defects 
The  crystallographic  relationships  between  tetragonal 
and  monoclinic  phases  in  pure  Zr02  have  been  stud¬ 
ied. Here,  a  dynamical  behavior  of  oxygen  ions  as¬ 
sociated  with  the  transformation  is  discussed.  The  relative 
ionic  positions  between  Zr"*^  and  are  shown  in 
Figures  5(a)  and  (b)  corresponding  to  tetragonal  and 
monoclinic  lattices,  respectively.  In  the  case  of 
Figure  5(a),  the  transformation  into  tetragonal  from  cubic 
is  associated  with  the  shift  of  oxygen  ions  in  the  direc¬ 
tion  parallel  to  the  c-axis  of  the  cubic  lattice,  the  Zr-Og 
relation  being  maintained. 


273  473  673  873  1073 


Temperature , T/K 

Fig.  4 — Thermal  expansion  vs  temperature  associated  with  thermal 
cycles  in  2.2  mol  pet  Y,03-Zr02. 
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As  shown  in  Figure  5(b),  to  make  the  monoclinic  lat¬ 
tice,  a  complicated  displacement  of  oxygen  ions  needs 
to  occur,  corresponding  to  the  change  in  the  coordination 
number  from  Zr-Og  to  Zr-Ov.  Therefore,  the  authors  sug¬ 
gest  that  this  displacement  of  oxygen  ions  must  be 
accompanied  with  the  ionic  shear  from  tetragonal-to- 
monoclinic  symmetry. 

As  the  specimens  contain  a  small  amount  of  Y2O3,  and 
consequently,  the  oxygen  ion  vacancies  are  induced  by 
holding  the  ionic  neutralization  in  the  lattice, 


ZrOz  +  Y2O3  ^  ZrOj  +  2Yz,  +  V„  +  30„ 

Here,  Vq  is  the  oxygen  vacancy.  Since  the  vacancy  con¬ 
centration  increases  with  the  increase  in  Y2O3  concen¬ 
tration,  it  is  expected  that  the  tetragonal-to-monoclinic 
transformation  character  in  the  Zr02-Y203  solid  solution. 


(a) 


Fig.  5  —  Configuration  of  Zr-O  groups:  (n)  Zr-0„  groups  on  the  (100) 
plane  in  the  tetragonal  lattice  and  (h)  Zr-O,  groups  in  the  monoclinic 
lattice  after  being  transformed. 


having  a  fairly  large  amount  of  oxygen  vacancies,  should 
be  somewhat  different  from  that  of  pure  Zr02.  More  re¬ 
cently,  it  has  been  reported"'"  that  oxygen  ions  neigh¬ 
boring  their  vacancies  tend  to  occupy  some  interstitial 
sites  that  are  shifted  from  the  equilibrium  lattice  posi¬ 
tions  in  the  CaF2-type  structure.  The  shifted  positions  are 
understood  to  be  the  Frenkel  defect.  Figure  6  illustrates 
that  the  interaction  between  the  vacancies  and  oxygen 
ions  located  at  the  Frenkel  positions  can  produce  a  kind 
of  cluster."^'  It  is  probable,  accordingly,  to  produce  the 
same  types  of  cluster  or  defect  structure  in  the  Zr02- 
Y2O3  lattice.  It  is  of  importance  that  in  the  tetragonal  ^ 
monoclinic  transformation,  a  more  complicated  dis¬ 
placement  of  oxygen  ions  (and  related  other  cations)  is 
required  together  with  the  martensitic  shear  to  complete 
the  transformation.  This  is  the  basis  of  the  argument  for 
the  bainitelike  nature  of  the  tetragonal-to-monoclinic 
transformation  in  the  Zr02-Y203  lattice. 

2.  A  simple  description  of  the  isothermal 
propagation  of  tetragonal-to-monoclinic 
transformation  using  “homogeneous 
nucleation  theory” 

The  growth  rate  of  the  monoclinic  phase  can  be  ex¬ 
pressed  as 

A  =  ^exp  [-(AG„.  +  AGJ/RT] 

Here,  K  contains  the  number  of  ions  of  critical  radius 
and  the  frequency  number  of  lattice  vibrations.  The  terms 
AG„.  and  AG„  are,  respectively,  the  activation  energies 
for  the  formation  of  the  critical  nuclei  and  that  necessary 
for  the  propagation  or  diffusion. 

The  authors  assume  a  martensitic  nucleus  of  disc  shape 
having  the  radius  of  r,  and  the  thickness  c  {c  <  r),  and 
then  the  total  change  of  the  Gibb’s  free  energy  for  mar¬ 
tensitic  nucleation  is  given  by 

AG„  =  Trr'cAG,,  +  Ittr^cr  +  m^ciclr  •  A) 


<111> 


\ 


Fig.  6  —  The  222  cluster  composed  of  two  oxygen-ion  vacancies,  two 
interstitial  F'“  ions  along  (111),  and  two  interstitial  F'“  ions  along 
(1 10)  directions."'' 
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where  AG,  is  the  change  in  the  chemical  free  energy  as¬ 
sociated  with  transformation  per  unit  volume,  a  is  the 
surface  energy  per  unit  surface  area,  and  A  is  the  unit 
strain  energy. 

The  critical  values  for  the  stable  nucleation  can  be  ob¬ 
tained  by  the  following  condition: 


Therefore, 


197rA^cP 


\6Aa 
3AGl 
r  ■  AG, 


where  AG,  =  AH,  -  T-AS,  =  ASI.-AT.  Here,  AS^  is 
the  entropy  change  at  the  equilibrium  temperature,  Tq, 
and  AT  =  Tq  —  T.  Since  it  is  roughly  assumed  that  the 
values  a,  A,  and  ASl  are  constant  over  the  temperature 
change,  AG„*  can  be  expressed  as 


AG„ 


AG° 

(AT)^ 


If  one  can  assume  that  the  value  of  AG„  (~95  kJ/mol) 
is  only  due  to  the  activation  energy  for  the  oxygen-ion 
diffusion  in  the  tetragonal  lattice  (5.0  mol  pet  Y203-Zr02), 
the  result  obtained  is  described  in  Figure  7,  where  (a) 
the  C-type  behavior  of  the  growth  rate  of  monoclinic  phase 
having  a  maximum  (nose  temperature)  controlled  by  the 
diffusion  of  oxygen  ions,  and  (b)  the  change  in  activa¬ 
tion  energies,  AW  =  AG„.  +  AG„,  can  both  be  plotted 
as  a  function  of  temperature. 

Similar  values  for  the  activation  energy,  AG„  =  70  to 
90  kJ/mol,  have  been  obtained  by  Tsubakino,''*'  using 
the  C-curves  (3.0  mol  pet  Y203-Zr02). 


B.  A  Shearlike  Mechanism  Associated  with 
Short-Range  Diffusion  of  Ferric  Ions  in  the 
Transition  from  y  FciOj  (Inverse  Spinel  Structure) 
to  a  Fe^Oj  (Corundum  Structure) 

When  the  mechanism  of  y  to  a  FcjO,  transformation 
is  considered,  it  is  convenient  for  us  to  understand  the 
crystal  structures  of  y  and  a  Fe203  in  terms  of  the  stack¬ 
ing  sequence  of  atomic  planes,  as  described  by  lida^'^' 
and  Nicolls.'’®' 

According  to  lida’s  descriptions,  y  Fe203  is  con¬ 
structed  in  such  a  way  that  the  close-packed  oxygen  lay¬ 
ers  have  a  stacking  sequence  of  A,  B,  C,  A,  B,  C,  .  .  ., 
and  metallic  ions  are  present  in  their  interstices,  them¬ 
selves  forming  two-dimensional  trigonal  lattices.  These 
intervening  ferric  ion  layers  consist  of  two  kinds  of  tri¬ 
gonal  lattices.  One  is  called  a  “kagome”  lattice,  in  which 
all  lattice  points  are  surrounded  by  six  oxygen  ions,  and 
the  other  is  a  “mixed  trigonal”  lattice,  in  which  two- 
thirds  of  the  lattice  points  are  tetrahedral  and  the  re¬ 
maining  one-third  are  octahedral.  These  two  kinds  of 
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Fig.  7 — The  change  in  the  growth  rate  [l(T)/I{T,i)]  and  the  activation 
energy,  AW  values,  against  temperature  (5.0  mol  pet  YjOj-ZrOj). 


trigonal  lattices  are  shown  in  Figures  8(a)  and  (b).  The 
nearest  interatomic  distance  in  the  kagome  lattice  is  = 
0.297  nm,  and  the  mesh  size  of  the  “mixed  lattice”  is 
2/\/3«  =  0.337  nm,  where  a  is  the  nearest  interatomic 
distance  of  oxygen  in  the  close-packed  plane.  These  two 
kinds  of  layers  are  alternately  found  between  oxygen  layers 
along  (11 1),^  directions. 


0.297  nm 

(a) 


(b) 

Fig.  8 — Two  kinds  of  trigonal  lattices  in  spinel  structure,  (a)  Kagome 
lattice  and  (b)  mixed  trigonal  lattice. 
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0.290  nm 


0 18  nm 


Fig,  9  —  Honey  comb  lattice  in  a  FeiO,. 
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Fig.  10 — The  spinel  structure  of  y  FeaO,.  Large  circles  show  oxygen 
ions  with  small  triangles  and  squares,  ferric  ions,  sandwiched  between 
them. 


(®  (s£)-"f' 

.  0’A  SA  -^dragc 

I  A'^AA'^A  ^  mwe, 
0  0 


•dragged  to  Cl  12] 
moved  tocTzIlorC^ll] 


(ObK0W 

^^]§kX. 


View  from  C-axis 


Fig.  12 — Two  kinds  of  displacement  of  ferric  ions  associated  with 
the  (a/6)-[112]  shear  of  oxygen  ions  on  the  (111)  planes. 


On  the  other  hand,  the  main  framework  of  the  a  Fe203 
structure  is  a  hexagonal  close  packing  of  oxygen  ions, 
in  which  metallic  ions  lie  at  octahedral  interstices.  The 
stacking  sequence  of  the  close-packed  oxygen  layer  is 
A,C,A,C,  ...,  and  intervening  metallic  ion  layers 
form  a  “honey  comb”  lattice,  as  shown  in  Figure  9.  The 
mesh  size  of  the  honey  comb  lattice  is  0.29  nm,  being 
equal  to  the  nearest  interatomic  distance  of  oxygen  in  a 
close-packed  plane.  It  is  noted  that  this  value  is  almost 
equal  to  that  of  the  kagome  lattice  in  y  Fe203,  i.e., 
0.297  nm.  Between  the  oxygen  layers  are  found  honey 
comb  layers  in  the  C  direction,  in  such  a  way  that  the 
stacking  sequence  of  oxygen-metal-oxygen  is  A,  B,  C, 
A,  B,  C,  .  .  ..  The  layer  structure  of  y  Fe203  is  sche¬ 
matically  illustrated  in  Figure  10. 

From  the  orientation  relationship  and  the  layer  struc¬ 
tures  of  y  and  a  Fe203,  it  is  accordingly  suggested  that 
the  transformation  occurs  by  a  restacking  of  close-packed 
oxygen  layers  with  simultaneous  movement  or  short-range 
diffusion  of  metallic  ions:  Fe^”^.  These  are  described  in 
the  following:'®) 

(1)  The  stacking  sequence  A,  B,  C,  A,  B,  C,  .  .  .  of 
oxygen  layers  in  the  y  Fe203  is  changed  to  A,  C,  A,  C, 
...  of  the  a  Fe203  by  a  similar  mechanism  to  that  pro¬ 
posed  for  the  transformation  in  metallic  cobalt  from  face- 
centered  cubic  (fee)  to  hexagonal  close-packed  (hep),  that 
is,  by  a  shear  in  the  [112]jp  direction  with  every  two 
close-packed  oxygen  layers  locked  together, as  shown 
in  Figure  1 1 .  The  shear  of  amount  is  19  deg,  and  each 
set  of  two  atomic  layers  moves  (1/03)  ■  a  with  respect 
to  the  layer  above  or  below  it,  where  a  is  the  nearest 
interatomic  distance  in  oxygen  ion  layers,  i.e.,  0.297  nm. 


Fig.  1 1  — Change  of  stacking  of  (1 1  l),p  oxygen  layers  from  fee  to  hep. 
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(2)  This  shear  occurs  between  oxygen  layers  that  sand¬ 
wich  the  “mixed  trigonal”  lattice,  in  which  the  tetrahe¬ 
dral  ferric  ions  are  lying  between  shearing  oxygen  layers 
and  dragged  to  [112]^^  direction  together  with  the  mov¬ 
ing  oxygen  lay er^^  while  ferric  ions  in  the  octahedral  sites 
may  move  in  a  [121],^  or  [21 1]^^  direction  together  with 
the  a/VS  -[112]  displacement  of  upper-lying  oxygen  layer 
(Figure  12).  Therefore,  after  the  cooperative  movements 
of  both  oxygen  and  ferric  ions,  the  original  “mixed  tri¬ 
gonal”  lattice  of  ferric  ions  has  been  changed  to  “ka- 
gome”  lattice,  that  is,  all  of  the  tetrahedral  configurations 
were  changed  to  the  octahedral  ones. 

(3)  During  the  restacking  of  oxygen  layers  described 
earlier  in  this  section,  metallic  Fe^^  ions  of  the  kagome 
lattice  that  lie  between  the  locked  oxygen  layers  are  as¬ 
sumed  to  move  together  with  them  without  changing  their 
configurations. 

(4)  Since,  in  the  kagome  lattice,  one-ninth  of  the  ferric 
lattice  points  must  be  occupied  by  vacancies,  the  ferric 
ions  shown  by  ^  may  cooperatively  migrate  to  neigh¬ 
boring  positions  shown  by  arrows  to  satisfy  the  electro¬ 
static  equilibrium.  The  honey  comb  configuration  can 
then  be  made,  if  the  ferric  vacancies  are  distributed  in  a 
regular  way  such  as  shown  in  Figure  13. 

In  view  of  the  bainitelike  transformation  mechanism, 
it  is  possible  to  assume  that  first,  the  irregular  movement 
of  ferric  ions  in  kagome  lattice  having  some  ferric  va¬ 
cancies  occurs  at  temperatures  above  ~673  K,  and  sub¬ 
sequently,  the  shear  movement  of  oxygen  layers  can  be 
induced  by  triggering  the  role  of  the  short-range  diffu¬ 
sion  of  the  ferric  ions.  In  all  cases,  the  y-  to  a-Fe203 
transformation  can  be  completed  by  this  cooperative 
movement  of  oxygen  and  ferric  ions,  leading  to  the  term 
bainitelike. 


Fig.  13 — The  lattice  points  shown  by  O,  and  O  represent  a  ka¬ 
gome  lattice,  and  meshes  of  solid  lines  represent  honey  comb  lattice. 
Dotted  arrows  represent  the  displacement  of  ferric  ions  to  the  neigh¬ 
boring  sites. 


IV.  CONCLUDING  REMARKS 

As  characteristics  of  bainitelike  transformation  pro¬ 
posed  by  the  authors,  the  following  mechanisms  are 

evident: 

1 .  In  the  case  of  ZrOj-YjOj,  the  propagating  rate  of  iso¬ 
thermal  martensite  can  be  controlled  by  a  short  dif- 
ftisional  process  or  hy  rotation  of  oxygen  ions,  because 
this  solid  solution  is  called  “superionic  conduction,” 
which  contains  many  oxygen  vacancies  and  related 
defect  clusters. 

2.  In  the  process  from  y  to  a  Fe203,  the  authors  also 
proposed  that  it  can  occur  in  a  bainitelike  manner, 
because  oxygen  shear  occurs  in  such  a  way  that  A, 
B,  C,  A,  B,  C,  .  .  .  -»  A,  C,  A,  C,  .  .  .  similar  to 
the  case  in  pure  cobalt,  fee  — >  hep  type,  together  with 
some  diffusional  movement  of  ferric  ions  sandwiched 
between  them.  However,  this  transformation  is  irre¬ 
versible  and  it  is  possible  to  occur  in  a  diffusional 
manner.  This  is  only  speculation  by  the  authors,  since 
any  martensite  plate  and  even  surface  relief  have  not 
been  reported  so  far.  Hence,  experimental  evidence 
is  required. 
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J.P.  Hirth,  Washington  State  University,  U.S.A.; 
General  Discussions  Chairman:  To  begin  the  General 
Discussions,  Hub  Aaronson  would  like  to  take  a  few 
minutes  to  summarize  the  intent  of  the  conference  in 
order  to  set  the  stage  for  these  discussions.  Then,  we 
can  more  or  less  follow  the  sequence  of  the  conference 
organization  and  look  at  different  aspects  of  phase  trans¬ 
formations  yielding  plate-shaped  products. 

H.I.  Aaronson,  Geo-Centers/Naval  Research 
Laboratory,  U.S.A.:  This  conference  arose  from  discus¬ 
sions  among  the  four  organizers  and  others  concerning 
the  increasingly  contentious  dichotomy  that  has  devel¬ 
oped  amongst  two  quite  different  schools  of  thought  as 
to  the  atomic  mechanism  through  which  plate-shaped 
transformation  products  form  above  the  M,  (or  M^)  tem¬ 
perature.  From  the  standpoint  of  the  school  espousing 
the  shear  or  martensitic  mechanism,  if  the  shape  change 
and  the  crystallography  of  the  transformation  product 
can  be  well  explained  by  the  phenomenological  theory 
of  martensite  crystallography  (PTMC),  then  the  atomic 
mechanism  of  transformation  is  likely  to  be  one  in  which 
the  shear  of  parent  into  product  phase  is  accomplished 
by  the  glide  of  transformation  dislocations,  supple¬ 
mented,  if  necessary,  by  that  of  lattice-invariant  defor¬ 
mation  dislocations.  The  other  school,  advocating  the 
ledgewise  diffusional  growth  mechanism,  views  plates 
as  the  result  of  a  strong  anisotropy  of  the  inttr-growth 
ledge  spacing,  with  the  broad  faces  of  plates  forming  at 
that  boundary  orientation  at  which  this  spacing  (as  nor¬ 
malized  by  the  growth-ledge  height)  is  a  pronounced 
maximum.  The  migration  of  ledges,  in  this  view,  is  con¬ 
trolled  by  the  kinetics  of  (usually  volume)  diffusion  in 
the  matrix  phase  toward  or  away  from  kinks  on  the  risers 
of  growth  ledges.  Members  of  each  school  have  recently 
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been  emphasizing  experimental  observations  that  the 
views  of  the  other  school  seem  unable  to  explain  as  well 
as  theoretical  constraints  that  the  alternative  view  ap¬ 
pears  to  violate.  Progress  in  resolving  these  disagree¬ 
ments  has  long  seemed  discouragingly  slow. 

However,  the  emergence  of  the  invariant  line  hypoth¬ 
esis,  which  was  developed  by  Ulrich  Dahmen  and  his 
colleagues  at  Berkeley  from  the  PTMC,  and  the  suc¬ 
cesses  that  this  hypothesis  has  achieved  in  explaining  the 
transformation  crystallography  of  plates  and  rods  or 
needles  that  cannot  have  formed  by  shear  has  opened  up 
a  realistic  possibility  of  at  least  a  partial  reconciliation 
of  the  two  contesting  points  of  view,  though  not  at  the 
ultimate  level  of  the  atomic  mechanism.  Such  progress 
can  be  considerably  facilitated  by  open  public  discus¬ 
sions  amongst  the  adherents  of  both  schools.  Especially 
because  we  have  managed  to  assemble  a  considerable 
proportion  of  the  more  active  participants  in  both  schools 
from  around  the  world  for  the  present  conference,  as 
well  as  some  senior  scientists  in  phase  transformations 
research  who  have  not  been  involved  in  these  disputa¬ 
tions  and  who  can  thus  provide  both  moderating  and 
clarifying  influences,  this  conference  should  be  a  partic¬ 
ularly  suitable  milieu  in  which  to  seek  the  desired  prog¬ 
ress — perhaps  aided  more  than  a  little  by  the  mellowing 
influence  of  the  very  pleasant  Hawaiian  climate  and  the 
efficient  ministrations  of  the  Kona  Hilton  Hotel  staff! 

A.  Khachaturyan,  Rutgers  University,  U.S.A.:  I 
would  like  to  comment  that  we  actually  have  two  dif¬ 
ferent  sides  of  the  problem.  One  is  a  prediction  of  the 
morphology  of  martensite  crystals  using  the  crystallo¬ 
graphic  analysis  based  on  the  Wechsler,  Lieberman,  and 
Read  (WLR)  and  Bowles  and  Mackenzie  (BM)  theories. 
The  other  is  a  prediction  of  the  mesoscopic  morphology 
of  the  ordered  alloys  based  on  the  diffusional  dynamics 
where  a  coherency  strain  is  taken  into  account.  Although 
establishing  the  morphologies  of  the  diffusionless  mar¬ 
tensitic  transformation  and  diffusional  ordering  are  very 
different  physical  processes,  there  is  a  lot  in  common  in 
their  microstructural  morphology.  This  commonality  can 
be  understood  because  the  mesoscopic  microstructure  in 
both  martensitic  and  ordering  alloys  is  actually  deter¬ 
mined  by  the  same  phenomenon;  an  accommodation  of 
the  coherency  strain  induced  by  the  phase  trans¬ 
formation.  Particularly,  minimizing  the  volume- 
dependent  strain  energy  results  in  the  crystallographic 
theory  of  the  martensitic  transformation.  Minimizing  the 
surface-dependent  strain  energy  and  the  surface  energy 
gives  the  size  of  orientation  variants  comprising  the  mar¬ 
tensite  plate.  Diffusional  transformations  that  are  not  as¬ 
sociated  with  long-range  diffusion,  such  as  ordering, 
also  generate  the  coherency  strain  caused  by  coupling 
between  the  long-range  order  parameter  and  the  trans¬ 
formation  strain.  If  this  strain  is  high  enough  and  has  the 
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same  symmetry  as  the  transformation  strain  in  the  mar¬ 
tensitic  crystal  lattice  rearrangement,  it  is  natural  that 
minimizing  the  strain  energy,  which  occurs  due  to  the 
microstructure  self-assembling  during  the  ordering,  pro¬ 
duces  the  same  type  of  morphology  as  the  martensitic 
transformation.  Predictions  of  the  crystallographic 
theory  of  the  martensitic  transformation  applied  to  or¬ 
dering  alloys  with  a  large  transformation  strain  turn  out 
to  be  very  good  (for  example,  in  the  case  of  the  CuAu 
II  phase).  The  ordered  structure  in  the  CuAu  II  system 
even  shows  retained  (disordered)  matrix  phase,  an  effect 
typical  of  “strong”  martensitic  transformations,  in  which 
it  is  also  associated  with  the  transformation  strain. 

J.W.  Cahn,  National  Institute  of  Science  and 
Technology,  U.S.A.:  I  agree  with  Armen  Khachaturyan 
that  including  considerations  of  thermodynamics  in 
energy  minimizing  is  important,  but  we  must  put  models 
into  this  minimization  that  specify  what  variations  are 
allowed  by  the  physical  mechanisms  and  what  their  rel¬ 
ative  kinetics  rates  are.  There  are  several  possible 
models  that  give  the  geometrical  and  kinetic  constraints 
on  how  the  phases  fit  together,  and  how  they  grow,  and 
what  stresses  develop. 

Without  any  geometrical  constraints,  apart  from  fixing 
the  temperature  of  the  heat  bath,  applied  hydrostatic 
pressure,  and  masses  of  the  chemical  components,  the 
equilibrium  is  the  one  given  in  the  standard  phase  dia¬ 
gram.  Temperature  and  chemical  potentials  are  constant 
throughout  the  system.  If  capillary  effects  are  ignored, 
stresses  are  hydrostatic  and  constant.  This  is  the  result 
for  fluids  and  for  solids  under  conditions  where  the  role 
of  the  lattices  is  not  significant  (i.e.,  large  grains  at  tem¬ 
peratures  and  times  where  creep  has  relaxed  all  non¬ 
hydrostatic  components  of  the  stresses).  If  this  is  not  the 
observed  equilibrium  in  multiphase  solids,  such  as  pre¬ 
cipitates  or  martensitic  morphologies,  we  have  to  look 
for  constraints  on  the  allowed  variations. 

Phase  transformations  generally  result  in  a  lattice  de¬ 
formation.  If  there  is  a  composition  change  and  if  lattice 
parameters  change  with  composition,  these 
compositional-lattice-parameter  changes  are  part  of  the 
lattice  deformation.  These  lattice  deformations  are  the 
causes  of  strains  and  an  elastic  energy.  We  recognize 
that  the  elastic  energy  depends  on  the  morphology  and 
that  there  are  a  number  of  mechanisms  for  reducing  the 
elastic  energy.  The  phenomenological  theory  of  mar¬ 
tensite  is  based  on  finding  a  particular  morphology  with 
a  very  low  elastic  energy;  if,  by  adding  a  lattice  invariant 
shear,  the  theory  finds  an  invariant  plane  geometry  with 
its  nearly  vanishing  elastic  energy,  many  predictions 
follow.  Note  that  no  sliding  of  one  phase  past  the  other 
at  the  interface  is  assumed;  the  lattice  invariant  shear  is 
in  the  martensite.  This  assures  that  the  locations  of  all 
atoms  in  the  new  phase  are  prescribed  in  military  parade 
fashion  by  the  transformation  strain  and  the  lattice  in¬ 
variant  strains  (as  well  as  by  the  calculated  lattice  rota¬ 
tions).  Martensite  transformations  generally  occur  at 
temperatures  at  which  there  is  no  diffusion  and  creep, 
and  the  absence  of  diffusion  is  an  assumed  con.straint 
with  important  thennodynamic  consequences.  The  lat¬ 
tice  correspondence  and  the  specifications  of  the  mech¬ 
anisms  of  the  lattice  invariant  shears  provide  the 
geometric  constraints,  because  they  specify  where  the 


atoms  go  when  there  is  an  incremental  amount  of  trans¬ 
formation  and  the  elastic  strains.  What  is  at  issue  at  this 
conference  is  whether  the  diffusion  that  is  thermo¬ 
dynamically  required  for  some  phase  transformations 
necessarily  removes  the  geometric  constraints  that  are 
part  of  the  phenomenological  theory,  because  the  dif¬ 
fusion  destroys  the  correspondence  and  can  relax  all 
stresses.  Or,  conversely,  whether  finding  morphologies 
that  are  predicted  by  the  phenomenological  theory  im¬ 
plies  that  the  initial  steps  of  the  transformation  occurred 
without  diffusion. 

It  is  important  to  realize  that  there  still  can  be  a  lattice 
correspondence  when  there  is  diffusion  and  some  types 
of  creep.  This  has  come  up  a  number  of  times;  Jim  Howe 
mentioned  it  this  morning.  Coherent  precipitates  are 
good  examples  of  a  lattice  correspondence  where  dif¬ 
fusion  occurs  and  diffusional  and  other  kinds  of  creep 
are  not  prescribed.  This  more  general  correspondence  is 
truly  a  lattice  rather  than  an  atom  correspondence,  be¬ 
cause  it  specifies  where  the  lattice  sites  and  atom  posi¬ 
tions  go.  The  atom  positions  thus  specified  must  be  filled 
with  atoms  (or  with  vacancies  thus  defined),  but  which 
atom  or  vacancy  is  to  occupy  the  site  is  left  unspecified. 
Isolated  vacancies  or  even  groups  of  vacancies  can  move 
about,  but  they  cannot  condense  and  remove  plane  seg¬ 
ments  of  lattice  sites,  bounded  by  dislocations.  We  have 
to  assume  a  nucleation  barrier  for  such  condensation. 
Similarly,  vacancy  sources  cannot  create  new  plane  seg¬ 
ments  of  sites.  Small  coherent  precipitates  are  actually 
in  equilibrium,  because  the  stresses  cannot  relax;  in¬ 
serting  misfit  dislocations  by  removing  or  inserting  lat¬ 
tice  plane  segments  would  raise  the  energy. 

For  larger  stressed  precipitates,  a  kinetic  argument, 
such  as  the  nucleation  barrier  for  dislocation  loops  or  the 
long  time  scale  of  diffusional  creep,  must  operate.  In 
Nabbaro-Herring  and  Coble  creep,  no  nucleation  barrier 
is  assumed,  and  lattice  sites  are  created  and  removed  at 
surfaces  and  interfaces  by  the  process.  Still  there  may 
be  enormous  differences  in  the  time  scales  for  the 
thermodynamically  required  diffusion  and  for  the  dif¬ 
fusional  creep.  Consider,  for  instance,  the  iron-carbon 
system,  in  which  carbon  can  diffuse  rapidly  to  achieve 
the  thermodynamically  required  composition  changes  in 
a  time  short  compared  to  that  for  creep  by  the  diffusion 
of  iron  by  a  vacancy  mechanism. 

But  the  phenomenological  theory  shows  that  there  is 
another  way  of  reducing  stress:  with  a  morphology  in 
which  stresses  can  be  avoided.  For  many  coherent  pre¬ 
cipitates,  such  as  misfitting  cubic  precipitates  from  a 
cubic  matrix  with  a  cube-cube  correspondence,  the  phe¬ 
nomenological  theory  of  martensite  cannot  apply,  and 
energy  minimization  cannot  lead  to  a  vanishing  elastic 
energy.  When  the  transformation  has  a  lattice  strain  with 
a  compositional  component  plus  a  lattice  invariant  shear 
that  allows  an  invariant  plane,  the  phenomenological 
theory  should  still  apply  whenever  it  is  reasonable  to 
assume  that  there  will  be  a  correspondence  of  lattice 
sites,  because  diffusing  atoms  within  a  crystal  and  across 
some  interfaces  will  not  change  the  lattice  correspon¬ 
dence;  at  the  interface  there  should  be  no  creation  and 
destruction  of  lattice  sites  and  no  sliding  of  one  crystal 
past  the  other.  Strictly,  this  implies  that  there  are  no 
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climbing  misfit  dislocations,  and  that  steps  in  the  inter¬ 
face  are  neatly  dovetailed,  so  that  when  they  move  they 
only  transfer  sites. 

If  there  is  an  invariant  plane,  the  system  should  tend 
toward  a  plate  on  that  plane,  because  that  would  reduce 
the  elastic  energy  to  zero.  When  there  are  no  stresses 
there  is  no  driving  force  for  creep  and  no  reason  to  de¬ 
viate  from  this  morphology  at  large  plate  sizes.  The 
result  would  be  that  the  phenomenological  theory  of 
martensite  applies  to  a  situation  in  which  diffusional 
creep  would  have  been  able  to  relax  stresses  that  never 
developed. 

A  modified  phenomenological  theory  may  be  more 
widely  applicable  to  even  more  complicated  diffusional 
phase  transformations.  Sometimes,  as  Jim  Howe  de¬ 
scribed  this  morning  with  large  unit  cells,  the  corre¬ 
spondence  may  be  rather  complex,  with  specific  sites 
systematically  removed  in  the  transformation  by  diffu¬ 
sion  or  transformation  dislocations.  There  may  even  be 
cases  where  there  is  no  definable  three-dimensional  lat¬ 
tice  correspondence  and  only  a  two-dimensional  corre¬ 
spondence  at  the  interface,  motivated  both  by  interface 
and  elastic  energy  minimization. 

J.W.  Christian,  Oxford  University,  U.K.  :  My  first  two 
points  concern  (1)  invariant  lines  (ILs)  and  planes  (IPs) 
in  a  homogeneous  deformation,  and  (2)  the  importance 
of  the  scale  of  observation  in  a  description  of  an  inter¬ 
phase  interface.  The  finite  strains  of  a  homogeneous  de¬ 
formation  may  be  specified  in  various  ways.  Consider  a 
homogeneously  deformed  continuum  with  embedded, 
discrete  points  that  define  a  network  (i.e.,  a  primitive 
space  lattice).  We  describe  the  distortion  of  the  network 
as  a  lattice  deformation,  S,  if  (a)  each  atom  site  in  the 
initial  and  final  states  either  corresponds  to  an  embedded 
point  or  is  displaced  from  an  embedded  point  by  a  con¬ 
stant  vector  t;  or  (b)  if  some  of  the  atom  sites  (a  rea¬ 
sonably  large  integral  fraction)  conform  to  the 
description  in  (a).  If  in  case  (a)  there  is  also  no  diffusion, 
the  atomic  displacements  are  completely  specified  by  S, 
but  in  case  (b),  atomic  shuffles  must  be  added  to  S. 
Shuffles  are  relative  translations  of  atoms  on  inter¬ 
penetrating  primitive  lattices;  they  are  required  if  there 
is  more  than  one  atom  in  the  primitive  unit  cell  of  either 
structure  and/or  if  S  is  uniform  only  for  unit  cells  larger 
than  the  primitive  cells.  Thus,  there  is  a  lattice  corre¬ 
spondence  if  S  is  homogeneous  on  a  scale  extending 
from  an  interatomic  distance,  or  a  sm.all  multiple 
thereof,  up  to  a  distance  that  may  be  tens,  hundreds,  or 
thousands  of  interatomic  distances  but  is  not  necessarily 
without  limit.  A  “macroscopic”  or  “shape”  deformation 
E  has  embedded  points  with  much  larger  separations 
and  is  an  average  effect,  homogeneous  only  on  this 
macroscale.  It  is  measured  from  fiducial  marks  on 
free  surfaces,  from  internal  inert  “markers,”  as  in  a 
Kirkendall-type  experiment,  or  from  surface  tilts. 

In  a  finite  homogeneous  deformation,  we  may  have 
no  IPs,  or  a  single  IP,  or  all  planes  invariant;  there  are 
no  other  possibilities.  A  lattice  deformation  cannot  usu¬ 
ally  satisfy  the  restrictive  condition  for  a  single  IP,  and 
all  planes  are  invariant  only  in  the  trivial  case  of  no  de¬ 
formation.  If  there  is  a  single  IP,  it  is  one  of  two  un¬ 
distorted  planes,  either  of  which  is  an  IP  only  for  a 
specific  orientation  relation.  In  most  other  cases,  there 


will  be  a  cone  of  undistorted  lines,  any  one  of  which 
may  be  an  IL  at  a  specific  orientation  of  the  phases. 

We  often  refer,  without  precise  definitions,  to  fully 
coherent  (f-c),  partially  coherent  (p-c),  and  incoherent 
interfaces  or  particles.  Shear  strains  are  not  transmitted 
across  incoherent  interfaces  and  there  is  no  continuity  of 
the  lattice  network.  Small  enclosed  particles  always  can 
be  forced  into  coherency,  even  with  large  lattice  prin¬ 
cipal  strains,  but  coherent  particles  with  one  or  two  long 
dimensions  (needles  or  plates)  only  can  form  if  the 
macrodeformation  approximates  to  an  IL  or  an  IP,  re- 
speetively.  For  most  structural  changes,  this  means  that 
the  local  lattice  deformation  differs  from  the  macro- 
deformation  because  of  periodic  discontinuities  (inter¬ 
face  disloeations)  or  twins;  such  an  interface  is  said  to 
be  p-c. 

I  now  have  to  disagree  mildly  with  Hub  Aaronson’s 
remarks  about  “diffusionists”  and  “shearists”;  I  have 
never  thought  of  myself,  or  indeed  of  anyone  here,  as 
being  either  one  or  the  other.  I  think  that  many  disputes 
in  the  literature  have  arisen  from  linguistic  confusions 
and  from  a  belief  that  there  is  some  feature  of  the  growth 
meehanism,  in  addition  to  the  absenee  of  diffusion, 
whieh  characterizes  a  shear  transformation.  But  as  John 
Cahn  emphasized,  the  constraint  of  no  diffusion,  appli¬ 
cable  to  martensite,  can  be  independent  of  the  constraint 
provided  by  a  lattice  correspondence,  which  may  apply 
to  both  types  of  transformation.  Consider  a  f-c  diffu¬ 
sional  change  with  a  lattice  deformation  that  is  near  to 
an  IP.  Jim  Howe’s  beautiful  pictures  this  morning 
showed  clearly  that  the  martensitic  “transformation  dis¬ 
location”  corresponds  to  the  diffusional  “growth 
ledges.”  This  carries  over  to  p-c  interfaces  where  the 
PTMC  may  well  predict  the  habit  plane,  shape  change, 
and  orientation  relations  for  a  diffusional  transformation. 
I  think,  however,  that  there  is  an  alternative  possibility. 
The  “no  diffusion”  constraint  implies,  a  fortiori,  that  the 
number  of  atoms  lost  by  the  parent  phase  in  any  incre¬ 
ment  of  growth  equals  the  number  gained  by  the  product 
phase,  and  hence  any  interface  dislocations  in  martensite 
must  be  “glissile”  (i.e.,  able  to  move  conservatively 
with  the  interface).  But,  this  constraint  will  only  apply 
to  highly  mobile  atoms  if  they  are  confined  to  a  fixed 
set  of  sites.  Relaxation  of  this  conservation  constraint 
allows  “epitaxial”  interfaces  with  nonglissile  misfit  dis¬ 
locations  to  be  mobile.  Such  interfaces,  unlike  those  pre¬ 
dicted  by  the  PTMC,  are  usually  rational.  Both 
martensitic  and  epitaxial  interfaces  have  a  macroscopic 
IP  as  the  interface  plane;  if  both  are  feasible,  it  is  not 
obvious  which  will  be  preferred. 

This  conference  is  about  the  growth  of  plate-shaped 
products,  so  that  much  of  our  discussion  concerns  mor¬ 
phology.  Armen  Khachaturyan  and  John  Cahn  have  al¬ 
ready  explained  that  one  reason  for  plate  formation  is 
that  the  strain  energy  of  a  particle  in  a  constraining 
matrix  will  usually  be  minimized  if  it  adopts  a  plate 
shape.  This  result  applies  to  incoherent  particles  and, 
more  importantly,  to  coherent  particles  that  have  an  IP 
parallel  to  the  plane  of  the  plate,  so  that  the  strain  energy 
per  unit  volume  is  linear  in  the  aspect  ratio  of  the  plate. 
The  strain  energy  depends  on  the  “stress-free  strains” 
aceompanying  the  transformation  of  an  unconstrained 
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particle,  but  these  are  not  lattice  strains,  as  Eshelby  as¬ 
sumed,  unless  they  are  homogeneous  over  the  whole 
particle.  For  large  strains,  this  restricts  full  coherency  to 
very  small  particles  (of  any  shape)  and  to  large  plates  in 
a  few  special  cases  where  S  is  close  to  an  IP.  In  other 
cases,  large  p-c  plates  can  form  only  if  the  local  lattice 
deformation  is  modified  into  a  macrodeformation  with 
an  IP.  Figure  3  of  my  paper  (J.W.  Christian:  Metall. 
Mater.  Trans.  A,  1994,  vol.  25A,  pp.  1821-40)  shows 
a  number  of  virtual  operations  added  to  Eshelby’s  orig¬ 
inal  procedure.  Armen’s  formulation  allows  the  volume 
removed  from  the  matrix  in  (a)  to  have  any  general 
shape  (although  an  ellipsoid  is  still  most  convenient), 
and  the  operations  (b)  and  (e)  then  complete  the  Eshelby 
cycle  to  give  a  self-stressed  assembly  of  a  matrix  and  a 
fully  coherent  particle.  The  extra  operation  (c)  allows 
long-range  diffusion  and  hence  changes  in  composition 
or  long-range  order  while  preserving  the  number  of 
atoms  and  available  sites.  The  operations  (d)  illustrate 
different  ways  of  modifying  E  so  that  it  has  an  IP.  The 
mass  flow  of  atoms  (d,)  eliminates  the  shape  change  and 
the  strain  energy  completely,  so  that  particles  of  any 
shape  may  form,  whilst  in  (d2)  any  atomic  flux  is  around 
the  particle.  Operations  (dj)  and  (d4)  are  of  most  interest: 
they  allow  an  evenly  spaced  array  of  dislocations  either 
to  glide  or  to  climb  through  the  structure,  thus  producing 
a  lattice  invariant  deformation  (LID),  which  is,  respec¬ 
tively,  either  a  simple  shear  or  a  uniaxial  extension  or 
contraction.  If  the  dislocations  are  in  the  interface,  the 
lattice  deformation  and  the  LID  are  produced  together  as 
the  interface  migrates,  and  they  combine  to  given  an  IP 
interface,  which  is  respectively  martensitic  or  “epitax¬ 
ial.”  (An  epitaxial  interface  may  require  a  crossed 
double  array  of  misfit  dislocations,  rather  than  a  single 
array.) 

I  think  the  distinction  between  martensitic  and  epitax¬ 
ial  interfaces  is  important;  recent  debates  on  bainite  have 
largely  concentrated  on  the  feasibility  of  an  epitaxial 
interface  between  bainitic  ferrite  and  austenite.  Dis¬ 
location  models  of  interfaces  are  obtained  in  two  differ¬ 
ent  ways.  In  PTMC,  the  slip  plane  and  Burgers  vectors 
of  the  “anticoherency”  dislocations  are  selected,  but  the 
orientation  of  the  phases  and  the  habit  plane  are  free 
variables  to  be  determined  by  the  IP  condition.  The  other 
approach,  familiar  from  grain  boundary  theory,  pre¬ 
selects  the  habit  plane  and  orientations  and  then  asks 
what  dislocations  are  needed  to  make  this  plane  macro- 
scopically  invariant.  This  second  procedure  will  not  gen¬ 
erally  give  entirely  glissile  dislocations.  In  both  cases, 
however,  the  Frank-Bilby-Bollmann  equation  specifies 
the  dislocation  density  needed  to  ensure  macro¬ 
compatibility  in  any  direction  of  the  interface. 

May  I  now  comment  very  briefly  on  Jim  Howe’s  coins 
(or  two-dimensional  spherical  atoms)?  He  showed  how 
shuffling  preserved  the  shape  change,  but  he  did  not  con¬ 
strain  the  shape  change  by  a  surrounding  matrix  nor  con¬ 
sider  that  vacancies  might  condense  in  highly 
compressed  regions  and  evaporate  from  extended  re¬ 
gions,  thus  transferring  sites  from  the  former  to  the  latter 
and  reducing  the  strain  energy.  This  is  analogous  to 
Herring-Nabarro  creep,  and  I  originally  thought  that  if 
the  atoms  are  mobile,  this  effect  would  remove  the  shape 


change.  However,  we  have  known  now  for  some  con¬ 
siderable  time  that,  in  a  few  examples  at  least,  the  shape 
change  is  not  destroyed  by  diffusion.  Possibly,  the  cre¬ 
ation  and  removal  of  vacancies  requires  Bardeen- 
Herring  (or  similar)  sources  and  sinks  and  is  too  difficult 
in  dislocation-free  regions. 

I  have  agreed  to  comment  on  the  minimum  and  maxi¬ 
mum  height  of  a  ledge,  but  may  I  first  make  a  bid  for 
the  retention  of  the  terms  “twinning  dislocation”  and 
“transformation  dislocation”  in  any  new  terminology?  I 
am  very  much  in  favor  of  rationalizing  our  varied  de¬ 
scriptions,  but  these  two  have  a  long  history,  going  back 
to  Russian  work  in  the  late  1940s  in  the  case  of  the  twin¬ 
ning  dislocation.  Armen  Khachaturyan  thinks  the  con¬ 
cept  may  have  come  either  from  ’Vladimirsky  (see  my 
paper)  or  from  one  of  his  colleagues. 

There  is  a  minimum  ledge  height  to  ensure  that  the 
interfaces  on  each  side  of  the  step  have  the  same  (equi¬ 
librium)  structure.  In  twinning,  this  is  fixed  by  the 
number,  q,  of  lattice  Ai,  planes  traversed  by  a  primitive 
lattice  vector  parallel  to  172;  the  structure  repeats  at  every 
q  planes  for  q  odd,  or  every  {\l2)q  planes  for  q  even. 
Hence,  the  step  height  of  a  so-called  “zonal”  twinning 
dislocation  exceeds  that  of  an  “elementary”  twinning 
dislocation  if  <7  >  2.  However,  if  the  extra  energies  of 
the  nonequilibrium  interfaces  are  small,  an  elementary 
dislocation  may  form,  either  by  equilibrium  dissociation 
of  a  zonal  step  or  as  an  isolated  metastable  defect.  It 
might  even  be  possible  to  have  a  stable  partial  twinning 
dislocation  {e.g.,  in  bcc)  with  a  step  height  equal  to  one- 
half  of  the  interplanar  spacing. 

Similarly,  slightly  more  complex  conditions  apply 
when  the  deformation  is  a  general  IP  with  different  inter¬ 
planar  spacings  and  periodicities  in  the  two  structures. 
The  minimum  step  height  is  now  the  spacing  of  nearly 
coincident  lattice  planes  or  some  multiple  of  this  spac¬ 
ing.  For  example,  every  atomic  {111}  plane  of  the  fee 
structure  is  a  lattice  plane,  but  only  alternate  {001} 
planes  of  hep  contain  a  lattice  point,  so  the  minimum 
step  height  in  an  fcc-hcp  interface  is  the  separation  of 
two  close -packed  atomic  planes.  A  minimum  step  height 
may  also  be  defined  for  an  irrational  interface,  but  I  do 
not  think  I  should  discuss  it  here. 

The  f-c  step  or  ledge  is  a  “coherency”  dislocation  in 
Olson’s  terminology  and  has  an  effective  Burgers  vector 
proportional  to  the  step  height.  Hence,  the  maximum 
step  height  equals  the  minimum  height  because  of  the 
square  dependence  of  the  line  energy  on  the  Burgers 
vector.  However,  John  Hirth  has  shown  in  his  confer¬ 
ence  paper  (the  first  issue  of  Metall.  Mater.  Trans.  A 
containing  the  proceedings  of  this  conference)  that  a  dis¬ 
location  may  be  introduced  into  a  relatively  high  ledge 
to  release  most  of  its  strain  energy.  The  high  energy  of 
a  coherent  superledge  comes  from  the  discontinuities  in 
the  shear  and  normal  strains  of  the  IPs.  If  the  shear  com¬ 
ponent  of  the  total  Burgers  vector  of  y  elementary  trans¬ 
formation  dislocations  is  approximately  equal  to  a  lattice 
repeat  vector,  the  shear  will  be  largely  cancelled  by 
adding  an  opposite  lattice  dislocation  every  y  planes,  and 
the  overall  shape  deformation  becomes  small  (zero  if  the 
cancellation  is  exact  and  there  is  no  strain  normal  to  the 
interface).  A  p-c  superledge  of  this  type  remains  glissile, 
and  the  only  theoretical  limit  on  its  height  arises  from 
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any  discrepancy  in  the  interplanar  spacings.  A  misfit  of 
1/z  of  the  interplanar  spacing  will  be  accommodated 
elastically  for  small  superledges,  but  the  increase  in 
energy  with  height  demands  a  misfit  dislocation  about 
every  z  planes.  This  type  of  superledge,  however,  is  ep¬ 
itaxial  rather  than  martensitic  and  is  unlikely  to  be 
mobile. 

It  may  seem  anomalous  that  a  p-c  superledge,  across 
which  there  is  no  shape  discontinuity,  can  form  on  a  par¬ 
ticle  in  which  all  the  other  interfaces  correspond  to  a 
large  shape  change.  To  understand  this,  we  have  to 
answer  the  question  “where  do  the  lattice  dislocations 
originate?”  They  must  come  from  somewhere,  and,  in 
principle,  they  could  form  spontaneously  as  dipole  pairs 
in  a  region  of  perfect  lattice.  If  one  of  the  dislocations 
then  glides  into  the  interface,  the  other  can  either  remain 
or  glide  in  the  opposite  direction  until  stopped  by  an  ob¬ 
stacle,  a  grain  boundary,  or  a  free  surface.  The  same 
result  is  obtained  from  a  slightly  different  model  based 
on  emissary  slip,  as  discussed  previously. 

If  we  allow  the  height  of  a  p-c  superledge  to  increase 
without  limit,  it  becomes  a  facet  {i.e.,  a  second  inter¬ 
face)  and  we  no  longer  have  a  plate.  This  is  self- 
consistent,  because  the  total  shape  deformation  is  now 
close  to  zero  (we  have  two  approximate  IPs  and  hence 
all  planes  are  invariant).  One  of  my  assertions  which  did 
not,  I  think,  command  general  agreement  was  that  if  we 
have  an  enclosed  particle,  either  all  the  interfaces  are 
coherent  or  they  are  all  incoherent.  Clearly  some  inter¬ 
faces  may  be  f-c  while  others  are  p-c,  because  we  have 
just  discussed  such  a  particle.  But  as  there  is  no  corre¬ 
lation  of  atomic  positions  across  an  incoherent  interface, 
I  believe  my  assertion  follows  from  simple  lattice  con¬ 
tinuity.  It  is,  for  example,  impossible  to  construct  a 
closed  circuit  that  crosses  two  parts  of  the  interface,  one 
f-c  or  p-c  and  the  other  incoherent.  So,  I  believe  it  is 
misleading  to  describe  the  step  growth  of  a  f-c  or  p-c 
particle  in  terms  of  incoherent  risers  or  kinks.  If  these 
are  the  preferred  sites  at  which  atoms  join  the  growing 
phase,  it  must  be  because  they  are  the  places  at  which 
the  binding  to  the  new  phase  is  strongest.  The  analogy 
with  crystal  growth  from  the  vapor,  which  can  be  mis¬ 
leading,  seems  to  be  applicable  to  the  final  sites.  A  kink 
in  a  step  of  minimum  height,  for  example,  provides  not 
a  “gateway”  but  a  repeatable  step  (the  famous  “wied- 
erholbare  Schritt”)  at  which  the  configuration  is  un¬ 
changed  after  adding  an  atom. 

John  Hirth,  Washington  State  University,  U.S.A.: 
There  are  a  few  remarks  that  I  would  like  to  make  about 
ledges  and  dislocations  at  interfaces.  I  previously  talked 
about  looking  at  0-lattices  or  dichromatic  complexes  to 
see  a  localized  dislocation  at  an  interface.  I  think  I  can 
now  show  this  in  another  way.  We  first  imagine  a  pure 
transformation  dislocation  at  a  close-packed  fcc-hcp 
interface  with  matching  lattice  spacings.  Then  there  are 
no  coherency  strains.  However,  there  will  be  a  localized 
strain  field  of  the  transformation,  manifested  by  locally 
bent  lattice  planes.  A  twinning  dislocation  would  pro¬ 
vide  a  simple  example  of  such  a  strain  field,  as  can  be 
explicitly  seen  in  a  “complete  pattern  shift  lattice”  or 
DSC  lattice  projection  of  the  adjoining  crystals,  as 
shown  by  R.W.  Balluffi  and  J.P.  Hirth  {Acta  MetalL, 
1973,  vol.  21,  pp.  929-942). 


Now  imagine  that  in  retaining  coherency,  we  had  ex¬ 
panded  one  crystal  by,  say,  five  percent.  The  configu¬ 
ration  remains  the  same,  except  that  we  now  introduce 
a  set  of  continuous,  infinitesimal  dislocations  at  the 
interface  to  represent  the  coherency  strain  field.  If  trans¬ 
formation  dislocations  are  now  placed  at  a  regular  spac¬ 
ing  of  about  one  per  twenty  sites,  their  strain  field 
exactly  compensates  the  coherency  strain  field  at  long 
distances  from  the  interface.  They  can  then  correspond 
to  structural  ledges  or  misfit  compensating  ledges  (for 
some  cases)  or,  locally,  to  unit-height  growth  ledges.  A 
dichromatic  complex  description  or,  in  some  cases,  an 
O-lattice  description  would  lead  to  the  same  result:  un¬ 
distorted,  long-range  strain-free  crystals  with  local  dis¬ 
location  strains  near  the  interface.  Related  views  are 
presented  by  U.  Dahmen  {Scripta  MetalL,  1987, 
vol.  21,  pp.  1029-34)  and  J.M.  Howe  and  D.A.  Smith 
{Acta  MetalL  Mater.,  1992,  vol.  40,  pp.  2343-50). 

The  point  is  that  even  with  long-range  strain  cancel¬ 
lation,  the  dislocation-like  defects  retain  their  local  strain 
fields  and  interact  with  one  another  in  the  usual  way. 
So,  for  example,  they  would  tend  to  repel  one  another, 
though  if  there  is  a  regular  array,  there  is  a  balance  of 
forces  and  equal  spacings  between  the  dislocations. 
They  would  also  respond  to  a  shear  stress  in  the  usual 
manner. 

The  other  aspect  of  the  interaction  is  that,  despite  the 
fact  that  they  repel  at  large  separation,  if  for  some  reason 
they  are  pushed  together,  there  is  actually  an  elastic  at¬ 
traction  between  them.  Thus,  there  is  a  short-range  inter¬ 
action  force  that  tends  to  snap  them  into  a  superledge  if 
they  come  close  enough  together.  Hence,  transformation 
dislocations  or  structural  ledges  or,  in  principle,  growth 
ledges  can  interact  to  form  elastically  stable  superledges. 

J.W.  Christian,  Oxford  University,  U.K.:  What  makes 
the  two  dislocations  appear  so  close  to  each  other  that 
they  become  attracted? 

John  Hirth:  Well,  there  might  be  an  external  stress, 
or  one  dislocation  might  be  held  up  at  an  obstacle  and 
the  next  one  pushed  along.  There  is  a  free  energy  driving 
force  that  would  tend  to  move  them,  as  well. 

J.W.  Christian:  I  take  it  that  the  short-range  attraction 
you  are  talking  about  would  only  involve  edge 
dislocations? 

John  Hirth:  That  is  correct.  Only  edge  dislocations 
would  exhibit  the  short-range  attraction.  Screw  dis¬ 
locations  would  always  repel  one  another. 

J.W.  Christian  (written  discussion):  I  want  to  show 
that  the  attraction  mentioned  by  John  Hirth  is  very  short 
range.  Consider  2n  lattice  edge  dislocations  forming  an 
incomplete  wall  with  spacing  D.  The  force  on  a  similar 
dislocation  at  (x,  y),  where  x  is  the  distance  normal  to 
the  wall  and  y  is  the  height  from  the  center  of  the  wall 
given  by  Eq.  71  of  A.M.  Kosevich  {Dislocations  in 
Solids,  F.R.N.  Nabarro,  ed.,  North-Holland, 
Amsterdam,  1979,  vol.  1,  pp.  33-141).  The  maximum 
interaction  energy  is  at  x"  —  +  {nD)'  =  O,  and  for  y 

>  nD,  the  dislocation  is  attracted  into  the  wall  for  small 
values  of  x  and  otherwise  repelled.  Applying  this  to  a 
single  step  of  height  d  escaping  from  the  top  of  a  super¬ 
ledge  composed  of  2n  such  steps,  the  critical  value  of  x 
for  escape  is  {2n  -f  {i.e.,  about  3d  for  a  ledge  of 
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height  9d).  This  value  is  too  small  for  the  preceding  elas¬ 
tic  theory  to  be  applicable,  but  it  shows  that  it  is  unlikely 
that  a  single  step  can  approach  a  superledge  sufficiently 
closely  to  be  captured  and,  conversely,  that  although  an 
existing  superledge  is  in  principle  metastable,  it  requires 
only  a  small  fluctuation  to  enable  it  to  dissociate  into 
single  steps. 

J.P.  Hirth  (reply  to  written  discussion):  Subsequent  to 
the  conference,  we  calculated  capture  and  escape  dis¬ 
tances  for  a  superledge  using  a  slightly  different  result 
(S.V.  Kamat  and  J.P.  Hirth:  Acta  Metall.  Mater.,  in 
press,  including  helpful  suggestions  from  Jack 
Christian).  The  results  give  somewhat  larger  capture  dis¬ 
tances  than  the  Kosevich  approach  but  considerably 
larger  escape  distances  if  flexibility  of  the  superledge  is 
included  in  the  analysis,  and  they  predict  substantial 
metastability  for  ledges  containing  up  to  14  unit  ledges. 
These  critical  distances  are  still  in  the  range  of  a  few  to 
a  few  tens  of  nanometers,  however,  so  I  agree  with  Jack 
Christian  that  the  likelihood  of  two  ledges  condensing 
spontaneously  is  small.  Any  pinning  events,  on  the  other 
hand,  would  lead  to  pileups  of  ledges  that  strongly  favor 
coalescence  into  a  superledge. 

H.I.  Aaronson,  Naval  Research  Laboratory,  U.S.A.: 
In  response  to  one  of  Professor  Christian’s  remarks,  in¬ 
coherent  kinks  are  not  being  claimed.  The  view  currently 
taken  is  based  on  the  work  of  Howe,  Dahmen,  and 
Gronsky  (Phil.  Mag.  A.,  1987,  vol.  56,  pp.  31-61). 
They  show  that  at  the  riser  of  a  biatomic  ledge  at  an 
fcc:hcp  interface  an  otherwise  coherent  kink  contains  a 
built-in  vacancy-like  defect  through  which  an  atom  can 
jump  across  the  interphase  boundary  without  requiring 
an  excessive  activation  energy.  Thus,  atomic  migration 
across  the  boundary  can  take  place  at  a  reasonable  rate. 

On  another  aspect  of  Professor  Christian’s  remarks, 
the  reason  why  atoms  do  qot  attach  to  terraces  and  risers 
or  to  kinks  not  incorporating  a  Howe-Dahmen- 
Gronsky-like  defect  is  exactly  the  opposite  of  that 
which  prevents  atomic  attachment  to  terraces  and  risers 
from  the  vapor  phase.  In  the  case  of  growth  from  the 
vapor,  attachment  to  terraces  is  unlikely  because  there 
are  too  few  bonds  to  retain  adsorbed  atoms.  Risers  are 
better  in  this  respect,  but  they  still  do  not  offer  the  larg¬ 
est  available  number  of  bonds.  Kinks  are  best  of  all  be¬ 
cause  they  do  provide  the  largest  number  of  bonds  with 
which  to  “grip”  an  incoming  atom.  In  the  case  of  fully 
or  partially  coherent  solid: solid  interfaces  with  a  differ¬ 
ence  in  stacking  sequence  across  the  boundary,  an  atom 
attempting  to  diffuse  across  such  an  interface  will  nor¬ 
mally  be  unable  to  do  so  because  the  atom  would  have 
to  occupy  (albeit  temporarily)  what  amount  to  an  inter¬ 
stitial  site  in  a  close-packed  plane.  The  energetics  of 
such  an  atom  movement  make  it  highly  improbable.  This 
stricture  applies  equally  to  the  terraces  and  risers  of  a 
ledged  p-c  boundary  between  two  crystals  differing  sig¬ 
nificantly  in  crystal  structure.  Indeed,  the  average 
number  of  nearest-neighbor  bonds  to  an  atom  penetrat¬ 
ing  the  squashed-vacancy-in-the-kink  is  probably  less 
than  that  to  an  atom  attempting  interstitialcy  diffusion 
into  a  terrace. 

My  final  remark  concerns  not  atomic  geometry  but 
rather  the  approach  so  far  taken  by  the  theoreticians  to 


phase  transformation  mechanisms  in  this  General  Dis¬ 
cussion.  They  sometimes  seek  to  minimize  the  inter¬ 
facial  energy,  the  elastic  strain  energy,  or  both 
simultaneously  in  a  given  system.  Let  me  give  you  two 
examples  (of  the  same  type)  that  strongly  suggest  that 
none  of  these  criteria  is  relevant  to  the  growth  kinetics 
and  morphology  of  dijfusional  phase  transformations 
products. 

In  unpublished  work  with  Norman  A.  Gjostein  per¬ 
formed  at  the  Ford  Scientific  Laboratory  in  the  1960s, 
specimens  of  high-purity  hypoeutectoid  Fe-C  alloys 
were  double  encapsulated  in  fused  quartz  under  a  re¬ 
duced  pressure  of  purified  He,  austenitized,  and  then 
isothermally  reacted  just  above  the  eutectoid  temperature 
in  lead  baths  for  times  as  long  as  about  one  month.  The 
aspect  ratio  of  Widmanstatten  ferrite  plates  shrank  from 
about  30-40-to-l  down  to  about  3-4-to-l  during  the 
course  of  this  time.  Clearly,  minimization  of  neither 
interfacial  energy  nor  elastic  strain  energy  could  have 
played  a  dominant  role  during  the  growth  of  these  plates. 
Had  this  been  so,  the  drastic  change  in  aspect  ratio  ac¬ 
tually  observed  would  not  have  occurred.  Similarly,  in 
unpublished  work  with  Mark  Plichta  that  was  performed 
at  Michigan  Technological  University  a  decade  later,  the 
aspect  ratio  of  hep  proeutectoid  a  plates  formed  in  the 
bcc  j8  matrix  of  a  hypoeutectoid  Ti-X  alloy  diminished 
several-fold  during  prolonged  annealing.  Further  reduc¬ 
tion  in  aspect  ratio  was  probably  much  retarded  by  the 
loss  of  growth  ledges  during  later  stages  of  coarsening. 

W.T.  Reynolds,  Jr.,  Virginia  Technological  Institute 
&  State  University,  U.S.A.  (written  discussion):  A 
number  of  contributors  have  suggested  that  precipitate 
shapes  and  habit  planes  can  be  found  by  minimizing 
strain  energy  and  interfacial  energy.  In  some  cases,  this 
approach  may  underestimate  the  importance  of  local 
phenomena.  The  availability  of  growth  ledges  affects  the 
mobility  of  precipitate  boundaries,  and  the  formation  of 
these  ledges  is  an  intrinsically  local  phenomenon.  For 
example,  ledge  formation  can  be  encouraged  by  a  fa¬ 
vorable  strain  field  at  the  comer  of  a  precipitate,  by  a 
higher  supersaturation  at  a  stationary  region  of  the  pre¬ 
cipitate  boundary,  or  by  the  presence  of  a  defect,  such 
as  a  dislocation.  These  factors  affect  precipitate  shape, 
yet  they  are  not  usually  included  in  minimization 
approaches. 

Local  effects  may  be  responsible  for  the  fact  that  facet 
planes  of  individual  precipitates  in  many  systems  fall 
within  a  narrow  range  of  values  rather  than  adopting  a 
specific  value.  In  ferrous  alloys,  the  shape  of  pro¬ 
eutectoid  ferrite  plates  changes  in  subtle  ways  with  sub¬ 
stitutional  alloying  elements.  These  differences  are 
likely  to  depend  upon  a  local  growth  process  because 
strain  energy  is  insensitive  to  small  changes  in  solute 
concentrations.  In  a  slightly  different  context,  the  shape 
of  crystals  grown  from  vapors  or  liquids  can  be  altered 
dramatically  by  adding  small  concentrations  of  impuri¬ 
ties  that  segregate  to  specific  interface  sites  and  “poison” 
step  formation  and  migration.  Energy  minimization  may 
predict  the  precipitate  shape  or  habit  plane  a  given 
system  tends  to  adopt,  but  there  may  be  substantial  de¬ 
viations  from  this  ideal  shape  due  to  local  details  of  the 
growth  process. 

K.  Tsuzaki,  Kyoto  University,  Japan:  I  would  like  to 
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make  a  comment  on  the  possibility  of  the  appearance  of 
surface  relief  in  transformations  where  the  growth  of  a 
product  phase  is  controlled  by  the  long-range  diffusion 
of  substitutional  atoms.  I  would  like  to  note  that  at  least 
two  conditions  must  be  met  for  the  occurrence  of  surface 
relief  in  such  transformations.  The  first  condition  is  the 
existence  of  one-to-one  atomic  site  correspondence  be¬ 
tween  the  product  phase  and  the  matrix,  as  was  pointed 
out  by  Professor  Howe  this  morning.  The  second  con¬ 
dition  is  that  the  transformation  dislocations  have  the 
same  Burgers  vector  (i.e.,  atoms  jump  in  the  identical 
direction  at  the  growing  interphase  boundary  for  a  lattice 
change).  In  addition  to  these  two  conditions,  it  is  of 
course  required  that  a  reconstructive  reaction  by  diffu¬ 
sion  of  substitutional  atoms  does  not  occur  quickly  com¬ 
pared  with  the  growth  of  a  product  phase. 

The  first  condition  can  be  obtained  when  a  particular 
crystallographic  orientation  relationship  exists  between 
the  product  phase  and  the  matrix  and  the  interphase 
boundary  is  at  least  semicoherent.  The  second  condition 
must  be  taken  into  account  particularly  in  the  case  of 
fcc-hcp  transformations,  because  there  are  three 
crystallographically  equivalent  transformation  disloca¬ 
tions  for  the  formation  of  an  hep  plate  with  a  {111}  fee 
habit  plane  (Figure  1(a)).  When  each  of  these  disloca¬ 
tions  operates  to  the  same  extent,  the  macroscopic  shear 
strain  vanishes  (J.W.  Christian;  Decomposition  of 
Austenite  by  Diffusional  Processes.  Interscience,  New 
York,  NY,  1962,  p.  371).  The  results  is  a  self¬ 
accommodation  to  reduce  the  strain  energy.  Thus,  for 
the  occurrence  of  surface  relief  in  fcc-hcp  transforma¬ 
tions,  a  special  condition  for  the  preferential  operation 
of  one  Burgers  vector  of  transformation  dislocations 
must  be  met.  In  contrast,  the  second  condition  is  auto¬ 
matically  met  in  fee  bcc  (or  bcc  ^  fee)  transforma¬ 
tions,  as  there  is  only  one  kind  of  transformation 
dislocation  (M.A.  Jaswon:  The  Mechanism  of  Phase 
Transformations  in  Metals,  Institute  of  Metals  Report 
and  Monograph  Series  No.  18,  1955,  p.  173),  as  shown 
in  Figure  1(b).  Thus,  once  the  atomic  site  correspon¬ 
dence  is  satisfied,  the  appearance  of  surface  relief  is  pos¬ 
sible,  unlike  the  case  of  fcc-hcp  transformations. 


(a)  FCC-HCP  (b)  FCC-BCC 

Fig.  1 — Schematic  drawing  showing  the  Burgers  vector  of  trans¬ 
formation  dislocations  for  {a)  fcc-hcp  and  (b)  fcc-bcc  lattice 
changes.  There  are  three  crystallographically  equivalent  trans¬ 
formation  dislocations  for  fcc-hcp  but  only  one  for  fcc-bcc. 


However,  I  should  say  that  we  have  to  examine  the 
structure  of  a  growing  interphase  boundary,  in  particular 
that  of  ledges  and  kinks,  in  more  detail  in  order  to  clarify 
the  appearance  of  surface  relief  in  fcc-bcc  diffusional 
transformations. 

H.I.  Aaronson:  You  still  have  a  choice  of  many  dif¬ 
ferent  directions  to  jump  in  a  diffusional  transformation, 
whereas  in  a  martensitic  transformation  you  do  not. 

K.  Tsuzaki:  I  think  this  is  the  point  that  we  have  to 
discuss.  If  one-to-one  atomic  site  correspondence  exists 
between  the  product  phase  and  the  matrix  and  the  trans¬ 
formation  dislocations  for  a  product  plate  have  the  same 
Burgers  vector,  the  directions  of  atom  jumps  at  kinks  are 
identical,  regardless  of  the  different  directions  of  kink 
movement.  This  means  that  a  kink  does  not  prevent  the 
formation  of  surface  relief,  as  far  as  atomic  site  corre¬ 
spondence  is  satisfied  at  a  kink. 

G.B.  Olson,  Northwestern  University,  U.S.A.:  I  just 
have  to  comment:  I  think  coherency  means  site 
correspondence. 

Unidentified  Discusser:  But  the  actual  operating  pro¬ 
cess  involves  diffusional  jumping  through  vacancies.  So 
that  means  you  maintain  the  lattice  correspondence, 
right? 

G.B.  Olson:  That  is  what  he  means.  He  doesn’t  mean 
atomic  correspondence.  He  means  just  site 
correspondence. 

J.W.  Christian:  With  respect  to  your  first  point,  John 
Cahn  has  almost  convinced  me  that  condensation  or  gen¬ 
eration  of  vacancies  might  not  be  possible,  despite  the 
high  driving  force. 

J.M.  Howe,  University  of  Virginia,  U.S.A.:  I  wanted 
to  respond  to  your  comments  of  just  a  minute  ago.  I’ve 
changed  my  viewpoint  a  little  bit  on  the  role  of  this  extra 
volume  in  the  kink.  I  know  in  the  original  Phil.  Mag. 
paper  (J.M.  Howe,  U.  Dahmen,  and  R.  Gronsky:  Phil. 
Mag.  A,  1987,  vol.  56,  pp.  31-61),  we  looked  at  it  as 
lowering  the  activation  energy  to  get  an  atom  across  the 
kink.  And  that  is  a  different  sort  of  role  than  is  played 
by  kinks  in  the  solid/vapor  case.  But,  at  that  time,  I 
made  the  analogy  that  it’s  very  much  similar  to  the 
solid/ vapor  case.  And  the  reason  for  that  is  that  if  we 
think  of  this  growth  ledge,  or  this  transformation  dis¬ 
location,  or  whatever  we  want  to  call  it,  as  having  a 
Burgers  vector,  then  it  has  some  strain  energy  (J.M. 
Howe  and  N.  Prabhu;  Acta  Metall.  Mater.,  1990, 
vol.  38,  pp.  881-887  and  889-896).  If  kinks  are  created 
along  the  ledge  in  order  to  advance  the  interface,  we 
lengthen  the  dislocation  line  and  add  strain  energy  as 
well  as  create  some  new  surface  at  the  kinks.  So  that’s 
always  going  to  be  an  unfavorable  event  to  happen  ran¬ 
domly  (unless  one  has  a  “rough”  interface),  just  like  it’s 
going  to  be  unfavorable  for  atoms  to  attach  randomly  to 
a  terrace  because  of  the  additional  strain  and  surface  as¬ 
sociated  with  the  nucleating  ledge. 

But,  once  we  overcome  that  barrier  and  we  have  a 
nucleation  event,  a  double  kink,  then  it’s  favorable  for 
the  rest  of  the  atoms  to  go  to  the  edge  of  that  kink,  just 
like  it  is  in  solid/vapor  transformations,  because  it  costs 
less  energy  both  in  terms  of  the  strain  field  as  well  as 
the  new  surface.  And  so,  I  think  it  is  very  much  anal¬ 
ogous  to  the  solid/vapor  case,  which  is  a  slightly  dif¬ 
ferent  viewpoint  than  we  had  previously  on  that  subject. 
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H.l.  Aaronson:  I  think  there  is  still  a  problem  here, 
because  this  is  not  crystal  growth  from  the  vapor  phase. 
You  still  have  to  make  the  transfer  across  the  interphase 
boundary.  And  in  this  case,  in  the  situation  you’re  out¬ 
lining,  the  transfer  would  take  place  through  a  coherent 
region  without  that  defect. 

J.P.  Hirth,  Washington  State  University,  U.S.A.:  He 
actually  had  a  vacancy  involved. 

J.M.  Howe,  University  of  Virginia,  U.S.A.:  I  tried  to 
do  this  hard  sphere  experiment,  and  there  was  a  vacancy 
that  assisted  the  process  so  that  it  wasn’t  just  the  open 
volume  in  the  kink. 

H.L  Aaronson:  In  other  words,  there  is  a  temporary 
open  volume  that  is  assisting  the  transfer. 

J.M.  Howe:  Well,  the  open  volume  is  always  there. 
And  that’s  always  assisting  the  transfer.  But  it’s  not  big 
enough  for  an  atom  to  hop  through.  You  still  have  to 
have  a  vacancy  arrive  there.  When  the  vacancy  arrives 
there,  the  atom  then  has  a  place  to  go  and  it’s  assisted 
by  this  additional  strain  and  it  can  hop  into  an  atomic 
site. 

H.l.  Aaronson:  Then  the  hole  would  still  be  assisting 
the  passage  of  an  atom  through  the  kink. 

J.M.  Howe:  Yes,  it  is  still  assisting. 

G.B.  Olson:  I  just  want  to  make  a  couple  of  short 
comments  about  the  theory  of  interfacial  structure.  There 
is  a  fairly  well-developed  theory  for  the  classic  problem 
we  call  “grain  boundaries,”  in  which  the  input  is  an  ar¬ 
bitrary  misorientation  between  two  crystals  meeting  at  a 
boundary.  A  rotation  R  is  then  the  input  into  the  theory. 
Out  of  the  theory  comes  predictions  of  possible  dis¬ 
location  structures  {i.e.,  ways  in  which  the  system  ac¬ 
commodates  that  rotation)  and  that  is  very  sensible  for 
a  grain  boundary.  Extension  of  that  kind  of  theory  to 
interphase  boundaries  is  really  what  I  would  call  the 
problem  of  “interphase  grain  boundaries,”  in  which,  in 
addition  to  an  arbitrary  misorientation,  you  have  some 
pure  lattice  deformation  B  relating  the  two  crystals.  The 
theory  of  interphase  grain  boundaries  then  uses  the  same 
machinery  to  predict  possible  dislocation  structures  that 
accommodate  both  of  those  operations.  But  I  think  really 
the  class  of  problem  I  would  call  an  “interphase  bound¬ 
ary”  does  not  involve  an  arbitrary  orientation  relation¬ 
ship.  What  we  really  want  out  of  a  theory  of  interphase 
boundaries  is  the  prediction  of  orientation  relations.  In 
the  case  of  martensitic  crystallography,  we  have  such  a 
theory,  where  the  input  is  the  pure  lattice  deformation  B 
and  also  possible  simple  modes  of  relaxation,  which 
define  possible  dislocation  structures  accomplishing  a 
lattice-invariant  deformation  P.  And  the  output  then  is 
the  orientation  relation  R.  Now,  the  problem  we  have  as 
we  go  on  to  progressively  larger  states  of  relaxation, 
where  this  process  might  become  nonconservative  and 
we  might  have  several  lattice  invariant  deformations 
{e.g.,  P2P1),  is  that  we  lose  the  predictive  power  of  this 
theory  because  we  lack  sufficient  constraints  to  extract 
unique  solutions.  And  so  we  are  looking  for  sources  of 
those  additional  physical  constraints,  and  I  think  the 
place  to  look  is  back  in  the  grain  boundary  form  of  the 
theory.  Because  we  rationalize  these  operations  in  terms 
of  the  minimization  of  volume  elastic  energy,  the  mar¬ 
tensite  theory  enforces  only  a  condition  of  macroscopic 
invariant-plane  matching,  whereas  the  grain  boundary 


theory  explores  conditions  of  local  pattern  matching  and 
looks  towards  the  principle  of  minimization  of  interfacial 
energy.  I  think  that  is  what  is  missing  from  the  inter¬ 
phase  boundary  theory  right  now.  So,  we  want  to  bring 
the  concept  of  interfacial  energy  minimization  into  the 
invariant-plane  theory  in  such  a  way  that  we  constrain 
the  P1P2  operations  sufficiently  to  predict  habit  planes 
and  orientation  relations.  I  think  one  unused  piece  of  in¬ 
formation  throughout  the  discussions  at  this  conference 
is  that,  although  there  has  been  some  reconciliation  of 
invariant  plane  and  invariant  line  notions  and  O-lattice 
concepts  of  grain  boundary  theory,  I  don’t  think  the  next 
step  has  been  taken  to  the  concept  of  coincidence  site 
lattices  (CSL)  and  the  use  of  complete  pattern  shift  lat¬ 
tice  (DSC)  dislocations  where  we  really  are  getting  in 
principles  of  interfacial  energy  minimization.  In  a  paper 
with  Bob  Balluffi  (R.W.  Balluffi  and  G.B.  Olson: 
Metall.  Trans.  A,  1985,  vol.  16A,  p.  529),  we  looked 
at  combining  these  theories  and  identified  the  principal 
types  of  dislocations  that  could  exist.  In  the  combined 
approach,  we  considered  the  concept  of  primary  corre¬ 
spondences  of  the  type  that  predict  primary  interfacial 
dislocations,  as  in  grain  boundary  theory,  as  well  as  sec¬ 
ondary  correspondences  that  predict  the  secondary  dis¬ 
locations.  The  secondary  correspondences  are  the  ones 
defined  by  the  CSL,  and  I  think  Jim  Howe  showed  us 
in  this  conference  a  very  good  example  of  a  phase  trans¬ 
formation  that  appears  to  involve  a  CSL  and  secondary 
interfacial  dislocations,  known  as  DSC  dislocations. 

C.M.  Wayman,  University  of  Illinois  at  Urbana- 
Champaign,  U.S.A.:  Referring  to  Professor  Olson’s 
viewgraph,  I  think  it  would  be  more  consistent  in  ter¬ 
minology  to  consider  RB  to  be  a  lattice  deformation  and 
R  to  be  a  rotation  and  BP  a  matrix  product,  which  pro¬ 
duces  an  undistorted  but,  nevertheless,  rotated  plane.  If 
you  are  going  to  go  one-on-one  with  the  phenomeno¬ 
logical  theory,  then  RB  itself  is  the  lattice  deformation. 
B  would  be  the  pure  distortion. 

Unidentified  Discusser:  You  said  that  there  is  a  cor¬ 
respondence  in  the  grain  boundary,  but  I’m  not  sure  I 
can  see  a  correspondence  in  a  small-angle  grain 
boundary. 

G.B.  Olson:  In  a  low-angle  grain  boundary,  it  is  the 
“identity”  correspondence  defining  the  simple  rotation 
that  in  turn  defines  the  O-lattice. 

Unidentified  Discusser:*  You  didn’t  start  with  a  single 

*Edited  by  Professor  G.B.  Olson,  Northwestern  University. 

crystal ,  and  I  mean  the  R  and  the  grain  boundary  are  not 
the  same.  Free  particles  can  rotate  one  another  as  they 
interact.  But  you  know  there  is  a  difference  between 
when  you  create  something  from  a  single  crystal  as  you 
do  in  a  transformation;  and  where  we  have  a  grain 
boundary,  we  can  start  from  a  single  crystal  and  sort  of 
erode  material  and  create  a  new  crystal.  There’s  a  lot  of 
excess  baggage  that  you  carry  with  you  when  you  start 
with  a  martensite  view  point.  There’s  also  a  lot  of  excess 
baggage  going  backwards  if  you  start  with  grain  bound¬ 
aries  and  try  to  go  to  phase  boundaries. 

J.W.  Cahn:  Well,  I  suspect  that  if  you  really  are  look¬ 
ing  for  those  extra  constraints,  you  will  need  all  that 
baggage. 

G.B.  Olson:  That’s  right.  Let  me  make  one  further 
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comment  on  that  point.  Figure  2(a)  from  the  previously 
mentioned  Balluffi-Olson  paper  shows  two  lattices  and 
defines  a  primary  lattice  correspondence  relating  prim¬ 
itive  cells  with  minimal  principal  strains.  The  region  of 
lattice  1  in  Figure  2(b)  is  then  transformed  coherently  to 
lattice  2  by  an  array  of  (partial)  coherency  dislocations 
in  Figure  2(c)  introducing  dipoles  of  lattice  dislocations 
inside  the  particle  of  Figure  2(c);  a  semicoherent  particle 
is  illustrated  in  Figure  2(d)  now  containing  an  additional 
array  of  primary  interfacial  dislocations.  For  the  rational 
relation  chosen  between  lattices  1  and  2,  the  lower  por¬ 
tion  of  Figure  2(d)  superimposes  the  construction  of  a 
CSL  and  associated  DSC  lattice.  Referred  to  the  primary 
correspondence,  the  interface  is  semicoherent.  Referred 
to  the  secondary  correspondence  defined  by  the  CSL,  the 
interface  is  fully  coherent.  The  CSL  construction  pro¬ 
vides  information  on  pattern  matching  relevant  to  inter¬ 
facial  energy  minimization. 

Figure  3  represents  a  closely  related  variation  on  the 
interface  of  Figure  2(d),  but  now  with  an  irrational  re¬ 
lation  between  lattices  1  and  2,  so  that  the  primary  dis¬ 
locations  in  Figure  3(a)  are  unevenly  spaced.  This 
introduces  perturbations  relative  to  the  structure  of 
Figure  2(d),  which  are  represented  by  secondary  DSC 
dislocations  in  Figure  3(b).  The  latter  are  defined  by  the 
DSC  lattice  superimposed  in  Figure  2(b),  which  is  in 
turn  defined  by  the  CSL  of  Figure  2(d).  While  the  pri¬ 
mary  dislocation  description  of  Figure  3(a)  relates  to  the 
strain-energy  minimizing  operations  of  the  martensite- 
type  theory  (although  the  lattice-invariant  deformation  is 
in  this  case  nonconservative),  the  CSL-based  secondary 
dislocation  description  of  Figure  3(b)  relates  to  pattern 
matching  and  interfacial  energy  minimization. 

J.W.  Christian:  There  is  a  well-known  difficulty  here, 
namely  an  infinite  number  of  different  lattice  deforma¬ 
tions  will  give  the  same  end  result:  the  question  is 
whether  a  particular  description  has  physical  signifi¬ 
cance.  If  we  tie  labels  on  the  atoms  (or  lattice  points) 
and  then  identify  them  after  transformation,  this  will 
generally  allow  corresponding  vectors,  planes,  and  unit 
cells  to  be  identified.  Note  that  a  correspondence  can  be 
defined  only  for  an  interface  that  has  been  displaced. 
Even  with  labels,  ambiguities  are  possible;  a  high-angle 
symmetrical  tilt  boundary  may  also  be  regarded  as  a  de¬ 
formation  twin,  and  the  more  appropriate  description 
may  depend  on  how  it  has  been  formed. 

G.B.  Olson:  It  will  always  be  that  for  a  given  inter¬ 
face,  even  when  you  know  where  all  the  atoms  are,  there 
are  choices  you  can  make  in  correspondences  as  you 
view  its  structure.  But  I  think  there  are  different  func¬ 
tions  in  these  alternative  choices,  and  it’s  really  in  the 
CSL  concepts  that  you  are  going  beyond  just  looking  for 
strain  accommodation  (Figure  3(a))  and  looking  for  pat¬ 
tern  matching  (Figure  3(b)),  which  relates  back  to  the 
minimization  of  interfacial  energy. 

J.P.  Hirth:  Well,  we’ve  had  somewhat  over  an  hour 
on  this  topic.  Possibly  we  can  return  to  it  at  the  end  of 
this  session.  Perhaps  we  can  now  turn  to  issues  of 
thermodynamics  and  kinetics. 

M.  Enomoto,  Ibaraki  University,  Japan:  My  com¬ 
ments  concerns  the  claim  made  by  Tsuzaki  and  Maki 
that  their  bainitic  ferrite  is  supersaturated  with  respect  to 
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Fig.  2  —  Formation  of  occluded  particle  of  Phase  2/Lattice  2  in  a 
large  matrix  of  Phase  1 /Lattice  1  by  a  phase  transformation,  (a)  Lat¬ 
tice  transformation  between  Phases  I  and  2.  {b)  First  step  in  trans¬ 
formation.  Coherency  dislocation  dipoles  are  generated  in  interior  of 
region  to  be  transformed  (dashed  region)  and  are  expanded  (by  com¬ 
bined  glide  and  climb)  on  successive  {110}  planes  (dashed)  of  Lattice 
I.  (f)  Second  step  in  transformation.  Lattice  (primary)  dislocation 
dipoles  are  generated  in  Phase  2/Lattice  2  region  and  are  expanded 
(by  combined  glide  and  climb)  on  dashed  jl  10}  planes,  (d)  Final  con¬ 
figuration.  Interphase  boundary  contains  both  coherency  and  primary 
dislocations.  Also  shown  are  CSL  and  DSC  Lattice  formed  by  Lat¬ 
tices  1  and  2.  (e)  Burgers  circuit,  A^B->C^D^Ain 
{d),  mapped  in  the  reference  lattice  (i.e..  Lattice  1)  to  reveal  primary 
interfacial  dislocation  content.  (R.W.  Balluffi  and  G.B.  Olson: 
Metall.  Trans.  A,  1985,  vol.  16A,  p,  529.) 
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Fig.  3  —  (a)  Final  semicoherent  interphase  boundary  produced  when 
lattice  parameter  of  Lattice  2  in  Fig.  2  is  increased  slightly  (i.e.,  by 
=5  pet),  (h)  Same  as  (a),  except  that  the  X  =  3;4  DSC  Lattice  is 
shown  embedded  in  Lattices  1  and  2.  Secondary  edge  dislocations  are 
shown  encircled.  Primary  dislocations  are  shown  dotted.  (R.W. 
Balluffi  and  G.B.  Olson:  Metall.  Trans.  A,  1985,  vol.  16A,  p.  529). 


carbon.  The  amount  of  excess  carbon  was  said  to  be  ap¬ 
proximately  0.2  wt  pet  (approximately  1  at.  pet).  For  the 
sake  of  simplicity,  I  will  discuss  this  point  using  the 
binary  Fe-C  phase  diagram  (Figure  4).  The  para- 
equilibrium  phase  boundaries  in  the  Fe-C-Si  and  Fe-C- 
Si-Mn  systems  may  be  somewhat  higher  than  and  similar 
to  their  counterparts  in  the  Fe-C  system,  respectively.  In 
both  alloys  studied,  it  is  very  likely  that  at  723  K  the 
solubility  of  carbon  in  ferrite  is  not  far  from  the  maxi¬ 
mum  solubility  (a  few  hundreds  weight  parts  per  mil¬ 
lion).  Obviously,  the  ferritic  component  of  bainite 
formed  at  this  temperature  is  supersaturated  with  respect 
to  the  precipitation  of  cementite,  even  if  it  is  formed 
maintaining  equilibrium  with  austenite  (marked  by  the 
solid  circle).  We  usually  expect  a  large  amount  of  car¬ 
bide  from  ferrite  containing  approximately  0.2  wt. 
carbon  (marked  by  the  open  circle).  So,  the  fine  carbides 
they  showed  (they  may  be  cementite  or  e  carbide)  are 
likely  to  have  been  formed  during  cooling  to  room  tem¬ 
perature  or  by  the  time  of  transmission  electron  micro¬ 
scope  (TEM)  observation. 

Then,  the  authors  may  argue  that  carbon  diffused  to 
the  retained  austenite  before  carbides  were  formed.  They 
used  the  mass  balance  of  carbon  (equivalent  to  the  lever 
rule)  between  the  ferritic  component  of  bainite  and  the 


Carbon  mole  fraction 

Fig.  4  —  Fe-FejC  metastable  equilibrium  phase  diagram. 


retained  austenite  to  calculate  the  excess  amount  of 
carbon  in  ferrite.  (They  determined  the  carbon  concen¬ 
tration  in  austenite  by  measuring  the  lattice  spacing  by 
X-ray  diffraction.)  If  ferrite  were  formed  with  such  a 
high  percentage  of  excess  carbon,  the  amount  of  ferrite 
tends  to  be  very  large  compared  to  that  of  final  equilib¬ 
rium  in  view  of  the  lever  rule.  This  implies  that  the  fer¬ 
rite :  austenite  interface  has  to  go  back  as  the  carbon 
diffuses  out,  if  the  mobility  of  the  ferrite :  austenite  inter¬ 
face  is  sufficiently  large.  At  least  the  driving  force  would 
be  for  the  backward  motion  of  the  interface. 

The  authors  consider  that  carbon  diffused  out  to  the 
retained  austenite  in  several  tens  of  seconds.  The  con¬ 
clusion  of  my  comments,  therefore,  is  that  they  need  to 
acquire  more  experimental  data  using  the  same  tech¬ 
nique  and  show  the  time  variation  of  carbon  super¬ 
saturation  in  the  ferritic  component  of  bainite  and/or  the 
volume  fraction  of  ferrite  in  their  alloys. 

K.  Tsuzaki:  I  respond  to  Professor  Enomoto’s  com¬ 
ments.  For  the  first  comment,  I  should  say  that  I  esti¬ 
mated  the  carbon  content  in  the  ferrite  of  a  specimen 
quenched  after  50  seconds  holding  at  823  K  by  using  the 
average  carbon  content  of  retained  austenite  and  the 
volume  fractions  of  ferrite  and  austenite,  but  not  by  the 
amount  of  carbides  in  the  ferrite.  At  this  stage  (823  K, 
50  seconds),  there  were  no  carbides  in  ferrite  and  aus¬ 
tenite  in  the  present  Fe-2  wt  pet  Si-0.6  wt  pet  C  alloy. 
At  the  middle  stage  of  transformation  (823  K,  100  sec¬ 
onds),  the  ferrite  laths  were  still  surrounded  by  austenite 
where  I  had  observed  large  carbide  plates.  (Because  of 
the  presence  of  Si  in  the  alloy,  these  carbides  were  not 
cementite.)  This  means  that  the  supersaturated  carbon  in 
the  ferrite  formed  by  50  seconds  of  isothermal  holding 
had  at  least  50  seconds  to  diffuse  out  from  the  ferrite  to 
the  austenite.  This  is  probably  the  reason  why  in  the 
final  stage  of  transformation  (823  K,  1 .8  ks),  the  amount 
of  carbides  in  the  primary  ferrite  is  not  so  large  in  com¬ 
parison  with  the  carbon  content  of  the  primary  ferrite 
estimated  at  823  K  and  50  seconds. 

I  could  not  understand  your  comment  on  the  moving 
back  of  the  ferrite /austenite  interphasc  boundary.  I  can 
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just  say  that  at  the  stage  of  50  seconds  isothermal  hold¬ 
ing,  the  interphase  boundaries  have  already  lost  their 
martensite-like  mobility  (i.e.,  a  glissile  interface).  This 
is  consistent  with  the  result  that  the  width  of  ferrite  laths 
did  not  change  during  the  subsequent  isothermal  holding 
at  823  K  after  50  seconds  holding. 

With  respect  to  the  final  comment,  I  should  say  that 
the  study  of  the  time  variation  of  carbon  supersaturation 
in  ferrite  is  possible  but  hard  to  do  with  the  present  alloy 
because  the  formation  of  carbides,  which  prevents  use 
of  my  method  to  estimate  the  carbon  content  in  ferrite, 
occurs  relatively  fast. 

M.  Enomoto:  How  much  accuracy  do  you  expect  from 
your  measurement?  I  would  like  to  know  the  error  limit 
in  the  determination  of  carbon  concentration  in  austenite 
from  the  diffraction  peaks,  and  then  of  the  carbon  con¬ 
centration  in  ferrite  from  the  mass  balance. 

J.K.  Lee,  Michigan  Technological  University,  U.S.A.: 
I  would  like  to  call  your  attention  to  recent  field  ion 
microscope  observations  on  the  “direct  atomic  ex¬ 
change”  mechanism  presented  in  Materials  Research 
Society  (MRS)  meetings  and  also  published  in  the  lit¬ 
erature  (S.  Fukatsu,  K.  Fujita,  H.  Yaguchi,  Y.  Shiraki, 
and  R.  Ito;  App.  Phys.  Lett.,  1991,  vol.  59,  p.  2103; 
H.  Jorke:  Surface  Sci.  1988,  vol.  193,  pp.  569-578).  In 
a  diffusion  class,  one  learns  that  for  a  large  substitutional 
solute  atom  to  diffuse  in  a  crystalline  lattice,  a  vacancy 
is  required.  However,  some  recent  observations  indicate 
that  the  direct  interchange  mechanism  is  apparently 
working  between  a  large  substitutional  adatom,  such  as 
Sb,  and  a  host  atom  Si  (Figure  5).  The  investigators 
claim  that  there  is  no  indication  of  any  particular  defect 
that  might  aid  solute  diffusion  at  the  surface  layer  of  Si 
atoms,  and  yet  significant  atomic  exchanges  lead  to 
solute  segregation  and  intermixing.  Conventional 
wisdom  suggests  that  the  activation  energy  for  direct  ex¬ 
change  is  too  high  to  be  operative,  but  this  is  not  so  (at 
least  not  for  diffusion  at  a  surface).  If  direct  atomic  ex¬ 
change  is  indeed  an  active  diffusion  mechanism,  the  im¬ 
plication  seems  very  profound  for  our  understanding  of 
diffusion  at  an  interphase  boundary,  as  well  as  the 
motion  of  such  a  boundary,  as  there  appears  no  reason 
to  suspect  that  the  activation  energy  should  be  much 
higher  than  that  at  a  free  surface. 

H.  Chen,  University  of  Illinois  at  Urbana- 
Champaign,  U.S.A.:  I  recall  that  Professor  Gert  Ehrlich 
of  the  University  of  Illinois  did  Monte  Carlo  simulation 
of  adatoms  on  a  surface.  The  exchange  process  was 


(a)  (b) 

Fig.  5  —  Schematic  drawing  showing  direct  atomic  interchange 
between  a  solute  Sb  adatom  and  a  solvent  Si  atom  («)  before  and 
(b)  after  interchange. 


greatly  assisted  by  lattiee  dynamics,  especially  at  a  free 
surface  where  large  displacements  of  atoms  could  occur. 

T.Y.  Hsu,  Shanghai  Jiao  Tong  University,  China:  I 
would  like  to  say  a  few  words  about  the  kinetics  and 
discuss  some  other  problems  concerning  bainite  forma¬ 
tion  according  to  our  experimental  results.  K.  Takezawa 
and  S.  Sato  {Trans.  Jpn.  Inst.  Met.,  1988,  vol.  19, 
p.  894)  showed  that  under  stress,  the  kinetic  character¬ 
istics  of  bainite  formation  taking  place  through  up- 
quenching  from  the  martensitic  state  in  Cu-Zn-Al  alloys 
obey  the  Austin-Rickett  equation  for  diffusional  trans¬ 
formations  with  an  activation  energy  close  to  that  for  the 
diffusion  of  Zn.  E.S.  Lee  and  G.  Kim  {Acta.  Metall. 
Mater.,  1990,  vol.  38,  p.  1669)  got  the  same  results  in 
Cu-Zn-Al  alloys  up-quenched  from  a  martensitic  state. 
Our  study  (L.  Jiang,  W.  Lu,  B.  Jiang,  and  T.Y.  Hsu 
(Xu  Zuyao):  Trans.  Non-Ferrous  Met.  Soc.  of  China 
{English  Edition),  1993,  vol.  3,  p.  66)  on  the  time- 
temperature-transformation  (TTT)  diagram  and  the 
kinetics  curves  for  bainite  formation  in  Cu-Zn-Al 
up-quenched  from  the  martensitic  (DO3)  state,  as  well 
as  cooled  from  the  high-temperature  parent  phase  (B2), 
shows  that  the  kinetic  characteristics  of  bainite  formation 
obey  the  Austin-Rickett  equation  with  n  =  2.25  for  up- 
quenched  specimens  and  n  =  1 .80  for  specimens  cooled 
from  high  temperature,  and  an  activation  energy  for 
bainite  formation  of  about  110  kJ/mole,  corresponding 
to  that  for  the  diffusion  of  solute  atoms.  Thus,  we  be¬ 
lieve  that  the  kinetics  of  bainite  formation  in  Cu-Zn-Al 
alloys  may  conform  to  those  for  a  diffusional 
transformation. 

The  second  problem  concerns  the  so-called  inheri¬ 
tance  of  the  ordering  of  the  parent  phase  during  bainite 
formation.  Our  X-ray  diffractometry  study  in  Cu-Zn-Al 
alloys  (Jiang  et  al.:  Trans.  Non-Ferrous  Met.  Soc.  of 
China  {English  Edition),  1993)  shows  that  in  9R  or  18R 
martensite,  the  (115)  diffraction  peaks  are  separate  from 
(205)  peaks,  and  (1  2  10)  peaks  are  distinguishable  from 
(2  0  10)  peaks.  However,  in  bainite  forrned  and  cooled 
from  various  conditions,  the  (115)  and  (205)  as  well  as 
the  (1  2  10)  and  (2  0  10)  peaks  overlap.  For  example, 
as  formed  from  the  high  temperature  L2i  matrix,  the 
spacing  Ad  between  diffraction  peaks  in  martensite  is 
about  0.0079  mm  but  less  than  0.002  mm  in  bainite. 
Figure  6  shows  the  (1  2  10)  and  (2  0  10)  diffraction 
peaks  for  bainite  and  martensite,  revealing  that  ordering 
in  bainite  is  quite  different  from  that  in  martensite 
formed  from  the  same  ordered  parent  phase,  with  the 
degree  of  ordering  in  bainite  being  much  smaller  than  in 
martensite.  Continuous  observations  by  means  of  high- 
temperature  X-ray  investigation  completely  confirmed 
these  results.  As  we  know,  martensite  must  inherit  the 
ordering  of  substitutional  atoms  in  the  parent  phase,  and 
experiments  have  revealed  the  change  in  composition  as¬ 
sociated  with  the  formation  of  bainite,  in  conformity 
with  the  results  of  our  thermodynamic  calculations.  Re¬ 
ferring  to  the  results  of  the  thermodynamic  study  (T.  Y. 
Hsu  (Xu  Zuyao)  and  X.W.  Zhou;  Acta  Metall.  Mater., 
1991,  vol.  39,  p.  2615),  it  may  be  conceived  that  the 
bainite  is  essentially  formed  in  a  disordered  state  and 
will  become  ordered  on  aging  or  slow  cooling.  After 
long-term  isothermal  holding,  the  formation  of  the  stable 
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Fig.  6  —  The  (12  10)  and  (2  0  10)  diffraction  peaks  for  bainite  and  martensite  formed  from  the  L2,  parent  pha.se  by  isothermal  holding  at  250  °C 
for  different  times  and  then  slow  cooled  (L.  Jiang,  W.  Lu.  B.  Jiang,  and  T.Y.  Hsu  (Xu  Zuyao):  Trans.  Non-Ferrous  Metals  Soc.  of  China: 
(English  Edition),  1993,  vol.  3,  p.  66.) 


disordered  a  phase  will  occur.  Accordingly,  the  non¬ 
inheritance  of  the  ordering  of  the  parent  phase  during 
bainite  formation  can  be  deduced  (W.  Lu,  B.  Jiang  and 
T.Y.  Hsu  (Xu  Zuyao):  Scripta  Metall.  Mater.,  1992, 
vol.  27,  p.  861). 

I  would  also  like  to  point  out  that  shape-memory 
alloys  exhibit  the  crystallographic  reversibility  associ¬ 
ated  with  the  martensitic  transformation  and  the  reverse 
transformation  (i.e.,  shape  recovery  occurs  in  the  de¬ 
formed  martensite  upon  heating  to  a  temperature  above 
AJ.  However,  in  Cu-Zn-Al  shape-memory  alloys  there 
is  no  crystallographic  reversibility  associated  with  the 
bainitic  transformation  {i.e.,  shape  recovery  does  not 
occur  in  the  deformed  bainite  on  heating  to  the  parent 
state).  Only  the  so-called  “reverse  shape-memory 
effect”  occurs  {i.e.,  extension  and  compression  associ¬ 
ated  with  bainite  formation  in  specimens  under  tensile 
and  compressive  stresses,  respectively). 

In  this  conference,  someone  mentioned  the  so-called 
prebainitic  transformation.  Our  internal  friction 
measurements  on  ferrous  alloys,  copper  alloys 
(J.  Zhang,  S.  Chen  and  T.Y.  Hsu  (Xu  Zuyao):  Acta. 
Metall.  Mater.,  1991,  vol.  39,  p.  2615),  and  a  Ag-Cd 
alloy  (J.  Zhang,  S.  Chen  and  T.Y.  Hsu  (Xu  Zuyao): 
Metall.  Trans.  A,  1989,  vol.  20A,  p.  1169)  all  show  that 
the  damping  peak  appears  within  the  incubation  period, 
and  the  maximum  damping  values  are  inversely  propor¬ 
tional  to  their  incubation  periods.  That  means  the  damp¬ 
ing  capacity  value  is  directly  proportional  to  the 
nucleation  rate.  Thus,  we  suggested  that  the  so-called 
prebainitic  transformation  is  actually  the  nucleation  of 
the  bainite  within  the  incubation  period  (T.Y.  Hsu  (Xu 
Zuyao)):  Metall.  Trans.  A,  1990,  vol.  21  A,  p.  81 1).  The 
appearance  of  solute-depleted  zones  by  means  of  diffu¬ 
sion  of  the  solute  atoms  during  the  incubation  period  will 


raise  the  free  energy  of  the  system  and  so  is  thermo¬ 
dynamically  impossible  unless  it  takes  place  in  associ¬ 
ation  with  nucleation. 

In  addition,  our  experimental  results  on  Fe-Ni-C 
alloys  obtained  with  internal  friction  measurements  re¬ 
vealed  that  the  internal  friction  behavior  of  the  martens¬ 
itic  transformation  conforms  with  the  hysteresis  loss 
mechanism  associated  with  stress-induced  motion  of  the 
interface  dislocations.  The  mechanism  of  the  internal 
friction  change  associated  with  the  pearlitic  and  bainitic 
transformations  is  in  agreement  with  Postnikov’s  mode. 
Hence  bainite  formation  is  similar  to  the  pearlitic  but  not 
to  the  martensitic  transformation. 

H.I.  Aaronsotr.  How  did  you  determine  experimen¬ 
tally  the  activation  energy  for  transformation  in  Cu- 
Zn-Al  alloys? 

T.Y  Hsu:  We  calculated  the  activation  energy  from  the 
overall  kinetics  curve,  using  the  rate  of  formation  of 
50  pet  transformation  product. 

H.I.  Aaronsotr.  You  should  realize  that  the  activation 
energy  for  overall  transformation  kinetics  has  no  phys¬ 
ical  meaning  because,  with  diffusivity  rapidly  falling 
with  decreasing  temperature  while  the  driving  force  is 
rising,  the  overall  kinetics  are  just  a  compromise  and  you 
cannot  get  a  physically  meaningful  activation  energy  out 
of  that  information.  Also,  you  are  combining  nucleation 
and  growth.  But,  even  if  you  have  Just  growth,  you 
cannot  get  a  meaningful  activation  energy  from  growth 
kinetics  as  a  function  of  temperature. 

T.Y.  Hsu:  The  activation  energy  we  got  is  the  acti¬ 
vation  energy  for  overall  kinetics  involving  that  for  nu¬ 
cleation  and  growth.  If,  at  a  certain  temperature  range, 
both  the  nucleation  and  growth  processes  are  controlled 
by  the  diffusion  of  solute  atoms,  the  activation  energy 
for  overall  kinetics  may  be  close  to  that  for  the  diffusion 
of  the  solute  atoms,  though  only  apparently. 
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H.I.  Aaronson:  Even  so,  there  is  no  single  activation 
energy  for  growth,  because  in  growth  the  driving  force 
increases  with  decreasing  temperature  and  diffusivity  de¬ 
creases.  So,  above  a  certain  temperature,  you  can  get  a 
negative  activation  energy.  And  you  only  get  a  single 
positive  value  if  you  use  a  narrow  temperature  range 
below  the  maximum  growth  rate  where  you  can  approx¬ 
imate  a  straight  line  relationship  on  an  Arrhenius  plot. 

T.Y.  Hsu:  I  agree. 

CM.  Wayman:  I  have  a  question  for  Professor  Hsu. 
Do  you  feel  that  the  Tq  temperature  can  be  higher  in  the 
presence  of  a  defect  or  cluster  of  defects? 

T.Y.  Hsu,  Shanghai,  Jiao  Tong  University,  P.R.C.: 
Yes.  There  is  a  fixed  Tq  temperature  in  a  homogeneous 
matrix.  If  defects  are  present  in  a  matrix,  there  may  be 
an  interaction  between  the  defects  and  solute  atoms,  re¬ 
sulting  in  a  solute-depleted  zone  where  the  local  Tq  can 
be  higher.  Thus,  martensitic  transformation  may  occur 
above  Tq.  But  the  problem  is  that  the  defect  density  must 
correspond  to  the  density  of  nuclei;  this  situation  seems 
unlikely  to  obtain  in  practice. 

K.C.  Russell,  Massachusetts  Institute  of  Technology 
U.S.A.:  The  question  was,  I  believe,  would  defects  or 
clusters  of  defects  contribute  to  Tq,  the  temperature 
where  the  bulk  free  energies  of  the  two  phases  are  the 
same.  The  free  energies  of  defects  are  generally  ex¬ 
tremely  small  compared  to  the  bulk  free  energy,  even  in 
a  heavily  defected  material.  You  can  add  up  the  free 
energy  of  the  dislocations,  the  vacancies  and  the  inter¬ 
stitials,  and  you  don’t  get  much.  However,  the  M,  tem¬ 
perature,  which  depends  on  defects  for  nucleation  sites, 
could  very  well  change  in  a  significant  way. 

S.  Banerjee,  Bhabha  Atomic  Research  Center,  India: 

I  agree  with  Professor  Russell  that  in  the  classical  nu¬ 
cleation  approach,  defects  and  defect  clusters  have  no 
significant  influence  on  the  Tq  temperature.  It  is  also  rec¬ 
ognized  that  for  a  transformation  to  proceed  to  a  rea¬ 
sonable  extent  above  Tq,  it  is  essential  to  have 
partitioning  of  alloying  elements.  However,  in  many 
first  order  martensitic  and  displacive  transitions,  lattice 
softening  occurs  to  a  partial  extent  as  a  precursor  to  the 
nucleation  event.  This  is  reflected  in  the  observed 
phonon  anomaly,  which  is  related  to  the  resultant  struc¬ 
ture.  In  such  cases,  defects  play  a  very  important  role 
in  localized  amplification  of  displacement  waves.  I  am 
raising  this  point  only  to  emphasize  the  fact  that  incom¬ 
plete  lattice  softening,  in  conjunction  with  defects,  can 
cause  the  formation  of  martensitic  embryos  at  tempera¬ 
tures  above  Tq. 

From  the  deliberations  of  this  conference,  I  gather  that 
there  is  general  agreement  that  atomic  site  correspon¬ 
dence  is  present  across  the  transformation  front  in  a  large 
number  of  diffusional  transformations.  This  correspon¬ 
dence  can  be  differentiated  from  the  lattice  correspon¬ 
dence  in  displacive  and  martensitic  transformations  on 
the  basis  of  the  fact  that  one-to-one  correspondence  be¬ 
tween  the  labelled  lattice  points  of  the  parent  and  the 
product  lattices  is  absent  in  a  diffusional  transformation. 

It  is  also  agreed  upon  that  the  interface  between  the 
parent  and  the  product  phases  in  diffusional  transfor¬ 
mations  is  generally  made  up  of  regions  of  good  fit, 
these  coherent  regions  being  separated  by  steps.  The  de¬ 
viation  of  the  interface  plane  from  the  crystallographic 


plane  of  good  fit  is  related  to  the  spacing  of  these  steps. 
Misfit  along  the  plane  is  corrected  by  an  array  of  misfit- 
compensating  dislocations.  However,  there  are  some 
issues  on  which  a  consensus  has  not  yet  been  reached. 
These  are  listed  below. 

(a)  What  is  the  motivating  factor  for  establishing  the 
atomic  site  correspondence  and  a  specific  crystallo¬ 
graphic  habit  (sometimes  irrational)  in  diffusional  trans¬ 
formations?  The  relative  importance  of  different  criteria, 
namely,  minimization  of  surface  energy,  minimization 
of  strain  energy,  and  maximization  of  growth  rate  in  de¬ 
termining  the  shape  of  plate-shaped  products  of  diffu¬ 
sional  transformations,  is  still  not  clear. 

(b)  The  strain-energy-minimization  criterion  and  the  in¬ 
variant  plane  strain  (IPS)  conditions  have  been  shown  to 
be  equivalent  in  several  cases  of  martensitic  products. 
The  fulfillment  of  the  IPS  condition  can,  therefore, 
imply  strain-energy  minimization  in  a  given  case,  irre¬ 
spective  of  whether  the  transformation  is  martensitic  or 
diffusional.  It  is  not  clear  whether  the  operation  of  the 
IPS  condition  can  be  used  to  decide  the  mechanism  of 
atom  movements  (diffusional  or  martensitic)  in  a  given 
transformation. 

(c)  How  are  the  irrational  habit  planes  of  martensite 
plates  constructed  at  the  atomic  level?  Are  they  made  up 
of  rational  terraces  and  periodic  steps? 

(d)  What  is  the  role  of  the  invariant  line  in  diffusional 
transformations?  Is  it  a  necessary  condition  that  at  least 
one  invariant  line  be  present  along  the  parent /product 
interface  for  all  diffusional  transformations? 

It  is  worthwhile  to  address  these  specific  questions  and 
arrive  at  some  consensus.  This  is  especially  important 
for  teaching  a  course  on  phase  transformations. 

H.I.  Aaronson:  I  would  like  to  offer  a  summary  of  the 
present  situation  with  regard  to  our  understanding  of  the 
formation  mechanism  of  Cu-Zn  (and  Cu-Zn-X) 
plates,  as  I  see  it.  M.-H.  Wu,  Y.  Hamada,  and  C.M. 
Wayman  (in  these  proceedings)  have  now  shown  defin¬ 
itively  that  the  composition  of  these  plates  differs  from 
that  of  their  ordered  /3  matrix  from  the  earliest  stages  of 
growth.  This  important  result  makes  clear,  on  the  basis 
of  the  rules  for  the  applicability  of  the  phenomenological 
theory  of  martensite  crystallography,  that  a,  plates 
cannot  be  formed  by  a  shear  mechanism.  The  earlier 
finding  by  M.-H.  Wu,  J.  Perkins,  and  C.M.  Wayman 
{Acta  MetalL,  1989,  vol.  37,  p.  1821)  that  both  first  and 
second  nearest-neighbors  long-range  order  can  be  re¬ 
tained  during  a,  plate  formation  does  not  contravene  the 
implication  of  the  composition-change  result,  because 
composition  changes  require  long-range  diffusion, 
whereas  long-range  ordering  can  be  accomplished  with 
short-range  diffusion.  Long-range  order  retention  can  be 
readily  explained  on  the  basis  of  ledgewise  diffusional 
growth  through  epitaxial  transmission  of  matrix  long- 
range  order  across  partially  coherent  interphase  bound¬ 
aries,  as  has  been  described  in  several  articles  dealing 
with  multi-layer  epitaxial  growth  (G.P.  Srivastava,  J.L. 
Martins,  and  A.  Zunger;  Phys.  Rev.  B,  1985,  vol.  31, 
p.  2561;  M.A.  Shahid  and  S.  Mahajan;  Phys.  Rev.  B, 
1988,  vol.  38,  p.  1344;  P.  Bellon,  J.P.  Chevalier, 
E.  Argarde,  J.P.  Andre,  and  G.P.  Martin:  J.  Appl. 
Phys.,  1989,  vol.  66,  p.  2388).  The  lengthening  kinetics 
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of  a^  plates  in  Cu-Zn  and  Ag-Cd  alloys  have  been  re¬ 
ported  to  be  somewhat  more  rapid  than  long-range 
volume  diffusion  can  allow.  However,  inaccuracies  in 
auxiliary  parameters,  such  as  the  metastable  equilibrium 
phase  boundary  compositions  of  the  a,  +  ordered  p 
region  and  the  interdiffusivity  vs  composition  in  the  or¬ 
dered  /3  matrix,  could  account  for  these  discrepancies 
(H.I.  Aaronson,  T.  Furuhara,  J.M.  Rigsbee,  W.T. 
Reynolds,  Jr.,  and  J.M.  Howe:  Metall.  Trans.  A,  1990, 
vol.  21A,  p.  2369).  One  issue  remaining  unresolved  is 
whether  or  not  stacking  faults  exist  in  a,  plates  during 
the  earliest  stages  of  their  growth.  If  they  do  not,  then 
what  is  evidently  the  preferred  mechanism  for  the  lattice- 
invariant  deformation  during  this  transformation  does 
not  appear  to  have  been  operative,  thereby  casting  fur¬ 
ther  doubt  upon  the  role  of  shear  in  its  occurrence.  There 
remain  some  problems  with  conflicting  experimental 
evidence  on  this  point,  though  two  conference  papers  in 
Metall.  Mater.  Trans.  A  (by  Fang  et  al.  pp.  2001-08, 
and  by  Ravishankar  et  al.,  pp.  2631-38)  support  their 
absence  during  the  earliest  stages  of  growth.  But,  at  the 
very  least,  the  microanalysis  data  reported  by  Wu, 
Hamada,  and  Wayman  in  this  issue  appear  to  be  decisive 
in  demonstrating  that  the  atomic  mechanism  of  a|  plate 
formation  must  be  diffusional. 

J.M.  Howe:  I  would  like  to  discuss  the  idea  of  irra¬ 
tional  habit  planes  and  ask  whether  there  is  something 
systematic  about  their  structure  that  we  find  throughout. 
We  have  looked  at  that  problem.  The  way  we  did  it  was 
to  take  all  possible  combinations  of  fee,  bcc,  and  hep 
crystal  structures  and  to  look  at  the  interfaces  in  the 
cases  where  they  were  low  index,  rational  habit  planes, 
and  also  high  index  ones  typical  of  martensite,  as  well 
as  various  combinations  of  these  extremes  (J.M.  Howe 
and  S.A.  Roseveld;  unpublished  research).  At  least  in 
the  cases  we  have  looked  at,  where  the  close-packed 
planes  between  the  two  phases  are  parallel  or  very  nearly 
parallel,  at  the  atomic  level  the  habit  plane  is  made  up 
of  steps  on  these  close-packed  planes.  The  steps  may  be 
one  atom  high  in  the  case  of,  say,  a  {252}  martensite 
plate  in  a  steel  that  we  studied  (G.J.  Mahon,  J.M. 
Howe,  and  S.  Mahajan:  Phil.  Mag.  Lett.,  1989,  vol.  59, 
pp.  273-279),  where  each  step  also  accomplishes  the 
transformation.  But  the  steps  allow  the  habit  plane  to 
rotate.  The  steps  may  also  be  two  atomic  planes  high, 
as  in  the  case  of  Al-Ag  or  Ti-Al  (J.M.  Howe, 
U.  Dahmen,  and  R.  Gronsky:  Phil.  Mag.  A,  1987, 
vol.  56,  pp.  31-61;  S.R.  Singh  and  J.M.  Howe:  Phil. 
Mag.  A,  1992,  vol.  66,  pp.  739-771).  The  height  de¬ 
pends  on  the  system,  but  the  steps  inevitably  seem  to  be 
on  the  close-packed  planes.  You  can  achieve  any  ap¬ 
parent  habit  plane  you  want  simply  by  varying  the  den¬ 
sities  of  these  steps,  much  like  in  the  example  we  saw 
this  morning,  where  we  saw  that  a  precipitate  could 
achieve  any  facet  just  by  varying  the  density  of  kinks. 
And  so  I  think  there  are  certain  parallels.  They  have  to 
obey  the  requirements  of  the  particular  system  that  is 
undergoing  the  transformation,  but,  in  essence,  a  pre¬ 
cipitate  plate  can  achieve  any  habit  plane  by  adjusting 
the  density  of  steps  on  the  close-packed  planes. 

C.M.  Wayman:  I  would  like  to  ask  the  following  ques¬ 
tion.  In  a  first-order  ordering  reaction,  such  as  the  for¬ 
mation  of  CuAu  II,  Professor  Cohen  showed  very  nicely 


a  short-range  ordered  segment  of  CuAu  II  at  tempera¬ 
tures  substantially  above  the  actual  transformation  tem¬ 
perature.  And  I  am  wondering  if  in  any  of  his  similar 
X-ray  or  small-angle  neutron  scattering  (SANS)  exper¬ 
iments  he  has  found  equivalent  evidence  for  the  exis¬ 
tence  of  microregions  of  martensite  above  the  M, 
temperature? 

H.  Chen:  My  name  is  not  Jerry  Cohen  but  I  was  once 
a  student  of  his.  I’m  trying  to  put  words  into  his  mouth. 
It  is  clear  that  for  ordering,  disordering,  or  clustering, 
lattice  distortion  associated  with  short-range  ordering 
above  the  transformation  temperature  has  been  shown  by 
X-ray  measurements  as  well  as  by  other  techniques.  As 
far  as  the  precursor  phase  for  the  martensitic  trans¬ 
formation  is  concerned,  I  do  recall  that  for  NiAl  near 
50  at.  pet  there  is  clear  evidence  that  you  have  extended 
either  vacancy-complex  or  substitutional-atom  short- 
range  ordered  regions  in  the  form  of  plates,  depending 
upon  solute  concentrations.  I  don’t  really  know  whether 
there  is  any  solid  X-ray  evidence  to  show  that  there  is 
pre-existing  martensite  above  the  transformation  tem¬ 
perature.  However,  I  would  like  to  add  that  Dr. 
Srikumar  Banerjee  mentioned  the  phonon  effect,  which 
may  have  profound  implications  with  respect  to  trans¬ 
formations  that  occur  below  the  transition  point.  I  also 
think  that  in  order  to  understand  fully  the  physical  origin 
of  the  nucleation  process,  long  before  the  ledges,  the 
terraces,  and  the  plates  have  formed,  we  need  to  under¬ 
stand  the  physical  mechanism  of  the  nucleation  process. 
I  don’t  think  the  classical  nucleation  model  can  explain 
martensite  formation.  We  do  have  to  introduce  non¬ 
linearity  into  the  free-energy  expression  and  to  include 
the  phonon  behavior,  as  well  as  anharmonicity. 

J.B.  Cohen  (written  discussion):  Professor  Chen  is  re¬ 
ferring  to  our  work  on  NiAl,  but  these  initial  remarks 
concern  the  omega  phase.  Dr.  Georgopoulos  and  I 
showed  in  the  1970s  that  point  “defects,”  the  vacancies 
in  alloys  with  excess  Al,  or  substitutional  atoms  in  the 
presence  of  excess  Ni  both  stimulate  formation  of  the 
omega  phase  (P.  Georgopoulos  and  J.B.  Cohen:  Acta 
Metall.,  1981,  vol.  29,  pp.  1535-1551).  This  work  has 
been  confirmed  in  Ti  and  Zr  systems  by  others  since 
then,  most  recently  by  Petry  and  co-workers 
(A.  Helming,  W.  Petry,  G.  Vogel,  J.  Trumpenau,  B.R. 
Schober,  J.  Chevier,  and  O.  Scharpf:  Condensed 
Matter,  1991,  vol.  85,  pp.  239-248). 

As  far  as  martensite  is  concerned,  the  evidence  of  pre¬ 
monitory  effects  is  less  clear.  In  Fe-Ni  alloys,  Robert 
Comstock  (R.J.  Comstock,  J.B.  Cohen,  and  H.R. 
Harrison:  Acta  Metall.,  1985,  vol.  33,  pp.  423-36) 
found  that  there  was  no  increase  in  the  mean-squared 
atomic  displacements  as  M,  was  approached,  though  ear¬ 
lier  Mossbauer  studies  had  suggested  this.  There  was 
softening  of  long  wavelength  (100)[100]  modes,  which 
could  produce  the  Bain  distortion.  Also,  Brent  Butler 
found  a  density  of  {011}  microtwins  in  the  as-quenched 
tetragonal  martensite  in  Fe-1.0  wt.  pet.  C-I3  wt.  pet.  Ni 
(B.D.  Butler  and  J.B.  Cohen:  Metall.  Trans.  A,  1992, 
vol.  213A,  pp.  1617-26).  These  could  form  as  a 
premonitory  phase  between  the  austenite  and  mar¬ 
tensite,  as  has  been  suggested  by  Khachaturyan  and  co¬ 
workers  (A.G.  Khachaturyan,  S.M.  Shapiro,  and 
S.  Semenovskaya:  Phys.  Rev.  B,  1991,  vol.  43, 
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pp.  10832-843).  To  confirm  this,  data  will  have  to  be 
taken  just  above  M„  not  just  in  the  as-quenched 
materials. 

G.B.  Olson:  I  would  like  to  make  some  observations 
about  steps  and  the  habit  plane.  The  point  is  that  if  we 
have  a  deviation  of  the  habit  plane  from  a  certain  rational 
orientation,  then  there  is  a  predetermined  distance  be¬ 
tween  steps  in  this  case.  On  the  other  hand,  if  each  step 
is  a  partial  dislocation,  it  has  a  certain  width,  and  there¬ 
fore  we  have  the  criterion  that  if  the  width  of  the  dis¬ 
location  is  much  larger  than  the  distance  between  two 
steps,  then  we  probably  cannot  observe  these  steps  in 
the  usual  way.  The  step  still  exists  in  principle  but  ob¬ 
servation  may  be  difficult. 

K.C.  Russell:  This  business  of  embryos  of  the  phase 
to  be  formed  at  a  considerably  lower  temperature  exist¬ 
ing  at  a  higher  temperature,  even  above  the  solvus,  goes 
back  a  long  time.  Certainly,  Professor  J.B.  Cohen 
showed  some  very  impressive  results,  displaying  clusters 
of  copper  in  an  aluminum-base  alloy,  which  looked  sus¬ 
piciously  like  the  GP  zones,  which  experimentally  we 
find  only  form  at  hundreds  of  degrees  lower  tempera¬ 
tures.  This  is  an  issue  that  I’ll  have  to  address  in  my 
paper  for  the  proceedings  of  the  conference.  Now,  on 
the  matter  of  martensite  embryos,  you  may  recall  many 
years  ago  Morris  Cohen  had  a  student  named  Marc 
Richman  looking  for  martensite  embryos  in  iron-nickel 
alloys,  and  after  years  and  years  of  peering  through  the 
TEM,  he  saw  something  which  he  deemed  a  martensite 
embryo,  and  graduated.  Some  years  later,  another  stu¬ 
dent,  Satya  Pati,  who  was  at  M.I.T.  doing  his  doctorate 
just  about  the  time  I  got  there,  did  measurements  on  the 
nucleation  of  isothermal  martensite.  He  concluded  that 
the  nucleation  site  density,  the  number  of  whatevers  that 
create  the  martensite  particles,  is  so  low  that  the  chances 
of  finding  even  one  in  many,  many  TEM  foils  were 
extraordinarily  small.  So,  I  think  with  the  conventional 
ferrous  martensite,  the  nucleating  defects,  as  Greg  Olson 
likes  to  call  them,  whatever  they  are,  are  awfully  thin 
on  the  ground. 

CM.  Wayman:  Actually,  the  probability  of  finding  a 
nucleus  of  martensite  in  a  thin  foil  is  about  one  in  10®, 
which  is  beyond  a  graduate  student’s  lifetime,  usually. 
But  later  experiments  involving  high  magnetic  fields  by 
M.  Korenko  and  M.  Cohen  {Scripta  MetalL,  1974, 
vol.  8,  pp.  751-756)  were  entirely  negative.  There  was 
no  evidence  for  anything  that  had  any  ferromagnetic 
nature  to  it  at  any  temperature  anywhere  near  the 
temperature. 

G.B.  Olson:  Concerning  the  first  point  about  the 
sparseness  of  martensite  nucleation  sites,  those  low 
numbers  refer  to  sites  potent  enough  to  start  trans¬ 
formation  at  M^.  But,  of  course,  we  know  from  the  small 
particle  experiments  that  there  is  actually  a  distribution 
of  site  potency.  So,  if  you  are  willing  to  look  at  much 
less  potent  nucleation  sites,  the  numbers  do  go  up.  The 
Korenko-Cohen  experiment  was  really  looking  at  evi¬ 
dence  for  pre-existing  embryos  quite  far  above  the 
temperature.  Currently,  interest  is  in  finding  systems 
that  have  the  right  kind  of  oxide  films  to  suppress  the 
surface  nucleation  that  normally  gets  in  the  way.  I  think 
certainly  the  best  observation  we  have  of  this  type  is  the 
observation  by  T.  Saburi  and  S.  Nenno  (Proc.  ICOMAT 


’86,  Japan  Institute  of  Metals,  Tokyo,  1986,  p.  671)  in 
titanium-nickel-copper,  where  you  really  see  a  bulk-like 
defect.  Nucleation  is  on  an  oxide  particle  inside  the  foil, 
not  on  a  surface  artifact.  An  embryo  is  formed  there  in 
much  the  way  you  would  predict  from  elasticity  calcu¬ 
lations,  so  I  think  we  have  seen  embryos.  And  I’m  sure 
that  was  not  one  of  the  extremely  high  potency  sites  that 
would  trigger  at  the  M,,  but  a  much  less  potent  one. 
They  actually  made  numerous  observations  at  defects 
with  different  potency  that  could  operate.  I  think  what 
was  really  crucial  in  their  experiment  is  that  the  oxide 
film  was  suppressing  the  surface  phenomena  that  nor¬ 
mally  get  in  the  way.  You  can  find  them. 

I  want  to  comment  on  the  question  about  Jerry 
Cohen’s  observations,  because  I  have  talked  with  Jerry 
about  the  precursor  phenomena  and  his  interpretation  of 
his  X-ray  studies.  In  a  number  of  systems,  including  the 
nickel-aluminum  alloys  studied  by  I.M.  Robertson  and 
C.M.  Wayman  {Phil.  Mag.,  1983,  vol.  4,  p.  629),  there 
are  Huang  scattering  centers  at  which  distortions  occur 
above  the  transformation  temperature  on  an  extremely 
local  scale.  As  far  as  the  relation  of  these  distortions  to 
the  martensitic  transformation  that  ultimately  starts  at  M^ 
is  concerned,  we  are  back  to  the  same  issue  that  Ken 
Russell  was  talking  about:  that  the  size  scale  of  a  critical 
nucleus  is  very  large  whether  you  compare  that  with 
composition  fluctuations  or  the  very-fine-scale  distor¬ 
tions  that  can  exist  around  those  defects.  The  fine-scale 
defects,  we  believe,  have  a  role  in  interfacial  friction  and 
can,  in  fact,  have  a  role  in  isothermal  martensite  for¬ 
mation  by  providing  the  thermal  obstacles  that  slow 
down  interfacial  motion.  But  the  fine-scale  events  are 
certainly  not  going  to  stabilize  a  critical  nucleus. 

Haydn  Chen  mentioned  bringing  in  anharmonicity  and 
that  if  we  see  these  kinds  of  effects  taking  place,  par¬ 
ticularly  anomalies  in  phonon  dispersion  curves,  we 
should  be  taking  that  into  account  in  nucleation.  We 
have  modeled  martensitic  nucleation  in  a  nonlinear,  non¬ 
local  continuum,  using  Landau-Ginsberg-type  models 
(G.B.  Olson;  Proc.  ICOMAT  ’86,  Japan  Institute  of 
Metals,  Tokyo,  1986,  p.  25)  and  we  get  out  behavior 
very  similar  to  nonclassical  nucleation  that  Cahn  and 
Hilliard  treated  very  close  to  an  instability,  which  in  this 
case  would  be  a  lattice  instability.  We  find  that  strongly 
nonclassical  behavior  occurs  only  very  close  to  an  in¬ 
stability.  Transformation  at  the  bulk  M,  temperatures  is 
classical. 

H.  Chen:  I  think  some  of  you  may  be  familiar  with 
work  by  Krumhansl  and  his  concept  of  the  weakly  first- 
order  transition  with  a  barrier  which  softens,  but  not 
completely.  He  has  been  able  to  show  that  the  activation 
energy  barrier  that  nucleation  must  overcome  is  signif¬ 
icantly  smaller  than  that  derived  from  classical  theory. 
I  must  say  I  haven’t  done  enough  studying  to  understand 
it  fully,  but  I  do  feel  that  in  the  multiple  dimensions 
involved  in  transformations  of  the  martensitic  type,  there 
are  several  order  parameters  operative.  There  may  be 
several  saddle  points  involved  as  a  consequence,  with 
the  energy  path  followed  by  the  transformation  not  being 
as  simple  as  one  would  imagine  based  upon  a  single  pa¬ 
rameter  approach. 

The  other  thing  that  I  want  to  add  is  that  at  this  con¬ 
ference  most  of  us  are  talking  about  metals  and  alloys. 
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There  was  one  talk  today  discussing  the  martensitic 
transformation  in  ceramics.  I  think  that  is  another  fas¬ 
cinating  field  but  one  in  which  you  have  to  consider  the 
long-  and  short-range  charge  effects,  as  well  as  the  trans¬ 
formation  strain  and  a  larger  volume  change  than  is  usu¬ 
ally  found  in  metallic  alloys.  This  is  another  field  that 
certainly  can  be  benefit  from  the  understanding  of  phase 
transformations  already  achieved  in  the  metals 
community. 

G. B.  Olson-.  I  first  want  to  respond  briefly  to  Professor 
Chen’s  comments.  The  model  we  used  (G.B.  Olson: 
Proc.  ICOMAT  ’86,  Japan  Institute  of  Metals,  Tokyo, 
1986,  p.  25)  is  based  on  the  model  that  G.R.  Barsch  and 
J.A.  Krumhansl  (Phys.  Rev.  Lett.,  1984,  vol.  53, 
p.  1069)  developed  to  treat  nonclassical  nucleation. 
They  took  it  as  far  as  just  treating  interfaces,  and  we 
applied  it  to  homogeneous  nucleation.  I  would  say  that 
our  results  are  entirely  consistent  with  theirs.  If  you 
really  want  to  see  nonclassical  martensitic  nucleation, 
you  can  find  it  when  you  have  about  90  percent  of  the 
driving  force  for  lattice  instability.  So,  in  principle,  such 
a  nucleation  process  exists.  In  practice,  however,  we  do 
not  get  that  close  to  an  instability  because  heterogeneous 
nucleation  intervenes. 

Now,  insofar  as  treating  nonclassical  heterogeneous 
nucleation  is  concerned,  that  gets  difficult.  Everyone 
who  has  tried  has  had  to  employ  approximations.  The 
approximations  we  have  applied,  though,  are  different 
from  those  that  Krumhansl  used.  The  most  recent  work 
that  he  has  done  (W.  Cao,  J.A.  Krumhansl,  and  R.J. 
Gooding:  Phys.  Rev.  B  1990,  vol.  41,  p.  11319),  while 
based  upon  different  approximations,  yielded  the  same 
result.  Once  you  have  a  strong  enough  defect  to  make 
something  happen  near  the  temperature  {i.e. ,  the  un¬ 
restricted  growth  of  an  embryo),  defect  interaction  re¬ 
sults  in  classical  embryo  formation  prior  to  the  growth 
event.  Thus,  even  when  you  put  in  all  the  an- 
harmonicities  and  allow  for  nonclassical  behavior,  the 
actual  variational  solution  is  classical  at  low  driving 
forces. 

H.  Chen'.  Thank  you  for  the  clarification.  I  am  now 
going  to  raise  another  question  because  Tm  not  in  this 
field.  I’ve  been  listening  to  the  talks  all  this  week.  There 
seems  to  be  a  separation  between  the  people  who  believe 
that  the  thickening  and  lengthening  of  the  plates  is  gov¬ 
erned  by  diffusion-controlled  ledgewise  growth  and  that 
shear  is  impossible.  On  the  other  hand,  there  is  also  a 
group  of  shear  people  who  believe  shear  is  the  mecha¬ 
nism  through  which  the  transformation  operates.  I 
wonder  if  it  is  possible  to  have  a  combined  effect  be¬ 
tween  the  diffusion  and  the  shear  mechanisms?  Perhaps 
they  may  not  necessarily  occur  simultaneously,  but  in¬ 
stead  very  close  to  each  other  in  terms  of  time.  And,  for 
instance,  is  it  possible  to  have  diffusion  that  drives  the 
solute  closer  to  the  ledges,  and  to  form  such  a  favorable 
environment  so  that  localized  shear  (rather  than  macro¬ 
scopic  shear)  can  take  place?  Thus,  you  can  have  this 
diffusion-assisted  shear  mechanism,  or  perhaps  a  shear- 
assisted  diffusion  mechanism,  that  make  the  plates 
thicken.  I’m  just  asking  whether  you  can  combine  both 
mechanisms  and  come  to  the  same  point. 

J.P.  Hirth:  With  the  advent  of  work  on  artificially 
modulated  structures,  it  would  seem  possible  to  have  a 


modulated  structure  where  you  could  grow  something 
through  varying  compositions  and  vary  the  driving 
force.  You  could  have  something  growing,  and  then  it 
hits  a  region  characterized  by  a  different  supersaturation 
and  it  may  then  grow  by  a  different  mechanism. 

H.I.  Aaronson:  I  would  like  to  raise  some  points  about 
surface  reliefs  associated  with  diffusional  trans¬ 
formations.  Evidence  is  increasing  that  one  can  have 
multiple  planar  tilts  associated  with  a  single  plate  or  lath. 
The  tent-shaped  relief  has  been  found  repeatedly  in  dif¬ 
fusional  transformations,  including  the  proeutectoid  fer¬ 
rite  and  bainite  reactions  in  steel  (J.D.  Watson  and  P.G. 
McDougall:  Acta  Metall.,  1973,  vol.  21,  p.  961;  M.G. 
Hall  and  H.I.  Aaronson:  Metall.  Mater.  Trans.  A,  1994, 
vol.  25A,  pp.  1923-32;  G.R.  Speich:  Decomposition  of 
Austenite  by  Diffusional  Processes,  Interscience,  New 
York,  NY,  1962,  p.  353),  the  precipitation  of  Cr-rich 
plates  from  Cu-Cr  alloys  (M.G.  Hall,  H.I.  Aaronson, 
and  G.W.  Lorimer:  Scripta  Metall.,  1975,  vol.  9, 
p.  533),  the  formation  of  proeutectoid  a  laths  in  a  hypo- 
eutectoid  Ti-Cr  alloy  (H.J.  Lee  and  H.I.  Aaronson:  Acta 
Metall.,  1988,  vol.  36,  p.  787),  and  a,  plates  in  ordered 
^  Cu-Zn  (I.  Cornelis  and  C.M.  Wayman:  Acta  Metall., 
1974,  vol.  22,  p.  291).  Dr.  Malcolm  Hall  has  presented 
results  during  this  conference  showing  that  the  two  sides 
of  tent-shaped  reliefs  often  associated  with  ferrite  plates 
are  identically  oriented  within  experimental  limits  of 
error  {i.e.,  <1  deg,  M.G.  Hall  and  H.I.  Aaronson: 
Metall.  Trans.  A,  1994,  vol.  25A,  pp.  1923-32).  They 
are  thus  not  separate  plates,  as  has  often  been  proposed. 
And  Dr.  K.R.  Kinsman,  having  looked  at  many  surface 
reliefs  atop  ferrite  plates,  has  concluded  that  even  tents 
are  relatively  rare,  with  far  more  complex  reliefs  being 
of  general  occurrence.  Dr.  Kinsman  has  also  looked  at 
the  structure  of  the  underlying  plate  and  has  found  that 
these  complex  reliefs  are  also  associated  with  single 
plates  (K.R.  Kinsman,  E.  Eichen,  and  H.I.  Aaronson: 
Metall.  Trans.  A,  1975,  vol.  6A,  p.  303).  From  the 
viewpoint  of  diffusional  growth,  one  might  explain  such 
reliefs  in  terms  of  growth  ledges  with  the  same  Burgers 
vector  oriented  toward  the  free  surface,  until  the  accu¬ 
mulated  shear  strain  energy  becomes  large  enough  to 
make  the  activation  of  another  set  of  growth  ledges  with 
a  crystallographically  equivalent  but  different  Burgers 
vector  energetically  preferable.  (Later- formed  sets  of 
growth  ledges  may  be  directed  well  away  from  perpen¬ 
dicularity  to  the  free  surface,  perhaps  even  toward  the 
specimen  interior.)  Is  there  an  explanation  available  for 
tent-shaped  and  more  complicated  reliefs  atop  mono¬ 
crystalline  plates  on  the  basis  of  the  shear  mechanism? 
And  is  the  experimental  observation  of  such  reliefs  in 
association  with  single  plates  still  being  contested? 

H.S.  Fang,  Tsinghua  University,  P.R.C.:  Many 
people  talk  about  evidence  for  the  transformation  mech¬ 
anism  of  bainite.  I  want  to  offer  evidence  for  superledges 
on  bainitic  ferrite  plates  and  bainitic  Oi  plates  in  a  Cu- 
Zn-Al  alloy,  for  subunits  in  these  plates  and  also  for 
bainitic  carbide  precipitation  in  austenite  at  austenite: 
bainitic  ferrite  boundaries.  Figure  7  shows  superledge  A 
and  superledge  C  in  an  Fe-C-Cr  steel,  with  heights  of 
about  3.4  and  22  nm,  respectively.  The  arrowheads 
point  out  carbide  precipitates  at  austenite :  ferrite  bound¬ 
aries,  evidently  formed  in  the  austenite  phase  at  these 
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Fig.  7  —  Superledges  on  the  broad  face  of  bainitic  ferrite  in  an 
Fe-2  pet  C-12  pet  Cr  alloy  reacted  22  hours  at  300  °C. 


boundaries.  Figure  8  shows  superledge  A  on  an  a,  plate 
formed  in  a  Cu-Zn-Al  alloy  with  a  height  of  about 
85  nm.  The  arrowheads  of  Figure  9  point  out  carbide 
precipitates  at  austenite ;  ferrite  boundaries,  evidently 
formed  in  the  austenite  phase  at  these  boundaries. 
Figure  10  shows  various  levels  of  subunits  in  ferrite.  As 
can  be  clearly  seen  in  Figure  10,  all  the  subunits  are  of 
different  sizes.  For  example,  subunit  D  is  apparently 
larger  than  subunit  C.  This  can  be  fully  interpreted  with 
the  theory  of  sympathetic  nucleation  of  ferrite  subunits. 

C.M.  Wayman:  Well,  the  only  thing  I  want  to  say  is 
I  think  there  is  no  dispute  at  all  about  tent-shaped  reliefs. 
The  only  problem  is  that  in  a  number  of  these  transfor¬ 
mations,  you  can’t  conveniently  put  scratches  on  a  plane 
of  polish  before  they  happen  and  actually  follow  what 
has  happened  with  respect  to  an  optically  flat  surface. 
And  that’s  one  of  the  things  that  you  can  do  to  mar¬ 
tensite,  but  you  can’t  do  with  the  high-temperature 
transformations. 

B.C.  Muddle,  Monash  University,  Australia:  I  can’t 
explain  tent-shaped  reliefs  from  a  shearist  point  of  view. 
But  about  ten  or  fifteen  years  ago,  at  the  University  of 
New  South  Wales,  a  graduate  student  by  the  name  of 
Alan  Crosky  was  working  on  Widmanstatten  a  rods  in 
Cu-Zn  alloys.  These  rods  can  be  accounted  for  in  terms 
of  an  invariant  line-type  approach.  They  produce  surface 
reliefs,  sometimes  quite  complicated  reliefs.  The  one  ob¬ 
servation  that  has  always  stuck  firmly  in  my  mind  is  that 
often,  when  Alan  had  polished  the  relief  away,  there  was 
no  precipitate  beneath  it.  And  not  until  he  had  sectioned 
the  sample  normal  to  the  surface  did  he  find  the 
Widmanstatten  rod  quite  some  distance,  e.g.,  micro¬ 
meters  below  the  surface.  I’d  be  interested  to  know  how 
a  ledge  approach  would  account  for  the  transmission  of 
that  shape  deformation  to  the  free  surface  in  that 
circumstance. 

H.I.  Aaronson:  It’s  been  evident  and  I  think  agreed 
for  some  time  that  the  shape  change  that  accompanies 
the  movement  of  a  partially  coherent  boundary  by  a 
ledge  mechanism,  whether  the  ledges  glide  by  shear  or 
move  by  individual  atomic  attachments  to  kinks  on  their 
risers,  can  be  the  same.  This  identity  is  particularly 
marked  in  fcc/hcp  transformations.  Therefore  the  trans¬ 
mission  of  the  shape  strain  to  the  surface  through  an 
intervening  layer  of  untransformed  matrix  in  a  diffu- 
sional  transformation  would  be  the  same  as  in  a  shear 


Fig.  8  —  A  superledge  (“A”)  on  a  broad  face  of  an  a,  plate  in  a  Cu- 
Zn-AI  alloy. 


Fig.  9 — Dark  field  image  of  carbides  precipitating  inside  the  austen¬ 
ite  near  the  a:y  boundaries  in  an  Fe-2  pet  C-12  pet  Cr  alloy  reacted 
29  hours  at  300  °C. 


Fig.  10  —  A  sheaf  of  bainitic  ferrite  consisting  of  subunits  with  dif¬ 
ferent  sizes  in  an  Fe-2  pet  C-12  pet  Cr  alloy  reacted  22  hours  at 
300  °C:  (a)  bright  field  and  {h)  dark  field. 


transformation.  On  either  mechanism,  this  transmission 
through  a  micron  or  more  of  matrix  presumably  occurs 
through  plastic  deformation,  occasioned  by  the  succes¬ 
sive  passage  of  many  ledges  in  the  same  direction.  In 
order  to  test  this  mechanism  and  explore  further  the  pro¬ 
cess  Professor  Muddle  has  described,  it  would  be  of  in¬ 
terest  to  ascertain  the  maximum  depth  below  the  surface 
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at  which  surface  upheavals  could  still  be  produced 
during  the  formation  of  a  Cu-Zn  rods.  Additionally,  the 
ability  of  rods  or  laths  produced  during  bcc/hcp  trans¬ 
formations  to  produce  a  similar  effect  would  also  be  of 
interest.  (The  crystallography  of  fee /hep  trans¬ 
formations  presumably  restricts  their  Widmanstatten 
morphology  to  that  of  plates,  which  by  their  nature  can 
extend  to  the  free  surface  when  formed  near  and  non¬ 
parallel  to  the  surface.)  Similarly,  the  ability  of  mar¬ 
tensite  laths  (evidently  martensite  rods  form  only  at  a 
free  surface)  to  produce  an  invariant  plane  strain-type  of 
surface  relief  when  formed  below  a  free  surface  should 
be  examined. 

J.P.  Hirth:  Actually,  that  raised  something  I  was 
going  to  ask  about,  not  being  familiar  with  this  field 
myself.  I  wondered  if  one  had  a  plate  growing  with 
either  rejection  of  some  solute  or  enrichment,  you  might 
think  that  as  the  plate  approached  the  surface  it  would 
finally  deplete  supersaturation  of  the  adjacent  near¬ 
surface  region  and  change  the  kinetics  locally?  Conceiv¬ 
ably,  something  like  that  might  have  come  into  play  in 
what  you  were  talking  about.  If  there  were  emissary  dis¬ 
locations,  you  might  expect  growth  to  stop  below  the 
surface. 

J.W.  Christian:  I  drew  a  picture  on  the  board  the  other 
day  that  might  explain  the  tent  shape  with  a  single  crys¬ 
tal.  If  there  is  a  kink  band  or  some  secondary  slip  that 
accommodates  the  product  plate  on  one  side  and  so  pro¬ 
duces  a  tent-shape  on  the  surface,  is  it  not  conceivable 
that  if  the  plate  is  at  an  angle  to  the  surface,  an  X-ray 
or  electron  beam  will  mainly  see  not  the  intervening 
matrix  but  the  underlying  plate?  Thus,  although  the  tent 
is  actually  plate  +  matrix,  it  might  be  wrongly  Identified 
as  all  plate.  On  the  whole,  I  do  not  believe  this:  Dr. 
Hall’s  beautiful  photographs  convinced  me  something 
more  elaborate  is  going  on.  But  is  it  possible? 

M.G.  Hall.  University  of  Birmingham,  U.K.  :  In  using 
Electron  Back  Scatter  Patterns,  we  paid  particular  atten¬ 
tion  to  estimating  the  spatial  resolution  of  the  technique 
by  observing  the  change  in  the  pattern  as  the  probe  was 
displaced  across  the  boundary  of  the  plate  with  the  sur¬ 
rounding  matrix.  We  were  able  to  make  orientation  mea¬ 
surements  from  one  side  of  the  plate  to  the  other  without 
any  detectable  change  in  the  pattern,  but  as  the  boundary 
with  the  matrix  (of  either  pearlite  or  martensite)  was 
passed,  there  would  be  an  abrupt  change  in  the  orien¬ 
tation  of  the  pattern.  Our  observations  showed  that  we 
could  approach  to  within  100  nm  of  the  boundary  with¬ 
out  any  interference  from  the  matrix,  and  I  am  sure  if 
Professor  Christian’s  mechanism  had  been  in  operation 
we  would  not  have  observed  such  a  sharp  transition  in 
moving  from  the  matrix  to  the  plate.  In  all  cases,  it  was 
possible  to  see  clearly  the  boundary  of  the  plate  with  the 
matrix,  but  it  was  not  possible  to  observe  boundaries 
within  single  plates,  even  though  the  direction  of  surface 
tilt  may  have  altered.  In  cases  where  there  had  been 
impingement  of  two  or  more  plates,  the  boundary  be¬ 
tween  them  was  also  usually  clearly  seen.  The  resolution 
issue  is  discussed  in  more  detail  in  our  conference  paper. 

C.M.  Wayman:  The  possibility  here  is  one  that  John 
Bowles  and  his  students  explored  some  years  ago, 
namely  that  of  a  degenerate  situation  where  you  can  have 
two  shape  strains  with  a  common  habit  plane.  And  they 


had  a  hard  time  finding  a  boundary  along  the  common 
habit  plane.  So,  in  effect,  they  were  observing  tent  relief 
in  martensite,  which,  insofar  as  I  can  tell,  is  similar  to 
what  is  being  described  here. 

G.B.  Olson:  I  can’t  say  anything  about  calculations  at 
free  surfaces,  but  in  Dennis  Haezebrouk’s  model  of  the 
dynamics  of  martensite  growth  for  both  plates  and  laths 
in  iron-nickel  alloys  (D.M.  Haezebrouck,  Sc.D.  Thesis, 
Massachusetts  Institute  of  Technology,  Cambridge, 
MA,  1987),  what  comes  out  is  the  following.  If  you  take 
a  particle  of  the  type  that  he  simulated,  which  got  ar¬ 
rested  in  its  radial  growth  by  plastic  zone  effects,  and  if 
we  have  a  particle  shearing  in  one  direction,  we  can  cal¬ 
culate  the  locus  over  which  the  critical  resolved  shear 
stress  for  slip  in  an  alloy  at  the  M,  temperature  is  ex¬ 
ceeded.  Figure  1 1  shows  the  results  of  such  a  calculation 
for  Fe3Pt  in  the  ordered  and  disordered  conditions  (G.B. 
Olson  and  W.S.  Owen:  Proc.  JIM  Int.  Symp.  on 
Martensite  Transformations,  Japan  Institute  of  Metals, 


Fig.  II — Stress-field  contours  of  a  martensitic  particle  lying  in  the 
.rz-plane  with  transformation  in  the  x-direction.  Solid  contours  denote 
critical  shear  stress  for  slip  in  ordered  and  disordered  FcjPt.  (G.B. 
Olson  and  W.S,  Owen:  Proc.  JIM  International  Symposium  on 
Martensite  Transformations,  Japan  Institute  of  Metals,  Tokyo,  1976, 
p.  105.) 
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Tokyo,  (1976,  p.  105).  The  dashed  lines  represent  node 
lines  across  which  the  sign  of  the  shear  reverses.  The 
material  in  the  negative  sign  regions  will  tend  to  deform 
plastically  in  the  direction  opposite  to  that  of  the  trans¬ 
formation  shear.  Now,  out  on  a  free  surface,  that  would 
look  something  like  a  double-IPS  tent.  You  would  have 
a  plastic  zone  on  either  side  of  the  plate.  You  would  also 
have  the  effect  that  was  just  alluded  to  with  the  surface 
observations  of  actually  seeing  surface  relief  (in  the 
“positive”  direction)  out  ahead  of  a  unit  that  is  forming. 
When  you  look  at  the  size  of  the  strains  we’re  talking 
about  in  these  transformations  and  look  at  the  low  flow 
stresses  of  the  material  outside,  the  real  challenge  is  to 
explain  how  you  could  not  get  all  this  plastic  deforma¬ 
tion  going  on.  Now,  this  is  a  very  simplified  calculation 
that  so  far  has  only  been  done  with  small-scale-yielding 
approximations,  which  become  entirely  invalid  for  the 
large  plastic  zones  expected.  One  of  the  things  we  want 
to  do  is  to  take  Dennis’  model,  include  all  of  the  same 
dynamics,  but  put  it  into  a  finite  element  code  and  do 
the  mechanics  right  and  then  let  a  unit  grow,  go  plastic, 
and  even  grow  through  its  plastic  zone,  and  ascertain 
what  kind  of  effects  we  are  going  to  see.  I  think  if  we 
put  anisotropic  crystal  plasticity-type  constitutive  rela¬ 
tions  in  the  matrix,  we’re  going  to  break  some  of  the 
symmetry  at  the  plate  tip  region  (Figure  11).  In  some 
preliminary  calculations,  we  have  seen  some  asymmetry 
of  this  type.  If  you’re  just  looking  at  part  of  a  plate  at 
a  free  surface,  you  may  see  more  plasticity  on  one  side 
than  the  other. 

H.I.  Aaronson:  The  situation  Professor  Olson  has  de¬ 
scribed  looks  very  much  like  one  of  Jack  Christian’s 
drawings  in  his  paper  in  Decomposition  of  Austenite  by 
Diffusional  Processes'.  (Interscience,  N.Y.,  1962, 

p.  371),  showing  deformation  in  the  austenite  on  both 
sides  of  a  plate-shaped  martensitic  transformation  prod¬ 
uct  (Figure  2,  p.  382).  There  was  no  indication  in  this 
set  of  drawings  of  a  tent-shaped  relief.  In  our  studies  of 
tent-shaped  reliefs,  on  the  other  hand,  it  was  quite  con¬ 
clusively  proved  in  steel,  Ti-Cr,  and  Cu-Cr  that  what 


gave  the  relief  was  all  precipitate,  not  the  surrounding 
deformed  zone. 

G. B.  Olson:  Well,  that’s  the  issue  I’d  really  like  to 
get  to  with  a  finite-element  calculation.  If  the  plate  goes 
plastic  and  then  grows  through  its  plastic  zone,  what  is 
the  final  displacement  field  across  the  plate?  It  is  a  very 
complex  problem,  but  I  think  it’s  something  we  ean 
model. 

H. I.  Aaronson:  Would  not  the  surface  relief  be  very 
messy  if  it  had  to  grow  through  a  plastic  accommodation 
zone? 

G. B.  Olson:  Yes,  of  eourse,  the  tent  is  very  hetero¬ 
geneous,  in  that  if  you  invoke  plastic  accommodation, 
it  is  kind  of  one-sided  plastie  accommodation. 

H. I.  Aaronson:  Yes,  but  the  relief  consists  of  two 
tilted  planar  surfaces. 

G.B.  Olson:  Are  you  saying  that  there  is  no  curvature 
to  the  tilts? 

J.W.  Christian,  University  of  Oxford,  U.K.:  I  just 
wondered  if  Dr.  Hall  had  any  eomment  himself.  I  was 
very  impressed  by  his  photographs,  which  showed  no 
discontinuity  at  all  along  that  line  where  the  tilt  changes. 

M.G.  Hall  (written  discussion):  I  do  not  feel  that  I  can 
add  to  my  colleague’s  comments  relating  to  the  general 
mechanism  of  formation  of  the  tent-shaped  surface 
relief.  However,  with  regard  to  Professor  Olson’s  re¬ 
marks,  it  was  apparent  in  our  experiments  that,  within 
the  resolution  limit  of  the  scanning  electron  microscope, 
the  start  of  the  surface  relief  and  the  edge  of  the  precip¬ 
itate  (as  observed  by  the  thermal  groove)  were  invariably 
coincident,  and  there  was  no  evidence,  on  either  side  of 
the  precipitate  plates,  that  the  surface  upheaval  might 
have  occurred  before  the  transformation  took  place — as 
would  be  expected  if  one  side  had  formed  as  a  result  of 
plastic  accommodation.  The  symmetry  of  many  of  the 
tents  also  tends  to  suggest  that  the  surface  tilts  on  either 
side  of  the  apex  had  been  formed  by  similar  mecha¬ 
nisms,  rather  than  one  side  being  fomied  by  a  “mar¬ 
tensitic  tilting”  and  the  other  by  plastic  accommodation 
followed  by  transformation. 
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The  Chromium  Equivalents 

of  Selected  Elements  in  Austenitic  Stainless  Steels 


V.  RAGHAVAN  and  DARA  P.  ANTIA 

Using  the  well-established  thermodynamic  description  of  the  Fe-Cr-Ni  system,  we  have 
computed  the  austenite-ferrite  equilibrium  in  Fe-Cr-Ni-X  quaternary  systems,  where  X  is  a 
ferrite-stabilizing  element.  The  results  are  considered  reliable,  especially  for  small  additions  of 
X.  From  the  computed  equilibria,  the  Cr  equivalents  of  a  number  of  ferrite  stabilizers,  Al,  Mo, 
Nb,  Si,  Ti,  V,  and  W,  have  been  derived.  They  show  satisfactory  agreement  with  the  known 
experimental  range.  The  distinguishing  feature  of  the  thermodynamic  calculations  is  that  the  Cr 
equivalents  are  established  as  a  function  of  annealing  temperature  as  well  as  Ni  content,  in 
contrast  to  the  fixed  values  reported  in  the  empirical  diagrams  obtained  under  variable  experi¬ 
mental  conditions. 


I.  INTRODUCTION 

In  austenitic  stainless  steels,  data  about  the  combi¬ 
nations  of  Cr  and  Ni  that  will  yield  the  fully  austenitic 
structure  with  the  minimum  addition  of  Ni  are  important 
from  cost  considerations.  For  this  purpose,  empirically 
developed  diagrams  such  as  the  Schaeffler'''  and  the 
DeLong'^'  diagrams  on  the  constitution  of  stainless  steels 
are  used  in  the  industry.  Other  intentionally  added  or 
residual  alloying  elements  in  stainless  steels  are  usually 
present  in  smaller  concentrations.  The  empirical  dia¬ 
grams  take  these  into  account  by  using  a  nickel  or  chro¬ 
mium  equivalent  depending  on  whether  the  alloying 
element  stabilizes  austenite  or  ferrite.  Fixed  values  of  the 
equivalents  obtained  from  a  limited  number  of  experi¬ 
mental  results  are  used.  In  some  cases,  the  values  given 
by  different  researchers  show  wide  variations.  Most  ex¬ 
periments  do  not  consider  the  possibility  that  the  equiv¬ 
alents  may  vary  with  the  basic  composition  of  the  steel 
{i.e.,  with  Ni  and  Cr  contents)  as  well  as  with  the  an¬ 
nealing  temperature"’'  or  cooling  rates  of  a  weldment  or 
casting.  Detailed  determination  of  the  effect  of  these 
variables  will  require  an  enormous  experimental  input. 

The  thermodynamic  computation  of  phase  equilibria 
for  use  in  practical  applications  is  now  becoming  in¬ 
creasingly  common.  For  the  problem  at  hand,  a  well- 
established  thermodynamic  description  of  the  Fe-Cr-Ni 
phase  diagram  is  available.  The  computed  isothermal 
sections  of  this  system  are  in  close  agreement  with  the 
experimental  results.  This  fact  enables  us  to  compute  the 
quaternary  Fe-Cr-Ni-X  phase  equilibria  with  confidence. 
Updated  thermodynamic  interaction  parameters,  which 
are  key  to  the  calculations,  are  reported  in  recent  liter¬ 
ature.  The  results  obtained  by  using  these  parameters  are 
considered  reliable,  especially  when  the  fourth  element 
X  is  present  in  small  concentrations.  From  the  computed 
equilibria,  we  have  derived  the  Cr  equivalents  of  a  num¬ 
ber  of  ferrite  stabilizing  elements  in  this  article.  These 
are  compared  with  the  available  experimental  results. 
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II.  THE  THERMODYNAMIC 
MODELS  AND  PARAMETERS 

The  substitutional  solid  solution  model  of  Hillert  and 
Jarl,'‘*'  which  accounts  separately  for  the  excess  free  en¬ 
ergy  due  to  magnetic  ordering,  is  used  in  this  investi¬ 
gation.  The  chemical  and  magnetic  interaction  parameters 
for  the  binary  combinations  of  the  elements  are  de¬ 
scribed  as  Redich-Kister  polynomials.  The  Appendix  lists 
the  parameters  used  in  this  study.  References  to  the  data 
sources  are  given. Ternary  interaction  parameters  are 
ineluded,  wherever  these  are  available.  No  quaternary 
parameters  for  the  systems  under  study  are  known. 

The  Ni-V  system  does  not  appear  to  have  been  as¬ 
sessed  thermodynamically.  The  thermochemical  data  on 
this  system  reviewed  by  Smith  et  show  complex 
behavior.  Here,  the  partial  molar  free  energy  of  V  in  Ni- 
rich  fee  solid  solution  at  low  V  contents  is  used  to  derive 
the  interaction  parameters  listed  in  the  Appendix.  In  the 
absence  of  data  for  the  V-rich  bcc  solid  solution,  the 
same  parameter  is  used  for  the  bcc  phase. 

The  molar  Gibbs  energy  of  the  a  or  y  phase  is  defined 
as  follows.  Using  the  Fe-Cr-Mo-Ni  system  as  an  example, 

G,„  =  Xpe  °Gpe  -b  Xqj  Gcr  +  X^o  Gmo  +  Xpij  Gj^j 
+  RT(Xp,  In  Xpe  +  Xc,  In  Xc,  +  Xmo  In  Xmo 


+  Xni  InX^i)  +  XpeXcrLpe  Cr  “f  ^Fs^Mo^Fe.Mo 
-p  Xp^X^jiLp;.  Ni  -p  XcjXmoLcf.Mo  a  XcrXiMtLcr.Ni 
T  XMo^NiC^o  Ni  "b  XcrXpeXNiLcr,Fe,Ni 

+  XpeXMoXNiLpe.Mo.Ni  +  "^  G 

Here,  X  stands  for  atomic  fraction  and  L  for  the  inter¬ 
action  parameter.  A  ternary  interaction  parameter  is  de¬ 
fined  as  follows:'^" 


^Fe,Mo,Ni  ,Mo,Ni 


+  XMof'^°Mo,Ni 


-P  XNjLpe.Mo.Ni 


For  the  definition  of  the  magnetic  free  energy  ™G,  see 
the  Appendix.  The  nonlinear  equations  obtained  by 
equating  the  chemical  potentials  of  the  components  in 
the  two  phases  are  solved  by  the  Newton-Raphson  it¬ 
erative  method. 
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III.  THE  QUATERNARY  PHASE  EQUILIBRIA 

The  a/y  equilibria  in  the  Fe-Cr-Ni-X  (X  =  Al,  Mo, 
Nb,  Si,  Ti,  V,  or  W)  quaternary  systems  were  computed 
at  two  typical  annealing  temperatures;  1100  °C  and 
1000  °C.  These  X  elements  are  the  common  ferrite  sta¬ 
bilizers  present  in  stainless  steels.  Except  Nb,  the  rest 
form  a  gamma  loop  with  iron.  More  than  100  tie-lines 
were  computed  for  each  element  at  each  temperature. 
For  plotting  two-dimensional  isothermal  sections,  the 
concentration  of  one  of  the  elements  is  to  be  kept  con¬ 
stant.  The  tie-lines  in  general  do  not  fall  on  the  plane  of 
constant  concentration.  The  points  of  intersection  of  the 
phase  boundary  surface  with  the  isoconcentration  plane 
were  determined  by  interpolation  between  closely  spaced 
tie-line  compositions. 

The  phase  boundary  of  main  interest  in  this  work  is 
the  (y/y  +  a)  boundary.  The  locations  of  this  boundary 
for  a  constant  concentration  of  3  wt  pet  Si,  Mo,  or  W 
are  shown  in  Figures  1  and  2  for  1 100  °C  and  1000  “C, 
respectively.  For  reference,  the  computed  (y/y  -I-  a)  phase 
boundary  of  the  Fe-Cr-Ni  ternary  system  is  also  shown. 
The  effectiveness  of  Si,  Mo,  and  W  as  ferrite  stabilizers 
decreases  in  that  order.  Detailed  comparison  of 
Figures  1  and  2  shows  that  the  annealing  temperature  has 
a  small  but  significant  effect  on  the  locations  of  the 
boundary.  For  Al,  Nb,  Ti,  and  V,  a  constant  concentra¬ 
tion  of  1  wt  pet  was  chosen.  Figures  3  and  4  show  the 
boundary  locations  for  these  elements  at  1100  °C  and 
1000  °C,  respectively. 

Figures  5  and  6  are  drawn  at  1100  °C  for  a  constant 
concentration  of  8  wt  pet  Ni.  The  locations  of  the 
(y/y  +  a)  phase  boundary  are  shown  as  a  function  of 
the  chromium  and  ferrite  stabilizer  contents.  A  similar 
variation  was  found  at  1000  °C  (not  plotted  here). 

IV.  THE  CHROMIUM  EQUIVALENTS 

The  information  in  the  preceding  figures  can  be  used 
to  derive  the  chromium  equivalents  of  the  ferrite  stabi¬ 
lizers.  The  equivalent  is  evaluated  as  the  amount  of  chro¬ 
mium  substituted  by  1  wt  pet  of  the  ferrite  stabilizer  at 


Fig.  1  — The  {y/y  +  «)  phase  boundary  at  1100  °C  for  3  wt  pet  ad¬ 
dition  of  Mo,  Si,  or  W  to  Fe-Cr-Ni  alloys. 


the  (y/y  +  a)  phase  boundary.  Figures  7  and  8  show 
the  equivalents  for  the  seven  elements  as  a  function  of 
Ni  content  between  6  and  22  wt  pet  at  1100  °C  and 
1000  °C,  respectively.  If  averaging  is  done  between  0 
and  3  wt  pet,  it  makes  a  small  difference  to  the  equiv¬ 
alent,  the  maximum  change  being  in  the  case  of  Si  (an 
increase  of  about  9  pet). 

Several  interesting  trends  are  noted  in  Figures  7  and 
8.  A  general  comparison  of  the  two  figures  indicates  that 
the  annealing  temperature  has  only  a  minor  effect  on  the 
Cr  equivalents.  In  all  cases,  the  equivalents  decrease  with 
increasing  Ni.  Titanium  is  the  most  effective  ferrite  sta¬ 
bilizer.  Its  Cr  equivalent  at  1100  °C  is  4.4  at  8  wt  pet 
Ni  and  decreases  to  2.8  at  22  wt  pet  Ni.  Titanium  is  used 
in  the  stabilized  types  of  austenitic  steels;  residual  Ti  left 
after  the  formation  of  carbides  and  nitrides  is  in  solution 
in  austenite.  This  can  increase  significantly  the  amount 
of  Ni  required  to  retain  the  fully  austenitic  state. 


Fig.  2  —  The  (y/y  +  a)  phase  boundary  at  1000  °C  for  3  wt  pet  ad¬ 
dition  of  Mo,  Si,  or  W  to  Fe-Cr-Ni  alloys. 


Fig.  3  —  The  (y/y  +  a)  phase  boundary  at  1 100  °C  for  1  wt  pet  ad¬ 
dition  of  Al,  Nb,  Ti,  or  V  to  Fe-Cr-Ni  alloys. 
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Fig.  4 — The  (y/y  +  a)  phase  boundary  at  1000  °C  for  1  wt  pet  ad¬ 
dition  of  Al,  Nb,  Ti,  or  V  to  Fe-Cr-Ni  alloys. 


Fig.  5  —  The  (y/y  +  a)  phase  boundary  at  8  wt  pet  Ni  in  Fe-Cr-Ni-X 
(X  =  Mo,  Si,  or  W)  alloys  at  1100  “C. 


Silicon  is  the  next  most  effective  ferrite  stabilizer.  Re¬ 
sidual  Si  is  present  in  many  types  of  stainless  steels.  The 
decrease  in  the  effectiveness  with  increasing  Ni  is  not  so 
marked  here  as  it  is  with  Ti.  The  remaining  five  ele¬ 
ments,  Al,  Mo,  Nb,  V,  and  W,  are  less  effective  as  com¬ 
pared  to  Ti  and  Si  and  have  equivalents  in  the  range  of 


Fig.  6 — The  (y/y  -I-  a)  phase  boundary  at  8  wt  pet  Ni  in  Fe-Cr-Ni-X 
(X  =  Al,  Nb,  Ti,  or  V)  alloys  at  1100  °C. 


Weight  Percent  Nickel 

Fig.  7  —  Chromium  equivalents  of  ferrite  stabilizers  X  in  Fe-Cr-Ni-X 
austenite  annealed  at  1 100  °C. 


0.6  to  1.6  at  8  wt  pet  Ni  and  1100  °C.  The  order  of 
decreasing  effectiveness  is  V,  Nb,  Mo,  Al,  and  W,  both 
at  1100  °C  and  1000  °C.  This  order  can  change  at  lower 
or  higher  Ni  contents. 

A  number  of  articles' report  on  Cr  equivalents 
from  experimental  results  obtained  under  very  different 
cooling  conditions  such  as  water  quenching,  air  cooling, 
and  cooling  of  weldments  and  chill  castings.  In  most 
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Fig.  8 — Chromium  equivalents  of  ferrite  stabilizers  X  in  Fe-Cr-Ni-X 
austenite  annealed  at  1000  °C. 


cases,  the  effect  of  the  basic  composition  of  the  steel 
(i.e.,  of  Ni  and  Cr  contents)  on  the  equivalents  is  not 
specifically  identified.  The  reported  values  in  some  cases 
show  wide  variations  between  different  researchers.  The 
experimental  ranges  summarized  by  Solomon  and 
Devine’^''  are  A1  (2.48),  Mo  (1.0  to  1.21),  Nb  (0.14  to 
4.0),  Si  (0.48  to  3.0),  Ti  (2.2  to  10),  V  (2.27),  and  W 
(0.72).  In  contrast  to  these,  the  computed  values  in  this 
work  are  at  specific  annealing  temperatures  as  a  function 
of  Ni  content.  The  systematic  variations  of  the  computed 
equivalents  with  temperature  and  Ni  content  have  al¬ 
ready  been  illustrated. 

Figure  9  compares  the  overall  ranges  of  experimental 
and  computed  values  of  the  Cr  equivalents.  Even  though 
this  comparison  is  not  exactly  in  order,  the  figure  shows 
satisfactory  agreement  between  the  two  sets  of  data.  The 
large  variations  in  the  experimental  values  of  Ti  and  Nb 
point  to  the  importance  of  a  careful  distinction  between 
the  combined  and  free  forms  of  these  elements,  when 
evaluating  the  Cr  equivalent.  The  experimental  and  com¬ 
puted  results  agree  on  the  following  conclusion.  In  a  sta¬ 
bilized  type  of  steel,  the  same  amount  of  residual  Nb  in 
solution  requires  a  smaller  increase  of  Ni  as  compared 
to  Ti  to  retain  the  fully  austenitic  state. 

Finally,  Figure  10  is  a  plot  of  the  Cr  equivalents  in 
atomic  percent  as  a  function  of  increasing  atomic  num¬ 
ber  for  the  transition  metals  at  a  constant  8  at  pet  Ni 
(which  corresponds  to  8.2  to  8.5  wt  pet  Ni).  The  values 
for  V,  Nb,  Mo,  and  W  are  approximately  equal  and  are 


Ferrite  Stabilizer 

Fig.  9  —  Experimental  and  computed  ranges  of  chromium  equivalents 
in  stainless  steels. 


Fig.  10  —  The  chromium  equivalent  in  atomic  percent  at  1 100  °C  for 
the  ferrite-stabilizing  transition  metals. 


around  1.7.  Titanium  stands  out  in  comparison,  with  a 
value  of  nearly  4. 

No  simple  explanation  can  be  given  for  the  high 
effectiveness  of  Ti.  It  arises  from  the  complex  way  in 
which  the  free  energy  functions  vary  with  composition 
and  temperature.  One  may  note,  however,  that  among 
the  elements  forming  gamma  loop  with  Fe,  Ti  is  most 
effective  in  restricting  the  austenite  field  (or  promoting 
ferrite  formation).  At  1100  °C,  the  maximum  solubility 
of  Ti  in  (yFe)  is  only  0.8  at.  pet,  whereas  it  is  1.2  (Al), 
1.6  (Mo),  3.1  (Si),  1.3  (V),  and  1.4  (W),  all  in  at.  pct.'^^i 


V.  SUMMARY 

1.  Using  recent  thermodynamic  interaction  parameters, 
the  quaternary  phase  equilibria  in  the  Fe-Cr-Ni-X 
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systems  (X  =  Al,  Mo,  Nb,  Si,  Ti,  V,  or  W)  have 
been  computed  at  1100  °C  and  1000  °C  for  small  ad¬ 
ditions  of  X. 

2.  From  the  computed  results,  the  Cr  equivalent  of  a 
ferrite  stabilizer  is  evaluated  as  the  amount  of  Cr  sub¬ 
stituted  by  1  wt  pet  of  the  ferrite  stabilizer  at  the 
(y/y  +  phase  boundary.  The  Cr  equivalents  vary 
systematically  with  annealing  temperature  and  Ni 
content.  This  is  in  contrast  to  the  fixed  values  of 
equivalents  used  in  the  empirical  diagrams  on  the 
constitution  of  stainless  steels. 

3.  Titanium  is  the  most  effective  ferrite  stabilizer,  its  Cr 
equivalent  at  1100  °C  being  4.4  at  8  wt  pet  Ni.  This 
decreases  to  2.8  at  22  wt  pet  Ni.  Silicon  is  the  next 
most  effective  element. 


4.  The  Cr  equivalents  of  Al,  Mo,  Nb,  V,  and  W  are 
lower  than  those  of  Ti  and  Si  and  fall  in  the  range  of 
0.6  to  1.6  at  8  wt  pet  Ni.  The  order  of  decreasing 
effectiveness  at  8  wt  pet  Ni  is  V,  Nb,  Mo,  Al, 
and  W. 

5.  A  comparison  of  the  overall  ranges  of  the  known  ex¬ 
perimental  values  and  those  computed  here  shows 
satisfactory  agreement. 

6.  In  the  stabilized  types,  the  same  amount  of  residual 
Nb  present  in  solution  in  austenite  requires  a  smaller 
increase  of  Ni  as  compared  to  Ti  to  retain  the  fully 
austenitic  state. 

7.  Even  if  they  require  revision  with  future  refinement 
of  the  thermodynamic  interaction  parameters,  the 
computed  Cr  equivalents  can  be  useful  in  applica¬ 
tions,  in  the  absence  of  detailed  experimental  data. 


APPENDIX 

Thermodynamic  interaction  parameters  of  the  Fe-Cr-Ni-X  systems 

(All  energy  values  in  J  mol”') 
The  magnetic  contribution  of  Gibbs  energy  ~ 

=  RT  In  03  -f-  1)  /(t) 

where  T,,  is  the  Curie  (or  Neel)  temperature  in  K, 

P  is  the  magnetic  moment  per  atom  in  Bohr  magnetons, 

T  =  T/T^,  and/(T)  is  given  by, 

for  T  <  1 , 

1  r79r”‘  158/1  X/r" 

/(t)  —  1 - - 1 - I - ill  — \ - 1 - 1 

AL140p  497  \p  /\2  45  200/ J 

for  T  >  1 ; 

.,.-15  -25  T 

T  T  T 

- 1 - 1 - 

10  315  1500_ 

518  11,692  /1  \ 

where  A  = - 1 - - 1 

1125  15,975  V/?  / 


References 

4 


For  bcc,  p  =  0.4,  and  for  fee,  p  =  0.28.  Negative  values  of  T,  and  /3  are  divided  by  -1  for  bcc  and  by  -3  for 
fee. 

Gibbs  energies  of  pure  components  5 

OQkc  _  CQhcc  ^  -1462.4  -I-  8.2827  -  1.15  7  In  7  +  6.4  X  lO”'*  7^ 

ogjfcc  _  o^jbcc  ^  -10,083  -t-  4.8137 

og.fcc  _  o^bcc  ^  7284  -t-  0.1637 

oQkc  -  (Mo)  =  15,200  -f  0.637 
OQkc  _  ogbcc  ^  3995  g  3.55647 

o^^fee  _  ogbcc  ^  -8715.084  -t-  3.5567 

ogfee  _  Oj^bCC  ^  4QQQ  +  0.77 

o^fee  _  cgbcc  ^  241.456  -  38.489857  +  7.4305  7  In  7  -  9.363565  X  10"^  7^  + 


1.048054  X  10”®  7^  +  52,090  7”' 

O^fee  _  O^bCC  ^  75QQ  J  7p 

o^fee  _  O^bCC  ^  J9  3QQ  Q 

Interaction  parameters  for  bcc  (a)  phase 

f^Fe.Ai  =  -115,713  +  26.67  +  (31729  -  19.427)(Xp„  -  Xa,)  6 

Lpe.cr  =  20,500  -  9.687  7 

ipe^Mo  =  36,818  -  9.147  -  (362  +  5.727)(Xp,  -  Xm„)  8 

^FeNb  =  -14,021  +  11.397  6 

Lp,.Ni  =  -957  -  1.297  +  (1789  -  1.937)(Xpe  -  XnO  9 

Lpe.si  =  -155,636  +  35.577  -  27,982  (Xpe  -  Xsd  6 

Lpe’Ti  =  -38,242  +  8.597  -  (32,778  -  5.95  7)  (Xp,  ^  Xyd  6 

Lpe.v  =  -21,427  +  6.8467  +  (7345  -  1.5097)(Xpe  -  Xy)  6 
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Lpe.w  =  41,544  -  12,621  (Xp,  -  X^) 

10 

LM.a  =  -53,652  -  lOr  +  (10,223  -  lOrXXA,  -  Xc,) 

6 

Lm  Ni  =  -139,000 

11 

Lc,,mo  =  28,890  -  1.96T  +  (5974  -  2.437’)(Xc,  -  Xm„) 

12 

Lc,,Nb  =  25,941  +  3347  (X^  -  X^^) 

13 

Lc,,Ni  =  21,310  -  n.66T  +  (25,800  -  7.897’)(Xc,  -  X^-,) 

14 

Lcr.si  =  -108,300  +  23.437  -  (48,447  -  8.37r)(Xc,  -  Xsi) 

6 

Lc.Ti  =  24,667  -  6.677  +  300  (Xpe  -  XtO 

15 

Lay  =  -9874  -  2.69647  -  (1720  +  2.52377)(Xcr  -  Xv) 

16 

Lcr.w  =  31,520  -  1320  (Xc,  -  Xw) 

17 

^Mo.Ni  —  46,422 

18 

^Nb.Ni  =  -18,828.09  +  21.659777 

19 

Lnis;  =  -176,467  +  46.77  -  (96,846  -  38.877)(XNi  -  Xs;) 

6 

LNiTi  =  -119,717  +  437  -  (44,536  -  12.57)(XNi  -  Xt,) 
i-Ni.v  =  -68,170 

6 

Ln;  w  =  82,000 

20 

^S.Fe.Ni  —  ^S.Fe.Ni  “  ^S.Fe.Ni  “  1390 

21 

^CrFeV  =  14,881Xcr  +  17,968Xpe  -  1692Xy 

16 

LUmoM  =  ^Fe°Mo,Ni  =  ^S,Mo,Ni  =  -35,743 

7,  -  1043XFe  -  311. 5Xc,  +  575XNi  +  XpeXA|[-384.8  +  1525. KXpe  -  Xa,)] 

22 

+  XpeXc,[1650  -  550(Xf,  -  Xc,)]  +  XpeXM„[335  +  526(Xf,  -  X^o)] 

+  XFeXsi[91.18  -  139.8(Xf,  -  Xsi)  +  231.4(XFe  -  Xsf  -  1640XFeXT, 

+  XFeXv[-110  +  3075(XFe  -  Xy)  +  808(XFe  -  Xv)-  -  2169(XFe  -  Xv)^] 

+  Xc^Ni[2373  +  617(Xc,  -  X^;)] 

6-8,  14,  24,  25 

3  =  2.22XFe  -  0.008Xa  +  0.85XNi  -  0.85XFeXo  -  2.26XpJ(y  +  4Xc;(m 

Interaction  parameters  for  fee  (y)  phase 

7,  14,  25 

i-Fc.Ai  =  -96,053  +  18.417  +  (31,654  -  19.477)(XFe  -  Xa,) 

6 

LF,.cr  =  10,833  -  7.487  -  1410(Xpe  -  Xc^) 

7 

^Fe.Mo  =  28,347  -  17.697 

8 

^Fe.Nb  —  —5102 

6 

Lpe.Ni  =  -12,054  +  3.727  +  (11,082  -  4.457)  (Xpe  -  X^i)  -  126{Xj:,  -  Xn;)' 

9 

Lpe.si  =  -151,652  +  30.937  -  27,982(Xf,  -  Xsi) 

6 

ipe.Ti  =  -26,665  -  1.437  -  19,999(XFe  -  Xts) 

6 

Lpe.v  =  -15,260  +  1.7657 

6 

7f,,w  =  25,977  -  3.367  -  7259(Xf,  -  Xw) 

10 

f-Aicr  =  -63,019  -  57  +  11,815(Xai  -  Xc^) 

6 

^Ai,Ni  =  -139,000 

11 

Lcr,Mo  =  28,890  -  7.967  +  (5974  -  2.437)(Xc,  -  X^o) 

12 

f-cr.Nb  —  25,941  +  3347(Xcr  —  X^b) 

13 

Lcr.Ni  =  8347  -  12.17  +  (29,895  -  16.387)(Xc,  -  Xp,,) 

14 

f'Cr.si  =  -104,600  +  23.437  -  (58,576  -  8.377)(Xc,  -  Xs,) 

6 

Lcr.Ti  —  40,403 

15 

Lay  =  -9874  -  2.69647  -  (1720  +  2.52377)(Xc,  -  Xy) 

16 

La.y  =  31,520  -  1320(Xc,  -  Xw) 

17 

^Mo.Ni  =  4803.7  -  5.967  +  10,880(Xm„  -  X^j) 

18 

^Nb.Ni  =  -70,034.36  +  16.660397 

19 

f-Ni.si  =  -176,467  +  46.77  -  (96,846  -  38.877)(XNi  -  Xs.) 

6 

Lnuti  =  -128,785  +  437  -  (47,048  -  12.57)(XNi  -  Xt.) 

6 

f'Ni.v  =  —68,170 

Lk-i’w  =  2556  +  11.67  -  52,900(XNi  -  Xw) 

20 

^&,Fe,Ni  —  ^S.Fe.Ni  “  f-O.Fe.Ni  “  1618 

21 

ipe.Mo.Ni  =  (-204,791  +  163.937)XFe  +  (11,555  -  55.817)Xmo  +  77,975  X^, 

22 

f'Fc.Ni.w  =  -35,044Xf,  +  50,436XNi 

23 

7,  =  -201  Xp,  -  1109Xc.  +  633XNi  +  XF.XNi[2133  -  682(Xf,  -  X^O]  -  3605Xc.XNi  - 
XN.Xsi[6363  -  2911(XNi  -  Xs;)] 

6,  9,  14 

p  =  -2.1Xf,  -  2.46Xc.  +  0.52XNi  +  XFAi[9.55  +  7.23(Xf,  -  X^.)  +  5.93(XFe  -  X^;)' 

+  6.18(XFe  -  X^i)']  -  1.91Xc.Xn; 

9,  14 

2680  — VOLUME  25A,  DECEMBER  1994  METALLURGICAL  AND  MATERIALS  TRANSACTIONS  A 

ACKNOWLEDGMENT 

The  computations  were  carried  out  using  the  MUL'HTM 
computer  program,  developed  with  the  assistance  of 
Mr.  G.  Khanna. 


REFERENCES 

1.  A.L.  Schaeffler:  Met.  Prog.,  1949,  vol.  56,  p.  680B. 

2.  W.T.  DeLong:  Met.  Prog.,  1960,  vol.  77  (2),  pp.  98-101. 

3.  V.  Raghavan:  Metall.  Mater.  Trans.  A,  1995,  vol.  26A,  in  press. 

4.  M.  Hillert  and  M.  Jarl:  CALPHAD,  1978,  vol.  2,  pp.  227-38. 

5.  A.T.  Dinsdale:  SGTE  Data  for  Pure  Elements,  National  Physical 
Laboratory,  Teddington,  United  Kingdom,  1989. 

6.  K.C.  Hari  Kumar;  Ph.D.  Thesis,  Indian  Institute  of  Technology, 
Delhi,  India,  1991. 

7.  J.O.  Andersson  and  B.  Sundman:  CALPHAD,  1987,  vol.  11, 
pp.  83-92. 

8.  A.F.  Guillermet:  Bull.  Alloy  Phase  Diagrams,  1982,  vol.  3, 
pp.  359-66. 

9.  Z.S.  Xing,  D.D.  Gohil,  A.T.  Dinsdale,  and  T.  Chart:  Report  No. 
DMA(A)103,  National  Physical  Laboratory,  Teddington,  United 
Kingdom,  1985. 

10.  P.  Gustafson:  Metall.  Trans.  A,  1987,  vol.  18A,  pp.  175-88. 

11.  R.  Hultgren,  P.D.  Desai,  D.T.  Hawkins,  M.  Gleiser,  and  K.K. 
Kelly:  Selected  Values  of  Thermodynamic  Properties  of  Binary 
Alloys,  ASM,  Metals  Park,  OH,  1973,  pp.  191-95. 

12.  J.O.  Andersson  and  N.  Lange:  Metall.  Trans.  A,  1988,  vol.  19A, 
pp.  1385-94. 

13.  L.  Kaufman  and  H.  Nesor:  CALPHAD,  1978,  vol.  2,  pp.  55-80. 


14.  T.  Chart:  National  Physical  Laboratory,  Teddington,  United 
Kingdom,  unpublished  research,  1985. 

15.  J.L.  Murray:  Bull.  Alloy  Phase  Diagrams,  1981,  vol.  2, 
pp.  174-81. 

16.  B.J.  Lee  and  D.N.  Lee:  J.  Phase  Equilibria,  1992,  vol.  13, 
pp.  349-64. 

17.  P.  Gustafson:  Metall.  Trans.  A,  1988,  vol.  19A,  pp.  2531-46. 

18.  K.  Frisk:  CALPHAD,  1990,  vol.  14,  pp.  311-20. 

19.  Z.  Kejun,  X.  Xianzhang,  and  J.  Zhanpeng:  J.  Alloys  Compounds, 
1992,  vol.  179,  pp.  177-85. 

20.  P.  Gustafson,  A.  Gabriel,  and  I.  Ansara:  Z.  Metallkd.,  1987, 
vol.  78,  pp.  151-56. 

21.  M.  Hillert  and  C.  Qiu:  Metall.  Trans.  A,  1990,  vol.  21A, 
pp.  1673-80. 

22.  K.  Frisk:  Metall.  Trans.  A,  1992,  vol.  23A,  pp.  639-49. 

23.  A.F.  Guillermet  and  L.  Ostlund:  Metall.  Trans.  A,  1986,  vol.  17A, 
pp.  1809-23. 

24.  B.J.  Lee,  S.K.  Lee,  and  D.N.  Lee:  CALPHAD,  1987,  vol.  11, 
pp.  253-70. 

25.  J.O.  Andersson:  CALPHAD,  1983,  vol.  7,  pp.  305-15. 

26.  J.F.  Smith,  O.N.  Carlson,  and  P.G.  Nash:  Bull.  Alloy  Phase 
Diagrams,  1982,  vol.  3,  pp.  342-48. 

27.  L.  Pryce  and  K.W.  Andrews:  J.  Iron  Steel  Inst.,  1960,  vol.  195, 
pp.  415-17. 

28.  F.C.  Hull:  Weld.  J.,  1973,  vol.  52  (5),  pp.  193S-203S. 

29.  C.J.  Long  and  W.T.  DeLong:  Weld.  J.,  1973,  vol.  52  (7), 
pp.  28IS-297S. 

30.  E.A.  Schoefer:  Weld.  J.,  1974,  vol.  53  (1),  pp.  10S-12S. 

31.  H.D.  Solomon  and  T.W.  Devine,  Jr.:  Duplex  Stainless  Steels, 
ASM,  Metals  Park,  OH,  1983,  pp.  693-756. 

32.  Binary  Alloy  Phase  Diagrams,  T.B.  Massalski,  ed.,  ASM 
INTERNATIONAL,  Materials  Park,  OH,  1990. 


METALLURGICAL  AND  MATERIALS  TRANSACTIONS  A 


VOLUME  25A,  DECEMBER  1994  —  2681 


Diffusion-Controlled  Growth  in  Ternary  Systems 

J.P.  BOURNE,  C.  ATKINSON,  and  R.C.  REED 

Diffusion-controlled  growth  of  particles,  dendrites,  and  plates  in  infinite  media  is  examined  for 
ternary  systems.  The  growth  kinetics  associated  with  planar,  cylindrical,  and  spherical  particles 
are  shown  to  be  limiting  cases  of  a  more  complete  analysis  (also  presented)  for  shape-preserving 
growth.  The  theory  is  applied  to  the  growth  of  allotriomorphic  ferrite  from  austenite  in  ternary 
Fe-C-X  steels,  where  X  represents  a  substitutional  alloying  element.  Numerical  results  are 
given,  the  analysis  relying  on  the  ability  to  predict  multicomponent  phase  equilibria.  The  work 
represents  an  attempt  at  coupling  together  thermodynamic  and  kinetic  models  for  the  diffusion- 
controlled  phase  transformations  that  occur  in  steels. 


I.  INTRODUCTION 

In  the  past  30  years  or  so,  there  has  been  a  tremen¬ 
dous  international  effort  concerned  with  the  collection 
and  assessment  of  thermodynamic  data  particularly  for 
metals  and  alloys.  The  spirit  of  the  work  is  perhaps  best 
captured  by  the  CALPHAD  (Calculation  of  Phase  Dia¬ 
grams)  meetings  and  by  the  journal  of  the  same  name.>'l 
Such  work  is  near  fruition,  since  there  are  now  available 
several  software  systems  capable  of  estimating  the  phase 
diagram  as  a  function  of  pressure  temperature,  and  the 
combined  effect  of  numerous  alloying  elements,  given  a 
starting  set  of  possible  phases. Of  course,  such  data 
banks  are  best  regarded  as  convenient  methods  of  storing 
and  retrieving  the  assessed  thermodynamic  data.  Yet  at 
the  same  time,  they  employ  rigorous  thermodynamic 
expressions  and  numerical  methods  for  the  minimization 
of  the  Gibbs  energy  of  the  system  so  that  the  equilibrium 
state  can  be  calculated.  The  data  banks  allow  inter¬ 
polation  between  the  available  thermodynamic  data  and 
extrapolation  from  binary  systems  to  multicomponent 
systems  to  be  achieved  with  more  confidence  than  would 
otherwise  be  possible. 

In  the  authors’  view,  the  situation  has  reached  the 
point  where,  for  systems  for  which  the  thermodynamic 
properties  are  rather  well  established,  one  needs  to  ask 
how  these  data  banks  might  be  most  usefully  employed 
in  the  future.  Of  course,  the  data  banks  are  now  being 
used  widely,  as  a  research  tool  for  the  purpose  of  alloy 
design.  However,  many  of  the  routes  used  for  processing 
metals  {e.g.,  rolling,  casting,  and  welding)  leave  the  ma¬ 
terial  in  a  highly  metastable  state.  Moreover,  unstable 
microstructural  configurations  (e.g.,  ultrafine  grains, 
nonequilibrium  solute  concentrations,  etc.)  are  often  de¬ 
liberately  utilized  because  of  the  advantageous  properties 
that  can  be  attained.  Of  course,  the  thermodynamic  data 
banks  cannot  be  used  for  the  estimation  of  micro¬ 
structure  in  such  situations;  there  is  a  need  to  design  ki¬ 
netic  models  that  make  use  of  the  thermodynamic  data 
banks. 

It  is  possible  that,  in  the  future,  kinetic  models  might 
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be  developed,  which  enable  microstructures  to  be  esti¬ 
mated  as  a  function  of  composition  and  processing  his¬ 
tory,  to  within  useful  accuracy.  The  theory  of  phase 
transformations  in  metals  and  alloys  is  likely  to  be  at  the 
heart  of  such  models. ''''  The  role  of  the  thermodynamic 
data  banks  will  then  be  to  define  the  equilibrium  state 
and  the  kinetic  models  will  describe  the  route  between 
equilibrium  states.  With  such  validated  models,  it  might 
be  possible  to  search  for  alloys  with  improved  and  novel 
properties  in  a  more  fundamental  and  systematic  fashion 
than  has  been  possible  in  the  past. 

With  such  ideals  in  mind,  the  purpose  of  this  article 
is  to  consider  the  diffusion-controlled  growth  of  precip¬ 
itates,'^’  with  a  view  to  establishing  kinetic  models  for 
steels  that  can  be  readily  coupled  to  existing  thermo¬ 
dynamic  theory.  For  the  growth  of  allotriomorphic  fer¬ 
rite  from  austenite,  the  experimental  evidence'®’  suggests 
that  the  shape  of  the  growing  phase  is  most  realistically 
modeled  as  an  oblate  ellipsoid  of  revolution,'^’  an  aspect 
ratio  of  approximately  3  being  appropriate.'®’  Atkinson 
et  have  reported  a  model  for  the  diffusion- 

controlled  growth  of  precipitates  with  such  a  shape  in 
binary  Fe-C  steels,  but  the  effect  of  diffusion  of  substi¬ 
tutional  alloying  elements  has  never  been  considered 
previously.  This  extension  will  be  dealt  with  in  the  pres¬ 
ent  work. 

It  should  be  recognized  that  the  theory  described  here 
is  applicable  to  all  systems  in  which  the  diffusion- 
controlled  growth  of  precipitates  occurs  and,  as  such,  is 
not  solely  restricted  to  steels.  The  authors  therefore  hope 
that  their  analysis  will  be  of  particular  interest  to  those 
readers  who  are  concerned  with  other  systems. 


II.  BACKGROUND 

Diffusion-controlled  precipitate  growth  of  particles, 
dendrites,  and  plates  has  been  the  subject  of  much  dis¬ 
cussion  over  the  past  30  years.  The  models  for  radially 
symmetric  particle  growth  in  binary  systems  were  orig¬ 
inally  developed  by  Zener,'*’  Frank,"®’  and  Ham."'"^’  In 
each  case,  constant  diffusion  coefficients  were  assumed. 
Horvay  and  Cahn'"”  subsequently  generalized  the  anal¬ 
ysis  to  include  ellipsoidal  and  dendritic  growth  using  a 
technique  proposed  by  Ivantsov."'*’  Again,  the  work  was 
based  on  constant  diffusion  coefficients.  As  an  extension 
to  that  work,  Trivedi  and  Pound"®’  and  Atkinson"®’  con¬ 
sidered  the  ellipsoidal  and  dendritic  growth  problems  for 
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situations  in  which  the  diffusion  coefficients  were  con¬ 
centration  dependent.  In  each  case,  a  numerical  proce¬ 
dure  was  formulated.  In  an  associated  article, 
Atkinson^'^'  applied  perturbation  theory  to  tackle  the  el¬ 
lipsoidal  and  dendritic  growth  problem  for  a  quite  gen¬ 
eral  class  of  diffusion  coefficients.  Both  slow  and  fast 
particle  growth  was  addressed.  More  recently,  Enomoto 
and  Atkinson*'*'  have  developed  a  numerical  scheme 
based  on  Kolodner’s  free  boundary  formulation"*'  to 
analyze  planar  and  spherical  growth  in  a  finite  matrix. 

In  the  present  work,  we  intend  to  collate  and  extend 
the  analysis  of  ellipsoidal  and  dendritic  particle  growth 
to  ternary  systems  (the  theory  we  outline,  however,  is 
true  for  N  component  systems).  The  growth  kinetics  as¬ 
sociated  with  planar,  cylindrical,  and  spherical  particles 
are  shown  to  be  special  limiting  cases.  Naturally,  this 
adds  to  the  complexity  of  the  growth  behavior,  although 
it  is  shown  that  many  of  the  patterns  observed  in  binary 
systems  carry  over  for  the  ternary  analysis.  In  this  re¬ 
spect,  we  believe  that  the  current  work  will  complement 
the  numerical  approach  of  multicomponent  diffusion  de¬ 
scribed  by  Kirkaldy  and  co-workers*^®~^^'  and 
Coates. 

The  outline  of  this  article  is  as  follows.  Section  III 
summarizes  the  conditions  and  assumptions  of  precipi¬ 
tate  particle  growth.  In  Section  IV,  the  ellipsoidal 
growth  problem  is  solved  based  on  an  eigenvalue  anal¬ 
ysis.  The  problem  of  dendritic  growth  is  then  addressed. 
Section  VI  outlines  the  theory  used  in  the  phase  diagram 
calculations.  A  selection  of  numerical  results  is  given  in 
Section  VII.  An  appendix  is  also  included  in  which 
asymptotic  expressions  are  noted  for  limiting  cases  of 
the  above  analysis.  These  are  seen  to  be  direct  analogues 
of  the  binary  analysis. 

III.  ANALYSIS 
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Fig.  1 — Schematic  illustration  of  an  advancing  interface  showing 
concentration  profiles  and  interfacial  concentrations  associated  with 
the  growing  particle  and  matrix. 


at  the  surface.  Here  N  =  (N^,  N2,  N^)  defines  the  outward 
normal  to  the  surface  and  7,  =  The  reader 

should  also  note  that  throughout  the  analysis,  it  is  as¬ 
sumed  implicitly  that  the  densities  of  the  matrix  and  par¬ 
ticle  are  equal,  i.e.,  that  the  molar  volumes  of  the  two 
phases  are  identical. 


IV.  ELLIPSOIDAL  GROWTH 

We  begin  with  the  growth  kinetics  associated  with  an 
expanding  ellipse,  initially  of  zero  size,  and  introduce 
the  variable  w  defined  implicitly  via 


+ 


+ 


w  -I-  a,  w  +  a2  w  +  a-i 


At 


[3] 


Our  analysis  begins  with  a  brief  summary  of  the  usual 
assumptions  made  in  precipitate  particle  growth  prob¬ 
lems.  Later,  these  conditions  will  be  applied  in  turn  to 
ellipsoidal  and  dendritic  particle  growth. 

Consider  then  a  particle  of  initial  zero  size,  growing 
via  diffusion  in  a  matrix  that  is  assumed  to  be  of  infinite 
extent.  Thus,  within  the  matrix  phase  of  the  alloy,  the 
composition  of  each  component  C,  will  be  governed  by 
solutions  to  the  diffusion  equation 

dC, 

—  =  V  •  (DijVCj)  (i,  j  =  1,2;  sum  over.y)  [I] 
dt 

where  the  variables  £),y  denote  the  diffusion  coefficients. 
Also,  it  will  be  assumed  that  each  component  of  the 
alloy  will  have  constant  composition  Cf  within  the  par¬ 
ticle.  Similarly,  just  outside  the  particle-matrix  interface 
each  component  will  have  constant  composition  denoted 
by  cf.  Furthermore,  the  initial  concentration  of  each 
component  and  at  large  distances  in  the  matrix  phase  will 
be  of  constant  composition  C“.  A  typical  concentration 
profile  is  shown  schematically  in  Figure  1.  Flux  of 
matter  at  the  particle-matrix  boundary  will  determine  the 
growth  rate  of  the  particle,  and  for  shape-preserving 
growth,  the  appropriate  condition  will  take  the  form 

{C^  -C^)N-—  =  J,N  (/=1,2)  [2] 

dt 


The  surface  parameters  a,  ((  =  1,  2,  3)  are  constants, 
different  combinations  of  which  can  be  associated  with 
limiting  cases  of  the  ellipsoidal  growth,  i.e.,  planar,  cy¬ 
lindrical,  and  spherical  particle  growth  (Table  I). 

The  boundary  of  the  particle  is  designated  by  the  ex¬ 
panding  ellipsoidal  shape  specified  by  Eq.  [3]  with  w  = 
Wq,  where  Wq  is  to  be  determined.  Substituting  Eq.  [3] 
into  Eq.  [1]  leads  to  the  following  pair  of  coupled  or¬ 
dinary  differential  equations: 


=  0  (i,  j  =  1,2;  sum  over  j)  [4] 

Here,  it  has  been  assumed  that  each  component  C,  is  a 
function  of  w  alone  and  that  Wq  defines  the  location  of 
the  expanding  ellipse.  The  ellipsoidal  growth  problem 


Table  I.  Surface  Parameters 


Ol 

02 

03 

Planar 

0 

00 

CO 

Cylindrical 

0 

0 

00 

Spherical 

0 

0 

0 
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thus  amounts  to  solving  Eq.  [4]  subject  to  the  following 
boundary  conditions: 

C,  =  Cf  when  w  =  Wq 

Ci  =  Cf  as  w  ^  “  [5] 

In  addition,  one  can  show  that  the  flux  Eq.  [2]  at  the 
particle-matrix  interface  reduces  to 


Dij  —  =C]  -Cf,  {i,  j=  1,2;  sum  overy) 

\dwl 


The  value  of  w  =  Wq  that  specifies  the  boundary  of  the 
growing  ellipsoidal  particle  is  thus  to  be  determined  by 
solving  Eqs.  [4]  through  [6]  simultaneously.  In  seeking 
exact  solutions  to  the  above  problem,  it  will  be  necessary 
to  assume  constant  diffusion  coefficients.  With  this  as¬ 
sumption  and  regarding  Eq.  [4]  as  an  eigenvalue  prob¬ 
lem,  define 

dC, 

P.  =  D.  —  (i,  j  =  1,2;  sum  overy)  [7] 
dw 

and  seek  solutions  to  Eq.  [4]  in  the  form 
A,  exp  (-Aw) 

P,  =  [8] 

V (w  +  Ui)  (w  +  U2)  {w  +  Uj) 

The  coefficients  A,  and  eigenvalues  A  are  determined 
from 

(D,y'  -  A5,;^)A;  =  0  [9] 

with  Dg  'Ditj  =  Sij,  where  is  the  Kronecker  delta  6^  = 
1 ,  i  =  7;  Sij  =  0,i¥=  j.  Nontrivial  solutions  exist  provided 

|D,7‘  -  A5y|  =  0  [10] 

(These  and  subsequent  procedures  are  equally  applicable 
to  multicomponent  systems  i,  j  =  1 ,  . . N.  However, 
the  details  are  carried  through  only  or  the  ternary  case.) 
Expanding  the  determinant  and  solving  Eq.  [10]  estab¬ 
lishes  the  eigenvalues  as 


A| ,  A2  — 


iPw  +  ^22)  ^22) 

2(D||D22  —  DnDix) 


where  the  plus  and  minus  signs  preceeding  the  radical 
are  associated  with  A2  and  A,,  respectively.  (This  is  also 
consistent  with  solutions  to  Eq.  [4]  for  situations  when 
D|2  =  0  =  £>21)  It  should  also  be  noted  that  implicit  in 
the  statement  is  that  D,,  >  Dji-  This  convention  will  be 
assumed  throughout  the  analysis.  A  suitable  choice  for 
the  associated  eigenvectors  is  A“’  =  (A*/’,  and 

A'^*  =  (A™,  A2V,  where 


A  V’  =  A 


AV>  = 


ID.  A 


{D^^  —  D22)  +  V  (7?ii  D22)  +  4D  12/92 


(£>22  -£>.1) 


2DnB 

^(/9ii  ~  D22)  +  4D12D2 


and  where  A  and  B  are  arbitrary  constants  to  be  deter¬ 
mined.  Accordingly, 

Pi-AY'Qj{w)  (summing  over  y)  [13] 

where 

exp(-Ayw) 

e/w)  =  - :  [14] 

V(w  +  Ui)  (w  +  ^2)  (w  +  U3) 

Inverting  Eq.  [7]  and  applying  the  boundary  conditions 
in  Eq.  [5]  determines  the  constants  A  and  B  and  estab¬ 
lishes  the  concentration  profiles  within  the  matrix  as 


Cgw)  = 


s„[B22(cr  -  cr)  -  b,2(c?  -  cr)]  u 


Qi(s)ds 


(B„B,2  -  5,282,) 


Qgs)ds 


Qi{s)ds 


5,2[-52i(Cr  -  Cf)  +  5,|(C)  -  Cr)]  £0 

(^11^22  “  ^,2^21)  f 


C,(h’)  =  ■ 


B2,[B22(Cr  -  cr)  -  B,,(C2  -  C?)]  J-0 


(5||5,2  5|252i) 


Q,(s)ds 


g22[-g2i(cr  -  cr)  +  5„  (c;  -  Cf)]  £0 
(g|,g22  “  g,,^:,)  f 


QMds 


B\\  —  D22 


QAs)ds 


_ 2£>i2/92i _ _ 

(£>ii  —  £>22)  +  V^(£>ii  —  £>22)^  +  ADX2P2 


2D22D I 


(£>22  -£>,,)-  V(£>n  -  0.2?  +  4D,2D2 

_ 2/9 11/921 _ 

(£),,  -  D22)  +  V(/9ll  -/922)'  +  4Di2D2 


B22  —  /9ii 


_ 2/9 12/921 _ _ 

(£>22  -  Dll)  -  V(D,1  -D22)'  +  4D,2D2 


Finally,  it  remains  to  determine  the  position  of  the 
moving  boundary  Wy.  Applying  the  transformed  flux 
Eq.  [6],  one  can  show  that 

(D,,B,i  +  DME^Q^iwo)  +  (Di,Si2 
-f  Di2622)E'222(^o)  —  Cl  ~  C, 

(D21B11  +  D22B2{)E\Q\(A(^  a  {D2\B[2 


+  D22B22)E2Q2{Wo)  =  -  C? 


A?  =  B 


where 
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Recall  that  S,,,  Bjj,  fi2i>  and  ^22  were  defined  in 
Eq.  [16].  For  g,  and  Q2,  see  Eq.  [14],  Of  the  four  inter¬ 
face  parameters  Cf,  Cj,  Cf ,  and  C^,  only  one  is  inde¬ 
pendent,  e.  g.,  Cf.  The  remaining  three  compositions 
are  determined  from  the  phase  diagram  boundaries  and 
endpoints  of  the  tie-lines.  The  system  of  Eq.  [17]  can 
thus  be  regarded  as  two  equations  in  two  unknowns,  the 
solution  to  which  will  establish  values  for  Wq  and  Cf,  the 
growth  rate  parameter  and  particle  composition,  respec¬ 
tively.  A  selection  of  numerical  examples  outlining  this 
procedure  will  be  given  in  Section  VII.  Typical  experi¬ 
mental  data  will  be  used. 


V.  DENDRITIC  GROWTH 

The  analysis  for  dendritic  growth,  in  which  the  par¬ 
ticles  are  either  rodlike  (ellipsoidal  paraboloids)  or  plate¬ 
like  (parabolic  cylinders),  will  be  described  here.  It  is 
assumed  that  the  particles  translate  with  uniform  speed 
V  in  their  lengthwise  direction  Z  and  that  diffusion  of 
each  component  in  the  matrix  phase  is  governed  by 

dCi 

—  =  V  •  (Dij^Cj)  (i,j  =1,2;  sum  over  j)  [19] 

dt 

In  the  above  (X,  Y,  Z)  refers  to  a  fixed  cartesian  co¬ 
ordinate  system.  Consider  now  a  moving  coordinate 
system  (x,  y,  z)  translating  with  the  body,  where 

^  R  ’  ^  R  ’ 

p  VR 

z  =  -{Z-  Vt),  and p  =  —  [20] 

A  2 

Here,  R  denotes  the  radius  of  curvature  at  the  tip  of  the 
dendrite.  Note  that  the  model  here  will  suffer  from  the 
usual  drawbacks  of  the  classical  models  of  a  growing 
dendrite  in  that  only  the  product  of  the  velocity  and  the 
tip  radius  of  curvature  will  be  determined  in  the  solution. 
For  the  growth  of  an  ellipsoidal  paraboloid,  we  write 

2  2 

X  y 

-  + - =  w  -  2z  [21] 

w  w  + 

in  which  w  =  wg  =  p  defines  the  moving  interface  and 
where  the  surface  parameter  <24  is  assumed  to  be  positive. 
(The  limits  2/4  =  6  and  2/4  ^  =  correspond  to  a  circular 
paraboloid  and  a  parabolic  platelet,  respectively.)  With 
this  change  of  variable,  Eq.  [19]  becomes 


A L/S.), _L 

dw  dw  \  dwj  2  \w  w  -f 

ii,j  =1,2;  sum  over  j)  [22] 

and  where,  again,  it  has  been  assumed  that  each  com¬ 
ponent  C,  is  a  function  of  w  alone.  The  following  bound¬ 
ary  conditions  also  obtain: 

C,  =  Cf  when  w  =  Wq 

C,  =  Cr  asw-^00  [23] 

In  addition,  Cf  will  denote  the  constant  composition  of 
each  component  within  the  particle.  The  flux  condition 
at  the  interface  as  similarly  treated,  and  as  before,  it  is 
found  that 


(/ ,  7  =  1,2;  sum  over  j)  [24] 

determines  Wq.  The  analysis  for  the  growing  dendrite  is 
identical  to  that  for  the  ellipsoidal  growth.  Indeed,  the 
form  of  the  concentration  profiles  [15]  is  the  same, 
except  here,  Eq.  [14]  should  be  replaced  by 


exp  j-XjW) 
A/w(w  +  04) 


(;•=  1,2) 


(A I  and  A2  are  again  defined  by  Eq.  [11]).  Likewise,  the 
position  of  the  moving  boundary  Wq  is  to  be  determined 
from  Eq.  [17],  provided  the  above  forms  for  Qi  and  Q2 
are  used. 


VI.  PHASE  DIAGRAM  CALCULATION 

The  results  that  are  presented  in  Section  VII  depend 
crucially  upon  the  ability  to  calculate  multicomponent, 
multiphase  equilibria.  As  was  discussed  in  Section  I, 
there  exists  currently  a  desire  to  couple  together  thermo¬ 
dynamic  and  kinetic  calculations  so  that  microstructures 
can  be  estimated  as  a  function  of  processing  history. 
There  is  evidence  that  this  is  being  addressed  by  a 
number  of  researchers, but  the  task  is  immense 
and  there  remains  much  to  do. 

In  the  present  work,  the  authors  have  employed 
Sundman  and  Agren’s  regular  solution  model  for  phases 
with  several  components  and  sublattices. This  repre¬ 
sents  a  generalization  of  the  Hillert-Staffansson  sub¬ 
regular  solution  model.'"'  The  Gibbs  energy  per  mole  of 
structural  units  is  given  by'“' 

_  /^ref  <7->rTideal  1  E/^ 

m 

=  2  P/odO  •  °G,o  +  RT  2  E  y;  In  (y?) 

/o  J 

+  J,J,PrAY)-Lr,  [26] 

Z>0  IZ 

where  represents  the  reference  for  the  molar  Gibbs 
energy,  5], represents  the  ideal  entropy  of  mixing,  T  is 
the  temperature,  and  ^G,„  represents  a  molar  excess 
Gibbs  energy.  The  term  y]  represents  the  site  fraction  of 
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component  i  on  site  and  a‘  represents  the  number  of 
sites  on  the  lattice  5  per  mole  of  formula  units  of  the 
phase  (f).  The  term  G,o  represents  the  Gibbs  energy  of 
compound  defined  by  I,  L,z  is  an  interaction  parameter, 
and  the  terms  P,o{Y)  and  P/z(T)  represent  products  of  site 
fractions.  For  an  exact  definition  of  the  terms  in  equation 
[26],  and  for  details  of  how  to  calculate  G,„  from  the 
composition  matrix  nf,  readers  are  directed  toward 
Sundman  and  Agren’s  article,'^*”  which  the  present  au¬ 
thors  have  found  particularly  useful.  Assessed  thermo¬ 
dynamic  data  for  this  model  can  be  found  readily  in  the 
literature. The  minimization  of  the  integral  molar 
Gibbs  energy,  subject  to  the  linear  constraints  imposed 
by  the  condition  of  conservation  of  mass  in  the  system, 
represents  an  optimization  problem,  which  can  be  solved 
with  standard  algorithms  that  are  available  in  the 
Numerical  Algorithms  Group  (NAG)  library. This  en¬ 
ables  the  phase  diagram  to  be  constructed.  An  example 
is  given  in  Figure  2;  this  represents  an  isopleth  for  the 
ternary  Fe-C-Mn  system  at  750  °C,  with  the  ferrite,  fer¬ 
rite  +  austenite,  and  austenite  phase  fields  labeled.  This 
particular  phase  diagram  is  used  throughout  the  work,  in 
order  to  make  the  theory  appear  less  abstract  and  to  em¬ 
phasize  that  the  analysis  described  here  is  capable  of 
being  applied  to  real  systems.  Flowever,  since  much  of 
the  theory  is  couched  in  terms  of  dimensionless  param¬ 
eters  (such  as  the  Cl's  of  Eq.  [35]),  it  should  be  recog¬ 
nized  that  the  theory  described  here  is  applicable  to  any 
ternary  phase  diagram. 

VII.  RESULTS 

Illustrations  to  the  theory  developed  in  the  previous 
sections  will  be  described  here.  We  focus  attention  on 
the  growth  of  ferrite  in  the  Fe-C-X  system  at  750  °C  with 


Fe-C-Mn  PHASE  DIAGRAM 


C  /  MOLE-FRACTION 


Fig.  2  —  Ternary  isopleth  for  the  Fe-C-Mn  system  at  750  °C,  showing 
the  positions  of  the  fenite  (a),  austenite  (y),  and  ferrite  +  austenite 
(a  +  y)  phase  fields. 


manganese  taken  to  be  the  substitutional  alloying  ele¬ 
ment  X.  Note  that  the  subscripts  1  and  2  appearing  in 
the  earlier  sections  will  now  correspond  to  carbon  and 
manganese,  respectively.  In  particular,  we  consider  the 
diffusional  growth  of  ferrite  in  two  alloys,  of  mean  com¬ 
position  (C7,  C2)  =  (0.015,  0.02)  (Alloy  1)  and 
(0.0025,  0.01)  (Alloy  2),  respectively.  From  an  exam¬ 
ination  of  Figure  2  and  recognizing  Coates  geometrical 
constructioni^'*’^^’^*^  for  the  regimes  in  which  the  parti¬ 
tioning  local  equilibrium  (PLE)  on  the  nonpartitioning 
local  equilibrium  (NPLE)  modes  of  growth  are  expected 
to  be  operative  growth  of  ferrite  in  alloys  1  and  2  are 
expected  by  the  PLE  and  NPLE  modes,  respectively. 

Limiting  cases  of  the  fuller  analysis  presented  will 
now  be  addressed  in  turn. 


In  an  attempt  to  make  the  solution  of  the  flux  equa¬ 
tions  tractable,  we  first  address  situations  in  which  ter¬ 
nary  diffusion  interaction  can  be  ignored,  in  effect 
deleting  the  off-diagonal  diffusion  coefficients.  The  flux 
equations  become  uncoupled,  and  the  ternary  analysis 
for  different  geometries  is  a  straightforward  extension  of 
the  binary  analysis,  as  detailed  by  Coates. For  ref¬ 
erence  purposes,  the  concentration  distributions  of  each 
component  in  the  matrix  phase  of  the  alloy  together  with 
the  corresponding  interface  mass  conservation  condi¬ 
tions  are  noted  below.  Each  set  of  results  has  been  ob¬ 
tained  using  appropriate  modifications  of  Eqs.  [15] 
through  [18]. 

1 .  Planar  growth 

The  concentration  profiles  within  the  matrix  phase  are 
found  is 


erfc  cVw/Dii) 

c,(w)  =  cr  +  (Cf  -  CD - 7= 

erfc  (\/ Wo/ Da) 

(i  =  1,  2;  no  summation)  [27] 

Here,  x~  =  4wt.  Accompanying  Eq.  [27]  are  the  flux 
equations 

z-  ,  cf  -  cr 

ViTfii  exp  (^,)  erfc  (^1)  = 


and 


^/^T  (U.2  exp  (/X?)  erfc  (/x,) 


Civ, 

7 


C? 


Cf  -  C? 

where  ju.,  =  Vivo/D,,  and  /Xj  =  a/mvT^-  Note  that 


[28] 


erfc  (x)  =  ——  I  exp  {-t~)dt  [29] 

V^J.v 

denotes  the  complementary  en'or  function  and  that  Wq 
refers  to  the  particle  interface  position  and  is  to  be 
determined. 

2.  Cylindrical  growth 

The  analogue  of  Eq.  [27]  for  cylindrical  growth  is 
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c,(w)  =  Cf  +  (cr  -  cf) 


f 

•'H'n 


5  '  exp  (-s/Dii)ds 


s  '  exp  (-s/Dii)ds 


{i  =  1 ,  2;  no  summation)  [30] 

where  =  4a)t.  The  flux  equations  are  similarly 

obtained  as 


and 


/X,  exp  (jLxflfiCMi) 


CM  _ 

1 


Cf  -  Cf 


[31a] 


^l2  exp  (lJL2)EiifJL2)  = 


[31b] 


where  /x,  =  Wo/D,,  and  /Xj  =  Note  that 

f  exp  (-r) 

=  J  — ^  x  >  0 


[32] 


defines  the  exponential  integral. 

3.  Spherical  growth 

Here,  the  concentration  profiles  are 

C,(w)  =  cr  +  {Cf  -  CT) 

'  Vd~/  w  exp  {-w /Dll)  ~  Vrr  erfc  ( V w/D,,)  "I 

-Vd„/h'o  exp  (-wo/Z);,.)  -  erfc  (S/wjDiD- 

[33] 


Again,  /  =  1,2,  and  note  that  no  summation  is  assumed 
in  Eq.  [33].  Also,  =  4cot,  erfc  (x)  denotes 

the  complementary  error  function  (Eq.  [29]),  and  Wq  de¬ 
fines  the  interface  position  of  the  particle  to  be  deter¬ 
mined  via  the  simultaneous  solution  of  the  flux  equations 


Ijx]  exp  (ju-t) 


exp  (-/xi) 


erfc  (/X|) 


CM  _ 

1  ^  1 

cf  -  cf 


[34a] 


and 


exp(-/X2') 

- V  rr  erfc  (/X2) 

P-2 

c'^  -a 

7^-  'p  [34b] 


in  which  /x,  =  S/wq/D^  and 
A  numerical  scheme  for  solving  the  flux  equations 
will  now  be  outlined.  A  geometric  construction  employ¬ 
ing  interpolation  is  used  to  partition  the  phase  diagram 
into  regions  in  which  the  fractional  supersaturations  fl, 
and  0,  vary  between  zero  and  one.  Figures  3  and  4  il¬ 
lustrate  this.  Note  that 


2pl  exp  ipl) 


Fe— C— Mn  Phase  Diagram 


C  /mole  fraction 


Fig.  3 — Ternary  isopleth  for  the  Fe-C-Mn  system  at  750  °C.  Marked 
is  the  mean  composition  of  alloy  1  (0.015,  0.02),  as  well  as  the  re¬ 
gime  within  the  two-phase  field  for  which  0  s  ft,,  £  I,  for  i  = 
1,  2.  Alloy  I  lies  within  the  PLE  regime. 


Fe-C-Mn  Phase  Diagram 


C  /mole  fraction 


Fig.  4  —  Ternary  isopleth  for  the  Fe-C-Mn  system  at  750  °C.  Marked 
is  the  mean  composition  of  alloy  2  (0.0025  ,  0.01),  as  well  as  the 
regime  within  the  two-phase  field  for  which  0  £  ft,  s  1 ,  for  i  = 
1,  2.  Alloy  2  lies  within  the  NPLE  regime. 


H,  =  (cr  -  cr)/(cf  -  CD 

=  (Cf  -  C2)/(Cf  -  CD  [35] 

(This  notation  will  be  used  henceforth.)  This,  of  course, 
assumes  that  the  mean  composition  (C7,  C7)  of  the  alloy 
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has  been  prescribed.  That  each  of  the  line  within  this 
region  is  characterized  by  its  endpoints  (Cf,  C2)  and 
(Cf ,  Cf)  permits  values  for  the  supersaturations  to  be 
computed.  The  flux  equations  can  then  be  solved  nu¬ 
merically  for  fjii,  and  the  interface  tie-line  deter¬ 
mined.  It  would  appear  that  the  two  flux  equations  can 
be  solved  independently  of  one  another.  This,  however, 
is  not  the  case  as  they  are  in  fact  constrained  in  that  the 
interface  position  of  each  component  must  be  the  same. 
The  parameters  /a,  and  1x2  are,  therefore,  related.  For 
example,  in  the  case  of  planar  and  spherical  particle 
growth,  fX2  =  fXi  \/DufD22,  whereas  for  cylindrical  be¬ 
havior,  (1,2  =  l^iDu/D22-  This  said,  the  solution  proce¬ 
dure  is  as  follows.  Solve  the  first  flux  equation  for  /x,. 
Relate  (I2  to  (ii  in  terms  of  the  appropriate  diffusivity 
ratio  Dii/Dji-  Solve  the  second  flux  equation  for 
D11/O22  and  construct  a  graph  of  Dn/022  vs'  Cf  for  each 
tie-line  in  the  partitioned  region.  Recall  that  the  param¬ 
eter  cf  characterizes  each  tie-line.)  Figures  5  and  6  serve 
as  illustrations  to  this  and  correspond  to  planar  and 
spherical  particle  growth,  respectively.  Typical  mean 
alloy  compositions  have  been  used  in  each  case.  Note 
the  vertical  asymptotes  to  each  of  the  curves.  In  the  case 
of  curve  (I),  the  asymptotes  with  D,|/D22  tending  to  in¬ 
finity  correspond  to  the  supersaturation  ft,  tending  to 
zero;  hence,  the  solution  /x,  to  Eq.  [28a]  or  [34a]  tends 
to  zero.  (Recall  Di,/ft22  =  ■)  Likewise,  the 

asymptotes  with  ftii/£>22  tending  to  zero  corresponds  to 
the  supersaturation  ftj  tending  to  zero.  Hence,  the  so¬ 
lution  (I2  to  Eq.  [28b]  or  [34b]  tends  to  zero.  Curve  (2) 
may  be  interpreted  in  a  similar  manner  except  here  the 


PLANAR  GROWTH  (D 12=02 1=0) 
♦  lO’* 


Fig.  5  —  Graph  of  Djj/Di,  vs  C(  for  planar  particle  growth  assuming 
Dp  =  D,|  =  0.  Data  for  a  Fe-C-Mn  system  at  750  °C.  The  suffices 
1  and  2  denote  carbon  and  manganese,  respectively.  The  mean  alloy 
compositions  for  curves  (1)  and  (2)  are  (0.015,  0.02)  and  (0.0025, 
0.01),  respectively. 


asymptotes  with  D,|/D22  tending  to  infinity  occurs  be¬ 
cause  ft2  tends  to  unity.  Hence,  the  solution  (ij  to 
Eq.  [28b]  or  [34b];  tends  to  infinity.  The  asymptote  with 
D,i/D22  tending  to  zero  is  associated  with  ft2  tending  to 
zero.  Accordingly,  the  solution  (jl2  to  Eq.  [28b]  or  [34b] 
tends  to  zero.  The  interface  position  of  the  particle  for 
planar  or  spherical  particle  growth  is  determined  via 
either  of  the  relations  vvq  =  jx,  D22  or  Wq  =  D22,  pro¬ 

vided  that  values  for  the  diffusion  coefficients  D,,  and 
D22  have  been  specified.  (Similar  relations  hold  for  other 
geometries.)  It  is  then  straightforward  to  compute  the 
concentration  profiles  of  each  component  within  the 
matrix  phase  of  the  alloy — simply  insert  the  appropriate 
values  in  Eq.  [27]  or  [33]. 

4.  Oblate  ellipsoidal  growth 

The  analysis  already  described  will  now  be  extended 
to  cover  the  growth  of  an  oblate  ellipsoid,  with  the  fol¬ 
lowing  equation: 


w  +  a 


z 

+  —  =  At 
w 


[36] 


The  notation  of  Section  IV  has  been  used  here  (Eq.  [3]) 
with  X  =  y,  <23  =  0,  and  a,  =  02  ”  ti,  where  a  = 
Wo(l  -  K^)/K-.  Here,  K  defines  the  aspect  ratio  of  the 
particle  and  must  be  determined  experimentally  (Similar 
results  also  obtain  for  prolate  spheroids.)  Making  appro¬ 
priate  modifications  to  the  full  analysis,  the  flux  equa¬ 
tions  can  be  written  as 

Vw^/£>ii  exp  (wo/Dii)  (wo  +  a) 

[37a] 

,  r  exp  {-s/Dii)  j  „ 

ywjDii  exp  {W0/D22)  (wq  +  a)  - —  ds  -  ilz 

Xv.',,  (y  +  a)  Vs 

[37b] 


'“exp  (-s/Du)  .  _  „ 

~  ds  ””  4*1 

Jwo  (5  +  a)'Vs 


It  proves  convenient  to  introduce  the  scaled  variables 
=  w’o/ftii  and  a’  =  a/ Du  and  to  make  an  obvious 
change  of  variables  within  the  integrands  to  give 

, —  I  exp  (-ft  ^ 

exp  (wo)  (wo  +  a')  Vwq  - r  “  ^1 

Jn,o  (s  +  a')'Vs 


[38a] 


, _  (  exp  (-ft  ^ 

exp  (wo)  (w'q  -F  a!')  I  - t-  ds  =  ft2 

(s  + 

[38b] 

where  Wg  =  w'JDu/Dzz  and  a"  =  a'Du/Dzj-  Here,  the 
oblate  parameter  a  and  the  diffusion  coefficient  D,,  must 
be  prescribed.  For  each  tie-line  (again  characterized  by 
the  parameter  Cf),  Eq.  [37a]  is  solved  for  Wg.  This  is 
then  used  in  Eq.  [38b],  which  in  turn  is  solved  for  the 
ratio  Du/D22-  This  ensures  that  the  interface  position  for 
each  component  is  the  same.  A  graph  of  £>,1/022  vi 
cf  can  then  be  constructed.  Figure  7  illustrates  this. 
Again,  note  the  vertical  asymptotes.  Similar  arguments 
to  those  given  for  Figures  5  and  6  are  applicable  here. 
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SPHERICAL  GROWTH  (D12=D21=0) 
»10”‘ 


Cl  p/mole  fraction 

Fig.  6  —  Graph  of  D22/D,,  vj  Cf  for  spherical  particle  growth  assum¬ 
ing  zero  off-diagonal  diffusion  coefficients.  Data  and  notation  as  in 
Fig.  5. 


OBLATE  GEOMETRY 


3.0  3.5  4.0  4.5  5.0 


♦  lO-* 

Cl  P/mole  fraction 

Fig.  7  —  Graph  of  D22/D,,,  vs  C'  for  the  growth  of  an  oblate  ellipsoid 
with  surface  parameter  a  (Eq.  [36]).  Data  associated  with  a  Fe-C-Mn 
system  at  750  "C  and  a  mean  alloy  composition  of  (0.015,  0.02).  For 
curve  (I),  a  =  10~‘  and  D,,  =  1.  In  curve  (2),  a  =  1  and  D,,  =  1, 
and  for  curve  (3),  a  =  lO*"  and  D,,  =  1. 


Also,  note  that  the  asymptotic  results  in  the  appendix 
have  also  been  used  (Eqs.  [All]  and  [A12]). 


B.  D,2  7^  0,  D21  =  0 

Here,  it  will  be  assumed  that  the  first  component  dif¬ 
fuses  faster  than  the  second,  i.e.,  that  Dn  >  D22  §  ^>12 
§>  021.  With  this  assumption,  we  set  D2\  =  0.  The  effect 
of  this  is  to  render  the  second  flux  equation  to  a  binary- 
type  relationship.  Again,  we  shall  be  content  to  examine 
the  growth  kinetics  of  planar,  spherical,  and  oblate  el¬ 
lipsoidal  particles. 

1 .  Planar  growth 

The  concentration  profiles  within  the  matrix  phase  are 
found  as 


c,(w)  =  cr  + 


'Z)i2(Cf  -  CD 

Dll  ~  D22 


and 


+  (cf  -  CD 


erfc  (Vw/Dii) 
erfc  (Vwo/D,i) 


-h 


D, 


.D22  Dll 


(C? 


erfc  (VW/D22) 
erfc  (Vw'o/D22) 


[39] 


C2(w)  =  C2  +  (C?  -  CD 


V  ^1^22/ 

erfc  (Vh'o/D22) 


[40] 


where  =  4wt.  Following  Coates, the  flux  equations 
may  be  expressed  in  the  form 

D(/42)  =  D2  [41] 

where,  again,  fi,  and  PI2  denote  the  fractional  super¬ 
saturations  (Eq.  [35])  and  m  is  the  slope  of  the  tie-line 
on  the  ternary  phase  diagram;  i.e., 

f-'M  _  /-./> 

'-'2  G2 
L-i  Gi 


m 


[42] 

[43] 


In  addition, 

F(/i)  =  Vtt/j,  exp  (fj.2)  erfc  (fi) 

and  /X,  =  Vwo/Dii  and  /Xj  =  Vh^T^ 

2.  Spherical  growth 

The  concentration  profile  of  each  component  within 
the  matrix  phase  of  the  alloy  can  be  expressed  as 


c,{w)  =  cr  + 


(Cf  -  CD  + 


Di2(c?  -  CD 
D„  -D 


22 


•  G{w,  Wo,  D|,)  -L 
■  G(w,  Wo,  D22) 


D, 


_P^22  Dll 


(cf  -  CD 


[44] 


and 
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C2{w)  =  C2+  (Cf  -  CD  G{W,  Wo,  D22)  [45] 


PLANAR  GROWTH 


where 


G(w,  Wo,  D) 

'\Jd/w  exp  {-w/D)  -  eifc  ('\/w/D) 

-\/d/wq  exp  (-Wo/O)  -  erfc  (\/^/£>)- 

[46] 


Also,  =  4(ot.  The  flux  equations  may  again 

be  written  in  the  form  of  Eq.  [41],  except  here. 


Fiji)  =  exp  (yu^) 


exp  j-jj?) 


Vtt  erfc  (jji) 


[47] 


Note  also  that  yu,  =  Vwo/D,i  and  1x2  =  VwqT^m- 
To  illustrate  the  manner  in  which  the  various  param¬ 
eters  appearing  in  these  flux  equations  interact  with  one 
another,  we  include  Figure  8.  This  depicts  a  series  of 
results  for  the  planar  analysis  and  reproduces  Coates  re¬ 
sults.  Similar  figures  exists  for  spherical  and  cylindrical 
particle  growth  (see  Reference  24  for  a  full  discussion). 
Equations  [41],  however,  may  be  interpreted  slightly 
differently.  An  obvious  rearrangement  is 


7^12/^11 


-(1  -DniDn) 
m 


c(/xi)  -  a, 

F(yu,)  -  Fi2_ 


[48] 


Cast  in  this  form,  the  solution  procedure  is  as  follows: 
For  a  specified  mean  alloy  composition  (C^,  CD  and  a 
particular  tie-line  (characterized  by  Cf),  the  fractional 
supersaturations  fli  and  02  are  evaluated.  The  second 
flux  equation  is  then  solved  for  yuj.  (Recall  that  for 
planar  and  spherical  particle  growth,  yui  =  Vwo/£),|  and 
yu.2  =  Vwo/I>22.)  Analogous  relations  exist  for  other  ge¬ 
ometries.  That  the  interface  position  coincides  for  each 
component  requires  that  yUi  =  yUj  This  is 

evaluated  for  a  suitable  ratio  of  O22/O11  and  used 
Eq.  [48].  (Typically,  Du  and  D22  differ  in  magnitude  by 
a  factor  of  —10'’  for  the  case  of  low-alloy  steels.*^**)  A 
graph  of  £>12/77,1  vs  D22/DU  for  each  tie-line  is  then  con¬ 
structed.  One  can  interpret  Eq.  [48]  as  a  consistency  re¬ 
lation  for  the  simultaneous  solution  of  the  flux 
equations.  That  is,  for  predetermined  diffusivity  ratios 
D22/7711,  it  determines  admissable  values  for  the  off- 
diagonal  diffusion  coefficient  £>12  to  ensure  that  the  in¬ 
terface  motion  for  each  component  is  the  same.  Figure  9 
illustrates  this  scheme  for  planar  growth. 

3.  Oblate  ellipsoidal  growth 

A  similar  analysis  to  that  described  in  Section  2  exists 
for  a  growing  oblate  ellipsoid.  Again,  it  proves  conve¬ 
nient  to  introduce  the  scaled  variables  Wq  =  Wo/£>22  and 
a"  =  a/£>22-  With  this  notation,  the  second  of  the  two 
flux  equations  takes  the  form 

F(wo,  a")  =  FI2  [49] 


Fig.  8 — Plot  of  fi,  ra  jU,  =  x/wo/D,,  for  planar  particle  growth  il¬ 
lustrating  the  effects  of  the  parameters  mD,2/Dn  and  D^z/Dti  when 
D21  =  0  (Eq.  [48]).  Data  for  a  Fe-C-Mn  system  at  750  °C  with  a  mean 
alloy  composition  of  (0.015,  0.02). 


PLANAR  GROWTH  (D21=0) 


where 


F(w,  a)  =  exp  (w)  (w  +  a)Vw 


exp  (—5) 
(^  -f  a)\^s 


ds 


[50] 


Fig.  9 — Plot  of  0,2/0,,  vs  O22/O,,  for  planar  particle  growth  assum¬ 
ing  O2,  =  0.  Data  for  a  Fe-C-Mn  system  at  750  °C  with  a  mean  alloy 
composition  (0.015,  0.02).  For  curve  (1),  C(  =  3.5069  x  10  In 
curve  (2),  C(  =  3.632  x  10  and  in  curve  (3),  C(  =  3.8043  x 
10  L 
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In  a  similar  manner,  the  first  flux  equation  can  be  re¬ 
arranged  as 


Fjw'o,  a')  -  fl| 

F(w;,  a')  -  ilj 

where  Wq  =  w'^jilDn  and  a'  =  a"  D22/£>n-  The  solu¬ 
tion  procedure  is  as  follows:  For  a  prescribed  oblate  pa¬ 
rameter  a,  diffusion  coefficient  D22,  and  tie-line, 
Eq.  [49]  is  solved  for  Wq.  The  corresponding  values  for 
a’  and  Wq  are  then  computed  for  a  suitable  choice  of  the 
ratio  In  this  way,  a  value  for  Dij/Z),,  can  be 

computed  via  Eq.  [51],  In  turn,  a  graph  of  D12/D11  vs 
DzilDu  for  different  tie-lines  can  be  compiled.  Again, 
one  can  regard  Eq.  [51]  as  a  consistency  relationship  for 
the  simultaneous  solution  of  the  two  flux  equations.  A 
series  of  curves  illustrating  the  effects  of  different  input 
parameters  appears  in  Section  VIII  (Figure  10). 


DniDw  — 


(1  -  D22/D,,) 


m 


VIII.  SUMMARY 

Diffusion-controlled  growth  of  particles,  dendrites, 
and  plates  growing  in  infinite  media  has  been  examined 
for  ternary  systems.  Part  of  this  work  established  that 
the  growth  kinetics  associated  with  planar,  cylindrical, 
and  spherical  particles  were  limiting  cases  of  a  more 
complete  analysis  for  shape  preserving  growth.  The 
theory  was  applied  to  the  growth  of  allotriomorphic  fer¬ 
rite  from  austenite  in  ternary  Fe-C-X  steels,  where  X 
represents  a  substitutional  alloying  elements.  For  the 
growth  of  allotriomorphic  ferrite  from  austenite,  the  ex¬ 
perimental  evidence  suggests  that  the  shape  of  the  grow¬ 
ing  phase  is  most  realistically  modeled  as  an  oblate 


OBLATE  GROWTH  (D21=0.  A"  =1) 


D22/D1 1 


Fig.  10 — Plot  of  D12/O11  Vi  D22/D1,  for  the  growth  of  an  oblate  el¬ 
lipsoid  assuming  D,,  =  0.  Data  as  in  Fig.  9.  Also  a"  =  1.  (Eqs.  [49] 
through  [51]  for  notations.) 


ellipoid  of  revolution  the  theory  necessary  to  handle  the 
growth  of  allotriomorphs  of  this  geometry  has  been  dis¬ 
cussed.  Numerical  results  were  given  based  on  work  that 
is  reliant  on  the  ability  to  predict  multicomponent  phase 
equilibria. 

Future  work  must  address  the  growth  of  precipitates 
in  finite  (rather  than  infinite)  media.  This  should  also  be 
extended  to  multicomponent  systems.  In  this  respect,  we 
regard  the  work  presented  here  as  a  precursor  to  such 
problems.  The  ultimate  goal  is  to  produce  quantitative 
models  that  allow  multicomponent,  multiphase  phase 
transformations  to  be  estimated  as  a  function  of  alloy 
composition  alone. 


APPENDIX 

Asymptotic  results 

As  both  an  aid  to  the  numerical  solution  of  the  non¬ 
linear  flux  equations  given  in  Sections  [III]  through 
[VII],  we  include  here  a  selection  of  asymptotic  results. 
The  limiting  cases  of  the  full  ellipsoidal  analysis  de¬ 
scribed  earlier  will  again  be  considered  here,  i.e., 
planar,  cylindrical,  spherical,  and  oblate  ellipsoidal  par¬ 
ticle  growth.  Each  set  of  results  are  direct  analogues  of 
those  obtained  by  Zener*’'  and  Frank"®'  for  binary  sys¬ 
tems.  Note  also  that,  where  appropriate,  the  derivations 
have  made  use  of  the  following  standard 
approximations:'^’' 


erfc  (x)  ~  1 - — 

Vtt  L 


X - 1 - 

3  10 


erfc  (x) 


where 


exp  (-x^) 
^/tt 


1  3 

— :  ■I - : 

2x^  4x^ 


[Al] 


-Foo 


[A2] 


erfc  (x) 


f.rx. 

U. 


exp 


[A3] 


denotes  the  complimentary  error  function.  Also, 

x^  x’ 

EiW - y-lnx-l-x - 1 - ...,  x^O^ 

4  18 


[A4] 


where  y  =  0.5772  . . .  denotes  Euler’s  constant. 


E^{x') 


exp  (— x) 

X 


+00  [A5] 


Here, 


F,(x) 


exp(-r) 

- dt, 

t 


X  >  0 


[A6] 


defines  the  exponential  integral.  The  reader  is  reminded 
that  the  notation  of  Section  VI  will  be  used,  i.e.,  Hi  and 
H2  denote  the  fractional  supersaturations. 
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1 .  Planar  growth 

To  leading  order,  the  flux  equations  as  defined  by 
Eq.  [28],  can  be  approximated  as 


Pi  ~ 


fi,/ Vt^,  n,  ^  0 

i/V2(i  -  fi,),  1 


[A7] 


2.  Cylindrical  growth 

Recall  that  for  cylindrical  particle  growth,  Eq.  [31] 
obtains.  An  explicit  representation  of  p,,  in  terms  of  tbe 
fractional  supersaturations  is  not  available  when  fl,  ^ 
0.  Instead,  the  following  nonlinear  equations  must  be 
solved  in  this  limit. 
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4.  Oblate  ellipsoidal  growth 
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Eq.  [All]  or  Eq.  [A12]  into  Eq.  [37]  results  in  a  pair 
of  nonlinear  equations  for  the  interface  position  Wq,  the 
limiting  solutions  to  which  must  be  obtained 
numerically. 
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Diffusional  Boundary  Conditions  during 
Coarsening  of  Elastically  Interacting  Precipitates 


WERNER  HORT  and  WILLIAM  C.  JOHNSON 

The  elastic  fields  associated  with  a  dispersion  of  spherical  particles  in  an  isotropic  matrix  are 
determined  using  the  equivalent  inclusion  approach  of  Moschovidis  and  Mura.  The  coherent 
particles  possess  a  misfit  strain  and  have  elastic  constants  different  from  those  of  the  matrix 
phase.  A  spatially  nonuniform  stress  field  can  be  applied  to  the  system.  The  stress  fields  are 
used  to  calculate  the  equilibrium  compositions  at  the  precipitate-matrix  interface  for  use  as  dif¬ 
fusional  boundary  conditions  in  computer  simulations  of  multiparticle  coarsening  in  elastically 
stressed  systems. 


I.  INTRODUCTION 

PRECIPITATION-hardened  materials  are  used  in 
structural  high-temperature  applications  because  of  their 
superior  deformation  properties.  A  typical  example  is 
the  use  of  nickel-based  superalloys  in  the  construction 
of  turbine  blades  for  aircraft  engines.  The  microstructure 
of  these  materials  consists  of  a  dispersion  of  NijAhy') 
precipitates  in  a  nickel-rich  matrix  that  is  often  highly 
resistant  to  coarsening.  Strong  spatial  correlations  be¬ 
tween  precipitates  are  often  observed  with  the  y'  parti¬ 
cles  aligned  along  the  elastically  soft  (100)  directions  of 
the  matrix  phase.  Particle  shape  and  alignment  in  these 
alloys  have  been  correlated  with  misfit  strain* and 
contribute  to  the  high  creep  resistance  of  these  materials. 

Several  theoretical  investigations  and  computer  sim¬ 
ulations  have  been  performed  recently  in  order  to  ex¬ 
plore  the  influence  of  misfit  strain  on  microstructural 
evolution  in  two-phase  coherent  alloys. " 

The  long-range  goal  of  this  effort  has  been  to  identify 
how  misfit  strains  can  be  used  to  control  microstructure 
and  thereby,  material  properties.  Of  particular  interest 
have  been  elastically  induced  particle  shape  changes, 
particle  migrations,  inverse  coarsening,  and  the  devel¬ 
opment  of  spatial  correlations  between  particles  during 
precipitation  and  coarsening.  The  simulations  have  been 
conducted  in  both  two  and  three  dimensions  using  sev¬ 
eral  different  methods,  but  all  approaches,  excluding 
that  of  Kawasaki  and  Enomoto,*’  *'  require  determination 
of  the  elastic  fields  associated  with  a  dispersion  of 
second-phase  particles.  Both  particle  growth  and  migra¬ 
tion  rates  depend  strongly  on  the  local  elastic  fields. 

In  this  work,  we  determine  the  elastic  fields  associated 
with  a  dispersion  of  many  misfitting  spherical  particles. 
The  particles  possess  elastic  constants  different  from 
those  of  the  matrix  phase  (elastically  heterogeneous), 
and  a  nonhomogeneous  external  field  can  be  applied  to 
the  system.  The  determination  of  the  elastic  fields  is 
based  on  a  method  outlined  by  Eshelby*'^'  and  employed 
by  Moschovidis  and  Mura*'®*  and  Mura"’*  for  calculating 
elastic  fields  around  two  interacting  cavities  in  an  ex¬ 
ternal  field.  This  method  is  presented  in  Section  11.  Since 
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our  motivation  is  to  calculate  equilibrium  compositions 
near  a  coherent  interface  for  use  as  a  diffusional  bound¬ 
ary  condition  for  understanding  the  effect  of  stress  on 
coarsening,  we  examine  the  dependence  of  both  the  elas¬ 
tic  fields  and  equilibrium  interfacial  compositions  on  the 
number  of  nearest-neighbor  particles  in  Section  III. 

II.  GOVERNING  EQUATIONS 

In  section  II,  we  present  the  equations  and  methods 
used  to  determine  the  diffusional  boundary  conditions 
for  the  coarsening  of  elastically  interacting  precipitates. 

A.  Elastic  Fields 

The  elastic  fields  are  determined  using  an  equivalent 
inclusion  method.*'®"’*  The  actual  system  is  represented 
by  an  equivalent  system  in  which  the  particles  have  the 
same  spatial  distribution  as  in  the  actual  system,  but  the 
elastic  constants  of  the  particles  are  identical  to  those  of 
the  matrix  phase.  The  misfit  of  each  particle  in  the 
equivalent  system  is  chosen  such  that  the  linear  super¬ 
position  of  the  elastic  fields  of  the  individual  particles  in 
the  equivalent  system  is  identical  to  that  of  the  actual 
system.  The  challenge  in  using  the  equivalency  method 
is  to  determine  the  equivalent  transformation  strain  of 
each  particle. 

In  the  following,  the  unstressed  matrix  phase  serves 
as  the  reference  state  for  the  measurement  of  strain,  e^- 
Stresses,  o-y,  are  thus  obtained  from  Hooke’s  law  as 

=  CijuEkl  [1] 

for  the  matrix  phase  and 

o'ij  ^  Cfjki  {Cki  —  B\f)  [2] 

for  the  precipitate  phase.  (Repeated  indices  appearing  as 
a  subscript  are  summed  from  1  to  3,  while  a  comma 
appearing  in  a  subscript  denotes  differentiation.)  Cy<./  and 
Cijk!  are  the  stiffness  tensors  of  the  matrix  and  precipitate 
phases,  respectively,  and  e\f  is  the  stress-free  transfor¬ 
mation  strain  of  precipitate  p.  The  partial  molar  volumes 
of  the  component  species  in  the  matrix  phase  are  as¬ 
sumed  equal,  so  that  compositional  heterogeneity  in  the 
matrix  phase  does  not  engender  stress.  (Even  if  the  par¬ 
tial  molar  volumes  are  not  equal,  it  is  reasonable  to  ne¬ 
glect  the  elastic  strains  induced  by  compositional 
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heterogeneity,  since  any  supersaturation  is  vanishingly 
small  in  the  coarsening  regime.) 

The  strain  field  of  the  actual  system  with  N  particles 
must  satisfy  the  integrodifferential  equation  in  the  dis¬ 
placement  gradients, 


N  r 
p=l  Jv, 

•  -  x')  dx' 


[3] 


where  ACfju  =  Cfj^i  -  u"  is  the  displacement  field 
arising  from  the  externally  applied  load,  and  G,„,  is  the 
elastic  Green’s  function. 

If  /3/J(x)  is  the  position-dependent,  equivalent  trans¬ 
formation  strain  of  particle  p,  the  displacement  field  in 
the  elastically  homogeneous  equivalent  system  is  given 
through  superposition  as 


M„,,„(X)  =  m”  _„(X)  -  2  ^ijkl  I  (x  -  x')  P'’j(x’)  dx' 

p=\  Jv„ 


Equating  Eqs.  [3]  and  [4],  the  equivalent  system  will 
engender  the  same  strain  field  as  the  actual  system  when 


Eq.  [7]  is  substituted  into  Eq.  [4],  the  strain  field  in¬ 
duced  by  the  equivalent  misfit  strain  of  particle  p,  jS^, 
can  be  written  as 


4(x)  =  (X  -  dO  B1,  +  (X  -  dO  +  . . .  [8] 

where  the  functions  Dij^ix),  Dij^,J(X),  etc.,  can  be  cal¬ 
culated  analytically  for  ellipsoidal  precipitates  in  an  iso¬ 
tropic  matrix  and  have  been  compiled  by  Mura.'*’’  If  x 
is  a  point  within  the  strain- inducing  particle,  the  func¬ 
tions  D^Jx),  Dlji.iJx),  D'’jk,,„„{x)  ...  are  polynomials  of 
degree  0,  1,  2,  ...,  respectively.  The  polynomials  of 
degree  n  contain  terms  of  degree  n,  n  -  2,  n  -  4,  etc. 
Therefore,  for  x  within  precipitate  p,  the  strain,  = 
el/",  induced  by  the  equivalent  misfit  strain  of  this  par¬ 
ticle  p,  can  be  written  as 

£r"(x)  =  +  D%,„,BUXs  -  d”/ 


+  D 


0 

ijklmt 


P 


P 

klmn 


1 

+  -D 

2 


0 

ijklmn.s 


P 


P 

klmn 


{Xs  -  d/) 


•  (X,  -  df)  +  . . .  [9] 

where  the  coefficients  are  independent  of  position 

and  the  precipitate  under  consideration.  Thus,  with  e°(x) 
being  the  applied  strain  field,  we  can  write  for  the  over¬ 
all  strain  within  precipitate  p 


Aq,,e,,(x)  -  C^juslf/i)  +  C,Mx)  =  0 

p=\,2,...,N  [5] 

Equation  [5]  must  be  satisfied  within  the  volume  of  each 
particle  p  and  is  valid  for  anisotropic  systems  and  par¬ 
ticles  of  arbitrary  shape. 

In  the  following  development,  we  assume  the  particles 
to  be  spheres  and  the  elastic  constants  of  both  phases  to 
be  isotropic.  Furthermore,  we  simplify  Eq.  [5]  substan¬ 
tially  by  assuming  identical  Poisson’s  ratios  in  each 
phase  and  by  assuming  that  the  elastic  constants  of  all 
precipitates  are  identical.  The  elastic  heterogeneity  of 
the  system  is  then  described  by  one  parameter,  8  = 
p!’ / p,  the  ratio  of  the  shear  moduli  of  the  precipitate  and 
matrix  phases.  Multiplying  Eq.  [5]  with  the  compliance 
tensor,  leads  then  to  the  simplified  equivalency 

condition 

(5  -  l)e,„„(x)  -  del/  +  jiUx)  =  0  p  =  \  ,  2,  ...,N 

[6] 


e,/x)  =  e°(x)  -f  21  4’ W 

p'=\ 

N 

=  e-j(x)  -f  ^/"(xj  +  21  X  G  Vp  [10] 


For  each  /?  in  Eq.  [6],  we  expand  the  functions  E^jk/x), 
D'ljUmi'x),  ■  ■ .  around  the  center  of  precipitate  p,  d’’, 
within  which  Eq.  [6]  has  to  be  satisfied 

D'(ju{x)  =  (.X,.  —  (7f)  -f  .  .  . 


(X, -<)+ ...,crc.  [12] 

Expanding  the  applied  strain  field  in  a  polynomial  about 
the  center  of  the  system 


We  have  assumed  position  independence  for  but  in 
order  to  account  for  precipitate  variants,  we  allow  the 
misfit  strain,  e/’,  to  be  different  for  different  particles. 
In  order  to  solve  Eq.  [6]  for  the  fS/  the  equivalent  misfit 
strain  of  each  precipitate  is  expanded  as  a  polynomial 
about  its  center,  d'' 

Pi’(x)  =  B^  +  B/  (Xk  -  4) 

+  B/,  (Xk  -  4)  (X,  -d';)+  ...  [7] 

P  P  P 

where  B,j,  Byk,  Bjjki,  etc.  are  the  Taylor  coefficients.  If 


c“(x)  =  4+  [13] 

substituting  for  the  polynomial  expressions  in  Eq.  [6], 
and  sorting  the  terms  according  to  the  powers  of  the  spa¬ 
tial  coordinates,  we  obtain  a  system  of  linear  equations 
for  the  Taylor  coefficients  of  the  /3,y(x);  e.g.,  iox  p  =  1, 
2,  ...,  N 

N 

(5-1)  -  d"')  Bi,  +  (d''  -  d")  <„  +  . . .) 

p--^\ 

pVp 

+  ByS.kSji  =  -(5  -  1)[£“  +  +...]  +  SeJ/'’,  [14] 


2696  — VOLUME  25A.  DECEMBER  1994 


METALLURGICAL  AND  MATERIALS  TRANSACTIONS  A 


(«- 1) 


S  (d"  -  cr')  B{,  +  lyL 


p'=l 

p'^p 


+  BiAd,j5„= 1)4  [15] 

etc.  Equations  [14]  and  [15]  obtain  from  terms  indepen¬ 
dent  and  linear  in  the  spatial  coordinates,  respectively. 
Higher-order  terms  are  obtained  in  like  manner. 


B.  Interfacial  Compositions 


The  intent  of  our  research  is  the  computer  simulation 
of  multiparticle  coarsening  in  elastically  stressed  sys¬ 
tems.  During  these  simulations,  we  use  the  elastic  fields 
to  determine  compositional  boundary  conditions,  which 
are  then  used  to  solve  the  diffusion  equation.  Particle 
growth  and  migration  rates  are  obtained  from  the  dif- 
fusional  fluxes  and  are  time-integrated  to  give  the  micro- 
structural  evolution  of  the  system. 

The  diffusional  boundary  conditions  are  derived  from 
the  assumption  of  local  thermodynamic  equilibrium 
at  the  precipitate-matrix  interface.  If  c“  and  cf  are  the 
equilibrium  compositions  of  the  matrix  and  precipitate 
phase  in  contact  along  a  planar,  unstressed  interface — 
i.e.,  those  compositions  obtained  from  the  unstressed 
phase  diagram — the  composition  in  the  matrix  phase 
evaluated  at  the  coherent  precipitate-matrix  interface,  c", 
is  given  to  first  order  in  (c“  -  c“)  by  the  following 
equation:*^®' 


c“(x)  =  c"  + 


[g(x)  +  2a/r] 
Xic^e  -  c?) 


[16] 


The  function  g(x)  determines  the  contribution  of  the 
elastic  fields  to  the  interfacial  composition  and  is  given 
by 


^(x)  =  (srj 


4^  2 


4)  cr; 


[17] 


whereas  the  interfacial  energy,  a,  together  with  the  par¬ 
ticle  radius,  r,  gives  the  capillary  contribution.  is  a 
thermodynamic  factor  representing  the  curvature  of  the 
stress-free,  free  energy  of  the  matrix  phase  with  respect 
to  composition  and  evaluated  at  c“ 


T  = 


PokO 

c“(l  -  c“) 


3  In  y 
3  In  c 


[18] 


where  po  is  the  density  of  lattice  sites  in  the  reference 
state,  6  is  the  absolute  temperature,  k  is  Boltzmann’s 
constant,  and  y  is  the  activity  coefficient  of  the  com¬ 
ponent  in  solution. 

The  introduction  of  nondimensional  quantities  greatly 
reduces  the  number  of  physical  parameters  which  have 
to  be  specified  to  determine  the  elastodiffusion  problem. 
We  employ  a  scaled  composition,  C,  defined  as 


C  = 


A  scaled  strain  is  defined  by 


[19] 


£ 


[20] 


where  £  is  a  characteristic  strain  for  the  system.  We  shall 
associate  e  with  the  misfit  strain,  ejj.  Nondimensional 
stresses  are  introduced  as 


T 

■*  II 


xi4  -  c:f 


[21] 


and  the  length  scale  of  the  system  is  given  by  the  cap¬ 
illary  length,  f 


I  = 


2a 


xi4  -  cy 


[22] 


With  these  nondimensional  quantities,  the  equilibrium 
composition  of  the  matrix  evaluated  at  the  precipitate- 
matrix  interface  is 


1 

C(x)  =  -  +  G(x)  [23] 

R 


where  R  =  t/4  and 

G(x)  =  (ir“-4n4('r?-4)7t 

-IeP-  [24] 

Thus,  the  time  when  the  variations  of  G(x)  along  the 
particle-matrix  interface  become  important  depends  on 
the  nondimensional  particles  size,  R.  The  actual  particle 
size  at  which  this  happens  depends  on  the  material 
parameters. 


III.  CALCULATIONS 

In  Section  III,  we  calculate  the  diffusional  boundary 
conditions  or  equilibrium  matrix  compositions  evaluated 
at  the  precipitate-matrix  interface  associated  with  a 
system  of  elastically  and  diffusionally  interacting  pre¬ 
cipitates.  These  calculations  form  the  basis  for  simulat¬ 
ing  coarsening  behavior  in  elastically  stressed  systems. 
We  here  are  primarily  concerned  with  the  effect  of  the 
various  approximations  that  can  be  employed  in  deter¬ 
mination  of  the  elastic  fields  (or  equivalent  transforma¬ 
tion  strains)  and  their  influence  on  the  interfacial 
compositions.  Results  of  the  computer  simulations  of 
coarsening  behavior  will  follow. 

In  order  to  solve  the  system  of  linear  equations 
(Eqs.  [14],  [15],  and  higher-order  equations),  it  is  nec¬ 
essary  to  truncate  the  Taylor  expansion  of  the  equivalent 
misfit  strains,  at  a  finite  number  of  terms.  We 
assume  the  equivalent  misfit  strains  are  adequately  rep¬ 
resented  by  a  linear  spatial  dependence.  This  corre¬ 
sponds  to  setting  all  Taylor  coefficients  of  order  B^i„„ 
and  higher  equal  to  zero.  This  approximation  should  be 
valid  so  long  as  the  externally  applied  elastic  field  can 
be  represented  as  a  polynomial  of  order  one  and  the 
second-  and  higher-order  derivatives  of  and  are 
sufficiently  small  when  evaluated  at  (d''  —  d'")."^  '^’ 
Under  these  conditions,  Eqs.  [14]  and  [15]  are  sufficient 
to  determine  the  24A  independent  Taylor  coefficients. 

Solving  the  system  of  linear  equations  requires  an  al¬ 
gorithm  of  order  three,  and  computing  time  increases 
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as  the  cube  of  the  number  of  particles,  N^.  When  N  is 
large,  a  second  truncation  must  be  employed,  and  only 
a  certain  number  of  nearest  neighbors,  n,  are  assumed 
to  influence  the  equivalent  transformation  strain  of  a 
given  particle.  Of  course,  each  particle  has  a  different 
set  of  nearest  neighbors,  and  a  linear  system  of  equations 
for  24«  unknowns  must  be  solved  N  times  to  determine 
the  equivalent  misfit  strains.  This  approximation  must  be 
applied  with  care  and  in  accordance  with  the  conver¬ 
gence  behavior  of  the  Taylor  coefficients  and  the  inter- 
fecial  compositions;  i.e.,  both  should  not  change  by 
more  than  some  specified  amount  when  more  neighbors 
are  included  in  the  calculation.  The  application  of  this 
method  to  coarsening  simulations  in  which  periodic 
boundary  conditions  are  employed  must  be  done  judi¬ 
ciously,  as  the  strain  field  obtained  through  the  sum¬ 
mation  of  the  individual  strain  fields  of  a  periodic 
arrangement  of  precipitates  is  conditionally 
convergent."’^ 

In  order  to  evaluate  the  various  approximations  to  the 
elastic  field,  a  dispersion  of  1000  nonoverlapping  par¬ 
ticles  was  created  and  placed  in  a  cubic  region  of  an 
infinite  matrix.  The  size  distribution  of  the  particles  em¬ 
ployed  was  typical  of  that  for  a  coarsening  system.  The 
density  of  particles  is  characterized  by  an  effective  pre¬ 
cipitate  volume  fraction  within  the  imaginary  cube.  For 
calculation  purposes,  we  used  a  Poisson’s  ratio  of  i'  = 
1/3  and  a  nondimensional  shear  modulus  of  /a  =  10“* 
for  the  matrix  phase.  The  shear  modulus  of  the  precip¬ 
itate  phase  was  chosen  as  either  fi’’  =  1 .25  p,  (the  particle 
is  25  pet  harder  than  the  matrix)  or  /x’’  =  0.75  jx  (the 
particle  is  25  pet  softer  than  the  matrix).  The  misfit 
strain  of  the  precipitates  was  assumed  isotropic  with 
sj/’’  =  Bdjj,  and  the  strains  have  been  scaled  by  the  misfit 
strain  e. 

Figure  1  shows  the  variation  of  two  representative 
Taylor  coefficients,  fin  and  fi|,3,  as  a  function  of  the 
number  of  interacting  neighbors  for  two  different  ap¬ 
proximations.  (The  difference  between  the  fin  and  its 


Fig.  I  — Two  Taylor  coefficients  for  the  equivalent  misfit  strain,  B,, 
and  B|,3,  are  plotted  as  a  function  of  the  number  of  elastically  inter¬ 
acting  neighboring  particles,  n.  B,,  is  given  in  units  of  scaled  strain 
and  B,u  in  units  of  scaled  strain  per  average  radius.  The  solid  lines 
are  approximations  for  which  the  linear  terms  of  the  equivalent  misfit 
strain  of  each  particle  are  retained.  The  broken  lines  refer  to  the 
approximation  for  which  the  equivalent  misfit  strain  is  assumed  con- 
.stant  in  all  particles  except  the  one  of  interest. 


value  for  an  isolated  precipitate,  fiii(O)  is  plotted.)  The 
precipitates  are  elastically  harder  than  the  matrix,  and 
the  effective  volume  fraction  of  the  system  is  5  pet.  For 
an  isolated  particle,  «  =  0,  the  equivalent  transformation 
strain  is  a  constant  given  by  Pij  =  )3,y(0)  =  1.07145^.  The 
solid  lines  represent  the  first-order  approximation  for 
which  all  particles  have  equivalent  misfit  strains  with 
linear  spatial  dependence.  The  broken  lines  are  calcu¬ 
lated  using  a  limited  first-order  approximation  for  which 
the  equivalent  misfit  strain  of  all  neighboring  particles 
is  assumed  spatially  constant.  (The  equivalent  misfit 
strain  of  the  particle  of  interest  still  retains  its  linear  de¬ 
pendence.)  The  two  approximations  yield  Taylor  coef¬ 
ficients  that  differ  by  significantly  less  than  5  pet  and 
show  the  same  dependence  on  the  number  n  of  inter¬ 
acting  nearest  neighbors.  This  dependence  of  the  equiv¬ 
alent  misfit  strain  on  n  is  typical  for  particles  of  various 
size  and  systems  of  different  effective  volume  fraction, 
so  long  as  the  particles  are  not  too  close  to  the  edge  of 
the  precipitate  cluster. 

Figure  2  illustrates  how  elastic  stresses  affect  the  spa¬ 
tial  dependence  of  the  equilibrium  matrix  composition 
evaluated  at  the  interface  for  the  particle  considered  in 
Figure  1 .  Capillary  effects  are  not  included,  and  the  fifty 
nearest  neighbors  {n  =  50)  were  used  in  determining  the 
equivalent  misfit  strains.  The  interfecial  position  is 
chosen  by  first  making  a  planar  cut  in  an  arbitrary  di¬ 
rection  through  the  center  of  the  particle  and  then  pa¬ 
rametering  by  an  angle,  <p,  with  0  ^  4>  ^  2tt.  Solid  and 
broken  lines  refer  to  the  first-order  and  limited  first-order 
approximations,  respectively,  as  in  Figure  1.  The  dotted 
line  represents  a  quasi-limited  approximation,  for  which 
only  the  q  nearest  particles  (^  <  n  in  general  and  q  =  \ 
in  Figure  2)  are  allowed  to  have  misfit  strains  with  linear 
spatial  dependence.  For  comparison,  the  shift  in  the 
equilibrium  matrix  composition  of  an  isolated  particle 
owing  to  the  misfit  strain  is  4.2857  X  10“*  and  inde¬ 
pendent  of  interfacial  position.  Thus,  the  shifts  in  matrix 
composition  at  the  interface  resulting  from  particle  inter¬ 
actions  are  about  20  pet  of  the  shift  due  to  the  misfit 
strain  alone  in  this  example. 

The  first-order  and  limited  first-order  approximations 


Fig.  2  —  The  spatial  dependence  of  the  interfacial  compositions  for 
the  precipitate  considered  in  Fig.  1.  The  error  associated  with  the 
limited  first-order  approximation  is  typical  of  that  encountered  for 
many  different  systems  and  materials  parameters. 
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predict  approximately  the  same  compositional  shifts 
along  the  interface.  Only  at  the  peak  position,  (f)  ~  tt, 
does  the  first-order  approximation  give  more  than  a 
1  pet  higher  value  in  the  composition.  The  quasi-limited 
approximation  in  Figure  2,  calculated  with  q  =  1,  is 
barely  distinguishable  from  the  first-order  approxima¬ 
tion.  This  also  is  true  for  higher  values  of  q.  Again,  this 
behavior  is  typical  of  many  different  effective  volume 
fractions,  particle  distributions,  and  degrees  of  elastic 
heterogeneity.  In  much  of  what  follows,  we  therefore 
employ  the  limited  first-order  approximation  to  investi¬ 
gate  the  influence  of  elastic  inhomogeneity,  effective 
volume  fraction,  and  the  number  of  nearest-neighbor 
particles  on  the  equivalent  misfit  coefficients  and  inter¬ 
facial  compositions. 

Figures  3(a)  and  (b)  show  the  influence  of  the  effec¬ 
tive  volume  fraction  and  the  number  of  interacting  par¬ 
ticles,  n,  on  the  magnitudes  of  the  Taylor  eoefficients  of 
the  equivalent  misfit  strain,  fi,2  and  fi,23,  respectively. 
(Both  of  these  coefficients  vanish  for  the  isolated  par¬ 
ticle.)  A  random  dispersion  of  hard  particles  with  an  ef¬ 
fective  volume  fraction  of  10  pet  was  first  generated. 
Systems  possessing  lower  volume  fractions  of  particles 
were  obtained  from  this  distribution  by  increasing  the 
interparticle  distances  while  keeping  the  distribution 
geometrically  similar.  The  particles  are  elastically  harder 


than  the  matrix,  and  the  Taylor  coefficients  are  calcu¬ 
lated  for  a  particle  located  near  the  center  of  the  system, 
using  the  limited  first-order  approximation. 

In  Figure  3(c),  the  scaled  difference  between  the 
Taylor  coeffieient,  for  n  interacting  neighbors 

and  its  value  for  200  interacting  neighbors,  15,2(200),  is 
plotted  as  a  funetion  of  n  for  the  four  volume  fractions 
considered  in  Figure  3(a).  There  is  a  clear  convergence 
of  the  Taylor  coefficient  and  a  scaling  behavior,  as  the 
curves  from  all  four  effective  volume  fractions  overlap. 
The  zeroth-order  coefficients  (By  -  B,/0))  scale  propor¬ 
tional  to  the  volume  fraction,  whereas  the  first-order 
coefficients,  scale  proportional  to  the  4/3  power  of 
the  volume  fraction.  The  other  zeroth-order  coefficients 
converge  at  about  the  same  rate  as  B,2,  while  the  first- 
order  terms  eonverge  much  more  rapidly;  i.e.,  the  rel¬ 
ative  error  associated  with  a  first-order  coefficient  is 
much  less  for  a  given  number  of  interacting  particles 
than  the  error  associated  with  a  zeroth-order  term.  For 
example,  if  we  define  the  point  of  acceptable  conver- 
genee  as  that  value  of  n  for  which  a  Taylor  coefficient 
deviates  by  less  than  5  pet  of  its  value  at  n  =  200,  then 
Bi2  converges  by  «  ~  75,  whereas  B,23  converges  by 
n  <  20. 

A  more  important  criterion  for  the  intended  coarsening 


cs 

a 


0.040 

0.035 

0.030 

0.025 

0,020 

0,015 

0.010 

0.005 

0.000 

-0.005 


0  20  40  60  80  100  120 

(a)  Number  of  Interacting  Neighbors,  n 


(c)  Number  of  Interacting  Neighbors,  n  (d)  Number  of  Interacting  Neighbors,  n 


Fig.  3  —  The  dependence  of  the  Taylor  coefficients,  B,,  and  B,23,  on  the  number  of  elastically  interacting  neighboring  particles  is  depicted  for 
four  effective  volume  fractions  in  (a)  and  (b),  respectively,  while  their  relative  error  with  respect  to  200  interacting  particles  is  shown  in  (c)  and 
{d).  The  units  of  the  Taylor  coefficients  are  as  in  Fig,  1. 
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simulations  is  the  convergence  of  the  interfacial  com¬ 
positions.  This  convergence  is  illustrated  in  Figures  4(a) 
through  (d)  for  the  same  system  of  particles  and  four 
effective  volume  fractions  treated  in  Figure  3.  The  non- 
dimensional  matrix  composition  evaluated  at  the  inter¬ 
face  is  plotted  as  a  function  of  interfacial  position.  The 
interfacial  compositions  were  obtained  using  the  limited 
first-order  approximation  with  n  =  0,3,  10,  50,  and  200 
interacting  neighbors.  The  nondimensional  interfacial 
composition  for  an  isolated  particle  (n  =  0)  is  given  by 
the  horizontal  line.  The  spatial  dependence  of  the  inter¬ 
facial  compositions  already  is  strongly  determined  by  the 
particle’s  closest  neighbors  (n  =  3). 

In  the  present  example,  the  second  and  third  nearest 
neighbors  to  the  particle  considered  possess  a  radius 
about  half  that  of  the  nearest  neighbor.  Since  the  elastic 
field  of  a  particle  is  proportional  to  c?  jr^ ,  where  a  is  the 
radius  of  the  strain-inducing  particle  and  r  is  the  distance 
to  the  point  at  which  the  strain  is  to  be  calculated,  the 
influence  of  the  second  and  third  nearest  neighbors  on 
the  strain  state  of  the  particle  of  interest  is  only  about 
one-tenth  that  of  the  contribution  of  the  nearest  neigh¬ 
bor.  The  curve  for  n  =  3  therefore  also  is  representative 
of  the  composition  field  calculated  by  considering  only 
one  interacting  neighbor  in  the  determination  of  the 
equivalent  transformation  strain.  In  this  example,  the 


nearest  particle  induces  a  large  maximum  in  the  inter¬ 
facial  composition  at  the  point  ((^  ~  37r/2)  which  is 
closest  to  the  interacting  particle  and  a  smaller  double 
maximum  at  the  opposite  side  of  the  particle  (0  ~  7r/2). 
Thus,  the  large  maximum  is  located  where  the  induced 
strain  is  the  largest,  and  the  smaller  double  maximum  is 
located  where  the  induced  strain  is  the  lowest. 

Accounting  for  additional  nearest-neighbor  inter¬ 
actions  in  the  determination  of  the  equivalent  misfit 
strains  results  in  minor  shifts  in  the  positions  as  well  as 
the  heights  and  depths  of  the  maxima  and  minima  in  the 
interfacial  compositions  from  the  approximation  n  =  3. 
The  convergence  behavior  is  not  significantly  affected 
by  the  effective  volume  fraction  of  particles.  However, 
an  increase  in  the  volume  fraction  enhances  the  com¬ 
positional  variations  along  the  interface  arising  from  par¬ 
ticle  interactions.  When  the  volume  fraction  is  increased 
by  a  factor  of  10,  from  1  pet  to  10  pet,  the  deviation  in 
interfacial  composition  from  that  of  the  isolated  particle 
increases  by  a  factor  of  about  35.  Furthermore,  the  rel¬ 
ative  heights  of  different  maxima  are  increased,  and  the 
angular  positions  of  the  extrema  are  shifted  slightly. 

These  changes  in  the  relative  heights  and  positions  of 
the  extrema  in  the  interfacial  compositions  arise  from  the 
nonscaling  of  particle  center-interface  distances  in  the 


Fig.  4  —  The  spatial  variations  of  the  nondimensional  interfacial  composition  due  to  elasticity  are  plotted  for  the  particle  and  the  volume  fractions 
of  Fig.  3  for  several  nearest-neighbor  approximations.  Interfacial  positions  are  chosen  and  parameterized  as  in  Fig.  2.  The  position-independent 
shift  in  the  interfacial  composition  of  an  isolated  particle,  «  =  0,  is  given  by  the  horizontal  line.  Note  the  changing  scale  with  increasing  effective 
volume  fraction. 
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system.  Increasing  the  volume  fraction  reduces  inter¬ 
particle  distances  (measured  from  center  to  center)  by  a 
constant  factor.  However,  the  factor  describing  the 
change  in  interface-particle  center  separation  of  two 
neighboring  particles  depends  on  the  interfacial  position. 
For  increasing  volume  fraction,  it  is  smallest  for  the 
point  closest  (position  of  the  large  maximum)  and  largest 
for  the  point  farthest  away  (position  of  the  smaller 
double  maximum)  from  the  strain-inducing  particle. 
Since  the  leading  term  of  the  induced  strain  field  is  pro¬ 
portional  to  1  /r\  the  primary  maximum  increases  faster 
with  volume  fraction  than  the  secondary,  thus  changing 
their  relative  heights.  This  effect  is  most  pronounced  for 
the  closest  particles.  The  overall  composition  already  is 
dominated  by  the  closest  particles.  Decreasing  the  inter¬ 
particle  distances  (increasing  the  volume  fraction)  fur¬ 
ther  enhances  the  influence  of  the  closest  neighbors  on 
the  position  of  the  major  maximum.  Including  more 
neighboring  particles  in  the  determination  of  the  inter¬ 
facial  composition  leads  to  smaller  shifts  in  the  position 
of  the  primary  maximum.  Thus  the  final  (n  =  200)  po¬ 
sition  of  the  primary  maximum  in  Figure  4(d),  coincides 
with  that  for  n  =  3. 

The  convergence  behavior  of  the  Taylor  coefficients 
and  interfacial  compositions  is  similar  for  both  elasti¬ 
cally  soft  and  hard  precipitates.  This  is  illustrated  in 
Figure  5,  where  the  nondimensional  interfacial  compo¬ 
sition  has  been  plotted  as  a  function  of  interfacial  posi¬ 
tion  for  several  values  of  n.  The  same  system  of  particles 
and  particle  of  interest  have  been  used  as  in  Figure  4(c), 
except  that  the  elastically  hard  particles  of  Figure  4(c) 
have  been  replaced  by  soft  particles.  The  interfacial 
composition  for  an  isolated  particle  (n  =  0)  in  the  ab¬ 
sence  of  capillarity  is  3.6  x  10““*.  The  variations  of  the 
interfacial  composition  due  to  the  influence  of  neigh¬ 
boring  precipitates  are  highly  correlated  to  those  of 
Figure  4(c).  The  relationship  between  the  two  is  ap¬ 
proximately  given  by 


AG^(x) 


G\n  =  0) 
G\n  =  0) 


AG'Xx) 


[25] 


where  AG(x)  is  the  deviation  of  G(x)  from  its  value, 
G(«  =  0),  without  neighbor  interaction,  and  the  super¬ 
scripts  “5”  and  “h”  refer  to  elastically  soft  and  hard  par¬ 


ticles,  respectively. 

The  influence  of  an  applied  elastic  field  on  the  non- 
dimensional  matrix  composition  evaluated  at  the  inter¬ 
face  is  shown  in  Figure  6.  Both  the  particle  examined 
and  the  system  of  particles  employed  are  identical  to 
those  used  in  Figure  4(c).  In  addition  to  the  misfit  strain, 
a  nondimensional,  uniaxial  tensile  stress  of  T  =  10  has 
been  applied  to  the  system.  The  direction  of  the  applied 
stress  intersects  the  particle  at  4>  =  7r/2  and  (j)  =  IttII. 
The  interfacial  composition  owing  to  the  misfit  strain 
and  applied  stress  for  an  isolated  particle  {n  =  0)  is  given 
by  the  line  of  small  dots  and  possesses  minima  at  points 
coinciding  with  the  direction  of  the  applied  stress  and 
maxima  along  directions  perpendicular  to  it.  The  non- 
dimensional  composition  is  represented  by  a  cosine  of 
period  rr  with  an  amplitude  of  approximately  2.4  x  10 
and  median  value  4.171  x  10”  .  Thus,  the  median  com¬ 
position  has  been  shifted  to  a  smaller  value  by  the  ap¬ 
plied  stress  and  no  longer  is  spatially  constant.  The 
inclusion  of  nearest-neighbor  interactions  in  the  deter¬ 
mination  of  the  equivalent  transformation  strain  results 
in  an  interfacial  composition  profile  that  is  qualitatively 
similar  to  that  depicted  in  Figure  4(c).  However,  the  po¬ 
sitions  and  magnitudes  of  the  maxima  and  minima  in  the 
interfacial  compositions  are  shifted  in  comparison  to 
Figure  4(c),  where  no  applied  stress  is  present.  The  con¬ 
vergence  behavior  of  the  Taylor  coefficients  and  inter¬ 
facial  composition  are  not  affected  by  the  presence  of  an 
applied  field. 


IV.  DISCUSSION 

We  tested  the  numerical  code  by  calculating  the  stress 
concentration  due  to  two  spherical  cavities  subject  to  a 
uniform  applied  stress  field  (cr“i  =  (T22  ~  cr^)  and  com¬ 
pared  our  results  to  the  exact  values  of  Sternberg  and 
Sadowsky.^^''  The  stress  values  we  calculated  with  the 
first-order  equivalent  inclusion  method  deviated  by  less 


Fig.  5  —  The  spatial  dependence  of  the  inlerfacial  composition  owing 
to  elasticity  is  depicted  for  a  distribution  of  soft  particles.  The  particle 
examined  and  the  distribution  of  particles  used  are  identical  to  those 
employed  in  Fig.  4(c). 


Fig.  6 — The  spatial  variations  of  the  nondimensional  interfacial  com¬ 
position  due  to  both  misfit  strain  and  an  applied,  uniaxial  tensile  stress 
are  depicted.  The  distribution  of  hard  particles  is  identical  to  that  used 
in  Fig.  4(c). 
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than  1  pet  of  the  applied  stress  from  the  exact  values. 
Moschovidis  and  Mura"®'  used  the  same  problem  to 
check  their  implementation  of  the  equivalent  inclusion 
method.  Our  values  deviate  slightly  from  theirs  and  are 
sometimes,  but  not  always,  closer  to  the  exact  values  of 
Sternberg  and  Sadowsky.  We  therefore  also  checked  our 
code  against  an  analytical  formula  for  the  equivalent 
misfit  strain.'^-'  The  formula  applies  to  two  misfitting 
spherical  particles  which  possess  slightly  different  elastic 
constants  than  the  matrix  and  is  correct  up  to  second 
order  in  the  differences  in  the  elastic  constants.  Our 
result  always  were  identical  to  those  following  from  this 
formula  up  to  the  predicted  accuracy.  This  meant  coin¬ 
cidence  up  to  six  significant  digits  in  the  case  of  small 
differences  in  the  elastic  constants.  We  therefore  believe 
that  our  implementation  of  the  equivalent  inclusion 
method  is  correct. 

The  first-order  approximation  to  the  equivalent  inclu¬ 
sion  method  assumes  that  the  actual  strain  field  is  ade¬ 
quately  represented  by  the  strain  field  due  to  precipitates 
with  a  linear  spatial  dependence  of  the  equivalent  misfit 
strains.  This  is  a  reasonable  approximation  for  ellipso¬ 
idal  particles,  so  long  as  the  applied  strain  field  can  be 
represented  as  a  polynomial  of  order  one  and  the  higher- 
order  derivatives  of  and  evaluated  at  (d'’  -  d'”) 
are  sufficiently  small.  The  second  criterion  is  more  dif¬ 
ficult  to  satisfy  as  the  effective  volume  fraction  in¬ 
creases,  but  the  higher-order  derivatives  of  and 
do  not  diverge  since  [d'’  -  d^'|  has  a  lower  bound 
due  to  the  nonoverlapping  of  the  particles.  The  equiva¬ 
lent  inclusion  method  also  has  been  applied  to  isolated 
cuboidal  heterogeneities.'^^'  Unlike  Isolated  ellipsoidal 
particles,  the  equivalent  misfit  strain  is  a  function  of  po¬ 
sition  for  the  cuboids  even  when  the  applied  stress  and 
misfit  strain  are  constant.  In  the  case  of  an  isolated 
cuboid  with  constant  dilatational  misfit  strain,  the  strain 
field  calculated  using  the  second-order  terms  was  in 
good  agreement  with  the  strain  field  calculated  using  a 
second-order  Taylor  expansion  of  Eq.  [3].'^^’  The  equiv¬ 
alent  inclusion  method  was  found  to  give  the  better  re¬ 
sults  near  the  cube  edges  and  in  the  case  of  large 
differences  in  the  shear  moduli. 

The  strain  fields  calculated  using  the  limited  first- 
order  approximation,  for  which  the  equivalent  misfit 
strain  of  each  neighboring  particle  is  assumed  to  be  spa¬ 
tially  constant  while  that  of  the  particle  of  interest  pos¬ 
sesses  a  linear  dependence,  have  been  shown  to  differ 
only  slightly  from  the  fields  calculated  using  the  first- 
order  approximation.  In  systems  with  many  particles, 
the  limited  first-order  approximation  offers  a  significant 
computation  advantage,  since  it  reduces  the  number  of 
unknowns  to  be  determined  from  24N  to  6N  +  18. 

The  differences  between  the  first-order  and  limited 
first-order  approximations  are  reduced  when,  in  addition 
to  the  particle  of  interest,  its  q  nearest  neighbors  also  are 
assumed  to  possess  equivalent  misfit  strains  with  a  linear 
spatial  dependence.  The  number  of  nearest  neighbors  re¬ 
quired  for  the  quasi-limited  approximation,  q,  depends 
on  the  local  configuration  and  relative  sizes  of  the  par¬ 
ticles  but  is  generally  small. 

We  have  shown  that  the  number  of  neighbors  to  be 
included  in  the  calculation  of  the  equivalent  misfit  strain 
of  a  particle  is  independent  of  volume  fraction,  sign  of 


the  elastic  inhomogeneity,  and  applied  fields.  The 
number  of  neighbors  needed  for  the  determination  of  the 
zeroth-order  Taylor  coefficients  of  the  equivalent  misfit 
strains  {n  ~  75)  is  significantly  larger  than  for  the  first- 
order  coefficients  (n  <  20).  This  also  is  consistent  with 
the  small  number  of  neighbors,  q,  needed  in  the  quasi¬ 
limited  approximation. 

The  interfacial  compositions  presented  obtain  for  sys¬ 
tems  in  which  capillary  effects  are  negligible;  i.e.,  the 
particles  are  very  large  compared  to  the  capillary  length 
used  to  nondimensionalize  the  variables.  For  effectively 
smaller  particles,  the  spatial  dependence  of  the  inter¬ 
facial  compositions  will  be  correspondingly  smaller  in 
comparison  to  the  (uniform)  interfacial  composition  shift 
resulting  from  capillarity.  This  means  that  the  elastic  ef¬ 
fects  become  progressively  more  important  as  the  ab¬ 
solute  size  of  the  particles  increases.  The  actual  particle 
size  at  which  the  elastic  effects  become  important  de¬ 
pends  upon  the  material  parameters. 

V.  SUMMARY 

An  equivalent  inclusion  method  was  used  to  calculate 
the  stress  field  engendered  by  a  distribution  of  misfit¬ 
ting,  spherical  particles  in  an  infinite  matrix  subjected  to 
an  externally  applied  elastic  field.  Particles  and  matrix 
can  possess  different  elastic  constants.  The  stress  field 
then  was  used  to  calculate  the  diffusional  boundary  con¬ 
ditions  necessary  to  perform  coarsening  simulations  in 
elastically  stressed  systems.  We  conclude  that; 

1.  The  Taylor  coefficients  for  the  equivalent  misfit 
strain  converge  with  increasing  number  of  nearest- 
neighbor  interactions  for  a  random  distribution  of 
particles.  The  zeroth-order  coefficients  are  the  slow¬ 
est  to  converge,  and  the  convergence  is  independent 
of  the  effective  volume  fraction  of  the  system. 

2.  The  primary  topological  features  and  magnitude  of 
the  interfacial  composition  are  determined  by  a  rel¬ 
atively  small  number  of  nearest  neighbors. 

3.  The  zeroth-order  Taylor  coefficients  scale  propor¬ 
tional  to  the  volume  fraction,  while  the  first-order 
coefficients  scale  proportional  to  the  4/3  power  of 
the  volume  fraction. 

4.  The  equivalent  inclusion  method  should  be  compu¬ 
tationally  viable  for  determining  elastic  fields  and 
diffusional  boundary  conditions  for  the  coarsening 
simulations. 

5.  Particle  interactions  are  expected  to  influence 
strongly  the  local  coarsening  behavior. 

ACKNOWLEDGMENT 

We  are  indebted  to  the  Division  of  Materials  Science 
at  the  Department  of  Energy  through  Grant  DE-FG05- 
93ER45507  for  their  support  of  this  work. 

REFERENCES 

1.  A.J.  Ardell,  R.B.  Nicholson,  and  J.D.  Eshelby:  Acta  Metall., 
1966,  vol.  14,  pp.  1295-1309. 

2.  D.M.  Barnett,  J.K.  Lee,  H.I.  Aaronson,  and  K.C.  Russell: 
Scripta  Metall.,  1974,  vol.  8,  pp.  1447-50. 


2702  — VOLUME  25A,  DECEMBER  1994 


METALLURGICAL  AND  MATERIALS  TRANSACTIONS  A 


3.  A.G.  Khachaturyan  and  V.M.  Airapetyan:  Phys.  Status  Sotidi  A, 
1974,  vol.  26,  pp.  61-70. 

4.  W.C.  Johnson  and  J.W.  Cahn:  Acta  Metal!.,  1984,  vol.  32, 
pp.  1925-33. 

5.  H.  Nishiniori  and  A.  Onuki:  Phys.  Rev.  B,  1990,  vol.  42, 
pp.  980-83. 

6.  W.C.  Johnson:  Acta  MetalL,  1984,  vol.  32,  pp.  465-75. 

7.  K.  Kawasaki  and  Y.  Enomoto:  Physica  A,  1988,  vol.  150, 
pp.  463-98. 

8.  Y.  Enomoto  and  K.  Kawasaki:  Acta  MetalL,  1989,  vol.  37, 
pp.  1399-1406. 

9.  W.C.  Johnson,  T.A.  Abinandanan,  and  P.W.  Voorhees:  Acta 
MetalL,  1990,  vol.  38,  pp.  1349-67. 

10.  P.  Leo,  W.W.  Mullins,  R.F.  Sekerka,  and  J.  Vinals;  Acta 
MetalL  Mater.,  1990,  vol.  38,  pp.  1573-80. 

11.  A.  Onuki  and  H.  Nishimori:  Phys.  Rev.  B,  1991,  vol.  43, 
pp.  13649-652. 

12.  Y.  Wang,  L.-Q.  Chen,  and  A.G.  Khachaturyan:  Phys.  Rev.  B, 

1992,  vol.  46,  pp.  11194-97. 

13.  T.A.  Abinandanan  and  W.C.  Johnson:  Acta  MetalL  Mater., 

1993,  vol.  41,  pp.  17-25. 


14.  T.A.  Abinandanan  and  W.C.  Johnson:  Acta  MetalL  Mater., 
1993,  vol.  41,  pp.  27-39. 

15.  J.D.  Eshelby:  Proc.  R.  Soc.  London  A,  1957,  vol.  241, 
pp.  376-96. 

16.  Z.A.  Moschovidis  and  T.A.  Mura:  J.  Appl.  Mech.,  1975, 
vol.  42,  pp.  847-52. 

17.  T.  Mura:  Micromechanics  of  Defects  in  Solids,  2nd  ed.,  Martinus 
Nijhoff  Publishers,  Dordrecht,  The  Netherlands,  1987. 

18.  F.C.  Chen  and  K.  Young:  J.  Math.  Phys.,  1977,  vol.  18, 
pp.  1412-16. 

19.  W.C.  Johnson,  Y.Y.  Earmme,  and  J.K.  Lee:  J.  Appl.  Mech., 
1980,  vol.  47,  pp.  775-80. 

20.  P.W.  Voorhees  and  W.C.  Johnson:  J.  Chem.  Phys.,  1986, 
vol.  84,  pp.  5108-21. 

21.  E.  Sternberg  and  M.A.  Sadowsky:  J.  Appl.  Mech.,  1952, 
vol.  19,  pp.  19-27. 

22.  W.C.  Johnson,  P.W.  Voorhees,  and  D.  Zupon:  MetalL  Trans.  A, 
1989,  vol.  20A,  pp.  1175-89. 

23.  W.C.  Johnson,  Y.Y.  Earmme,  and  J.K.  Lee:  J.  Appl.  Mech., 
1980,  vol.  47,  pp,  781-88. 


METALLURGICAL  AND  MATERIALS  TRANSACTIONS  A 


VOLUME  25A,  DECEMBER  1994  —  2703 


Kinetic  Study  of  Low-Temperature  Transient  Liquid 
Phase  Joining  of  an  Aluminum-SiC  Composite 


V.  SABATHIER,  G.R.  EDWARDS,  and  C.E.  CROSS 

The  transient  liquid  phase  (TLP)  joining  of  an  aluminum  6061-SiC  composite  using  a  gallium 
interface  has  been  investigated.  The  observed  kinetics  of  this  process  suggest  that  diffusion 
occurs  along  interphase  and  subgrain  boundaries  at  low  temperatures  (<723  K).  An  existing 
TLP  model  has  been  modified  to  account  for  this  behavior. 


I.  INTRODUCTION 

Aluminum  matrix  composites  are  advanced  ma¬ 
terials  that  present  unique  mechanical,  thermal,  and 
electrical  properties.  These  materials  can  now  be  tailored 
to  satisfy  specific  requirements. Their  high  specific 
strength  and  modulus,  arising  from  both  the  reinforce¬ 
ment  and  an  age-hardened  matrix,  make  them  especially 
attractive  to  aerospace  structural  applications. Dis- 
continuously  reinforced  aluminum  matrix  materials  are 
cheaper,  nearly  isotropic,  and  readily  formable."’^’*' 
However,  the  joining  of  aluminum  matrix  composites  re¬ 
mains  a  key  issue  limiting  the  use  of  these  advanced 
materials. 

Joining  techniques  such  as  conventional  arc-welding 
methods  deteriorate  the  matrix,  the  reinforcement  par¬ 
ticles,  and  the  metal/ceramic  interfacial  bonds.  Simi¬ 
larly,  commercially  available  aluminum  brazing 
materials  involve  temperatures  above  673  K,  which  de¬ 
grade  the  age-hardened  matrix.  Moreover,  liquid  brazing 
alloys  infiltrate  composites  via  the  ceramic/metal  inter¬ 
face,  resulting  in  reduced  strength.*®'  Solid-state  bonding 
(diffusion  bonding)  requires  temperatures  and  pressures 
too  high  to  preserve  the  age-hardening  treatment  of  the 
matrix  and  the  quality  of  the  ceramic/metal  inter¬ 
face. Furthermore,  adhesive  bonding  produces 
joints  of  modest  strength  and  poor  thermal  and  electrical 
conductivities.*'^-'"" 

The  transient  liquid  phase  (TLP)  joining  technique  is 
considered  here  for  joining  aluminum  MMCs  because  it 
offers  potential  for  higher  strength  joints  than  is  obtain¬ 
able  with  other  joining  methods.  Gallium  was  selected 
as  a  filler  metal  to  take  advantage  of  both  the  low- 
temperature  melting  point  eutectic  it  forms  with 
aluminum  and  the  large  solubility  of  this  element  in  alu¬ 
minum,' as  shown  in  the  phase  diagram  of  Figure  1. 
High  solid-state  solubility  of  gallium  in  aluminum  is  im¬ 
portant  to  the  engineering  integrity  of  the  TLP  joints; 
excess  gallium  at  interphase  boundaries  would  be  ex¬ 
pected  to  embrittle  the.  composite.  The  nature  of  com¬ 
posites,  with  numerous  high-diffusivity  paths  such  as 
ceramic/matrix  interfaces  and  dislocation  networks, 
should  enhance  the  kinetics  of  liquid  infiltration.  While 
monolithic  alloys  can  be  conditioned  to  contain  high- 
diffusivity  paths  for  rapid  liquid  infiltration,  the  degree 
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of  microstructural  refinement  possible  is  significantly 
less  than  that  for  metal  matrix  composites.  Thus,  the 
joining  of  MMCs  by  liquid  infiltration  should  be  accom¬ 
plished  at  shorter  times  and  lower  temperatures  than 
would  be  expected  for  conventional  aluminum  alloys.  In 
this  study,  the  kinetics  of  the  transient  liquid  phase  join¬ 
ing  of  an  aluminum  matrix  composite,  reinforced  with 
particulate  silicon  carbide  (SiC^),  is  characterized  and 
modeled. 


II.  BACKGROUND 

Transient  liquid  phase  joining  has  been  used  to  pro¬ 
duce  acceptable  bonds  in  a  variety  of  different  materials, 
including  Ni/B/NF"  and  Ag/Cu/Ag.*^^'  This  tech¬ 
nique  is  a  joining  process  that  combines  the  ease  of  braz¬ 
ing  and  the  diffusional  characteristics  of  solid-state 
bonding.  As  in  brazing,  the  melting  of  an  interlayer  or 
filler  metal  generates  a  liquid  phase  at  the  joint  interface. 
Unlike  brazing,  however,  the  solidification  of  the  liquid 
filler  occurs  isothermally  under  a  slight  clamping 
pressure.*^-'* 

At  the  joining  temperature,  the  interlayer  material 
melts  nearly  instantaneously.  If  good  wetting  occurs,  the 
capillarity  force  drives  liquid  into  the  voids  between  the 
two  substrates.  Then,  depending  upon  the  temperature, 
sub.strate,  and  liquid  filler  material,  atomic  diffusion  of 
the  filler  material  into  the  substrate  will  initiate  and  con¬ 
trol  isotheiTnal  solidification.  The  bond  ultimately 
reaches  a  composition  and  structure  close  to  that  of  the 
base  material,  thus  ensuring  continuity  at  the  interface. 

Several  models  have  been  developed  to  describe  the 
kinetics  of  the  process.  Among  them,  a  model  proposed 
by  Sekerka*-'-^"*-^^*  involves  a  four-stage  mechanism,  as 
depicted  in  Figure  2. 

Stage  1  represents  dissolution  of  the  interlayer.  This 
stage  is  equivalent  to  homogenization  of  a  film  of  thick¬ 
ness  2/zo  and  of  concentration  C^,  where  B  (interlayer) 
atoms  diffuse  into  a  finite  medium  of  A  (matrix)  atoms. 
In  effect,  the  diffusion  of  B  atoms  into  the  matrix  in¬ 
duces  the  formation  of  a  liquid  phase  at  the  concentration 
Cto,  as  shown  on  the  hypothetical  binary  eutectic  phase 
diagram  in  Figure  3.  It  should  be  noted  that  this  stage 
usually  occurs  very  fast,  since  the  interlayer  is  normally 
very  thin.  Obviously,  this  stage  is  not  necessary  for  an 
interlayer  that  melts  below  the  joining  temperature. 

Stage  2  represents  homogenization  of  the  liquid  phase. 
Once  the  interlayer  is  completely  melted,  its  composi¬ 
tion  lies  within  the  concentrations  C,p  and  C^,  as  shown 
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Fig.  1 — Aluminum-gallium  binary  phase  diagram. 


Fig.  2  —  Schematic  representation  of  original  TLP  model  showing 
solute  concentration  profiles  for  (a)  initial  boundary  condition  in 
stage  1 ,  (b)  interface  boundary  conditions  in  stage  2,  and  (c)  interface 
boundary  conditions  in  stage  3. 


Weight  Percent  Solute 


Fig.  3  —  Phase  equilibrium  in  hypothetical  binary  eutectic  system 
during  isothermal  TLP  joining. 


in  Figure  3.  Considering  the  fact  that  liquid  diffusion  is 
very  rapid  (a  typical  liquid  metal  diffusion  coefficient  is 
approximately  10"’  mm’/s),  it  is  reasonable  to  expect 
that  liquid  homogenization  will  occur. 

Stage  3  represents  isothermal  solidification.  As  B 
atoms  continue  diffusing  into  the  substrate,  solidification 
occurs  as  the  concentration  of  the  liquid  drops  below  the 
liquid/solid  equilibrium  concentration  Cia  shown  in 
Figure  3.  However,  stage  3  will  take  longer  than  stage 
2  because  it  is  controlled  by  diffusion  in  the  solid  phase. 

Stage  4  involves  classical  homogenization  and  deals 
with  diffusion  in  the  solid  only.  The  solution  to  this  final 
stage  assumes  a  layer  of  a  given  thickness  at  a  concen¬ 
tration  Ca/,  present  at  the  interface  at  the  end  of  the  iso¬ 
thermal  solidification  (stage  3).  Hence,  this  problem  can 
be  considered  as  the  homogenization  of  a  thin  film  with 
an  exponential  solution  similar  to  stage  1 .  A  more  thor¬ 
ough  description  of  all  four  stages  is  given  in  the 
Appendix. 

III.  EXPERIMENTAL  PROCEDURE 
AND  DATA  ANALYSIS 

A.  Experimental  Procedure 

The  composite  material  evaluated  in  this  investigation 
was  6061  aluminum  reinforced  with  20  vol  pet  SiC  par¬ 
ticulates.  The  average  length  and  aspect  ratio  of  the  par¬ 
ticulates  were  found  to  be  2.6  /rm  and  1.4,  respectively. 
Specimens  measuring  1.0  x  6.3  x  25.4  mm  were  cut 
from  sheet  material.  Each  specimen  was  annealed  at 
673  K  for  20  hours,  solution  treated  at  838  K  for  1  hour, 
and  water  quenched.  The  lap  joint  specimen  geometry 
is  shown  in  Figure  4. 

Each  specimen  half  was  mechanically  polished  on  one 
side  with  240-grit  SiC  grinding  paper  and  rinsed  in  ace¬ 
tone  for  5  minutes.  A  liquid,  99.9  wt  pet  pure  gallium 
interlayer  was  brushed  onto  the  surfaces  to  be  bonded. 
Faying  surfaces  were  rubbed  against  each  other  to  de¬ 
crease  the  initial  thickness  of  the  interlayer  and  to 
achieve  a  more  uniform  coating. 

Following  assembly,  specimens  were  stored  on  ice  to 
preserve  the  initial  boundary  conditions:  the  gallium 
interlayer  concentration  was  100  pet  {C^  =  100  pet)  and 
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the  substrate  contained  no  gallium  (C„  =  0  pet).  They 
were  then  placed  in  a  furnace  preheated  to  a  calibrated 
joining  temperature.  The  following  temperatures  were 
investigated:  423,  473,  523,  573,  623,  673,  773,  and 
873  K  with  holding  times  of  24  and  48  hours. 

Following  TLP  joining,  specimens  were  sectioned 
perpendicular  to  the  bond  interface  and  polished.  Pol¬ 
ishing  included  grinding  from  a  sequence  of  240-  to 
600-grit  silicon  carbide  paper.  Final  surface  preparation 
involved  polishing  with  an  aqueous  2.0-/rm  aluminum- 
oxide  suspension,  followed  with  0.05-/am  colloidal 
silica.  Using  scanning  electron  microscopy.  X-ray  mea¬ 
surements  were  taken  across  the  bonded  interface  to 
obtain  gallium  concentration  profiles  for  each  of  the 
joining  temperatures  and  times. 

B .  Data  Analysis 

Knowing  the  initial  interlayer  concentration  allows 
concentration  profiles  to  be  used  to  determine  the  initial 
interlayer  thickness.  Conservation  of  matter  yields 

--FX 

Cpho=  I  C{x,t)dx  [1] 

Jo 

where  the  integrand  of  this  equation  represents  the  area 
below  the  concentration  profile.  Concentration  profiles 
for  bonding  temperatures  ranging  from  873  to  423  K 
were  used  to  determine  hg  values  given  in  Table  I. 

Applying  the  Sekerka'^”*'  model  to  this  study  leaves  the 
system  with  boundary  conditions  equivalent  to  a  thin 
film  of  width  2h,  and  concentration  C,„,  because  the  first 
two  stages  of  the  Sekerka  model  (interlayer  dissolution 
and  liquid  homogenization)  require  very  little  time  for 
completion.  The  final  two  stages  are  controlled  by  solid- 
state  interdiffusion;  consequently,  the  concentration  pro¬ 
file  can  be  described  by  a  thin  film  solution  similar  to 
Eq.  [A2].  Hence,  the  logarithm  of  concentration  at  con¬ 
stant  time  should  be  a  linear  function  of  the  distance 
squared: 

2 

In  C(x)  =  B - —  [2] 

4  F)app? 

If  the  concentration  profiles  are  plotted  on  a  semilog 
plot,  for  a  given  time,  the  slope  of  the  resulting  line 
should  yield  the  apparent  diffusion  coefficient 
Such  results  are  plotted  in  Figures  5  through  12. 

For  temperatures  above  673  K,  a  single  line  can  be 
drawn  as  predicted  by  the  Sekerka'-"^'  model  and  a  lattice 


Table  I.  Experimentally  Determined  Values  for 
Apparent  Diffusivity  and  Critical  Half-Thicknesses 
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Fig.  5  —  Penetration  of  gallium  into  a  6061  Al/10  (vol  pet)  SiC^  com¬ 
posite  in  24  h  at  873  K. 


Fig.  6 — Penetration  of  gallium  into  a  6061  Al/20  (vol  pet)  SiC,,  com¬ 
posite  in  24  h  at  773  K. 
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Fig.  7  — Penetration  of  gallium  into  a  6061  Al/20  (vol  pet)  SiC^  com-  10  — Penetration  of  gallium  into  a  6061  Al/20  (vol  pet)  SiC^ 

posite  in  24  h  at  673  K.  composite  in  24  h  at  523  K. 


Fig.  8  —  Penetration  of  gallium  into  a  606 1  Al/20  (vol  pet)  SiC^  com-  Fig.  11 — Penetration  of  gallium  into  a  6061  Al/20  (vol  pet)  SiC, 
posite  in  48  h  at  623  K.  composite  in  24  h  at  473  K. 
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Fig.  9  —  Penetration  of  gallium  into  a  6061  Al/20  (vol  pet)  SiC,,  com¬ 
posite  in  24  h  at  573  K. 


Distance  Squared  (micron^) 

Fig.  12  —  Penetration  of  gallium  into  a  6061  Al/20  (vol  pet)  SiC, 
composite  in  48  h  at  423  K. 
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diffusion  coefficient  can  be  determined.  For  tempera¬ 
tures  below  673  K,  a  transition  occurs  at  a  characteristic 
distance  from  the  interface  where  two  distinct  lines 
intersect.  Apparent  diffusion  coefficients  were  deter¬ 
mined  by  considering  only  the  linear  part  of  the  semilog 
plots  at  distances  above  as  will  be  discussed  later. 
Table  I  shows,  for  each  time  and  temperature,  the  cal¬ 
culated  apparent  diffusion  coefficients. 

Once  a  diffusion  coefficient  is  known  for  a  wide  range 
of  temperatures,  it  is  possible  to  present  the  data  using 
an  Arrhenius  plot,  as  shown  in  Figure  13.  For  all  tem¬ 
peratures  (except  523  K,  where  a  large  variance  existed 
and  the  average  was  considered) ,  the  maximum  experi¬ 
mental  values  of  diffusion  coefficient  were  used  to  gen¬ 
erate  this  plot.  The  bilinearity  of  the  Arrhenius  plot  is 
apparent  with  a  marked  change  of  slope  around  723  K. 
For  the  lowest  temperatures,  an  activation  energy  of 
35  kJ/mol  was  calculated.  This  low  value  cannot  be  in¬ 
dicative  of  lattice  diffusion,  but  must  be  related  to  short- 
circuit  diffusion.  The  high-diffusivity  path  transport  is 
the  dominant  mechanism  up  to  relatively  high  temper¬ 
atures  (723  K),  which  reveals  that  the  density  of  short- 
circuit  paths  for  diffusion  is  high.  The  pre-exponential 
term  (Dq)  has  been  measured  and  determined  to  be 
5.10“^  mmVs- 

For  the  highest  temperatures,  an  activation  energy  of 
120  kJ/mol  and  a  pre-exponential  term  of  250  mm^/s 
have  been  measured.  This  activation  energy  is  close  to 
the  122  kJ/mol  value  reported  for  impurity  diffusion  of 
gallium  in  aluminum.'^*'  It  should  be  noted  that  the  ap¬ 
parent  activation  energy  for  low  temperatures  is  less  than 
one  third  of  the  value  of  lattice  diffusion. 


IV.  REVISED  TLP  MODEL 

The  transition  in  slope  in  the  semilog  plots  (Figures  7 
through  12)  reveals  the  existence  of  a  change  in  kinetic 
mechanism  for  TLP  joining.  The  effect  of  liquid  diffu¬ 
sion  and  the  special  nature  of  the  composite  material 


Fig.  13  —  An  Arrhenius  analysis  showing  the  relationship  between 
apparent  diffusion  coefficient  (A,pp)  and  TLP  joining  temperature.  The 
change  in  slope  indicates  a  change  in  transport  mechanisms  below 
723  k. 


must  be  considered  to  understand  this  unexpected  be¬ 
havior.  Numerous  researchers  have  reported  accelerated 
aging  kinetics  for  Al-SiC  composites, citing  high 
dislocation  density  as  being  responsible  for  enhanced 
atomic  transport  during  precipitation.  These  dislocations 
were  observed  to  form  around  particulates  upon  quench¬ 
ing  from  solution  treatment,  presumably  due  to  an  order 
of  magnitude  difference  in  thermal  expansion  between 
matrix  and  reinforcement.  Dislocation  networks  have 
also  been  found  to  decorate  the  spaces  between  particles, 
forming  submicron  subgrains. Because  it  is  well  es¬ 
tablished  that  gallium  will  rapidly  penetrate  the  grain 
boundaries  of  aluminum, it  is  reasonable  to 
assume  that  interphase  and  subgrain  boundaries  in  com¬ 
posites  will  behave  in  a  similar  manner.  The  revised 
three-stage  TLP  model  described  below  incorporates 
short-circuit  boundary  infiltration. 

A.  Stage  1:  Liquid  Infiltration 

Stage  1  of  the  original  model  does  not  exist  in  the 
revised  model,  since  gallium  melts  at  302  K  and  is  thus 
liquid  at  the  joining  temperature.  Stage  1  of  the  revised 
model  involves  the  infiltration  of  liquid  gallium  into  the 
composite.  This  liquid  phase  is  assumed  to  diffuse  along 
all  short  circuit  paths  {i.e.,  subgrain  boundaries)  and  in¬ 
filtrate  the  substrate  over  a  distance  h^.  Infiltration  stops 
when  the  liquid  source  located  at  the  interface  is  de¬ 
pleted.  Because  these  subgrains  are  small  and  sur¬ 
rounded  by  the  gallium-rich  liquid  phase,  they  are 
assumed  to  be  homogenized  at  the  equilibrium  concen¬ 
tration  Cal  during  this  first  stage. 

1 .  Liquid  flux 

Penetration  distance  (^)  of  liquid  into  the  subgrain 
boundaries  is  expected  to  vary  as  a  function  of  time: 

m  =  2y  [3] 

where  the  origin  of  time  is  chosen  to  be  that  moment 
when  the  interlayer  is  completely  melted.  The  term  y  is 
a  growth  constant  given  in  Table  II  for  the  aluminum- 
gallium  system  at  temperatures  ranging  from  423  to 
623  K. 

The  derivative  of  Eq.  [3]  gives 

-  =  y  \/j^t  [4] 

dt 


where 


t  = 


e 

4y^Di 


[5] 


As  liquid  advances  along  the  boundary,  a  small  amount 
of  aluminum  is  dissolved  at  the  penetration  front  and  is 
assumed  to  be  homogenized  within  the  liquid  very 
quickly.  Liquid  penetration  at  an  arbitrary  time  t  is 
shown  schematically  in  Figure  14. 

If  it  is  assumed  that  the  width  of  the  liquid  film  (5)  at 
the  boundary  is  constant,  it  is  possible  to  estimate  the 
flux  of  liquid  in  the  boundary: 

JfO  =  i  C,a  [6] 

at 
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0  m  X 


Fig.  14  —  Schematic  diagram  illustrating  gallium  penetration  into  the 
composite  via  subgrain  boundaries  during  stage  1 . 


2.  Subgrain  diffusion 

At  this  point,  every  subgrain  at  a  position  x  <  ^(0  is 
completely  surrounded  by  a  liquid  film.  A  one¬ 
dimensional  diffusion  model  can  be  used  to  describe  dif¬ 
fusion  into  the  subgrains  (y  direction)  with  the  following 
boundary  conditions: 


C(y,  0)  =  0 

[7a] 

C(0,  t)  =  Cat 

[7b] 

Subgrain 

Boundary 


Fig.  15  —  Schematic  showing  the  gallium  concentration  profile  at  a 
subgrain  boundary. 


/ti,  then  the  time  t(x)  spent  in  equilibrium  with  the 
matrix  for  x  <  /?,  can  be  determined  using  Eq.  [5], 

t(x)  =  T(/t|)  -  t{x)  =  -pr—  [10] 

4rDi 


C(oo,  r)  =  0  [7c] 

An  error  function  can  be  used  to  describe  the  concen¬ 
tration  profile  through  a  subgrain  as  shown  in  Figure  15. 
At  the  liquid/matrix  interface,  the  concentration  will 
remain  equal  to  C^/,  if  equilibrium  is  assumed.  Hence, 
the  concentration  profile  is 


C(y,  t)  =  Cal  erfc 


[8] 


where  t  is  the  time  a  subgrain  spends  in  equilibrium  with 
the  liquid.  This  residence  time  is,  of  course,  a  function 
of  the  distance  x  from  the  interface,  so  that  the  concen¬ 
tration  profile  becomes  a  function  of  both  x  and  y.  For 
Eq.  [8]  to  be  valid,  the  diffusion  distance  must  be  a 
small  fraction  of  the  subgrain  size. 

3.  Correction  for  liquid  residence  time 

The  relationship  between  x  and  r  must  be  found.  The 
conservation  of  matter  in  a  portion  dx  of  liquid  film  of 
width  d  can  be  written'-’^' 


dC  dJ,  2 

—  =  — +  -y, 

dt  dx  8 


[9] 


If  the  maximum  infiltration  distance  in  the  boundary  is 


This  expression  for  residence  time  can  be  substituted 
into  Eqs.  [4]  and  [6]  to  obtain  an  expression  for  flux, 
which  is  also  described  using  Pick’s  first  law: 

dC  ,  DlCla 

y,=  -D,  — (y  =  0)  =  /5p^  [11] 

dy  hi  -  X 

where  y  =  0  defines  the  matrix/liquid  interface.  From 
Eq.  [li],  it  follows  that: 

dC  Di  dC/a 

-(>'  =  0)  =  -py-^ - ^  [12] 

3y  /),  hi  —  X 

but  from  Eq.  [8],  it  also  follows  that: 

dC  Cal 

—  (y  =  0)= - ^  [13] 

dy  2  S/Dj 

Solving  for  s/lffr  in  Eq.  [13]  and  substituting  this  back 
into  Eq.  [8]  yields: 

■  ,D,C,a  Sy  1 

C(x,  y)  =  C„,  erfc  T  —  —  73 - 3  [14] 


>  C„,  ht  -  r 


Clearly,  the  use  of  this  equation  requires  knowledge  of 
the  maximum  infiltration  distance  hi.  Section  4  provides 
a  method  for  determining  this  parameter. 
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4.  Maximum  infiltration  distance 
If  the  matrix  and  the  liquid  phase  are  homogenized  at 
the  equilibrium  concentrations  C^i  and  C^,  respectively, 
a  solute  balance  provides  a  solution  for  the  maximum 
infiltration  distance.  If  X,  is  the  volume  fraction  of  the 
liquid  phase,  the  conservation  of  matter  can  be  writ¬ 
ten  as 


Cph,=  [X,C,,  +  (I  -X,)CJh,  [15] 

As  a  first  approximation,  assume  Xi  1,  so  that  the 
maximum  penetration  distance  can  be  evaluated  from 
Eq.  [15]: 


hi  —  ho 


Ca 


X,(C,„  -  CJ  +  c„ 


ho 

^al 


[16] 


The  maximum  infiltration  distance  is  thus  related  to  the 
initial  concentration  and  thickness  of  the  interlayer.  The 
time  necessary  to  complete  stage  1  can  be  found  using 
Eqs.  [5]  and  [16]: 


t(hi) 


AfD, 


[17] 


Because  this  stage  is  controlled  by  the  diffusion  in  the 
liquid  phase,  it  is  very  rapid.  If  the  conditions  D,  = 
10“^  mmVs  and  ho  =  10  yu-m  are  assumed,  and  the  equi¬ 
librium  concentrations  (from  the  equilibrium  phase  dia¬ 
gram  shown  in  Figure  1)  and  the  dissolution  constants 
(shown  in  Table  II)  are  used,  then  f,  (423  K)  =  150  s 
and  t,  (773  K)  =  23.7  s. 


B.  Stage  2:  Depletion  of  Solute  in  the  Liquid  Phase 

When  stage  1  is  completed,  the  substrate  on  each  side 
of  the  original  interface  has  the  following  characteristics: 

(a)  liquid  and  solid  phase  coexist  and  are  in  equilibrium 
over  a  distance  h\\ 

(b)  the  lattice  is  homogenized  at  the  equilibrium  con¬ 
centration  Cal', 

(c)  the  liquid  is  present  in  subgrain  boundaries  and  inter¬ 
faces  at  the  equilibrium  concentration  C/„  at  vol  fraction 
Xf,  and 

(d)  for  distances  x  greater  than  hi,  the  matrix  is  gallium 
free. 

Therefore,  a  large  concentration  gradient  exists  atx  — 
hi,  which  drives  gallium  atoms  into  the  gallium-free 
matrix  at  the  beginning  of  stage  2.  This  results  in  a  sub¬ 
sequent  decrease  in  gallium  concentration  in  the  homog¬ 
enized  lattice  for  X  <  /Z|.  Meanwhile,  gallium  atoms  will 
continue  to  diffuse  from  liquid  films  into  adjacent 


Table  II.  Dissolution  Growth  Constants 
Computed  from  Equation  [A6]  (Appendix) 


Temperature 

(K) 

423 

473 

523 

573 

623 

673 

773 

Dissolution 
Constant  y 

0.14 

0.21 

0.24 

0.34 

0.37 

0.47 

0.60 

subgrains  to  make  up  for  the  loss  of  solute  atoms  dif¬ 
fusing  into  the  gallium-free  lattice,  thus  preserving 
equilibrium. 

Appropriate  boundary  conditions  for  the  solid  state  are 
as  follows: 


C(x  >  hi,  0)  =  0 

[18a] 

C(hi,  t)  =  Cal 

[18b] 

C(oo,  0  =  0 

[18c] 

and  the  appropriate  solution  to  Pick’s 

second  law  can  be 

written  as: 


C(jc,  t)  =  Cal  erfc 


X  —  hi 

2VD^t_ 


X  >  hi 


[19] 


Stage  2  will  end  when  the  concentration  in  the  liquid 
films  drops  to  C„;  over  the  distance  /z,.  In  other  words, 
when  the  amount  of  gallium  diffused  into  the  gallium- 
free  matrix  (jc  >  /z,)  is  equal  to  the  excess  amount  of 
gallium  contained  in  the  liquid  boundaries  (/).  This  con¬ 
dition  can  be  written  as: 


{Cia  Cal) 

I  =  hiXiiCia  -  Cal)  =  hoC^Xi  [20] 

Lai 

If  gallium  penetrates  the  lattice  a  distance  /z2  in  stage  2, 
the  excess  gallium  from  stage  1  will  raise  the  concen¬ 
tration  in  this  region  to  approximately  C^,.  It  thus  fol¬ 
lows  that: 


1  =  h2Ca,  [21] 

An  expression  for  (22  can  be  found  by  combining 
Eqs.  [20]  and  [21].  Furthermore,  the  gallium  concentra¬ 
tion  at  this  location  (x  =  hi  +  h2)  must  be  Cail2,  as 
shown  in  Figure  16.  When  this  value  for  concentration 
is  substituted  into  Eq.  [19],  the  time  required  for  stage  2 
(ti)  can  be  calculated.  If  it  is  assumed  that  the  original 
insert  of  100  pet  gallium  is  20  /xm  thick,  and  that  the 


hi 

Fig.  16 — Schematic  diagram  illustrating  the  gallium  concentration 
profile  in  the  lattice  at  the  end  of  stage  2. 
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volume  fraction  of  liquid  is  10”^,  then  the  calculated 
time  to  complete  stage  2  will  vary  from  1 2  hours  (423  K) 
to  40  seconds  (773  K),  as  shown  in  Table  III.  Calculated 
values  for  h2  within  this  temperature  range  do  not  vary 
significantly  from  10  p,m. 


C.  Stage  3:  Solid-State  Homogenization 

Stage  3  involves  solid-state  homogenization  of  a  film 
of  concentration  C„/  and  half- width  /?,  (the  distance  pen¬ 
etrated  in  stage  2  is  neglected).  If  a  long  time  (/j)  is 
needed  for  homogenization,  a  thin  film  solution  can  be 
used  to  describe  stage  3  as: 


C(x,  t)  = 


g---vV4D>pp, 


[22] 


phase  at  the  boundaries  Z,  is  zero.  The  initial  thickness 
(/?o)  was  determined  from  the  concentration  profiles 
(Table  I).  The  equilibrium  concentrations  were  taken 
from  the  phase  diagram  (Figure  1).  Experimental  dif- 
fusivity  values  were  read  directly  from  each  semilog  plot 
(Figures  5  through  12).  When  plotted,  as  shown  in 
Figure  17,  a  correlation  coefficient  of  0.95  is  observed, 
indicating  good  agreement  between  experiment  and 
theory. 

It  is  now  possible,  using  the  correlation  coefficient 
measured  previously,  to  find  the  real  liquid  fraction  in 
stage  1 .  Correcting  the  theoretical  infiltration  distance  by 
the  correlation  factor,  Eq.  [16]  becomes: 

hoCa  Ca 

h,  = - — - =  0.95  ho  —  [24] 

-  CJ  +  C„, 


V.  MODEL  VERIFICATION 

A.  Slope  Change  in  Semilog  Plots 

One  of  the  least  expected  features  of  the  experimental 
data  was  the  occurrence  of  a  change  in  slope  on  every 
semilog  plot  for  temperatures  below  723  K.  This  change 
in  slope  occurred  at  a  distance  h^^^  measured  from  the 
original  interface.  This  section  attempts  to  correlate  the 
three-stage  model  described  previously  with  this  ob¬ 
served  phenomenon. 

The  semilog  plots  (Figures  5  through  1 2)  take  into  ac¬ 
count  the  total  experimental  time  t  (24  and  48  hours), 
which  can  now  be  written  as  follows: 

t  =  ti  +  t2  +  t}  [23] 

where  ti,  tj,  and  t-^  are  the  times  needed  to  achieve  the 
three  respective  stages.  Furthermore,  since  f,  is  much 
smaller  than  t2  or  t-^,  it  can  be  neglected  (recall  that  t, 
was  calculated  to  be  on  the  order  of  20  to  200  seconds 
in  duration).  Thus,  the  slope  of  the  semilog  plots,  which 
should  be  represented  by  [dD^pptj]"'  according  to 
Eq.  [22],  is  actually  represented  by  a  slope  [4Dapp(/2  + 
r3)]“‘  in  the  region  x  <  h^.  At  low  temperatures,  t2  may 
be  very  large  (Table  III),  and  a  long  stage  2  will  delay 
the  moment  when  stage  3  is  initiated.  Thus,  the  differ¬ 
ence  in  time  required  for  stage  2  is  believed  responsible 
for  the  change  in  slope  of  the  semilog  plots.  This  change 
in  slope  did  not  take  place  at  higher  temperatures 
(Eigures  5  and  6)  because  the  time  interval  is  negli¬ 
gible  compared  to  the  overall  experiment  time  at  these 
temperatures. 

B.  Infiltration  Distance 

One  simple  and  efficient  way  to  check  the  model  is 
to  compare  experimental  and  theoretical  infiltration  dis¬ 
tances  for  stage  1.  The  theoretical  distance  was 
computed  assuming  that  the  volume  fraction  of  the  liquid 


and  solving  for  X/  provides: 


/0.05\  C„; 

VO.95/  (C,„  -  C„,) 


[25] 


Values  for  liquid  fraction  calculated  using  Eq.  [25]  are 
shown  in  Table  IV. 


VI.  CONCLUSIONS 

The  concept  of  using  a  liquid  phase  to  accelerate 
atomic  transport  and  facilitate  joining  of  an  Al-SiC  com¬ 
posite  has  been  demonstrated.  However,  the  transport 
mechanism  was  found  to  be  quite  different  from  earlier 
ones  formulated  for  TLP  joining  of  homogeneous  ma¬ 
terial.  This  difference  appears  to  arise  from  the  nature 


0  100  200  300  400 


Theoretical  Penetration  (10'*  m) 

Fig.  17 — Comparison  between  computed  and  measured  stage  1  gal¬ 
lium  infiltration  distance  (/!,). 


Table  IV.  Calculated  Volume  Fraction  of 
Table  III.  Time  ti  Needed  to  Complete  Stage  2  Liquid  Phase  as  a  Function  of  Temperature 


Temperature 

(K)  423  473 

300  673  773 

Temperature 

(K) 

423 

473 

573 

673 

773 

Time  u  12  hours  4.5  hours 

1  hour  20  minutes  40  seconds 

X,-  10““ 

0.62 

0.67 

0.75 

0.87 

1 
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of  the  composite.  The  following  conclusions  were 

drawn: 

1 .  The  presence  of  short-circuit  paths  for  diffusion  such 
as  grain  boundaries,  subgrain  boundaries,  disloca¬ 
tions,  and  ceramic/matrix  interfaces  enhanced 
diffusion. 

2.  Short-circuit  diffusion  dominated  atomic  transport 
up  to  723  K,  with  an  activation  energy  as  low  as 
35  kJ/mol  (8.35  kcal/mol). 

3.  The  activation  energy  for  the  interdiffusion  coeffi¬ 
cient  of  gallium  in  aluminum  was  measured  to  be 
120  kJ/mol  (28.8  kcal/mol),  consistent  with  the 
value  of  122  kJ/mol  (29.24  kcal/mol)  reported  in  the 
literature.'^'’' 

4.  The  joining  mechanism  appeared  to  occur  in  three 
successive  stages: 

Stage  1 — Rapid  (seconds)  infiltration  of  the  liquid 
phase  until  the  original  interlayer  is  depleted,  and  si¬ 
multaneous  homogenization  of  the  solid  matrix.  Pen¬ 
etration  distance  is  dependent  upon  temperature  and 
initial  interlayer  thickness. 

Stage  2 — Depletion  of  the  liquid  phase  from  grain 
boundaries  and  interfaces.  The  duration  of  this 
second  stage  is  dependent  upon  the  temperature  and 
interlayer  thickness.  Completion  of  this  stage  is  cru¬ 
cial  in  reducing  the  potential  for  liquid  metal 
embrittlement. 

Stage  3 — Homogenization  in  the  solid  state. 

5.  This  study  has  a  direct  and  practical  application.  The 
presence  of  a  liquid  phase  and  numerous  high- 
diffusivity  paths  enables  the  joining  of  aluminum-SiC 
composites  at  temperatures  as  low  as  423  K  (below 
the  aging  temperature  of  the  matrix),  and  in  times 
less  than  typical  aging  times.  Conceivably,  the  aging 
treatment  and  joining  process  could  be  performed 
simultaneously. 

6.  This  transport  mechanism  for  composites  should 
apply  equally  well  to  more  common  aluminum  braz¬ 
ing  alloys  such  as  Al-Ge,  Al-Zn,  and  Al-Si  eutectic 
liquids. 


NOMENCLATURE 

binary  solute  concentration 
solute  concentration  in  original  predeposited 
film 

t  time  coordinate 

D,,  D,  solute  diffusivity  in  liquid  and  solid 
ha  half-thickness  of  original  predeposited  solute 

film 

^  position  of  solid/liquid  interface  {x  direction) 

y  growth  constant 

C/„  solute  concentration  at  a  liquidus 

Cal  solute  concentration  at  a  solidus 

Dapp  apparent  solute  diffusivity 

/Zexp  location  of  experimentally  observed  slope 

change  on  semilog  plots 

/2,i,eo  location  of  theoretically  predicted  slope 
change  on  semilog  plots 
T  liquid  residence  time 

8  thickness  of  liquid  film  at  grain  boundaries 

X,  y  Cartesian  coordinates 


fti,  h2, 
h-i 

t],  hr  h 
Xi 

I 

3 xr  3y 

D 


maximum  penetration  distance  (j:  direction) 
for  stages  1  through  3 

time  required  to  complete  stages  1  through  3 

volume  fraction  of  liquid  phase 

excess  solute  content 

flux  of  solute  in  x:  and  y  directions 

interdiffusion  coeffieient 


APPENDIX 

Four-stage  model  for  transient  liquid 
phase  joining'^' 

Stage  1.  Initial  and  boundary  conditions  are  shown  in 
Figure  2(a).  Assuming  unidimensional  diffusion  and 
using  the  interdiffusion  coefficient/?,  Fick’s  second  law 
can  be  written  as: 

dC 

—  =  [Al] 

dt  dh 

where  C  represents  the  concentration  of  B  atoms,  and 
the  distance  normal  to  the  interface,  x,  is  measured  from 
the  initial  median  line  of  the  interlayer.  The  solution  as- 
soeiated  with  these  boundary  conditions  is: 

C{x,  t)  =  [A2] 

VDtt/ 

Stage  2.  This  second  stage  involves  analysis  of  dif¬ 
fusion  in  a  system  with  moving  boundaries'^®'  and  is  a 
derivative  of  Stefan’s  problem.'^’'  The  following  as¬ 
sumptions  apply:  (1)  unidimensional  diffusion,  (2)  static 
liquid  with  no  convection,  (3)  constant  diffusion  coef¬ 
ficient,  (4)  equilibrium  at  the  solid/liquid  interface,  and 
(5)  semi-infinite  medium.  The  concentration  profile 
during  this  stage  must  account  for  both  solid  and  liquid 
diffusion  and,  hence,  two  variants  of  Fick’s  second  law 
are  needed.  If  i  is  defined  as  the  position  of  the  interface 
at  a  time  t  during  the  second  stage  (Figure  2(b))  and  is 
measured  from  the  position  of  the  original  interface,  it 
can  be  written  as: 


dC 

d^C 

=  A  — 

(x  <  0 

[A3a] 

dt 

dx^ 

dC 

d^C 

(x  >  0 

[A3b] 

where  D,  and  are  diffusion  coefficients  in  the  liquid 
and  solid  state,  respectively.  Conservation  of  matter 
must  also  be  satisfied: 


(C,„-C„,)-=  -A 

dt 


=  +D 


rhe  general  solution  obeys  a  regular  diffusion  law; 

^  =  272  Vd4  [A5] 

ivhere  72  is  a  growth  constant  and  can  be  determined 
independently: 

72=  - L  [a6] 

\Cia  -  Cat/  1  +  erf  (72) 

For  a  large  D,/D^  ratio. 
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It  is  now  easy  to  get  the  time  required  for  homoge¬ 
nization  of  the  liquid  phase  by  rewriting  Eq.  [A5]: 


Ay\D, 

where  is  the  maximum  width  attained  by  the  liquid 
film. 

Stage  3.  Boundary  conditions  are  given  in  Figure  2(c). 
Pick’s  second  law  for  the  solid  and  the  liquid,  respec¬ 
tively,  yields  the  following  equations: 


liquid:  —  =  0 
dx 

The  solute  balance  provides: 


d"C 

6 

=  D,—  (x>-e) 

dx 

[A8a] 

7 

dC 

=  0  ix<-^) 

dx 

[A8b] 

8 

dC 

-D,— 

dx 


The  general  solution,  if  equilibrium  is  assumed,  can  be 
written  as: 

^=2y,Vi^t  [AlO] 

and  73  is  found  as  before; 

C,„  -  C,  e'”  1 

73  =  — - ^  [All] 

C,„-C„;l  +erf(73)v^ 

The  time  for  stage  3  takes  a  form  similar  to  that  for 
stage  2,  except  that  the  kinetics  of  the  process  are  now 
controlled  by  diffusion  in  the  solid: 


Stage  4.  This  stage  involves  solid  state  homogenization 
and  is  described  by  a  thin  film  solution  similar  to 
stage  1: 

=  [A  13] 

IVDTTt 

where  /Zen  is  the  effective  film  thickness  at  the  beginning 
of  stage  4. 
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The  Effect  of  Substrate  on  the 
Microstructure  and  Creep  of  Eutectic  In-Sn 


J.L.  FREER  GOLDSTEIN  and  J.W.  MORRIS,  Jr. 

This  study  was  conducted  in  order  to  determine  and  understand  the  effect  of  substrate  on  the 
behavior  of  eutectic  In-Sn.  Samples  for  mechanical  testing  were  produced  with  either  bare  Cu 
or  Ni  on  Cu  substrates.  Both  the  microstructure  and  the  mechanical  behavior  are  strongly  de¬ 
pendent  on  substrate.  When  eutectic  In-Sn  is  joined  to  bare  Cu,  Cu  diffusion  into  the  joint 
causes  the  alloy  to  become  off-eutectic,  giving  a  nonuniform  and  irregular  microstructure.  The 
addition  of  a  layer  of  Ni  acts  as  a  diffusion  barrier,  preventing  Cu  diffusion  sufficiently  such 
that  a  uniform,  normal  colony-based  eutectic  forms.  Deformation  is  more  uniform  in  the  In-Sn 
on  Ni,  while  it  is  concentrated  along  the  length  of  the  joint  in  the  In-Sn  on  Cu.  This  distinction 
is  reflected  in  the  different  shapes  of  shear  stress-strain  curves  between  In-Sn  on  Cu  and  In-Sn 
on  Ni.  The  stress  exponents  and  activation  energies  for  creep  also  vary  with  substrate.  Creep 
deformation  is  governed  by  the  In-rich  /3  phase  for  In-Sn  on  Cu  and  by  the  Sn-rich  y  phase  for 
In-Sn  on  Ni.  If  In-Sn  on  Ni  samples  are  aged,  the  microstructure  coarsens  and  the  mechanical 
behavior  changes  to  resemble  that  of  the  as-cast  In-Sn  on  Cu. 


I.  INTRODUCTION 

Eutectic  in-sn  is  often  used  as  a  solder  for  ap¬ 
plications  in  which  a  low-melting-point  alloy  is  required. 
It  has  been  observed*'^  that  poor-quality  solder  joints 
result  when  soldering  In-Sn  directly  to  a  copper  sub¬ 
strate,  due  to  rapid  diffusion  of  Cu  into  the  In-rich  alloy. 
Eor  this  reason,  a  layer  of  Ni  is  generally  used  as  a  dif¬ 
fusion  barrier.  However,  no  detailed  studies  have  been 
conducted  to  understand  exactly  what  effect  the  Ni  layer 
has  on  the  microstructure  and  mechanical  behavior  of  the 
In-Sn  alloy.  The  purpose  of  this  study  is  to  determine 
and  understand  the  effect  of  substrate  on  eutectic  In-Sn 
by  examining  In-Sn  on  Cu  and  In-Sn  on  Ni. 

In-Sn  alloys  have  low  strength,  high  ductility,  and 
correspondingly  low  creep  resistance  as  compared  to 
standard  soft  solders,  such  as  Sn-Pb.  Relatively  little  re¬ 
search  has  been  done  on  In-Sn.  In  particular,  mechanis¬ 
tic  studies  of  the  mechanical  behavior  and  its  correlation 
with  the  microstructure  are  absent. 

The  In-Sn  binary  phase  diagram  is  shown  in  Figure  1 . 
The  eutectic,  with  a  melting  point  of  120  °C,  is  com¬ 
posed  of  two  intermediate  phases.  The  primitive  hex¬ 
agonal  y  phase  is  a  Sn-rich  random  solid  solution.  The 
fi  phase  has  a  tetragonal  crystal  structure,  but  there  is 
some  question  as  to  the  arrangement  of  In  and  Sn  atoms 
in  the  structure.  There  is  probably  partial  ordering,  but 
the  phase  is  not  a  true  ordered  intermetallic  compound. 
Both  the  y  and  fi  phases  are  relatively  soft  and  ductile 
and  have  wide  solubility  ranges,  in  contrast  to  the  be¬ 
havior  expected  for  ordered  intermetallics.  The  compo¬ 
sition  of  the  y  phase  of  the  eutectic  does  not  change 
much  as  the  alloy  is  cooled.  The  composition  of  the  fi 
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phase,  however,  varies  from  44  at.  pet  at  the  eutectic 
temperature  to  30  at.  pet  at  25  °C. 


II.  EXPERIMENTAL  PROCEDURE 

The  samples  used  for  mechanical  testing  and  micro- 
structural  analysis  are  modified  double-lap  shear  samples 
(Figure  2).  The  design  of  the  samples  is  such  that  when 
the  entire  sample  is  pulled  in  tension,  the  central  gage 
region  is  deformed  in  shear.  The  effective  shear  stress 
(t)  and  shear  strain  (y)  on  the  In-Sn  in  the  gage  region 
are  expressed  by  the  following  equations: 

T  =  P/(x*  h)  [1] 

y  =  Ax/w  [2] 

where  P  is  the  load  on  the  sample,  x  is  the  length  of  the 
joint  (central  gage  section  length),  h  is  the  sample  thick¬ 
ness,  Ax  is  the  displacement  along  the  joint  length,  and 
w  is  the  width  of  the  joint.  The  values  of  x  and  h  varied 
from  sample  to  sample,  with  x  between  5.8  and  8.4  mm 
and  h  between  1.1  and  1.9  mm.  For  all  samples,  the 
value  of  w  was  fixed  at  0.5  mm.  For  simplicity,  further 
references  to  deformation  in  a  sample  or  a  joint  will 
always  imply  deformation  within  the  central  gage 
region.  The  shear  stress  and  shear  strain  are  uniform 
throughout  most  of  the  gage  region.  Concentrations  of 
both  stress  and  strain  exist  at  the  comers  marked  “x”  in 
Figure  3(a). Extensive  deformation  results  in  a  shear¬ 
ing  of  the  sample  in  the  manner  shown  schematically  in 
Figure  3(b). 

All  samples  were  made  using  Cu  blocks,  which  were 
immersed  into  molten  solder,  solidified  and  machined  to 
produce  samples  (Figure  2).  For  the  In-Sn  on  Ni  sam¬ 
ples,  the  Cu  was  plated  with  about  8  /^m  of  Ni  before 
immersion  into  the  solder.  Details  of  the  method  used  to 
manufacture  the  samples  have  been  published  else¬ 
where.  One  major  difference  between  the  current 
method  and  that  described  in  Reference  4  is  in  the 
metallographic  preparation.  The  current  method  involves 
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Fig,  1  —  In-Sn  phase  diagram. "-’i 


Fig.  2  —  Drawing  of  the  modified  double-lap  shear  sample. 


first  mounting  the  samples  in  an  acrylic  mount  before 
polishing,  using  a  silicon  mold  release  on  the  mounting 
holder  and  the  sample.  Mounting  is  required  because  the 
extreme  softness  of  the  In-Sn  alloy  causes  it  to  be 
worked  into  a  depression  between  the  copper  plates  if 


Fig.  3  —  Drawing  of  the  central  region  of  the  modified  double-lap 
shear  sample,  showing  concentrations  of  stress  and  strain,  marked  by 
“x”  (a)  before  testing  and  (b)  schematic  of  deformation  due  to  shear 
strains. 


mechanical  polishing  is  done  on  an  unmounted  sample. 
Acrylic  was  chosen  as  the  mounting  material  because  it 
cures  relatively  quickly  (in  30  to  40  minutes)  at  room 
temperature  without  significant  temperature  increase  and 
can  be  separated  from  the  sample  after  polishing.  Sep¬ 
aration  requires  machining  the  acrylic  from  the  sides  of 
the  mounted  sample  and  then  prying  the  sample  away 
from  the  remaining  acrylic.  The  advantage  of  this 
method  over  the  previous  one,  in  which  sections  were 
cut  and  mounted  from  tested  samples,  is  that  the  micro¬ 
structure  in  the  same  region  of  a  single  sample  can  be 
examined  before  and  after  testing.  Also,  polishing  the 
sample  before  testing  allows  for  examination  of  the  sur¬ 
face  relief  developed  in  an  as-tested  sample,  showing 
where  deformation  is  concentrated. 

Samples  were  tested  under  both  creep  (constant  load) 
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and  constant-strain-rate  conditions.  Test  temperatures 
were  between  0  °C  and  75  °C  for  creep  tests,  with  ap¬ 
plied  stresses  ranging  from  1  to  12  MPa.  Constant- 
strain-rate  tests  were  run  at  40  °C  at  applied  strain  rates 
between  2  x  10”'*  and  8  x  10“*  mm/mm/s. 

Creep  data  are  presented  in  the  form  of  log-log  plots 
of  steady-state  strain  rate  applied  stress  and  are  ana¬ 
lyzed  in  terms  of  the  power-law  creep  equation,  shown 
below,  which  describes  the  effect  of  stress  and  temper¬ 
ature  on  the  steady-state  creep  rate. 

dyjdt  =  At''  exp  {-QikT)  [3] 

The  pre-exponential  factor,  A,  is  a  microstructural  pa¬ 
rameter  roughly  independent  of  stress  and  temperature, 
n  is  the  stress  exponent,  and  Q  is  the  apparent  activation 
energy  for  creep.  Evaluation  of  n  and  Q  can  often  help 
identify  the  dominant  mechanism  of  creep  deformation 
for  a  given  system  and  range  of  experimental  conditions. 
The  activation  energy  for  creep  of  each  type  of  sample 
was  determined  by  using  multivariable  linear  regression 
to  fit  all  stress,  temperature,  and  strain-rate  data  to  a 
single  equation  of  the  form 

Y  =  m^x^  +  m2X2  +  b  [4] 

In  this  case,  T  =  In  {dy/dt),  x,  =  In  (t),  Xj  =  I/T, 
m,  =  n,  m2  =  -Q/k,  and  =  In  (A). 

Some  samples  were  aged  at  81  °C  (0.9  TJ  to  inves¬ 
tigate  the  effect  of  aging  on  the  microstructure  and  to 
observe  better  the  intermetallic  compounds  formed  at  the 
interface  between  the  In-Sn  alloy  and  the  substrate. 

III.  RESULTS 

A.  Microstructure 

The  microstructure  of  eutectic  In-Sn  depends  strongly 
on  the  substrate.  In-Sn  on  Cu  (Figure  4(a))  has  an  ir¬ 
regular  microstructure,  the  scale  and  morphology  of 
which  varies  throughout  the  joint.  No  well-developed  la¬ 
mellar  structure  exists,  although  lamellae  form  in  iso¬ 
lated  regions.  Many  large  dendrites  of  the  Sn-rich  y 
phase  are  also  observed.  The  y  phase  is  discontinuous, 
implying  that  the  y-phase  regions  are  imbedded  in  a 
matrix  of  the  P  phase.  The  microstructure  of  In-Sn  on 
Ni  is  quite  different  (Figure  4(b)).  The  eutectic  phases 
are  arranged  in  lamellar  colonies,  in  a  microstructure 
which  is  much  more  uniform.  No  large  regions  of  either 
phase  are  present,  and  neither  phase  seems  to  form  a 
continuous  matrix. 

The  intermetallic  layer  at  the  solder-substrate  interface 
naturally  varies  with  substrate.  In-Sn  on  Cu  forms  ter¬ 
nary  intermetallics.  These  have  been  discussed  else¬ 
where. The  intermetallic  region  is  actually  composed 
of  two  layers,  with  a  layer  of  CujIujSn  on  the  solder  side 
and  a  layer  of  Cu2(Sn,In)  on  the  Cu  side  of  the  interface. 
A  scanning  electron  microscope  (SEM)  micrograph  and 
accompanying  X-ray  images  of  the  intermetallic  region 
of  an  In-Sn  on  Cu  sample  are  shown  in  Figure  5.  In-Sn 
on  Ni  samples  develop  a  ternary  In-Sn-Ni-intermetallic 
layer,  though  its  stoichiometry  has  not  been  determined. 
It  is  possible  that  this  intermetallic  is  composed  of  two 
layers,  as  well.  The  intermetallic  region  is  too  thin  to  be 
seen  clearly  in  the  SEM. 
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(b) 


Fig.  4  —  Optical  micrographs  of  untested  In-Sn  samples  on  (a)  bare 
Cu  and  (b)  Ni  substrates.  The  Sn-rich  y  phase  appears  light  and  the 
In-rich  /3  phase  appears  dark. 


Deformation  in  all  samples  begins  at  the  comers 
where  stress  and  strain  are  concentrated,  but  the  manner 
in  which  it  spreads  can  vary.  In-Sn  on  Ni  samples  show 
surface  relief  throughout  the  width  and  length  of  the 
sample,  though  the  most  severe  deformation  is  often 
within  particular  colonies.  The  deformation  pattern  for 
In-Sn  on  Cu  is  much  more  concentrated,  following  in  a 
band  along  the  length  of  the  joint.  These  differences  are 
illustrated  in  Figures  6  and  7.  For  all  samples,  some 
minimum  amount  of  strain  is  required  to  induce  visible 
surface  relief. 

Aging  has  no  visible  effect  on  the  microstracture  of 
In-Sn  on  Cu.  In-Sn  on  Ni  samples  aged  for  two  months 
at  81  °C  show  remarkable  microstructural  changes.  No 
trace  of  the  as-cast  colony  microstmcture  remains.  In¬ 
stead,  the  microstructure  throughout  the  joint  has 
evolved  into  what  appear  to  be  islands  of  y  phase  in  a 
matrix  of  the  /3  phase,  similar  to  the  situation  in  In-Sn 
on  Cu.  The  micrograph  in  Figure  8  is  that  of  an  In-Sn 
on  Ni  sample  after  aging,  which  illustrates  the  dramatic 
effect  of  aging  on  the  microstructure. 

B.  Creep  Data 

Log-log  plots  of  steady-state  strain  rate  V5  applied 
shear  stress  for  In-Sn  on  Cu  and  In-Sn  on  Ni  appear  in 
Figures  9(a)  and  (b).  The  data  fit  very  well  to  straight 
lines  for  all  temperatures  tested.  Stress  exponents  are 
near  3  for  samples  on  Cu  and  close  to  5  for  samples  on 
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Fig.  5  —  (a)  SEM  micrograph  of  In-Sn  on  Cu  and  corresponding 
X-ray  images  of  (b)  Cu.  (c)  Sn,  and  (d)  In. 


Ni  and  are  relatively  constant  with  temperature.  Due  to 
the  difference  in  stress  exponents,  the  Cu  and  Ni  data 
lines  at  a  given  temperature  will  cross.  Therefore,  at 
high  stresses,  the  creep  rate  of  Ni  samples  is  generally 
higher  than  the  creep  rate  for  Cu  samples  at  the  same 
stress,  whereas  at  lower  stresses  the  opposite  is  true.  Ac¬ 
tivation  energies  for  creep  of  the  two  systems  calculated 
using  Eq.  [4]  resulted  in  Q  =  0.73  eV  for  In-Sn  on  Cu 
and  Q  =  1.04  eV  for  In-Sn  on  Ni. 

Creep  testing  of  an  aged  In-Sn  on  Ni  sample  at  65  °C 
gave  a  stress  exponent  of  3.4.  The  strain  rate  vj  stress 
data  follow  the  same  curve  as  the  data  for  In-Sn  on  Cu 
samples  at  the  same  test  temperature  (Figure  10)  The 
creep  behavior  of  In-Sn  on  Cu  does  not  change  with 
aging. 


C.  Stress-Strain  Data 

The  stress  vs  strain  plots  for  In-Sn  on  Cu  and  In-Sn 
on  Ni  are  qualitatively  different.  The  stress  rises  quickly 
to  a  maximum  in  both  cases,  but  In-Sn  on  Cu  samples 
subsequently  experience  an  approximately  logarithmic 
decay  in  the  stress,  while  for  In-Sn  on  Ni  the  stress  re¬ 
mains  fairly  constant.  Figure  1 1  shows  stress-strain 
curves  for  both  types  of  samples  at  several  applied  strain 
rates.  There  are  significant  differences  in  the  maximum 
stresses.  For  example,  an  In-Sn  on  Ni  sample  with  an 
applied  strain  rate  of  5.4  x  10^‘‘/s  had  a  peak  stress  of 
5.4  MPa,  whereas  the  peak  stress  for  a  Cu  sample  tested 
at  a  similar  strain  rate  was  10.6  MPa. 

There  is  a  definite  correlation  between  creep  and 
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(a) 


(b) 

Fig.  6  —  Optical  micrograph.s  of  In-Sn  on  Cu  sample  (a)  before  and 
(b)  after  testing.  The  dark  region  along  the  bottom  of  the  joint  shows 
concentrated  deformation. 


constant-strain-rate  tests,  as  shown  in  Figure  12.  The 
creep  data  are  steady-state  strain  rate  vs  applied  stress, 
as  before,  and  the  stress-strain  data  are  presented  as  ap¬ 
plied  strain  rate  vi  peak  stress.  Data  from  both  types  of 
tests  lie  on  the  same  line  for  samples  on  both  substrates. 


IV.  IMPLICATIONS 

A.  Microstructure 

The  microstructure  of  In-Sn  is  severely  affected  by  the 
substrate.  It  appears  that  the  diffusion  of  Cu  into  the 
samples  without  a  Ni  diffusion  barrier  is  significant 
enough  to  disturb  the  formation  of  the  eutectic  structure. 
Cu  diffuses  into  the  In-Sn  while  it  is  still  liquid.  Due  to 
the  relatively  slow  cooling  rate  used,  the  alloy  remains 
in  the  liquid  state  for  several  minutes.  If  the  solder  is 
now  an  off-eutectic  ternary  alloy,  that  would  explain  the 
observed  microstructure.  Unfortunately,  no  ternary- 
phase  diagrams  are  available  for  In-Sn-Cu  in  the  low-Cu 
region.  Therefore,  differential  scanning  calorimetry 
(DSC)  tests  were  run  on  In-Sn  pieces  taken  from  both 
In-Sn  on  Cu  and  In-Sn  on  Ni  samples  to  determine  the 
effect  of  the  substrate  on  solidification.  Results  showed 
a  large  peak  at  the  eutectic  temperature  for  both  samples. 
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Fig.  7  —  Optical  micrographs  of  In-Sn  on  Ni  sample  (a)  before  and 
(b)  after  testing.  The  dark  regions  show  concentrated  deformation 
within  two  colonies. 


Fig.  9 — Log-log  plots  of  creep  data  (steady-state  strain  rate  vi 
applied  stress)  for  (a)  In-Sn  on  Cu  and  (fc)  In-Sn  on  Ni,  tested  at  a 
variety  of  temperatures. 


Tested  at  65  °C 


•  Cu  (unaged) 
o  Ni  (unaged) 
A  Ni  (aged) 


top  p  m 


Fig.  8  —  Optical  micrograph  of  In-Sn  on  Ni  sample  aged  for  2  months 
at  81  °C.  The  Sn-rich  y  phase  appears  light  and  the  In-rich  13  phase 
appears  dark. 


stress  (MPa) 

Fig.  10 — Log-log  plots  of  creep  data  for  unaged  In-Sn  on  Cu,  unaged 
In-Sn  on  Ni,  and  aged  In-Sn  on  Ni. 
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Fig.  1 1  — Engineering  stress-strain  curves  for  In-Sn  on  Cu  and  In-Sn 
on  Ni.  Applied  strain  rates  are  given  on  the  plot  for  each  curve.  All 
samples  were  tested  at  40  °C. 


*<3 

u 
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Fig.  12  —  Correlation  between  creep  and  constant-strain-rate  data  for 
(a)  In-Sn  on  Cu  and  (b)  In-Sn  on  Ni.  Creep  data  is  presented  as 
steady-state  strain  rate  vi  applied  stress,  and  constant-strain-rate  data 
are  presented  as  applied  strain  rate  vi  peak  stress. 


with  an  additional  smaller  peak  at  higher  temperature  for 
the  In-Sn  on  Cu.  These  results  confirm  the  hypothesis 
that  the  In-Sn  on  Cu  is  off-eutectic.  Dendrites  of  the  Sn- 
rich  y  phase  solidify  first,  and  subsequent  nucleation  of 
the  eutectic  near  the  y  dendrites  is  coarse  and  irregular. 
Regions  of  the  In-Sn  far  removed  from  y  dendrites  so¬ 
lidify  in  a  fairly  normal  manner,  thus  producing  some 
lamellar  regions  in  the  joint.  The  regions  of  very  fine 
eutectic  structure  are  large  jS-phase  regions  in  which  la¬ 
mellae  of  the  y  phase  have  precipitated  during  cooling. 
This  is  a  result  of  the  variation  in  composition  of  the  P 
phase  with  temperature,  as  mentioned  earlier. 

The  8-jU,m  layer  of  Ni  in  the  Ni-plated  samples  is  suf¬ 
ficient  to  prevent  diffusion  of  Cu  into  the  joint.  This 
effect  is  expected,  because  a  previous  study  showed  that 
a  2-ixm  layer  of  Ni  deposited  on  a  Cu  substrate  under¬ 
neath  a  coating  of  a  Sn-bearing  alloy  was  sufficient  to 
prevent  formation  of  Cu-Sn  intermetallics.'*’'  Ni  diffuses 
much  more  slowly  than  does  Cu  into  liquid  In-Sn,  so 
only  trace  quantities  of  Ni  reach  the  In-Sn.  Therefore, 
no  obstacles  exist  to  prevent  the  formation  of  a  normal, 
colony-based  eutectic  microstructure. 

The  effect  of  aging  on  the  microstructure  can  be  ex¬ 
plained  as  a  result  of  simple  coarsening.  The  fine, 
lamellar  eutectic  of  the  In-Sn  on  Ni  samples  is  inherently 
unstable,  due  to  the  high  interfacial  energy  of  the  many 
interphase  boundaries  between  the  lamellae.  When  ex¬ 
posed  to  a  high  temperature,  the  phases  will  rearrange 
to  lower  their  interfacial  energy  by  reducing  the  number 
of  interphase  boundaries.  This  reduction  is  done  not 
merely  by  coarsening  the  lamellar  structure  but  also  by 
spheroidization  of  the  y-phase  regions,  toward  a  geom¬ 
etry  with  the  lowest  possible  surface-to-volume  ratio. 
The  microstructure  of  the  In-Sn  on  Cu  does  not  coarsen 
in  this  manner  because  it  is  fairly  coarse  in  the  as-cast 
condition  and,  therefore,  has  a  much  lower  interfacial 
energy  and  insufficient  driving  force  to  cause  noticeable 
rearrangement  of  the  phases  under  the  aging  conditions 
of  this  study. 

B.  Mechanical  Behavior 

The  creep  data  can  be  interpreted  in  terms  of  possible 
mechanisms  for  creep  deformation  in  the  two  systems. 
The  power  law  creep  equation  (Eq.  [3])  is  used  to  ex¬ 
plain  several  creep  mechanisms,  among  them  dislocation 
creep  controlled  by  diffusion.  When  diffusion  in  the  lat¬ 
tice  dominates,  as  opposed  to  diffusion  in  dislocation 
cores  or  along  grain  boundaries,  the  stress  exponent  is 
generally  between  3  and  7.  The  activation  energy  for 
creep  is  equal  to  the  activation  energy  for  bulk  self¬ 
diffusion  in  the  case  of  a  pure  metal.  For  creep  of  two- 
phase  alloys,  the  activation  energy  is  often  equal  to  the 
activation  energy  for  creep/ self-diffusion  of  the  domi¬ 
nant  phase,  assuming  that  one  phase  dominates  the  creep 
deformation.  In  fine-grained  materials,  grain-boundary 
sliding  can  dominate  over  dislocation  motion.  In  this 
case,  the  stress  exponent  drops  to  between  2  and  3  and 
the  activation  energy  becomes  equal  to  the  activation 
energy  for  grain-boundary  diffusion. 

The  data  obtained  in  this  study  point  strongly  to 
diffusion-controlled  dislocation  creep  as  a  likely  creep 
mechanism.  The  stress  exponents  for  In-Sn  on  Ni  have 
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a  mean  value  near  5  and  those  for  In-Sn  on  Cu  are  all 
near  3,  as  mentioned  previously.  Studies  on  creep  of  the 
pure  elements  gave  stress  exponents  near  7  for  both  tini’' 
and  indium. While  the  stress  exponent  for  In-Sn  on  Ni 
is  below  these  values,  it  is  still  within  the  range  for  dis¬ 
location  climb-controlled  creep.  An  explanation  for  the 
lower  stress  exponent  of  In-Sn  on  Cu  can  be  found  by 
examining  research  on  aluminum.  Bradley’^'  tested  A1 
alloys  at  constant  strain  rate  and  found  the  strain-rate 
sensitivity  to  be  near  0.15  for  pure  A1  and  near  0.3  for 
Al-2.9Mg.  The  strain-rate  sensitivity  is  the  inverse  of  the 
stress  exponents,  so  the  corresponding  stress  exponent 
would  be  near  7  for  A1  and  3  for  Al-Mg.  The  Al-Mg 
alloy  is  a  solid  solution,  similar  to  the  /3  and  -y  phases 
in  eutectic  In-Sn.  Reasons  for  the  difference  in  behavior 
between  In-Sn  on  Cu  and  on  Ni  will  be  made  clearer  in 
the  discussion  of  activation  energies. 

Literature  values  for  bulk  self-diffusion  activation 
energies  of  In  and  Sn  are  0.78"'”  and  1.08  eV,"'-'^'  re¬ 
spectively.  The  result  of  0.73  eV  for  creep  of  In-Sn  on 
Cu  compares  favorably  to  the  value  for  pure  In,  and  the 
result  of  1.04  eV  for  creep  of  In-Sn  on  Ni  is  remarkably 
similar  to  that  for  self-diffusion  of  pure  Sn.  Kaur  et 
have  surveyed  the  available  data  on  grain-boundary  dif¬ 
fusion  in  Sn  and  found  reliable  activation  energies  rang¬ 
ing  from  0.41  to  0.464  eV.  These  values  are 
significantly  below  the  activation  energies  calculated  for 
creep  of  In-Sn,  implying  that  grain-boundary  sliding  is 
not  dominant  in  either  system.  One  factor  complicating 
the  determination  of  creep  mechanisms  for  eutectic 
In-Sn  is  the  fact  that  the  alloy  is  composed  of  inter¬ 
mediate  phases  rather  than  terminal  solid  solutions,  as 
mentioned  earlier.  Therefore,  it  is  likely  that  the  diffu- 
sivity  within  these  phases  will  not  be  equal  to  the  dif- 
fusivities  of  either  of  the  pure  elements.  Diffusion  data 
for  In-Sn  alloys  are  scarce.  One  reference  reports  dif¬ 
fusion  of  indium  within  a  Sn-rich  (1  to  8  at.  pet  In)  y' 
phase,  located  between  the  eutectic  y  phase  and  pure  Sn 
on  the  phase  diagram."'”  Their  data  indicate  an  activa¬ 
tion  energy  of  0.75  eV  for  diffusion  along  twist 
boundaries. 

The  calculated  activation  energy  for  creep  of  In-Sn  on 
Cu  is  similar  to  activation  energies  for  both  self¬ 
diffusion  of  In  and  diffusion  of  In  through  the  y  phase. 
Consequently,  it  is  impossible  to  determine  from  these 
data  alone  which  phase  is  controlling  the  creep.  How¬ 
ever,  because  the  microstructure  appears  to  consist  of 
y-phase  regions  in  a  ^-phase  matrix,  it  is  reasonable  to 
presume  that  the  (3  phase  dominates  the  creep  defor¬ 
mation.  The  islands  of  y  phase  are  discontinuous  and  do 
not  control  the  deformation  but  are  swept  along  in  the 
flow  of  the  /3  phase.  For  In-Sn  on  Ni,  the  data  strongly 
suggest  that  the  Sn-rich  y  phase  is  controlling  the  creep 
behavior.  In  the  lamellar  eutectic  microstructure,  the  two 
phases  are  strongly  coupled  and  the  deformation  is  dom¬ 
inated  by  the  harder  phase.  Creep  controlled  by  tbe  Sn- 
rich  phase  is  also  supported  by  creep  data  on  pure  Sn,"' 
in  which  the  authors  found  an  activation  energy  for  creep 
of  1.0  eV,  similar  to  the  activation  energy  for  creep  of 
In-Sn  on  Ni. 

The  correlation  between  creep  and  constant-strain-rate 
data  is  important  but  not  surprising.  The  In-Sn  alloy  is 


tested  at  a  high  homologous  temperature  and  will  natu¬ 
rally  creep  (i.e.,  undergo  time-dependent  plastic  defor¬ 
mation)  under  any  type  of  testing  conditions  above 
200  K.  Creep  deformation  is  generally  tested  under 
constant-load  conditions,  both  to  allow  unconstrained 
motion  and  to  give  a  wider  range  of  possible  test  con¬ 
ditions  (minimum  strain  rates  can  range  over  many 
orders  of  magnitude).  The  continuity  between  the  data 
from  the  two  types  of  tests  indicates  that  the  same  de¬ 
formation  mechanisms  are  operating  regardless  of 
whether  stress  or  strain  is  the  independent  variable.  It 
also  shows  that  the  shear  strength  at  a  given  applied 
strain  rate  can  be  inferred  from  creep  data. 

The  rapid  decay  in  flow  stress  of  the  In-Sn  on  Cu  can 
be  explained  in  two  different  ways.  The  nonuniform  de¬ 
formation  mentioned  earlier  has  the  consequence  that  the 
entire  sample  is  not  experiencing  the  strain  measured  by 
the  strain  gage,  which  registers  overall  displacement. 
Therefore,  the  local  strain  rate  is  actually  higher  than 
that  measured  by  differentiating  “bulk”  strain  with  re¬ 
spect  to  time.  The  stress  is  also  distributed  over  a  smaller 
area  than  assumed,  so  that  the  stress  calculated  using 
Eq.  [1]  is  too  low,  implying  that  the  stress  drop  is  not 
really  as  steep  as  the  plots  in  Figure  8  indicate.  How¬ 
ever,  this  probably  does  not  account  for  all  of  the  stress 
drop.  A  second  reason  for  a  decrease  in  flow  stress  is 
microstructural  softening,  because  recovery  is  expected 
to  be  significant  at  tbe  testing  temperatures  used.  Be¬ 
cause  the  concentration  of  deformation  cannot  be  quan¬ 
tified,  it  is  difficult  to  tell  how  much  of  the  apparent 
stress  drop  is  due  to  this  concentration  and  how  much  is 
due  to  microstructural  softening. 

The  In-Sn  on  Ni  samples  exhibit  neither  severe  de¬ 
formation  concentrations  nor  dramatic  drops  in  the  flow 
stress  during  stress-strain  tests.  It  appears  that  with  the 
geometrical  factors  eliminated,  the  slight  decrease  in 
stress  during  testing  is  due  only  to  microstructural  soft¬ 
ening.  This  strengthens  the  idea  that  stress  and  strain 
concentrations  are  responsible  for  much  of  the  stress 
decay  observed  in  In-Sn  on  Cu. 

V.  CONCLUSIONS 

The  observed  differences  in  mechanical  behavior  be¬ 
tween  In-Sn  on  Cu  and  on  Ni  are  caused  by  the  variation 
in  the  microstructure.  The  addition  of  a  Ni  diffusion  bar¬ 
rier  produces  a  more  uniform  microstructure,  which  in 
turn  causes  deformation  to  be  more  uniform;  hence,  the 
effect  on  the  shape  of  the  stress-strain  curves.  The 
microstructural  effect  also  influences  the  operant  mech¬ 
anisms  of  creep  deformation.  The  creep  of  In-Sn  on  Cu 
samples  is  dominated  by  bulk  diffusion  of  In,  most  likely 
in  the  matrix  )3  phase.  In  the  colony  microstructure  of 
In-Sn  on  Ni,  the  two  phases  are  interconnected,  and,  in 
this  case,  the  creep  deformation  is  governed  by  Sn  dif¬ 
fusion  through  the  harder  y  phase.  This  explains  the  ob¬ 
served  differences  in  activation  energies  for  creep  in  the 
two  systems.  The  equivalence  of  activation  energies  for 
creep  and  activation  energies  for  self-diffusion  of  In  or 
Sn  is  consistent  with  a  diffusion-controlled  dislocation 
climb  mechanism.  It  is  reasonable  for  stress  exponents 
to  be  different  for  the  deformation  of  each  phase,  as  ob¬ 
served,  while  still  being  witbin  range  for  dislocation 
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creep.  When  In-Sn  on  Ni  samples  are  aged,  they  coarsen 
into  a  microstructure  that  is  qualitatively  similar  to  the 
In-Sn  on  Cu  microstructure  in  that  the  soft  yS  forms  a 
matrix  phase.  The  creep  is  now  dominated  by  the  ji 
phase  and,  therefore,  the  behavior  matches  that  of  the 
In-Sn  on  Cu.  This  demonstrates  the  well-known  fact  that 
it  is  the  nature  of  the  microstructure,  and  not  how  it  was 
formed,  that  determines  mechanical  behavior  such  as 
creep. 
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The  Effect  of  Inertia  on  Tensile  Ductility 


XIAOYU  HU,  ROBERT  H.  WAGONER,  GLENN  S.  DAEHN,  and  SOMNATH  GHOSH 

One-dimensional  numerical  simulations  of  dynamic  tensile  tests  have  been  carried  out  over  a 
wide  range  of  test  velocities  for  materials  having  a  Hollomon-type  constitutive  law  with  power- 
law  strain-rate  sensitivity.  A  variety  of  values  of  the  strain-hardening  exponent  and  strain-rate- 
sensitivity  index  have  been  used  to  analyze  the  effect  of  inertia  on  tensile  ductility.  Results 
show  that  the  total  elongation  of  the  specimen  is  enhanced  by  inertia  at  high  test  velocities. 
This  inertial  effect  varies  with  the  strain-hardening  exponent  and  strain-rate-sensitivity  index 
and  can  be  scaled  with  the  normalized  material  density  and  the  test  velocity.  Based  on  these 
results,  the  critical  test  velocity  for  the  onset  of  the  inertial  effect  as  a  function  of  material 
parameters  has  been  numerically  determined.  To  account  for  the  effect  of  inertia  on  the 
enhancement  of  tensile  ductility,  a  simple  phenomenological  explanation  has  been  proposed. 


I.  INTRODUCTION 

The  estimation  of  tensile  ductility  has  been  studied 
from  a  variety  of  theoretical  perspectives,  including 
those  involving  plastic-instability  and  flow-localization 
(necking)  concepts.  The  earliest  analysis  describing  the 
onset  of  instability  in  uniaxial  tension  was  conducted  by 
Considere,"*  according  to  whom  instability  occurs  at  the 
load  maximum,  where  the  load  increment  caused  by 
strain  hardening  is  equal  to  the  load  decrement  caused 
by  geometrical  softening.  However,  Considered  crite¬ 
rion  is  only  valid  for  a  rate-independent  material.  For 
this  material,  necking  and  failure  follow  rapidly  after  the 
maximum  load  is  attained. 

For  materials  that  exhibit  rate-dependent  behavior,  on 
the  other  hand,  the  extensive  analytical  and  experimental 
investigations  of  Hart^^'  and  others'^"^'’’  indicate  that 
strain-rate  sensitivity  delays  the  onset  of  instability  per¬ 
taining  to  rate-independent  materials  and  induces  post¬ 
uniform  elongation,  leading  to  an  enhancement  of  tensile 
ductility.  For  such  materials,  several  criteria  for  pre¬ 
dicting  the  onset  of  instability  have  been  proposed,  and 
relationships  between  the  failure  strain,  Cr,  and  material 
parameters  (the  strain-hardening  exponent,  n,  and  strain- 
rate-sensitivity  index,  m)  have  been  established.  Al¬ 
though  it  has  been  commonly  accepted  that  m  is 
unimportant  prior  to  the  maximum  load  and  n  is  un¬ 
important  after  the  maximum  load,'^’'  a  detailed,  two- 
dimensional  finite  element  analysis  of  the  sheet  tensile 
test'--'  has  revealed  that  the  total  elongation,  ej,  is 
strongly  affected  by  both  n  and  m.  Furthermore,  it  has 
been  of  interest  to  note  that  for  the  given  n  and  m  values, 
the  strain  distribution  and  necking  behavior  of  rate- 
dependent  materials,  which  obey  power-law  strain-rate 
sensitivity,  are  independent  of  the  strain  rate  under 
quasi-static  and  isothermal  conditions. 

Although  the  influence  of  strain  rate  on  tensile  in¬ 
stability  and  necking  has  been  extensively  studied,  the 
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Strain  rates  employed  in  these  investigations  were  typi¬ 
cally  limited  to  low  values.  When  materials  deform  at 
low  rates,  the  variation  of  the  material  velocity  with  time 
is  small.  In  these  cases,  the  material  acceleration  and  the 
propagation  of  plastic  waves  are  negligible,  so  that 
quasi-static  equilibrium  can  be  assumed.  The  develop¬ 
ment  of  strain  gradients  during  such  tests  relies  only  on 
the  static  axial-force  equilibrium  at  any  cross  section  of 
the  gage  length.  A  tensile  test  at  high  strain  rates  must 
be  distinguished  from  a  test  at  low  strain  rates  by  the 
fact  that  inertia  becomes  significant.  In  this  case,  a 
dynamic-equilibrium  condition  should  be  satisfied. 

Experimentally,  an  improvement  of  tensile  ductility  at 
high  strain  rates  has  been  observed  in  high-strength 
steel, stainless  steel, oxygen-free,  high- 
conductivity  copper  (OFHC  copper), tantalum,'^'*’ 
and  Ti  alloys.'^^'  Compared  with  the  results  obtained  at 
rates  ranging  from  lO”'*  to  10“^  s“',  the  total  elongation 
of  the  specimen  for  these  materials  increases  by  20  to 
50  pet  at  a  strain  rate  around  3  x  10^  s“'.  Recently,  it 
also  has  been  shown  that  the  plane-strain  formability  of 
interstitial-free  iron  sheet  can  be  dramatically  enhanced 
(to  about  three  times  the  quasi-static,  plane-strain  form¬ 
ing  limit)  at  a  strain  rate  of  10^  s~‘.  These  experiments 
were  performed  with  an  electrohydraulic  forming 
technique.'^®' 

In  spite  of  these  interesting  observations,  however,  it 
is  difficult  to  distinguish  the  effect  of  inertia  on  tensile 
ductility  from  strain-rate  sensitivity  experimentally,  be¬ 
cause  rate  sensitivity  can  change  with  strain  rates."®' 
This  difficulty  motivates  the  theoretical  modeling  of  ten¬ 
sile  ductility  at  high  strain  rates. 

Taylor  et  alP^^  presented  a  one-dimensional  hydro- 
dynamic  formulation  to  analyze  the  effect  of  inertia  on 
the  growth  rate  of  an  assumed  perturbation  in  a  thin, 
stainless  steel  sheet  stretching  dynamically.  They  found 
that  many  perturbations  will  be  harmless  at  strain  rates 
of  10''  s^'  or  greater.  Within  the  framework  of  a  one¬ 
dimensional  theoretical  model  for  uniaxial  tension, 
Fressengeas  and  Molinari*®®-’®'  have  examined  the  influ¬ 
ence  of  inertia  and  thermal  softening  together  on  the  duc¬ 
tility  of  materials  with  both  the  linear  perturbation  and 
nonlinear  analyses.  The  calculations  revealed  a  more 
than  40  pet  increase  of  the  total  elongation  at  500  °C  and 
around  10^  s^‘  for  tantalum,  which  was  consistent  with 
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experimental  results  In  the  work  of  Regazzoni  et 
a  one-dimensional  numerical  simulation  of  the  dy¬ 
namic  tensile  test  was  carried  out  using  the  finite- 
difference  method  for  copper.  In  their  study,  two  dif¬ 
ferent  material  laws  were  considered  simultaneously.  At 
low  strain  rates,  a  power-law  was  used  simply  to  de¬ 
scribe  the  stress-strain  relationship,  while  another  ma¬ 
terial  law,  having  a  linear  relation  between  the  stress  and 
strain  rate,*'*'"'’'*'  was  introduced  when  the  strain  rate  was 
high.  The  emphasis  of  this  investigation  was  on  the 
effect  of  inertia  on  the  unloading  of  the  nonperturbed 
region.  Simulated  results  indicated  that  when  the  strain 
rate  is  around  10^  s“',  inertia  can  induce  an  additional 
postuniform  elongation  of  5  pet  for  rate-insensitive  ma¬ 
terials  and  10  pet  for  rate-sensitive  materials.  These  re¬ 
sults  were  in  reasonable  agreement  with  the 
experimental  observations. Following  the  work  done 
by  Regazzoni  et  al. ,  a  similar  simulation  of  the  dynamic 
tensile  test  also  has  been  carried  out  using  the  finite  ele¬ 
ment  method  by  Dumont  et  In  this  study,  the  in¬ 
ertial  effect  was  investigated  for  various  locations  of  the 
geometric  defect  in  the  specimen  and  different  rheolog¬ 
ical  parameters.  The  results  showed  that  the  inertial 
effect  is  independent  of  the  location  of  the  geometric 
defect,  except  that  this  defect  is  at  the  mobile  end.  In 
addition,  they  also  found  that  for  a  given  high  rate,  the 
increment  of  postuniform  elongation  can  be  promoted  by 
increasing  the  material  density,  p,  or  decreasing  the 
strength  coefficient,  k. 

The  present  work  was  undertaken  as  a  follow-up  to 
the  studies  cited  previously  for  high  rate  deformation.  In 
this  study,  a  simple  one-dimensional  dynamic  numerical 
treatment  has  been  proposed  to  simulate  the  uniaxial 
sheet-tensile  test  over  a  wide  range  of  test  velocities  for 
materials  having  a  Hollomon-type!^*^^  material  law  with 
power-law  strain-rate  sensitivity.  On  this  basis,  the  ef¬ 
fects  of  inertia  on  tensile  ductility  for  a  range  of  strain¬ 
hardening  exponents,  n,  and  strain-rate-sensitivity 
indices,  m,  have  been  examined.  Additionally,  the  scal¬ 
ing  of  the  inertial  effect  with  the  normalized  material 
density,  p,„  and  the  test  velocity,  V,  also  has  been  stud¬ 
ied.  To  isolate  the  inertial  effect  in  this  work,  elastic 
strains,  thermal  softening,  and  other  effects  (such  as  the 
change  of  deformation  micromechanisms  and  the  micro¬ 
structure)  have  been  ignored. 


II.  ANALYSIS 

A.  Problem  Formulation 

Consider  one-half  of  a  tapered  sheet-tensile  specimen 
with  the  tensile  axis  defined  as  jc  (Figure  1).  When  the 
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Fig.  I — Schematic  illustration  of  the  spatial  discretization  of  a  sheet 
tensile  specimen. 


specimen  is  dynamically  subjected  to  an  uniaxial  tensile 
force,  for  materials  being  assumed  to  be  incompressible, 
the  momentum  equation  governing  the  one-dimensional 
dynamic  deformation  is  simply  expressed  as 

d  dv{t,  x) 

—fit,  x)  =  pA(x) - -  [1] 

dx  dt 

where  v(r,  x)  is  the  material  velocity  at  time  t,  A{x)  is 
an  original  cross  section  area  of  the  specimen,  and  p  is 
the  material  density. 

In  Eq.  [l],/(r,  a:)  is  called  the  axial  internal  force  and 
is  equal  to  the  product  of  the  axial  true  stress,  a(t,  x), 
and  the  specimen  cross  section  area  at  time  t,  a{t,  x). 

fit,  x)  =  cr{t,  x)  a{t,  x)  [2] 

In  Eq.  [2],  oft,  x)  is  generally  a  function  of  the  true 
axial  strain,  e,  and  true  axial  strain  rate,  e.  Although 
various  forms  for  cr  =  erfe,  s)  are  available, in 
the  present  study,  a  Hollomon-iypt  material  law^”*®'  with 
power-law  strain-rate  sensitivity  is  assumed  and  cr(/,  x) 
is  thus  given  by 

a{t,x)  =  keit,x)''eit,x)"'  [3] 

where  k,  n,  and  m  refer  to  the  strength  coefficient, 
strain-hardening  exponent,  and  strain-rate  sensitivity 
index,  respectively. 

By  imposing  the  invariance  of  the  plastic  volume, 
ait,  x)  then  can  be  determined  from  the  following 
relation: 


a{t,  x)  =  Aix)  exp  [-ef,  x)]  [4] 

To  simulate  a  displacement-controlled  uniaxial  tensile 
test  at  a  uniform  crosshead  speed  (the  test  velocity),  the 
initial  and  boundary  conditions,  which  are  the  same  as 
those  used  by  earlier  investigators,^^’“‘’°‘*^^  are  specified. 

At  ?  =  0, 


F 

v(0,  x)  =  -  X  and  e  (0,  x)  =  0  [5] 

h 

At  t  =  t, 

v{t,  0)  =  0  and  v{t.  If)  =  V  [6] 

where  V  is  the  test  velocity  and  /q  is  the  specimen  gage 
length.  In  Eqs.  [5]  and  [6],  an  initial  linear  material  ve¬ 
locity  distribution  in  the  specimen  is  defined  and  a  transit 
period  for  establishing  this  velocity  distribution  is  ig¬ 
nored.  The  influence  of  the  transit  period  on  ductility 
will  be  reported  in  a  forthcoming  article,’^®'  in  which  the 
calculations  have  been  carried  out  by  imposing  the 
boundary  velocity 

V(t)  =  VM  -  exp  i-t/k)r^ 

where  V,„  is  the  crosshead  speed  the  machine  can  reach 
finally  and  t,.  is  a  critical  time  that  characterizes  the  ac¬ 
celeration  of  the  transit  period. 

The  nonlinear  partial  differential  equation,  Eq.  [1], 
along  with  the  material  law,  Eq.  [3],  sets  the  problem 
of  dynamic  plastic  flow  during  tension.  However,  a  so¬ 
lution  that  satisfies  the  initial  and  boundary  conditions, 
Eqs.  [5]  and  [6],  cannot  be  given  in  a  closed  form. 
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Therefore,  a  numerical  treatment  in  which  the  problem  Equation  [11]  is  a  system  of  nonlinear  equations  with 

is  discretized  spatially  and  temporally,  is  used.  respect  to  m,  at  time  t  with  the  following  definitions: 


B.  Problem  Discretization 

Figure  1  schematically  shows  the  spatial  discretization 
of  the  specimen  performed  by  dividing  it  into  a  finite 
number  of  elements  of  equal  length  L  along  the  x-axis. 
Each  element  is  assumed  to  have  a  constant  true  axial 
stress,  true  axial  strain,  true  axial  strain  rate,  and  cross 
section  area.  In  Figure  1 ,  Greek  and  English  letters  are 
used  to  represent  the  element  and  element  node,  respec¬ 
tively.  For  this  system  of  finite  elements,  the  variational 
form  of  momentum  equation,  Eq.  [1],  consists  of  main¬ 
taining  an  equilibrium  between  a  resultant  internal  force, 
Fj,  and  an  inertial  force,  M,m,,  in  the  ^-direction  on  each 
node. 

Mfi,  +  Fi  =  0  [7] 

where  «,  and  M,  are  designated  as  the  nodal  acceleration 
and  mass,  respectively. 

The  nodal  resultant  internal  force,  F,,  is  obtained  by 
summing  the  internal  forces  of  two  adjacent  elements 
associated  with  this  node,  a  and  a  +  1  (Figure  1).  Fol¬ 
lowing  the  assumption  previously  described,  the  internal 
force  of  each  element  is  simply  equal  to  the  product  of 
the  element  true  stress,  (Tq,  and  the  element  current  cross 
section  area,  Thereby,  F,  is  expressed  as 

F,  =  cr„a„  —  (t„+|U;q+i  [8] 

Using  Eqs.  [3]  and  [4],  Eq.  [8]  can  be  written  easily 
as  an  alternative  form. 

F,  =  k[ele'^A^  exp  (-£„) 

-  e"  +  ie"'+ exp  (-£„+,)]  [9] 

Equation  [9],  although  it  is  derived  for  the  nodal- 
resultant  internal  force  under  dynamic  response,  also  can 
be  applied  in  the  quai-static  case.  If  F,-  is  set  to  zero  to 
meet  the  static  equilibrium,  Eq.  [9]  provides  a  direct  cal¬ 
culation  for  the  strain  and  strain-rate  distributions  along 
the  j:-axis  in  the  specimen.  This  method  has  been  em¬ 
ployed  successfully  to  predict  plastic  instability  and 
necking  development  in  the  quasi-static  tensile  test 
simulation. 

The  nodal  mass,  M,,  is  obtained  by  lumping  the  mass 
of  all  connecting  elements  at  associated  nodes. For 
the  element  mesh  presented  in  Figure  1 ,  M,  is  readily 
calculated  by 

=  [10] 


By  introducing  the  natural  logarithm  relation  between 
the  element  true  strain  £„  and  the  nodal  displacement 
and  assuming  £  =  Ae/At  during  each  time  step  At,  a 
substitution  of  Eqs.  [9]  and  [10]  into  Eq.  [7]  yields 


3  In  (1  +  ujL) 
l)  du 


p 

[12] 

[13] 

tta+\  ~  ttj+l  “  Uj 

[14] 

2A„ 

“  L(A„  +  A„+.) 

[15] 

2Aa+i 

[16] 

where  p„  is  called  the  normalized  material  density. 

The  solution  of  Eq.  [11]  can  be  solved  with  the  pro¬ 
gression  of  time  by  numerical  time  integration.  As  a 
solver,  the  average  acceleration  method^^*'  in  the  most 
widely  used  Newmark  family  of  numerical-time- 
integration  algorithmsi*®’®®  '’'^  is  employed. 


where  the  superscripts  t  and  t  —  At  present  the  current 
and  last  times,  respectively.  The  average  acceleration 
method  provides  an  unconditional  stability  and  estab¬ 
lishes  an  implicit  implementation  for  the  solution,  in 
which  u  is  solved  iteratively  according  to  the  equilibrium 
condition  at  time  t. 

The  time-step,  At,  shown  in  Eqs.  [11]  and  [17],  is 
usually  determined  by  the  prescribed  boundary  condition 
for  the  simple  tension  test.  From  Eq.  [6],  one  can  obtain 


[18] 


where  AU  is  the  displacement  increment  at  the  mobile 
end  of  the  specimen. 

When  Eqs.  [17]  and  [18]  are  applied  to  Eq.  [11]. 
Eq.  [11]  is  rearranged  into 


where  </»'  is  a  constant  with  respect  to  time  t  and  is 
given  by 

Af'u‘~^‘ 

=  u‘r^‘  +  Atu\-^'  + - ^  [20] 

4 


Equation  [19]  is  the  final  form  of  the  one-dimensional 
dynamic  governing  equation  employed  in  the  present 
work,  which  allows  one  to  study  numerically  the  effect 
of  inertia  on  tensile  ductility  over  a  wide  range  of  test 
velocities. 
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C.  Calculation  Procedures 

The  simulation  was  performed  on  a  half-gage  length 
of  the  tensile  specimen  with  1-mm  thickness.  The  di¬ 
mensions  of  the  gage  length  are  given  in  the  region  OA 
of  Figure  1.  Within  the  gage  length,  the  geometry  of  the 
specimen  has  a  linear  1  pet  taper. 

A  program  was  developed  to  implement  the  problem 
formulation.  At  every  time  t,  the  nodal  accelerations, 
velocities,  displacements,  element  strains,  and  strain 
rates  were  calculated.  Based  on  these  calculated  values, 
engineering  stress-strain  curves  were  determined. 

In  an  actual  tensile  test,  physical  failure  can  be  char¬ 
acterized  by  a  degree  of  strain  localization  defined  by 
where  4  is  the  rate  of  deformation  at  the  center 
of  the  specimen  and  is  the  average  rate  of  defor¬ 
mation  of  the  entire  tensile  test  sample.  This  ratio  in¬ 
creases  after  the  maximum  load  has  been  reached  and 
continues  to  increase  until  fracture.  Thus,  by  choosing 
a  value  for  this  ratio,  which  reasonably  corresponds  to 
physical  failure,  the  failure  criterion  is  set.  In  this  sim¬ 
ulation,  Ec/eav  was  numerically  set  to  5,  as  was  em¬ 
ployed  in  earlier  investigations,'^-'^^'  for  all  of  the 
calculations  proceeded  at  different  test  velocities.  This 
value  has  no  direct  physical  meaning. 

To  explore  the  inertial  effect  for  a  range  of  material 
parameters,  six  cases  of  n  values  have  been  simulated 
(«  =  0.0,  0.0625,  0.125,  0.25,  0.375,  and  0.5),  each 
having  seven  cases  of  m  values  {m  =  0.0,  O.Ol,  0.02, 
0.05,  0.1,  0.2,  and  0.3).  These  simulations  were  carried 
out  using  a  material  density  of  7870  kg/m^  and  a 
strength  coefficient  of  622  MPa  (the  corresponding  nor¬ 
malized  material  density  was  p„  =  12.65  kg/(m^  MPa)). 
The  value  of  the  strength  coefficient,  k,  was  obtained 
from  experimental  data  of  interstitial  free  steel.'*-' 

The  test  velocity,  V,  was  considered  from  2.54  x  10“* 
to  127.0  m/s.  Note  that  the  transition  time  for  the  test 
velocity  to  reach  during  testing  is  generally  around  5  to 
20  Thus,  in  the  calculations,  the  test  velocity 

was  selected  in  such  a  way  that  this  transit  occupies  only 
a  small  part  of  the  deformation.  Under  this  circum¬ 
stance,  the  use  of  the  initial  and  boundary  conditions, 
Eqs.  [5]  and  [6],  appears  justified. 


III.  RESULTS 

A.  Numerical  Accuracy  Analysis 

In  order  to  converge  to  the  correct  strain  distribution 
in  the  specimen  using  the  smallest  number  of  elements 
and  the  largest  end-displacement  increment.  At/,  pos¬ 
sible  with  the  least  error,  a  measure  of  the  relative  error 
of  the  strain  distribution,  S,  was  introduced: 


base 


N 


S  = 


[21] 


where  is  the  accurate  strain  distribution,  which  in 
principle  could  be  obtained  by  analytically  solving 


Eq.  [1]  at  the  failure  time,  and  e,  is  the  strain  distribution 
calculated  numerically  at  the  same  time.  The  term  N  is 
the  number  of  data  points  used  in  comparison  of  e,  with 
In  effect,  however,  for  the  calculation  of  S,  £*’'*“  in 
Eq.  [21]  was  replaced  by  a  strain  distribution  calculated 
numerically  with  a  very  large  element  number  and  a  very 
small  At/,  because,  as  indicated  previously,  Eq.  [1] 
cannot  be  solved  analytically  in  general.  As  such,  the 
systematic  error  of  the  numerical  procedure  unrelated  to 
the  element  size  or  step  size  will  be  built  into 

Optimization  was  first  performed  for  the  spatial  dis¬ 
cretization.  Then,  using  the  selected  number  of  ele¬ 
ments,  the  temporal  discretization  was  subsequently 
examined.  The  criterion  employed  to  optimize  the 
number  of  elements  and  AU  is  that  S  must  be  less  than 
or  equal  to  1  pet. 

With  n  =  0.25,  the  typical  variation  of  S  with  the 
number  of  elements  at  different  test  velocities  is  plotted 
in  Figures  2(a)  and  (b)  for  m  =  0.02  and  0.2,  respec¬ 
tively.  The  numbers  of  elements  and  At/  used  to  cal¬ 
culate  for  these  two  cases  were  1280  and  2.54  x 
10"^  m.  Figure  2(a)  shows  a  strong  influence  of  the  ve¬ 
locity  on  the  S  variation  at  w?  =  0.02.  The  higher  the 
velocity  is,  the  larger  the  variation  of  S  with  the  number 
of  elements.  This  behavior  arises  from  the  fact  that  the 
error  produced  in  the  inertial  force  calculation  is 
velocity-dependent.  For  a  given  number  of  elements,  the 
spatial  discretization  error  of  the  inertial  force  increases 
with  an  increase  in  the  test  velocity  because  of  an  in¬ 
crease  of  the  material  acceleration  in  the  specimen. 
When  m  =  0.2  is  employed,  however,  the  effect  of  the 
velocity  on  the  S  curve  is  considerably  reduced 
(Figure  2(b)).  This  reduction  is  primarily  ascribed  to  a 
rise  in  (£f“'')min  due  to  increases  of  strains  at  high  m 
values  (/.£.,  the  effect  of  strain-rate  sensitivity),  leading 
to  a  drop  in  S. 

From  the  results  of  Figure  2,  one  would  anticipate  that 
the  number  of  elements  optimized  by  an  estimation  of  S 
would  increase  with  an  increase  of  the  velocity,  espe¬ 
cially  at  small  m  values.  The  numbers  of  elements  re¬ 
quired  at  different  test  velocities  for  various  m  values  are 
listed  in  Table  I  for  n  =  0.25.  As  expected.  Table  I  in¬ 
dicates  that  the  number  of  elements  is  increased  by  in¬ 
creasing  the  velocity  at  m  =  0.0  to  0.2  and  remains 
nearly  the  same  when  m  is  equal  to  0.3.  These  numbers 
are  also  adequate  for  other  n  values,  with  the  exception 
of  when  a  small  n  is  associated  with  a  small  m.  When 
materials  have  both  small  n  and  m  values,  more  elements 
are  needed  in  order  to  satisfy  the  error  criterion. 

As  an  example.  Figure  3  shows  A  as  a  function  At/  at 
different  test  velocities  for  the  case  n  =  0.25  and  m  = 
0.02.  In  this  case.  At/  used  to  calculate  e*''"'  was  still 
2.54  X  10^’  m,  but  the  numbers  of  elements  used  here 
were  those  shown  in  Table  I.  As  shown  in  Figure  3,  all 
of  the  errors  are  located  in  a  band  for  the  entire  velocities 
considered  in  this  simulation.  The  behavior  demon¬ 
strated  in  Figure  3  does  not  change  significantly  by 
changing  n  and  m.  As  a  result,  in  this  study,  a  At/  of 
2.54  X  10^'’  m  was  adopted  for  all  calculations,  thereby 
satisfying  the  error  condition.  The  time  step,  At,  used 
for  different  velocities  then  can  be  readily  determined  by 
Eq.  [18]. 
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Fig.  2  — The  relative  error,  S,  as  a  function  of  the  number  of  elements 
at  different  test  velocities  for  (a)  n  =  0.25  and  m  =  0.02  and 
{b)  n  =  0.25  and  m  =  0.2. 


B.  Engineering  Stress-Strain  Relations  at  Different 
Test  Velocities 

The  simulated  engineering  stress-strain  curves  over  a 
range  of  the  test  velocities  are  plotted  in  Figure  4  for 
various  values  of  n  and  m.  The  engineering  stress,  X, 
which  is  normalized  by  k,  is  obtained  from  the  tensile 


Fig.  3  —  The  relative  error,  5,  as  a  function  of  the  displacement  incre¬ 
ment  step.  At/,  at  different  test  velocities  for  n  =  0.25  and  m  =  0.02. 


force  at  the  mobile  end  divided  by  the  original  cross- 
sectional  area,  while  the  engineering  strain  (elongation), 
e,  is  calculated  by  the  total  end  displacement  divided  by 
the  gage  length  Iq. 

Figure  4(a)  demonstrates  engineering  stress-strain 
curves  for  the  case  n  =  0.25  and  m  =  0.02.  From  these 
curves,  it  can  be  seen  that  the  total  elongation  of  the 
specimen,  er,  defined  at  the  failure,  remains  the  same 
when  the  specimen  deforms  at  low  test  velocities  from 
2.54  X  10”*  to  2.54  m/s.  When  this  range  of  velocities 
is  exceeded,  however,  an  increasing  test  velocity  in¬ 
creases  Cr-  As  was  noted  previously,  quasi-static  simu¬ 
lations  yield  results  independent  of  test  velocities, 
corresponding  to  the  low  test  velocities  computed  here. 
Therefore,  the  results  shown  in  Figure  4(a)  indicate  that 
the  increase  of  the  total  elongation  at  high  test  velocities 
must  be  attributed  to  the  inertia  term  in  Eq.  [7],  Mfi]. 
Accordingly,  it  can  be  concluded  that  the  presence  of 
inertia  can  enhance  tensile  ductility  and  that  this  inertial 
effect  must  appear  beyond  a  critical  test  velocity. 

It  can  also  be  noted  in  Figure  4(a)  that  the  maximum 
load  elongation  (uniform  elongation),  e„,  marked  by  the 
cross  sign  on  these  curves,  does  not  change  significantly 
by  changing  the  test  velocity.  This  observation  implies 
that  the  contribution  of  inertia  to  is  primarily  through 
a  stabilization  of  nonuniform  strain  distribution. 

Engineering  stress-strain  curves  for  different  material 


Table  I.  Number  of  Elements  Required  for  1  Pet  Error  (n  =  0.25) 


m 

2.54  X  10”'’-0.254  m/s 

2.54  m/s 

12.7  m/s 

25.4  m/s 

63.5  m/s 

127.0  m/s 

0.0 

40 

80 

160 

320 

640 

1280 

0.01 

40 

60 

80 

160 

320 

640 

0.02 

40 

60 

80 

160 

320 

640 

0.05 

40 

60 

80 

160 

320 

640 

0.10 

60 

60 

60 

80 

160 

320 

0.20 

60 

60 

60 

60 

80 

160 

0.30 

60 

60 

60 

60 

60 

80 
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Fig.  4 — Engineering  stress-strain  curves  at  different  test  velocities  for  various  values  of  n  and  m:  (a)  n  =  0.25  and  m  =  0.02,  (b)  n  =  0.5  and 
m  =  0.02,  and  (c)  n  =  0.25  and  m  =  0.2. 


constants  are  represented  in  Figures  4(b)  and  (c),  re¬ 
spectively.  Velocity-dependent  stress-strain  behavior 
similar  to  that  indicated  in  Figure  4(a)  is  also  shown  in 
these  two  figures.  Within  the  test  velocity  regime  stud¬ 
ied,  in  each  combination  of  n  and  m,  Cj  rises  at  high 
velocities  but  does  not  vary.  However,  a  comparison 
between  these  figures  and  Figure  4(a)  reveals  that  the 
extent  of  the  total  elongation  increment  caused  by  inertia 
changes  for  different  cases.  This  change  is  examined  in 
Section  C. 

C.  The  Ejfect  of  n  and  m  on  Inertia-Enhanced 
Ductility 

If  the  total  elongation  of  the  specimen,  e^,  obtained 
using  the  dynamic  formulation  (Eq.  [19])  is  subtracted 
from  that  obtained  by  using  the  quasi-static  one  (Eq.  [9] 
with  a  zero  E,),  the  difference,  l\e  =  Cj  —  denotes 


the  additional  elongation  induced  by  inertia.  By  this  def¬ 
inition,  the  influence  of  inertia  on  tensile  ductility  and 
the  critical  test  velocity  for  the  onset  of  the  inertial 
effect,  can  be  studied  for  different  material  param¬ 
eters.  In  this  simulation,  Vcrit  was  designated  when  Ae 
was  equal  to  0.01 

The  variation  of  Ae  with  the  test  velocity  for  different 
n  is  illustrated  in  Figures  5(a)  and  (b)  for  m  =  0.02  and 
0.2,  respectively.  It  shows  that  increasing  n  increases  Ae 
for  a  given  test  velocity.  The  value  of  Ae  as  a  function 
of  the  test  velocity  for  different  m  is  represented  in 
Figures  6(a)  and  (b)  for  n  =  0.25  and  0.5,  respectively. 
Unlike  the  results  shown  in  Figure  5,  a  simple  relation¬ 
ship  between  Ae  and  m  does  not  exist.  The  Ae  curves  in 
Figure  6  overlap.  The  critical  velocity,  Vcrit.  4S  a  function 
of  material  parameters,  n  and  m,  is  summarized  in 
Figure  7,  which  indicates  that  Vent  increases  with  either 
an  increase  of  n  or  m. 
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Fig,  5  —  The  influence  of  n  on  the  inertia-induced  additional  elon¬ 
gation,  Ae,  for  (a)  m  =  0.02  and  (b)  m  =  0.2. 


The  previous  results  have  already  shown  that  the  in¬ 
ertial  effect  introduces  an  additional  elongation  to  the 
specimen  at  high  test  velocities  and  that  the  magnitude 
of  this  inertia-induced  additional  elongation  is  dependent 
upon  n  and  m.  However,  it  is  well  known  that  an  in¬ 
crease  of  n  and  m  increases  static  tensile  ductility.  Thus, 
a  question  arises  as  to  how  important  the  inertia-induced 
additional  elongation  is  relative  to  the  total  elongation 
when  n  and  m  are  varied.  Answering  this  question  can 
facilitate  an  understanding  of  the  relative  contribution  of 
inertia  to  tensile  ductility.  Toward  this  end,  Ae/e^  was 
examined  as  a  function  of  n  and  m,  with  the  results  pre¬ 
sented  in  Figures  8  and  9  for  four  test  velocities,  V  = 
12.7,  25.4,  63.5,  and  127.0  m/s. 

Figures  8(a)  and  (b)  demonstrate  an  influence  of  n  on 
Ac/cj-  for  m  =  0.02  and  0.2,  respectively.  These  figures 
show  that  the  inertial  effect  is  most  important  in  mate¬ 
rials  of  limited  ductility  {i.e.,  those  with  low  n  and  m 


Velocity  (m/s) 

(«) 


Fig.  6 — The  influence  of  m  on  the  inertia-induced  additional  elon¬ 
gation,  Ae,  for  (a)  n  =  0.25  and  (b)  n  =  0.5. 


values).  However,  a  closer  look  at  m  vi  Ae/er  (Figure  9) 
reveals  that  small  values  of  m  originally  promote  a 
greater  relative  contribution  of  inertia  to  tensile  ductility. 

D.  The  Scaling  of  the  Inertial  Effect 

Equation  [19]  shows  that  the  product  of  ap¬ 

pears  in  the  first  term.  As  a  result,  for  given  n  and  m, 
the  inertial  effect  by  using  the  normalized  material  den¬ 
sity,  p„,  can  be  regarded  as  equivalent  to  varying  V.  This 
scaling  is  followed  by  the  following  relation. 

Ay'"'"  =  C  [22] 

where  C  is  a  constant.  This  relation  states  that  the  in¬ 
ertial  effect  produced  by  a  change  in  the  normalized  ma¬ 
terial  density  (by  factor  of  10)  is  equivalent  to  that 
produced  by  a  change  in  the  test  velocity  (by  10’^*^“'"’). 
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n  =  In  (1  +  e„) 


[23] 


n 

Fig.  7 — The  critical  velocity  for  the  onset  of  the  inertial  effect,  V„i„ 
as  a  function  of  material  parameters,  n  and  m. 


As  an  example,  Figure  10  plots  Ac  as  a  function  of 
Pn/p'T'^°  and  V/V„a  simultaneously,  where  Fcrii  *s  defined 
as  before  and  is  the  normalized  material  density  that 
corresponds  to  Fcrit-  As  shown  in  Figure  10,  when  the 
relation  is  employed,  an  iden¬ 

tical  increase  of  Le  occurs  with  those  two  different 
scales,  thus  verifying  the  inertial  scaling.  To  calculate 
Ac,  the  values  Fcrit  =  4.26  and  28.24  m/s,  detemiined 
previously,  were  used  for  Figures  10(a)  and  (b), 
respectively,  and  a  normalized  material  density  of 
12.65  kg/(m^  MPa)  was  used  as  for  both  figures. 

Note  that  increasing  p„  increases  Ac  (Figure  10).  Since 
p„  is  defined  by  p/k  (Eq.  [12]),  the  results  in  Figure  10 
indicate  that  the  inertial  effect  can  be  enhanced  either  by 
increasing  p  or  decreasing  k.  This  is  in  agreement  with 
the  earlier  observations.'"*^’ 

A  direct  implication  of  this  scaling  is  to  calculate 
for  a  group  of  materials  that  have  the  same  n  and  m  but 
different  p„.  A  typical  calculation  is  shown  in  Figure  1 1 . 
In  this  figure,  with  m  =  0,  solid  lines  represent  cal¬ 
culated  using  Eq.  [22]  for  n  =  0.25  and  0.375,  respec¬ 
tively,  and  the  marked  signs  represent  those  determined 
numerically  for  two  groups  of  selected  materials  having 
the  same  n  and  m.  From  Figure  11,  it  can  be  seen  that 
the  V„n  determined  numerically  coincides  with  those  ob¬ 
tained  by  the  scaling  calculation,  showing  a  decrease  of 
with  an  increase  of  p„.  This  behavior  is  also  true 
when  m  7^  0,  which  is  not  represented  here. 

Figure  12  summarizes  for  22  metals  and  alloys. 
The  parameters  of  these  materials,  n,  m,  k,  p,  and  p,„ 
are  listed  in  Table  II  together  with  y„|,.  In  this  table,  for 
materials  for  which  n  and  k  are  not  available,  n  and  k 
were  approximately  calculated  by 


Suil  +  C„) 
[In  (/  +  ejr 


[24] 


where  and  are  designated  as  the  tensile  strength 
and  uniform  elongation,  respectively,  and  can  be  found 
in  the  literature.  Note  that  all  real  materials  have  m  # 
0,  but  there  are  little  data  available.  Hence,  most  of  Tent 
presented  in  Figure  12  (also  in  Table  II)  were  calculated 
by  assuming  m  =  0.  The  open  circles  in  Figure  12  stand 
for  materials  having  real  m  and  the  solid  ones  for  those 
with  rn^ssumed  =  0-  From  the  fact  that  increasing  m  in¬ 
creases  Verit  Figure  7,  the  calculated  V^i,  for  materials 
having  =  0  can  provide  a  reasonable  estimate  of 

minimum  critical  velocities  for  the  onset  of  the  inertial 
effect.  The  results  of  Figure  12  qualitatively  demonstrate 
the  degree  of  the  inertial  effect  for  different  materials. 


Strain  Hardening  Exponent  (n) 
(a) 


Strain  Hardening  Exponent  (n) 

ib) 

Fig.  8  —  Ae/er  as  a  function  of  n  at  different  test  velocities  for 
(a)  m  =  0.02  and  (h)  m  =  0.2. 
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Strain  Rate  Sensitivity  (m) 
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Strain  Rate  Sensitivity  (m) 

ib) 

Fig.  9  —  Aele-r  as  a  function  of  m  at  different  test  velocities  for 
(a)  n  =  25  and  (b)  n  =  0.5, 


IV.  DISCUSSION 

A.  The  Origin  of  Tensile  Ductility  Enhancement 
at  High  Test  Velocities 

During  high-velocity  deformation,  the  primary  role  of 
inertia  in  enhancement  of  tensile  ductility  is  in  stabiliz¬ 
ing  necking.  This  can  be  demonstrated  in  a  semi- 
qualitative  and  intuitive  way  as  follows. 

Figure  13(a)  is  a  schematic  illustration  of  the  velocity 
distributions  in  one-half  of  the  tapered  tensile  specimen. 
The  velocities  are  specified  at  the  two  boundaries. 
During  stable  or  uniform  deformation,  the  velocity  of  the 
material  varies  linearly  with  position.  This  is  approxi¬ 
mately  true  with  or  without  inertial  forces.  Strain  local¬ 
ization  requires  a  sharp  curvature  to  be  developed  in  the 
velocity-distance  relationship.  With  boundary  conditions 
defined,  the  velocity  in  the  localizing  specimen  is  every¬ 
where  greater  than  in  the  stably  deforming  specimen. 


VW  =  (p 

cn  ^  n  ^  n 

10 


(a) 

VW  =  (p 

cri 

1  10 


{b) 


Fig.  10 — The  scaling  of  the  inertial  effect  with  the  normalized  mate¬ 
rial  density,  p„,  and  the  test  velocity,  V,  at  (a)  m  =  0.02  and  n  = 
0.25  and  (b)  m  —  0.2  and  n  =  0.25. 


When  the  specimen  deforms  at  low  test  velocities,  as 
indicated  previously,  Av/Af  is  small  and  inertia  due  to 
Av/A/  can  be  justifiably  ignored.  In  this  case,  the  mo¬ 
mentum  equation  (Eq.  [1])  indicates  that/(f,T)  is  con¬ 
stant  through  the  whole  specimen.  Increasing  the  test 
velocity  raises  Av/Ar  and  signifies  inertial  forces.  Fol¬ 
lowing  the  variation  of  Av/Af  with  x  (Figure  13(a)),  one 
expects  from  Eq.  [1]  that  the  existence  of  inertial  forces 
will  increase  the  tensile  force  in  the  gripped  end  of  the 
specimen;  that  is,  inertial  forces  present  load  the  “uni¬ 
form”  part  of  the  gage  length  with  a  tensile  force  that  is 
not  present  in  quasi-static  deformation.  Thus,  there  is  an 
extra  strain  increment  that  develops  in  this  region.  This 
is  the  reason  why  high  velocity  deformation  promotes  a 
smaller  strain  gradient,  consequently  stabilizing 
necking. 
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Fig.  1 1  — The  critical  velocity  for  the  onset  of  the  inertial  effect,  Vchi, 
as  a  function  of  the  normalized  material  density,  p,„  for  rate- 
insensitive  materials. 
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Fig.  13  —  (a)  Schematic  illustration  of  the  velocity  distribution 
(/?)  Schematic  illustration  of  the  internal-force  distribution  at  high- 
velocity  deformation. 


Fig.  12 — The  critical  velocity  for  the  onset  of  the  inertial  effect, 
for  some  metals  and  alloys. 


From  the  model  previously  proposed,  the  suppression 
of  the  strain  gradient  by  inertia  would  be  expected  to 
take  place  primarily  in  postuniform  deformation,  be¬ 
cause  the  significant  acceleration  is  only  developed  after 
necking  commences.  This  is  supported  by  the  fact  that 
when  the  test  velocity  is  changed,  there  is  no  significant 
change  of  the  maximum  load  elongation,  e,„  while  post¬ 
uniform  elongation  varies  considerably  (Figure  4). 

Also,  this  suppression  can  be  verified  by  examining 
the  true  strain  distributions  in  the  specimen  at  different 
engineering  strain  levels  for  low  and  high  test  velocities 
(Figure  14)  .  The  left-hand  side  of  Figure  14  corresponds 
to  the  strain  distributions  obtained  for  the  specimen  de¬ 
formed  at  V  =  0.0254  m/s,  and  the  right-hand  side  of 
this  figure  corresponds  to  the  strain  distributions  ob¬ 
tained  for  the  specimen  deformed  at  V  =  127.0  m/s. 


When  e  ^  0.2,  it  can  be  seen  that  both  strain  distribu¬ 
tions  at  two  test  velocities  are  almost  the  same.  How¬ 
ever,  when  the  elongation  exceeds  this  value,  the  strain 
distribution  starts  to  concentrate  in  the  center  for  the  low 
velocity  specimen  (Figure  14),  whereas  for  the  high  ve¬ 
locity,  the  concentration  of  the  central  strain  is  obviously 
retarded,  and  a  relatively  uniform  strain  distribution 
through  the  whole  specimen  can  retain  at  a  higher  en¬ 
gineering  strain  level.  . 

The  interpretation  of  the  source  of  enhancement  of 
tensile  ductility  at  high  test  velocities  is  different  from 
the  view  of  Regazzoni  et  who  proposed  that  the 

extra  amount  of  strains  received  by  the  specimen  result 
from  an  unloading  front  propagation. 

B.  The  Inertial  Ejfect  Studied  under  the  Global 
Strain  Rate 

In  this  study,  the  inertial  effect  was  investigated  as  a 
function  of  the  test  velocity,  V,  instead  of  being  the 


2732  — VOLUME  25A.  DECEMBER  1994 


METALLURGICAL  AND  MATERIALS  TRANSACTIONS  A 


Table  II.  Material  Parameters  and  Vc^t  for  Some  Metals  and  Alloys* 


Material 

n 

m 

k 

(MPa) 

(kg/m*) 

Pn 

(kg/(m*  MPa)) 

Veri, 

(m/s) 

3003  aluminum!'’'" 

0.24 

0.005 

129 

2,770 

21.47 

1.835 

Bismuth-lead  alloy"’^' 

0.50 

— 

103 

10,540 

102.32 

1.185 

70-30  brassK”*' 

0.56 

0.001 

816 

8,540 

10.47 

4.209 

Copper' 

0.37 

0.0141'*'’' 

492 

8,930 

18.15 

3.835 

Gold'"’! 

0.37 

— 

272 

19,360 

71.17 

1.035 

Iron'*^' 

0.37 

— 

549 

7,870 

14.32 

2.308 

Lead''"'’' 

0.41 

— 

37 

11,370 

304.56 

0.556 

Magnesium'*’*' 

0.12 

— 

284 

1,740 

6.11 

1.206 

Molybdenum'^' 

0.37 

— 

1,012 

10,230 

10.11 

2.748 

Nickel'^' 

0.39 

— 

982 

8,900 

9.07 

3.062 

Niobium'^®' 

0.24 

— 

508 

8,570 

16.88 

1.393 

Platinum'*^' 

0.32 

— 

247 

21,490 

87.22 

0.809 

Palladium''’*' 

0.24 

— 

309 

12,040 

39.00 

0.914 

Silver'^' 

0.43 

— 

278 

10,510 

37.81 

1.659 

AK  steel'™' 

0.19 

0.027 

497 

7,870 

15.84 

5.300 

IF  steel'“' 

0.26 

0.017 

622 

7,870 

12.65 

5.040 

HSLA  steel'^' 

0.18 

0.007 

733 

7,870 

10.73 

3.052 

301  stainless  steel'*'^' 

0.48 

0.012 

1,559 

8,040 

5.16 

8.000 

Tantalum'**' 

0.34 

— 

697 

16,640 

23.87 

1.643 

Titanium'**' 

0.26 

— 

359 

4,520 

12.59 

1.741 

Zinc'***' 

0.50 

0.06'^" 

314 

7,150 

22.78 

9.223 

Zirconium'**' 

0.24 

— 

647 

6,500 

10.05 

1.805 

*The  parameters  are  obtained  at  the  annealed  condition  for  most  of  the  materials  in  this  table,  except  bismuth-lead  alloy,  tantalum,  and  lead 
and  zinc.  For  these  materials,  the  condition  is  cast,  recrystallized,  and  rolled,  respectively. 


Fig.  14  —  A  comparison  of  the  true-strain  distributions  for  specimens 
deformed  at  low  and  high  test  velocities  with  n  =  0.25  and  m  =  0.02. 


global  Strain  rate,  £„  (=  V/Iq).  As  shown  in  Figure  15, 
it  can  be  noted  that  for  a  given  V,  the  total  elongation 
of  the  specimen,  e-p,  is  nearly  independent  of  the  spec¬ 
imen  gage  length.  However,  for  a  given  e„,  invariance 
of  er  to  changes  of  the  gage  length  holds  only  in  a  low 
rate  (so  long  as  the  end  point  velocity  remains  less  than 
y„i,).  At  high  rates,  <?,  increases  with  an  increase  of  the 
gage  length.  These  results  indicate  that  the  test  velocity 
is  the  proper  characterizing  parameter  for  the  inertial 
effect. 


Several  investigations  have  shown  that  material  form- 
ability  can  be  enhanced  at  high  strain  rates  or  test  ve¬ 
locities.  It  is  not  often  clear  if  this  enhanced 
formability  is  due  to  the  inertial  effect  analyzed  here  or 
constitutive  parameters  changing  {e.g.,  m  increasing) 
with  increasing  strain  rates.  The  concept  presented  in 
Figure  15  can  be  used  to  provide  an  elegant  experimental 
test.  Constitutive-based  effects  should  yield  improved 
formability  based  on  strain  rates,  regardless  of  the 
sample  size,  while  the  inertial  effect  will  scale  properly 
with  test  velocities. 


V.  SUMMARY 

A  simple  one-dimensional  dynamic  numerical  simu¬ 
lation  of  the  sheet  tensile  test  ( 1  pet  linear  tapered  spec¬ 
imen)  for  rate-sensitive  materials  has  been  carried  out 
over  a  wide  range  of  test  velocities.  The  Hollomon-typc 
constitutive  law  has  been  applied  for  materials,  and  a 
variety  of  values  of  strain-hardening  exponent,  n,  and 
strain-rate-sensitivity  index,  m,  have  been  used  to  ana¬ 
lyze  the  effect  of  inertia  on  tensile  ductility.  The  results 
are  summarized  as  follows. 

1 .  The  total  elongation  of  the  specimen,  e^,  is  enhanced 
by  inertia  at  high  test  velocities.  Since  no  significant 
change  of  the  maximum-load  elongation  (uniform 
elongation),  e„,  was  noted  by  changing  test  veloci¬ 
ties,  enhancement  of  the  total  elongation  is  due  pri¬ 
marily  to  an  increase  of  postuniform  elongation. 

2.  There  exists  a  critical  test  velocity  for  the  onset 
of  the  inertial  effect,  Verit-  Both  increasing  the 
strain-rate-sensitivity  index,  m,  and  decreasing  the 
strain-hardening  exponent,  n,  increases  this  critical 
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Fig.  15 — The  variation  of  Cj  with  the  specimen  gage  length  at  dif¬ 
ferent  test  velocities  and  global  strain  rates. 


velocity.  Beyond  Verio  increasing  the  test  velocity  in¬ 
creases  the  inertia-induced  additional  elongation,  Ac. 

3.  The  inertia-induced  additional  elongation,  Ac,  in¬ 
creases  monotonically  with  an  increase  of  n  for  a 
given  test  velocity.  However,  the  relationship  be¬ 
tween  m  and  Ac  is  complicated.  The  m  value  at  which 
the  maximum  inertia-induced  additional  elongation 
occurs  varies  with  the  velocity. 

4.  When  the  percentage  of  the  total  elongation  incre¬ 
ment  produced  by  inertia  with  respect  to  the  total 
elongation  was  considered,  the  results  indicated  that 
the  inertial  effect  is  the  most  important  in  materials 
of  limited  ductility,  (/.c.,  those  with  relatively  low  n 
and  m  values). 

5.  A  scaling  between  the  normalized  material  density, 
p„,  and  the  test  velocity,  V,  was  noted  and  is  given 
by 

PnV^-"'  =  C 

where  C  is  the  constant.  Based  on  this  scaling,  for  a 
group  of  materials  with  the  same  n  and  m  but  dif¬ 
ferent  p,„  the  inertia-induced  additional  elongation 
and  critical  test  velocity  can  be  readily  studied. 

6.  In  addition  to  the  quantitative  model,  an  intuitive  ex¬ 
planation  for  the  inertial  effect  is  proposed.  It  shows 
that  the  inertial  effect  suppresses  strain  gradients  in 
the  specimen  during  necking  for  high-velocity  defor¬ 
mation.  The  suppression  of  the  strain  gradients  leads 
to  increases  in  strains  to  failure. 
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Effect  of  Internal  Heating  During  Hot  Compression 
on  the  Stress-Strain  Behavior  of  Alloy  304L 


M.C.  MATAYA  and  V.E.  SACKSCHEWSKY 

The  temperature  change  due  to  the  conversion  of  mechanical  deformation  to  internal  heat  and 
its  effect  on  the  as-measured  stress-strain  behavior  of  alloy  304L  was  investigated  hy  means  of 
initially  isothermal  (compression  specimen,  dies,  and  environment  at  same  temperature  at  ini¬ 
tiation  of  test),  constant  strain  rate,  uniaxial  compression  of  laboratory-sized  cylindrical  spec¬ 
imens.  Strain  rate  was  varied  in  the  range  0.01  to  1  s”',  where  the  thermal  state  of  the  test 
specimen  varied  from  nearly  isothermal  to  nearly  adiabatic,  respectively.  Specimens  were  de¬ 
formed  in  the  temperature  range  of  750  °C  to  1150  °C  to  a  strain  of  1.  The  change  in  specimen 
temperature  with  applied  strain  was  calculated  via  finite-element  analysis  (FEA)  from  the  as- 
measured  stress-strain  data.  Selected  predictions  were  confirmed  with  embedded  thermocouples 
to  verify  the  model  employed.  Temperature  was  found  to  increase  monotonically  with  strain  at 
a  strain  rate  of  1  s”‘,  consistent  with  what  is  theoretically  expected  for  the  adiabatic  case.  At 
the  0.1  and  0.01  s~‘  rates,  the  sample  temperature  initially  increased,  peaked,  and  then  de¬ 
creased  as  the  sample  thinned  and  the  contact  area  between  the  sample  and  the  cooler  dies 
increased.  As-measured  stress  was  corrected  for  softening  associated  with  deformational  heating 
by  interpolation  between  the  various  instantaneous  stress-temperature  behaviors.  The  resulting 
isothermal  flow  data  are  compared  to  those  predicted  by  a  conventional  method  that  employs 
an  empirical  estimate  of  the  heat  retention  efficiency  of  the  test  specimen,  assumed  dependent 
on  strain  rate  but  independent  of  strain,  to  reduce  the  increase  in  temperature  calculated  for  the 
adiabatic  case.  Differences  between  the  calculated  isothermal  stress-strain  data  from  the  two 
methods  are  discussed.  Values  for  the  apparent  activation  energy  of  deformation  and  the  strain 
to  the  peak  in  the  flow  curve,  which  is  associated  with  the  onset  of  dynamic  recrystallization, 
determined  from  isothermal  stress-strain  data  differed  significantly  from  those  obtained  from 
the  as-measured  compression  test  data. 


I,  INTRODUCTION 

Uniaxial  compression  of  cylindrical  specimens  is 
often  used  to  determine  a  material’s  stress-strain  (a-e) 
response  to  plastic  deformation  at  temperatures,  strain 
rates,  and  to  strains  typically  encountered  during  con¬ 
ventional  hot- working  processes  such  as  forging.  The 
a-e  response  yields  information  about  a  material’s 
strain-rate  sensitivity;  work-hardening  rate;  activation 
energy  for  deformation,  <2def;  and  equipment  loading 
during  forming  operations,  and  it  allows  upper-bound 
analysis  of  metal-working  operations.  These  data  are 
also  useful  in  finite-element  analysis  (FEA)  of  metal¬ 
forming  operations. 

The  accuracy  of  measured  a-e  data  from  compression 
testing  is  typically  degraded  by  friction  between  sample 
and  die,  causing  barreling  and  nonuniform  stress  and 
strain  in  the  sample,  and  by  internal  heating  of  the 
sample,  which  typically  reduces  the  flow  stress  of  ma¬ 
terials  that  exhibit  thermally  activated  plastic  deforma¬ 
tion.  Lubrication  techniques  have  been  developed  to 
minimize  frictional  effects.  However,  as-measured  a-e 
curves  and  associated  analysis  reported  in  the  literature 
have  often  been  presented  without  correction  for  defor¬ 
mational  heating. 

At  high  strain  rate,  e,  the  heat  generated  in  a  test 
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sample  is  essentially  retained  during  the  short  duration 
of  the  test,  and  the  instantaneous  temperature  of  the  test 
sample,  T,,  can  be  calculated  by  conventional  tech¬ 
niques,  without  consideration  of  heat  loss  to  the  envi¬ 
ronment.  From  sets  of  cr-e-T’,  data,  generated  by 
compression  testing  at  different  temperatures,  isothermal 
a-e  curves  can  be  obtained  by  interpolation  of  the  cr-T, 
data  at  each  increment  in  e.  Semiatin  et  a/.^”  employed 
this  technique  to  correct  as-measured  a-e  curves  of  Ti- 
6242  for  use  in  finite-element  simulation  of  metal  flow 
during  forging  of  a  turbine  disc.  Laasraoui  and 
Jonas, using  a  similar  technique,  showed  that  cor¬ 
rection  of  the  as-measured  a-e  data  for  internal  heating 
during  hot  compression  testing  provided  a  significantly 
more  precise  determination  of  the  static  recrystallization 
kinetics  for  various  low  carbon  steels. 

At  low  e,  the  heat  of  deformation  is  dissipated,  as  it 
is  generated,  to  the  surrounding  environment,  and  the 
test  progresses  isothermally.  In  this  case,  the  as- 
measured  a-e  behavior  is  also  the  isothermal  behavior. 
Thus,  in  the  two  e  extremes,  the  bounds  of  which  are 
determined  by  test  sample  geometry  and  other  test  con¬ 
ditions  that  govern  heat  transfer  to  the  environment,  iso¬ 
thermal  a-e  behavior  can  be  obtained  rather  easily. 

In  the  intermediate  e  realm,  the  process  is  neither  adi¬ 
abatic  nor  isothermal,  and  the  calculation  of  7,,  which 
is  a  function  of  heat  transfer  from  the  superheated  spec¬ 
imen  to  the  cooler  environment  {i.e.,  heat  conduction  to 
the  dies),  is  not  simple  and  has  not  been  characterized 
in  detail.  Sample  temperature  can  be  measured  with 
embedded  thermocouples,  but  testing  is  complex  and 
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costly,  and  embedded  thermocouples  may  perturb  the 
cr-e  response  of  the  specimens.  To  facilitate  calculation 
of  isothermal  a-e  curves  in  this  intermediate  e  regime, 
Dadras  and  Thomas‘S’'  introduced  an  empirical  term,  re¬ 
ferred  to  as  heat  retention  efficiency,  rj,  which  is  used 
to  reduce  the  temperature  rise  calculated  for  the  adiabatic 
case  to  obtain  T,.  The  value  of  17  is  assumed  to  vary 
linearly  with  log  e,  17  =  r](s),  independent  of  g. [27,28.29] 
However,  because  heat  loss  from  a  superheated 
compression  specimen  to  the  dies  depends  in  part  on  the 
instantaneous  sample  geometry  (e.g.,  specimen  height 
and  specimen-die  contact  area),  it  appears  that  77  must 
also  vary  with  strain,  77  =  r]{E,  e). 

Type  304  austenitic  stainless  steel  is  a  widely  used 
material  due  to  a  combination  of  good  corrosion  resis¬ 
tance  and  strength  that  can  be  significantly  enhanced 
during  forging  at  elevated  temperatures.'^®'  The  flow  be¬ 
havior  of  304  and  304L  at  elevated  temperature  from  a 
number  of  investigations  has  been  reviewed  by  Dadras'-’" 
and  Semiatin  and  Holbrook,'’^'  and  it  is  apparent  that  a 
detailed  systematic  study  of  the  isothermal  flow  behavior 
in  the  intermediate  e  regime  at  elevated  temperatures  has 
not  been  performed.  This  type  of  characterization  is 
needed  in  order  to  model  processes  such  as  radial  forging 
and  press  forging,  which  are  characteristically  applied 
during  primary  and  secondary  breakdown  of  commercial 
ingot  material.'”' 

The  purpose  of  this  investigation  was  to  develop  a 
method  to  obtain  an  accurate  isothermal  cr-e  behavior  for 
304L  at  elevated  temperature  in  the  intermediate  e 
realm,  where  the  thermal  state  of  laboratory-sized  test 
specimens  is  neither  isothermal  nor  adiabatic.  Defor- 
mational  heating  of  test  specimens  was  studied  by  per¬ 
forming  a  thermal-mechanically  coupled  FEA  of  the 
compression  test  in  which  the  heat  of  deformation  was 
allowed  to  dissipate  through  conduction  to  the  dies. 
Interpolation  of  the  instantaneous  cr-e-Ti  behavior,  where 
Ti  is  calculated  by  FEA,  was  used  to  determine  the  iso¬ 
thermal  <j-e  behavior.  The  results  are  compared  to  the 
as-measured  test  data  and  to  those  obtained  with  the  con¬ 
ventional  method  that  employs  77(e).  Values  and  behav¬ 
iors  of  the  strain  to  initiate  dynamic  recrystallization,  e^, 
and  apparent  activation  energy  for  deformation,  Quee, 
obtained  from  both  as-measured  and  isothermal  data  are 
compared  and  discussed. 

II.  EXPERIMENTAL  PROCEDURE 

A.  Material 

The  chemical  composition  of  the  304L  alloy  used  in 
this  investigation  is  given  in  Table  I.  The  alloy  was  arc- 
melted  in  air  and  then  argon-oxygen  decarburized  prior 
to  casting  a  356-mm-diameter  electrode.  The  electrode 
was  vacuum  arc-remelted  into  a  406-mm-diameter  ingot. 
The  ingot  was  bloomed  to  a  127-mm,  round-cornered 
square  bar  on  a  continuous  mill  at  1150  °C  and  hot-rolled 
to  a  38.1-mm-diameter  bar.  Rolling  started  at  IKK)  °C 
and  finished  at  approximately  900  °C.  The  bar  was 
swaged  at  room  temperature  to  a  15.2-mm-diameter  rod. 
The  rod  was  solution  heat-treated  at  1000  °C  for  1  hour 
and  water-quenched,  providing  the  starting  material  for 
the  investigation.  Prior  study  of  this  heat  of  304L 


Table  I.  Chemical  Analysis  of  304L  Alloy 


Element 

Analysis  (Mass  Pet) 

Cr 

18.6 

Mn 

1.9 

Ni 

10.0 

P 

0.011 

Si 

0.57 

Mo 

0.055 

Co 

0.077 

C 

0.022 

s 

0.0003 

N 

0.015 

Fe 

balance 

showed  that  this  particular  solution  heat  treatment  pro¬ 
duces  a  well-annealed,  relatively  dislocation-free  matrix 
with  equiaxed  grains  having  an  average  grain  diameter 
of  0.038  mrn.i’®' 

B.  Elevated  Temperature  Compression  Testing 

The  test  setup  is  shown  schematically  in  Figure  1. 
Compression  testing  was  accomplished  in  a  250  KN 
servohydraulic  testing  machine  (manufactured  by 
M.T.S.  Corp,,  Minneapolis,  MN)  outfitted  with  an  elec¬ 
tric  resistance  clam-shell  furnace.  The  vertical  load 
column  was  composed  of  two  opposing  ASTROLOY* 

*ASTROLOY  is  a  trademark  of  Geneva  Electric  Company,  Sun 
Valley,  CA. 


rams,  which  were  hollowed  to  facilitate  heating,  and  flat 
smooth  (lapped  to  8  rms  surface  finish  with  opposite 
faces  parallel  to  within  0.0127  mm  over  a  69.85-mm 
diameter)  SiN  compression  dies,  fitted  to  the  end  of  the 
rams.  Cylindrical  compression  samples,  12.7-mm  di¬ 
ameter  by  19.05-mm  high,  were  machined  from  the 
heat-treated  15. 1-mm-diameter  rod,  with  specimen  axis 
parallel  to  rod  axis.  The  end  faces  were  recessed  to  form 
a  lubricant  well,  an  effective  technique  for  constraining 
lubricant  to  the  sliding  face  during  compression.'’'" 
Weis'”'  verified  the  effectiveness  of  this  technique  com¬ 
pared  to  others  and  determined  an  optimum  well  ge¬ 
ometry  for  the  specimen  used  in  this  investigation  (lower 
right  in  Figure  1).  Various  glass  lubricants  were  em¬ 
ployed  to  accommodate  the  wide  range  of  testing  tem¬ 
peratures:  Delta  Glazes  No.  13  for  750  °C,  No.  93  for 
850  °C,  No.  349M  for  950  °C,  and  No.  347M  for 
1050  °C  and  1150  °C  (products  of  Atcheson  Chemical 
Co.,  Port  Huron,  MI).  The  combination  of  hard  smooth 
dies,  lubricant  well  geometry,  and  glass  lubricant  pro¬ 
vided  excellent  lubrication  for  the  duration  of  the 
compression  test,  demonstrated  by  the  absence  of  bar¬ 
reling  of  the  free  surface  on  the  compressed  test  sample 
(Figure  2).  Test  specimens  were  loaded  onto  the  bottom 
die  in  the  furnace  in  air,  held  for  10  minutes  at  the  test 
temperature  (specimens  required  approximately 
5  minutes  to  equilibrate),  compressed  uniaxially  to  a 
strain  of  1 ,  and  quenched  in  water  immediately  after  de¬ 
formation.  The  time  to  quench  was  between  1  and  2  sec¬ 
onds.  Test  temperatures  varied  between  750  °C  and 
1150  °C.  The  initial  grain  size  was  found  to  be  stable 
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Fig.  1 — Schematic  of  compression  test  setup,  FEA  model,  and  lubricant  well  on  compression  test  specimen. 


during  preheating  in  the  750  °C  to  1050  °C  range.  The 
average  grain  diameter  increased  from  0.040  to 
0.120  mm  during  the  1 150  °C  preheat  cycle.  The  effect 
of  this  increase  on  the  results  is  considered.  The  velocity 
of  the  moving  die  was  varied  by  computer  control  in 
order  to  apply  deformation  at  a  constant  e  of  0.01,  0.1, 
or  1  s  '.  Compliance  in  the  load  train  resulted  in  devia¬ 
tions  in  £  and  e  up  to  about  -5  pet  with  the  maximum 
occurring  at  the  lowest  temperature,  at  which  the  great¬ 
est  loads  were  encountered. 

The  true  flow  stress  a  can  be  assumed  equal  to  the 
true  average  pressure  because  the  coefficient  of  friction 
between  sample  and  die  is  near  zero  (Figure  2).'^*'  In 
addition,  the  strain  distribution  can  be  assumed  uniform 
throughout  the  specimen,  and  true  strain  e  can  be  cal¬ 
culated  from  the  change  in  test  specimen  height. Note 
for  uniform  uniaxial  compression,  the  effective  or  sig¬ 
nificant  stress  and  strain  reduce  to  the  axial  normal  com¬ 
ponent  of  stress  and  strain,  as  is  the  case  for  tensile 
testing  in  the  uniform  elongation  realm. Values  for  a 
and  £  were  calculated  from  the  as-measured  load  and 


Fig.  2 — Compression  test  specimen  prior  to  deformation  (left)  and  a 
typical  deformed  specimen  (right). 
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corrected  displacement  data  using  conventional  relation¬ 
ships.  Sample  dimensions,  measured  at  ambient  tem¬ 
perature,  were  corrected  for  thermal  expansion  that 
occurs  on  heating  to  the  test  temperature  Tq.  The  mea¬ 
sured  displacement  of  the  sample,  obtained  with  a  linear- 
variable-differential  transformer  (LVDT)  mounted  at  the 
lower  end  of  the  moving  ram,  was  corrected  for  test 
system  compliance.  Calculated  values  of  final  e,  ob¬ 
tained  from  the  LVDT  displacement  and  corrected  for 
compliance  and  for  cooling  to  ambient  temperature, 
were  typically  within  1  to  2  pet  of  the  measured  plastic 
strain,  calculated  from  the  actual  initial  and  final  height 
of  the  test  sample. 

Sample  heating  during  deformation  was  measured  on 
selected  samples  with  an  embedded  thermocouple  lo¬ 
cated  at  the  specimen  center  (midheight  and  mid¬ 
diameter).  The  thermocouple  was  a  sheathed  type  K  with 
an  exposed,  beaded  junction.  Sheath  material  was  type 
304  stainless  steel.  Sheath,  bead,  and  wire  diameters 
were  1.57,  0.7,  and  0.25  mm,  respectively.  The  time 
constant  to  reach  62.3  pet  of  a  stepped  increase  in  tem¬ 
perature  was  approximately  0.45  seconds.  In  this  study, 
embedded  thermocouples  were  found  to  have  a  negli¬ 
gible  effect  on  the  flow  curves,  determined  by  compar¬ 
ing  the  results  from  samples  with  and  without 
thermocouples. 

C.  Determination  of  Isothermal  Stress-Strain  Behavior 

1.  An  empirical  analysis 

The  as-measured  cr-e  data  were  corrected  for  defor- 
mational  heating  by  two  different  techniques.  The  first, 
discussed  in  this  section,  employs  the  empirical  term 
to  estimate  T,,  the  instantaneous  temperature  at  the 
midheight  position  of  the  compression  specimen,  and  is 
hereafter  referred  to  as  the  empirical  analysis  (EA) 
method.  It  consists  of  calculating  the  change  in  sample 
temperature,  AT,  with  applied  e  by  the  following  con¬ 
ventional  relationship: 

AT  =  (pk/pCp)  f  o-de  [1] 

Jo 

where  p  is  density,  Cp  is  heat  capacity  per  unit  mass 
(where  Cp  =  Cp(T)),  is  the  final  true  plastic  strain,  k 
is  a  mechanical  energy-to-heat  conversion  factor,  and  tj 
is  the  fraction  of  deformational  energy  that  appears  as  a 
temperature  rise.  Based  on  the  measured  value  of  T,  at 
an  applied  e  of  0.7,  determined  from  an  embedded 
thermocouple  located  at  the  midheight-midradius  loca¬ 
tion,  in  cylindrical  compression  samples  of  aluminum 
alloy  2024  compression  samples  strained  at  various 
rates,'-*'  it  has  been  suggested  that  rj  varies  linearly  with 
the  logarithm  of  e,  equaling  0  at  0.001  s“'  or  less  and 
0.95  at  1.0  s  '  or  greater.'®'  Following  this  suggestion, 
the  value  of  17  is  expressed  as  follows: 

17  =  (0.316)  logio  e  -H  0.95  [2] 

Values  for  AT  were  calculated,  via  Eqs.  [1]  and  [2],  for 
each  measured  increment  of  e,  approximately  0.005. 
The  trapezoid  rule  was  used  for  the  integration  in 
Eq.  [1].  For  adiabatic  conditions,  17  is  usually  assumed 


to  be  between  0.9  and  0.95.  The  latter  value  is  assumed 
in  the  EA  method. 

Next,  (a,  r,)|j  relationships  were  constructed  from  the 
as-measured  cr-e  data  for  different  Tq,  where  T,  =  To  + 
Ar(e),  and  at  regular  increments  of  e.  Finally,  at  a  given 
value  of  e  and  Tq,  the  softening.  Act,  due  to  AT  was 
calculated,  assuming  a  linear  variation  of  log  a  with 
1  /r„  and  added  to  the  as-measured  value  of  a  to  obtain 
the  isothermal  value.'®' 

2.  A  method  using  FEA 

An  alternative  method  for  estimating  7,  from  as- 
measured  a-E  data  was  developed  in  this  study.  It  uses 
FEA  to  calculate  the  7,  in  the  compression  sample  with 
increasing  e.  Isothermal  a-s  data  are  then  determined  by 
interpolation  to  Tq,  similar  to  the  EA  method.  The  FEA 
model  employs  the  as-measured  a-E  curve  and  the  rel¬ 
evant  physical  properties  analogous  to  Eq.  [1].  How¬ 
ever,  as  the  FEA  calculation  progresses  incrementally 
with  E,  effects  of  the  changes  in  sample  geometry  on 
heat  flow  to  the  dies  are  automatically  included  in  the 
transient  temperature  calculations.  Thus,  FEA  essen¬ 
tially  replaces  Eq.  [1],  adding  effects  of  geometry 
changes  {i.e.,  e),  which  are  absent  in  the  77  term  in  that 
equation.  The  method  is  summarized  briefly  here  and 
discussed  in  detail  below. 

Step  1.  Frictionless  compression  test  gives  a  =  (j(e)|s 
for  each  test  s  and  each  initial  test  temperature 

Step  2.  Input  the  as-measured  a  =  (7(£)|e  frorn  a  single 
test  as  the  material  behavior  into  the  FEA  model 
and  calculate  instantaneous  sample  temperature, 
7,,  at  specimen  center  for  that  test.  Repeat 
for  each  compression  test.  This  yields  a  = 
cr(£,  7,)|j  for  each  initial  test  condition.  Note, 
this  step  is  analogous  to  the  EA  calculation  in 
Eq.  [1]  with  Tj  replaced  by  FEA  calculation  of 
the  heat  flow  to  the  die. 

Step  3.  Obtain  a  =  cr(£)[7^ij  ^  for  each  Tq  and  e  by  inter¬ 
polation  between  appropriate  sets  of  cr(£,  7,)|J  at 
regular  increments  of  e. 

Figure  1  shows  a  schematic  of  the  finite-element 
model  used  to  simulate  the  compression  tests.  The 
MARC*  finite-element  code  was  used  for  the  simula- 


*iVlARC  is  a  trademark  of  MARC  Analysis  Research  Corp.,  Inc., 
Palo  Alto,  CA. 


tion.  The  analysis  was  elastic-plastic  and  thermal- 
mechanically  coupled.  Values  of  cr,  £,  and  7,  were  cal¬ 
culated  for  each  time  increment  during  the  simulation, 
where  7,  is  taken  at  the  specimen  center.  The  analysis 
assumes  symmetry  about  the  center  axis,  oriented  in  the 
vertical  direction  in  Figure  1  and  in  the  test  setup,  and 
about  a  perpendicular  plane  through  the  midheight  of  the 
cylinder.  Axial  symmetry  implies  that  the  system  can  be 
represented  by  a  two-dimensional  model.  Vertical  sym¬ 
metry  implies  that  only  one-half  of  the  cylinder  must  ac¬ 
tually  be  modeled.  Thus,  the  model  consists  of  one 
quadrant  of  a  vertical  cross  section  through  the  cylinder, 
as  shown  in  Figure  1.  The  quadrant  of  the  12.7-mm  di¬ 
ameter  by  19.05-mm  high  (0.5  x  0.75  in.)  cylindrical 
test  sample  is  represented  by  a  mesh  of  20  four-node 
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quadrilateral  elements  in  the  radial  direction  and  16  ele¬ 
ments  for  the  half-height.  The  conversion  of  mechanical 
energy  to  heat  was  assumed  to  have  an  efficiency  of 
0.95,  consistent  with  the  value  assumed  in  the  EA 
method. 

The  upper  die  of  the  compression  test  setup  is  repre¬ 
sented  by  the  upper  rigid  die  in  Figure  1.  Simulated 
movement  of  this  die  was  controlled  by  a  subroutine 
within  the  FEA  code  to  provide  a  specified  constant  e. 

A  friction  coefficient  of  zero  was  used  between  the 
die  and  the  cylindrical  test  specimen,  based  on  the  ob¬ 
served  lack  of  barreling  (Figure  2)  on  the  free  surface  of 
compressed  samples.  For  frictionless  compression,  the 
as-measured  a-e  behavior,  which  is  an  average  for  the 
sample,  can  be  assumed,  according  to  Rowe,’^*’  to  be 
equal  to  the  true  material  behavior,  because  e  and  e  are 
uniform  throughout  the  compression  sample.  Thus,  the 
as-measured  behavior  was  used  to  approximate  the  true 
material  behavior  throughout  the  test  sample  in  the  FEA 
model  (Step  2).  In  both  EA  (conventional)  and  FEA,  the 
sample  temperature  reference  is  located  at  the  midheight 
of  the  sample.  In  the  EA  technique,  temperature  is  mea¬ 
sured  via  thermocouple  at  the  midheight,  at  a  strain  of 
0.7.  In  the  FEA  technique,  the  sample  temperature  at 
the  midheight  is  calculated,  considering  heat  flow  to  the 
dies,  as  strain  increases.  The  temperature  in  the  sample 
may  vary  from  center  to  die  surface,  due  to  heat  con¬ 
duction  from  the  sample,  heated  by  deformation,  to  the 
slightly  cooler  die.  Because  the  as-measured  stress-strain 
behavior,  which  is  an  average  behavior  for  the  sample, 
is  matched  with  the  temperature  at  the  sample  mid¬ 
height,  which  may  be  greater  than  the  average  temper¬ 
ature  in  the  test  sample,  an  associated  error  may  be 
introduced  during  interpolation  to  isothermal  conditions. 
For  example,  the  temperature  in  a  test  sample  1  mm 
from  the  compression  surface  during  the  850  °C,  e  = 
0.1  s”‘  test  was  measured  to  be  868  °C  at  a  strain  of 
approximately  0.8  compared  to  874  °C  at  the  midplane. 
This  difference  is  relatively  small,  6  °C,  and  apparently 
had  little  effect  on  sample  geometry  (barreling  should  be 
observed  if  significant  die  chill  is  coupled  with  an  in¬ 
verse  temperature  dependence  of  the  flow  stress).  If  an 
average  temperature  is  assumed,  T,  for  this  test  is  ap¬ 
proximately  871  °C,  rather  than  874  °C  (value  at  mid¬ 
height),  and  the  estimated  isothermal  flow  stress  would 
be  reduced  slightly  from  the  value  calculated  assuming 
Tj  at  the  sample  midheight  (approximately  265  vs 
268  MPa  from  the  data  subsequently  provided  in 
Table  IV). 

Heat  transfer  due  to  conduction  between  the  test  spec¬ 
imen  and  die  is  included  in  the  analysis  to  allow  the  heat 
generated  in  the  specimen  by  deformation  to  be  dissi¬ 
pated  into  the  die,  which  acts  as  a  constant  temperature 
heat  sink.  For  this  analysis,  T  of  the  moving  rigid  die  is 
set  equal  to  the  initial  temperature  of  the  test  specimen, 
Tq.  The  lower  rigid  die  shown  in  the  model  is  an  imagi¬ 
nary  die  through  the  specimen  midplane  (Figure  1),  and 
its  function  in  the  model  will  be  discussed.  Temperature- 
dependent  values  of  elastic  modulus,  thermal  expansion 
coefficient,  thermal  conductivity,  and  specific  heat  used 
in  the  FEA  model  are  listed  in  Table  II. 

The  coefficient  of  heat  transfer  between  the  specimen 
and  die  was  determined  by  matching  FEA-predicted 


variations  of  AT  with  e  for  various  assumed  values  of 
the  heat-transfer  coefficient  to  a  measured  variation  {via 
embedded  thermocouple)  obtained  at  950  °C  and  a  e  of 
0.1  s“',  as  shown  in  Figure  3.  Preliminary  FEA  anal¬ 
yses,  not  shown  here,  revealed  that  the  temperature  pro¬ 
file  was  most  sensitive  to  the  film  coefficient  for  this 
particular  combination  of  deformation  parameters. 
Based  on  this  figure,  the  coefficient  was  assumed  to  be 
6.54  X  10^  J/s/m^/K  (curve  C).  This  value  is  lower, 
by  a  factor  of  approximately  2,  than  what  is  typically 
experienced  in  conventional  forging  of  steel  with 
graphite-based  lubricants. The  lower  value  encoun¬ 
tered  in  this  study  could  be  due  to  greater  insulating 
qualities  of  the  glass  lubricants  used  in  this  study,  com¬ 
pared  to  the  graphite-based  and  other  lubricants  that  are 
typically  used  in  forging,  and/or  due  to  the  use  of  a  lu¬ 
bricant  well  on  the  ends  of  the  specimens,  which  serves 
to  maintain  a  relatively  thick  and  continuous  film  of  lu¬ 
bricant  between  the  specimen  and  the  dies  for  the  du¬ 
ration  of  the  test.  A  higher  value  for  the  coefficient 
might  have  been  assumed  considering  that  a  variable  die 
temperature  in  tbe  FEA  model  should  produce  predicted 
curves  (for  Figure  3)  which  show  less  effect  of  die  chill¬ 
ing  at  high  strain.  In  this  case,  it  appears  that  the  value 
of  the  coefficient  selected  from  Figure  3  may  be  greater 
than  was  assumed  in  this  study. 

Figure  4  shows  the  variation  of  as-measured  AT,  7,-  - 
To,  with  £,  acquired  from  thermocouples  embedded  in 
test  specimens,  and  the  corresponding  EA  and  FEA  pre¬ 
dicted  curves.  The  FEA  curves  closely  approximate  the 
measured  behavior,  giving  validity  to  the  FEA  model. 
The  as-measured  and  FEA  results  show  some  difference 
because  of  a  number  of  assumptions  made  in  the  FEA 
method  and  for  the  as-measured  data.  For  example, 
some  of  the  heat  of  deformation  conducted  from  the 
specimen  to  the  dies  as  the  test  proceeds  will  result  in  a 
slight  heating  of  the  dies;  and  therefore,  slightly  less  heat 
will  be  transferred  to  the  dies  than  predicted  by  FEA 
because  of  the  assumption  of  a  constant  temperature  for 
the  moving  rigid  die.  In  this  case,  the  as-measured 
sample  T,  would  be  expected  to  lie  slightly  above  the 
FEA  T,  (the  opposite  is  observed  in  Figure  4)  and  should 
increase  with  strain  at  a  greater  rate  (observed  in 
Figure  4).  A  number  of  other  assumptions  may  have 
caused  the  FEA  T,  to  exceed  the  as-measured  T,.  First, 
the  effects  of  radiative  and  convective  cooling  were  ne¬ 
glected  in  the  FEA  model,  because  calculations  indi¬ 
cated  that  their  effects  on  T,  would  be  relatively  small 
compared  to  conduction  effects  (for  example,  the  ratio 
for  rate  of  heat  dissipation  by  radiation  to  the  rate  of  heat 
generation  within  the  sample  was  less  than  0.05).  If  in¬ 
corporated  in  the  FEA  model,  however,  T,  would  cer¬ 
tainly  be  reduced  a  finite  amount,  and  the  FEA  curves 
in  Figure  4  would  be  lowered.  Second,  the  lag  in  the  as- 
measured  temperature  due  to  the  thermocouple  time  con¬ 
stant  (0.45  seconds  for  a  63.2  pet  response)  was  ne¬ 
glected  in  the  analysis.  If  a  correction  were  applied, 
estimated  to  be  on  the  order  of  0.05  e,  the  as-measured 
curve  would  shift  to  the  left,  effectively  raising  the  as- 
measured  curve  relative  to  the  FEA  curve  in  Figure  4. 
Finally,  it  was  assumed  that  mechanical  work  was  con¬ 
verted  to  heat  with  a  95  pet  efficiency,  consistent  with 
the  EA  method.  The  efficiency  is  generally  assumed  to 
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Table  II.  Variation  of  Young’s  Modulus,  Thermal  Expansion  Coefficient,  Thermal  Conductivity, 
and  Specific  Heat  with  Temperature  and  Other  Constants  Used  in  the  FEA  Model* 


T  (°C) 

Young’s  Modulus 
(MPa)  (X10=) 

Thermal  Expansion 
Coefficient 
(cm/cm  °C) 

(XIO^') 

Thermal  Conductivity 
(cal/s  cm  °C) 

(XIO^) 

Specific  Heat 
(cal/g  T) 

-17.8 

1.994 

1.507 

3.52 

0.089 

93.3 

1.912 

1.613 

4.02 

0.090 

204.4 

1.830 

1.699 

4.34 

0.091 

315.6 

1.749 

1.768 

4.68 

0.093 

426.7 

1.667 

1.823 

4.96 

0.095 

537.8 

1.585 

1.868 

5.29 

0.098 

648.9 

1.504 

1.908 

5.66 

0.104 

760.0 

1.422 

1.946 

6.00 

0.109 

871.1 

1.340 

1.980 

6.32 

0.113 

982.2 

1.258 

2.011 

6.66 

0.115 

1093.3 

1.177 

2.034 

6.98 

0.117 

Other  constants: 

Density: 

7.999  g/cm^ 

Poisson’s  ratio: 

0.300 

Mechanical  energy  to  heat: 

Conversion: 

0.238978  cal/MPa  cm’ 

95  pet  efficiency: 

0.227029  cal/MPa  cm’ 

*Sources:  Department  of  Defense  specification  MIL-HDBK-5D,  2-192;  Aerospace  Structural  Metals  Handbook,  AFML-tr-68-1 15,  1974,  code 
303,  p.  27, 
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Fig.  3  —  The  change  in  specimen  temperature  with  true  plastic  strain  TRUE  PLASTIC  STRAIN 

for  alloy  304L  compressed  at  950  °C  and  a  £  of  0. 1  s~‘.  Both  the  as- 

measured  (solid)  and  FEA  (dashed)  curves  are  shown.  Curves  A  Fig.  4 — The  change  in  specimen  temperature  with  true  plastic  strain 

through  F  were  generated  with  heat  transfer  (film)  coefficients  of  for  alloy  304L  compressed  at  a  £  of  0. 1  s^',  at  temperatures  of  850  °C 

1.635,  4.905,  6.540,  8.175,  11.44,  and  16.35  x  10’  J/s/m’/K,  and  950  °C.  Dashed  curves  were  calculated  by  the  EA  method  and 

respectively.  As-measured  temperature  data  were  obtained  from  an  solid  curves  by  FEA.  The  open  symbols  (squares)  were  measured  with 

embedded  thermocouple  located  at  the  center  of  the  specimen.  an  embedded  thermocouple  located  at  the  center  of  the  test  specimen. 
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be  in  the  90  to  95  pet  range.  Assuming  a  lower  value  in 
the  analysis,  e.g.,  90  pet,  would  reduee  deformational 
heating  and  lower  the  FEA  curves  in  Figure  4  relative 
to  the  as-measured  curves.  Although  some  errors  are  in¬ 
troduced  in  both  FEA  and  as-measured  data,  the  ap¬ 
proximate  equivalency,  in  magnitude  and  behavior  with 
s,  between  the  two  sets  of  data  demonstrates  that  FEA 
provides  a  better  approximation  for  F,  than  does  EA. 

The  heat-transfer  coefficient  between  the  sample  and 
die  was  assumed  to  be  constant;  however,  as  the  test 
proceeds,  the  lubricant  barrier  thins  and  microscopic 
contact  areas  may  increase,  causing  the  actual  co¬ 
efficient  to  increase.  Assumption  of  a  constant  average 
coefficient  will  cause  some  underestimation  of  AT  at  low 
s  and  overestimation  at  high  e. 

Separate  FEA  analyses  were  run  to  simulate  each 
combination  of  Tq  and  e  employed  experimentally.  For 
each  case,  the  corresponding  as-measured  as  data  was 
used  as  the  specimen  flow  stress  behavior  for  FEA,  and 
the  evolution  of  the  F,  profile  within  the  specimen  was 
calculated.  In  essence,  the  FEA  method  is  the  same  as 
that  implied  by  Eq.  [1],  except  that  a  better  estimate  of 
the  effect  of  the  rj  term  is  made  by  including  a  model 
of  the  cylinder  and  die,  which  considers  effects  of  the 
film  coefficient,  geometry  change  (e),  and  s  on  the  heat 
flow  across  the  cylinder-die  interface. 

Initial  FEA  analyses  showed  a  slightly  nonuniform 
distribution  of  a  within  the  deformed  cylinder  due  to 
nonuniform  F  within  the  cylinder  and  the  associated 
thermal  stresses  from  the  temperature-dependent  co¬ 
efficient  of  thermal  expansion  (Table  II).  Thus,  the  de¬ 
sired  cr-e-F,  data  could  not  be  simply  extracted  from  any 
one  arbitrary  FEA  element  in  the  cylinder,  as  would  be 
the  case  for  a  perfectly  uniform  distribution  of  stress. 
The  lower,  stationary  rigid  die,  shown  in  the  model 
(Figure  1),  was  introduced  to  provide  an  independent 
calculation  of  a.  Values  of  a  are  obtained  by  dividing 
the  load  on  the  lower  rigid  die  (a  standard  quantity  cal¬ 
culated  by  the  FEA  code)  by  the  area  at  midheight,  ob¬ 
tained  by  tracking  the  position  of  the  outer  node  on  this 
plane.  For  the  lower  imaginary  die,  the  friction  and  film 
coefficients  were  assumed  to  be  zero,  because  material 
located  at  the  positions  of  these  nodes  in  the  test  spec¬ 
imen  was  not  actually  subjected  to  frictional  forces  nor 
was  there  heat  flow  across  the  midplane  of  the  test  spec¬ 
imen.  Strain  was  taken  as  the  average  of  the  minimum 
and  maximum  equivalent  plastic  e  calculated  in  the  cyl¬ 
inder  (a  commonly  supplied  result  of  the  FEA  code). 
Typically,  the  two  extremes  of  equivalent  plastic  strain 
were  within  1  to  2  pet  of  each  other.  Temperature,  F„ 
was  taken  from  the  node  located  at  the  specimen  center. 
As  would  be  expected  from  the  model,  the  temperature 
was  found  to  be  constant  in  the  radial  direction. 

The  FEA  output  gives  a  set  of  cr-c-F,  for  each  test  at 
values  of  e,  which  are  nonuniformly  spaced.  New  sets 
were  determined  at  0.01  increments  of  e  by  linear  inter¬ 
polation.  For  constant  e,  isothermal  as  curves  for  each 
Fq  were  then  obtained  by  linear  interpolation  at  regular 
increments  of  e  between  the  five  sets  of  cr-g-F,  data  cor¬ 
responding  to  the  five  Tq  (750  °C  to  1150  °C)  used  in 
testing.  For  interpolation,  a  was  assumed  to  vary  in  a 
piecewise  linear  manner  with  F,  at  constant  e,  rather  than 
log  a  with  1  /F,,  because  plots  (not  shown)  demonstrated 


this  to  be  the  better  method  for  a  majority  of  the  cor¬ 
rections,  particularly  for  Fq  =  750  °C,  where  AF  is  large 
and  extrapolation  below  successive  temperatures  used  to 
generate  the  isotherms,  rather  than  interpolation  between 
successive  temperatures,  was  required.  Based  on  a  study 
of  the  data,  the  log  a-XjT  method  was  judged  to  over¬ 
state  the  correction  because  of  the  nearly  linear  behavior 
of  a  with  F,  in  this  temperature  regime.  This  process, 
repeated  for  each  e,  gives  a  =  o-lejlT-^ 

III.  RESULTS 

A.  Test  Specimen  Temperature  Behavior 

Figures  5,  6,  and  7  show  the  calculated  AF,  F,  —  Fq, 
with  applied  e  for  compression  samples  deformed  at  a 
£  of  1 , 0. 1 ,  and  0.01  s”  ,  respectively.  Both  predictions, 
EA  (dashed  curves)  and  FEA  (solid  curves),  are  shown. 
In  general,  AF  increases  as  deformation  temperature,  F, 
decreases,  because  in  Eq.  [1],  a  varies  inversely  with  F. 
For  example.  Figure  5  shows  that  AF  is  approximately 
80  °C  and  20  °C  for  the  750  °C  and  1150  °C  tests  con¬ 
ducted  at  a  £  of  1  s”'.  In  this  figure,  the  FEA  curves  lie 
below  the  corresponding  EA  curves,  because  FEA  pre¬ 
dicts  a  finite  amount  of  heat  conduction  to  the  SiN  dies, 
whereas  at  this  e,  the  EA  analysis  assumes  p  to  be  equal 
to  its  maximum  value,  0.95,  which  defines  the  thermal 
state  of  the  compression  sample  to  be  purely  adiabatic. 

Figures  6  and  7  show  that  as  e  increases,  AF  from 
FEA  rises  rapidly,  peaks,  and  then  decreases.  The  drop 


TRUE  PLASTIC  STRAIN 


Fig.  5 — The  change  in  specimen  temperature  with  true  plastic  strain 
for  alloy  304L  compressed  at  a  e  of  1  s  '.  The  initial  test  tempera¬ 
tures,  between  750  °C  and  1150  °C,  are  shown.  Dashed  curves  were 
calculated  by  the  EA  method  and  the  solid  curves  by  FEA. 
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Fig.  6 — The  change  in  specimen  temperature  with  true  plastic  strain 
for  alloy  304L  compressed  at  a  £  of  0.1  s“'.  The  initial  test  temper¬ 
atures,  between  750  °C  and  1 150  °C,  are  shown.  Dashed  curves  were 
calculated  by  the  EA  method  and  solid  curves  by  FEA. 


in  AT  is  attributed  to  the  changing  sample  geometry  as 
the  test  progresses.  The  reduction  in  sample  height  (or 
thickness)  decreases  the  distance  from  the  center  of  the 
sample  to  the  die  face.  This,  in  turn,  increases  the  T, 
gradient  and  hence  the  heat  flow.  Secondly,  the  sample 
increases  in  diameter.  The  contact  area  between  the 
specimen  and  die  increases  causing  an  increase  in  heat 
flow  as  deformation  proceeds.  Equation  [1],  used  in  the 
EA  method,  predicts  monotonic  increases  in  tempera¬ 
ture,  as  shown  in  the  figures. 

Eigures  6  and  7  also  show  that  at  low  e,  the  magnitude 
of  AT  from  EEA  is  greater  than  from  EA,  and  at  high 
e,  it  is  less.  The  increase  in  EA  AT  with  e  from  Eq.  [1] 
is  moderated  only  by  17,  which  is  assumed  independent 
of  s.  Actually,  17  varies  significantly  with  e,  as  will  be 
demonstrated.  Because  rj  was  approximated  from  mea¬ 
surements  of  AT  after  the  application  of  a  relatively  high 
£,  0.7,'-*  -“^'  r]  represents  the  average  heat  retention  be¬ 
havior  of  a  changing  sample  geometry  for  the  e  range 
from  0  to  0.7.  Thus,  the  calculated  value  of  77  is  actually 
too  low  at  low  e,  resulting  in  anomolously  low  AT,  and 
too  high  at  high  £,  resulting  in  anomolously  high  AT,  as 
shown  in  Figures  4,  6,  and  7. 

B.  As-Measured  and  Isothermal 
Stress-Strain  Behavior 

Figures  8,  9,  and  10  show  the  as-measured  and  the 
calculated  (FEA)  isothermal  cr-e  curves  for  temperatures 
between  750  °C  and  1150  °C  and  strain  rates  of  1,  0.1, 


Fig.  7  —  The  change  in  specimen  temperature  with  true  plastic  strain 
for  alloy  304L  compressed  at  a  £  of  0.01  s”'.  The  initial  test  tem¬ 
peratures,  between  750  °C  and  1150  °C,  are  shown.  Dashed  curves 
were  calculated  by  the  EA  method  and  solid  curves  by  FEA. 


and  0.01  s“',  respectively.  Values  for  cr  at  regular  in¬ 
crements  of  £  =  0. 1  are  provided  in  Tables  III  through 
V.  In  each  case,  the  as-measured  curves  lie  below  the 
predicted  isothermal  curves  because  of  the  flow  soften¬ 
ing  associated  with  deformational  heating  in  the  test 
sample.  Comparison  of  the  figures  and  tables  shows  that 
the  difference  between  the  as-measured  and  isothermal 
curves  increases  with  increasing  £  and  decreasing  T.  For 
example,  at  the  greatest  e  (1  s^')  and  the  lowest  Tq 
(750  °C),  the  corresponding  values  of  cr  at  £  =  1  are  358 
(as-measured),  430  (FEA  isothermal),  and  486  MPa  (EA 
isothermal).  An  increase  in  e  allows  less  time  for  heat 
transfer  from  the  superheated  specimen  to  the  dies,  and 
the  greater  resulting  AT  induces  relatively  more  soften¬ 
ing  in  the  measured  behavior.  Decreasing  T  gives  greater 
a  and  then  a  larger  AT  from  Eq.  [1].  At  the  lowest  e 
and  highest  To,  very  little  correction  is  needed,  and  the 
as-measured  curves  are  equal  to  the  calculated  iso¬ 
thermal  behavior. 

The  as-measured  behavior  for  304L  in  this  study  is  in 
excellent  agreement  with  the  as-measured  flow  curves 
for  304L  reported  by  Semiatin  and  Holbrook’^-'  for  test¬ 
ing  conditions  of  s  =  0.01  s^'  and  Tq  values  of  800  °C 
and  1000  °C  and  those  of  Barraclough  and  Sellars*^’'  for 
304  at  £  =  1  s"'  and  950  °C,  1050  °C,  and  1150  °C. 
However,  as-measured  304  flow  curves  from  Suzuki 
et  for  £  =  0.2  and  0.8  are  relatively  low  at  Tq  = 
800  °C  and  high  at  1 200  °C  compared  to  the  results  pre¬ 
sented  here. 

Softening  due  to  deformational  heating  changes  the 
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Fig,  8  —  True  stress  vs  true  plastic  strain  for  alloy  304L  compressed 
at  a  £  of  1  s'‘.  The  initial  temperature  of  the  tests  ranged  between 
750  °C  and  1150  °C.  Curves  without  symbols  are  the  as-measured 
behaviors.  Curves  with  symbols  (circles)  are  the  predicted  isothermal 
behaviors  from  the  FEA  method. 


shape  of  the  flow  curves.  Many  of  the  as-measured 
curves  exhibit  initial  hardening  followed  by  softening. 
The  softening  behavior  apparent  in  the  as-measured 
950  °C  and  1050  “C  curves  in  Figure  8  is  consistent  with 
that  observed  from  the  as-measured  curves  of 
Barraclough  and  Sellars. The  position  of  the  transition 
or  peak  in  the  flow  curve  is  often  associated  with  the 
onset  of  dynamic  recrystallization,  which  was  observed 
for  this  particular  304L  material'^®'  (Figures  23  and  24 
in  Reference  30),  and  has  been  related  to  the  apparent 
activation  energy  for  deformation.!'*'  '*^'  Correcting  the 
as-measured  curves  shifts  the  value  of  s  at  the  peak,  Sp, 
to  significantly  higher  values,  as  shown  in  Table  VII. 
For  example,  for  £  =  1  s  '  and  To  =  950  °C,  the  as- 
measured  Bp  =  0.6,  whereas  the  FEA  e,  >  1. 

The  observed  differences  between  the  FEA  and  EA 
values  of  a  in  Tables  III  and  IV  are  due  primarily  to  the 
difference  in  calculated  AT.  The  EA  method  generally 
gives  greater  values  of  AT  (Figures  5  through  7)  and  thus 
greater  values  of  cr  correction.  An  exception  occurs  at 
the  lower  strain  rates  and  at  relatively  low  e,  e.g.,  e  = 
0.2.  Here,  the  EA  AT  is  slightly  less  than  the  FEA  AT, 
and  the  data  in  the  Tables  IV  and  V  show  that  the  EA 
isothermal  a  values  are  slightly  less  than  the  correspond¬ 
ing  FEA  values.  The  overcorrection  by  the  EA  method 
at  high  e  also  changes  the  shape  of  the  flow  curve,  shift¬ 
ing  the  peak  to  higher  values  of  e.  For  example,  for  test 
conditions  of  £  =  0.01  s~',  Tq  =  850  °C,  and  of  £  =  1, 
the  FEA  Sp  =  0.6  (Table  VII),  whereas  EA  Sp  >  1  (from 
the  behavior  in  Table  V). 


Fig.  9 — True  stres.s  vs  true  plastic  strain  for  alloy  304L  compressed 
at  a  £  of  0.1  s”'.  The  initial  temperature  of  the  tests  ranged  between 
750  °C  and  1150  "C.  Curves  without  symbols  are  the  as-measured 
behaviors.  Curves  with  symbols  (circles)  are  the  predicted  isothermal 
behaviors  from  the  FEA  method. 


In  addition  to  differences  in  AT  from  the  two  correc¬ 
tion  methods,  the  magnitude  of  Act  correction  is  also  af¬ 
fected  by  the  assumed  relationship  between  a  and  T,  a 
linear  a-T  relationship  in  FEA  and  a  linear  log  cr-l/T 
relationship  in  EA.  Because  the  data  does  obey  a  near 
linear  relationship  between  a  and  T,  especially  at  low  T, 
the  EA  method  results  in  a  larger  correction  for  Tq  = 
750  °C  than  would  be  anticipated  for  the  calculated  AT, 
because  the  correction  is  obtained  by  extrapolation  of  the 
log  cr-\/T  relationship  to  a  temperature  (750  °C)  signif¬ 
icantly  outside  the  range  (774  °C  to  865  °C)  used  to 
define  the  relationship.  A  modified  EA  method,  EA- 
MOD,  employing  a  linear  a-T  relationship  is  introduced 
here  to  further  examine  the  a  correction  calculated  by 
the  EA  method.  For  e  =  0.01  s  '.  To  =  750  °C,  and  e 
=  1,  Table  V  shows  that  the  corresponding  values  of  Act 
from  the  three  methods  are  3  (FEA),  47  (EA),  and 
30  MPa  (EA-MOD).  Comparing  the  two  methods  em¬ 
ploying  a  linear  a-T  relationship,  a  10-fold  difference  in 
AT,  2.3  °C  (FEA)  compared  to  24  °C  (EA,  EA-MOD) 
shown  in  Figure  7,  results  in  a  10- fold  difference  in  Aa, 
3  (FEA)  V5  30  MPa  (EA-MOD).  In  the  EA  method, 
extrapolation  (log  a-XjT  relationship)  over  24  °C  results 
in  an  additional  17  MPa  of  a  correction  compared  to 
EA-MOD  {a-T  relationship).  For  interpolation  to  To  > 
750  °C,  i.e.,  850  °C  and  above,  where  extrapolation  is 
not  required,  the  EA  method  gives  lower  Aa  compared 
to  EA-MOD  as  a  result  of  the  nonlinear  relationship  be¬ 
tween  a  and  T  in  the  former.  Eor  example,  in  Table  V, 
for  £  =  0.01  s“'.  To  =  850  °C,  and  e  =  1,  the  corre¬ 
sponding  values  of  Act  are  2  (FEA),  14  (EA),  and 
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Fig,  10 — True  stress  vs  true  plastic  strain  for  alloy  304L  compressed 
at  a  e  of  0.01  s”'.  The  initial  temperature  of  the  tests  ranged  between 
750  °C  and  1150  °C.  Curves  without  symbols  are  the  as-measured 
behaviors.  Curves  with  symbols  (circles)  are  the  predicted  isothermal 
behaviors  from  the  FEA  method. 


19  MPa  (EA-MOD),  where  AT"  was  1.4  °C  (FEA)  and 
15  °C  (EA,  EA-MOD).  Again,  a  near  10-fold  difference 
in  AT  results  in  a  10-fold  difference  in  Act,  comparing 
FEA  to  EA-MOD.  The  nonlinear  correction  in  EA  pro¬ 
vides  a  smaller  correction  than  might  be  expected  from 
the  differences  in  magnitude  of  AT  calculated  by  the 
FEA  and  EA  methods. 

The  close  correspondence  between  the  as-measured 
and  FEA  values  of  AT  (Figure  4)  demonstrates  that  the 
FEA  method  for  obtaining  cr  =  cr(e)|r„  ^  probably  pro¬ 
vides  a  better  estimate  of  the  true  state  of  the  isothennal 


behavior  of  alloy  304L  compared  to  the  EA  method.  The 
values  and  behavior  of  2def.  calculated  from  both  the 
as-measured  and  FEA-isothermal  data,  will  be  dis¬ 
cussed.  Although  strain- rate  sensitivity  (m)  is  not  dis¬ 
cussed,  it  can  be  observed  that  values  for  an  average  m, 
calculated  for  a  specific  e  range  from  the  data  in 
Tables  III  through  V,  show  that  m  is  generally  under¬ 
estimated  from  the  as-measured  data.  For  example  at 
To  =  950  °C  and  e  =  1 ,  the  average  m  value  in  the  low 
strain-rate  range,  from  0.01  to  0.1  s~‘,  is  0.17  from  the 
as-measured  data  compared  to  0.21  for  the  isothermal 
data.  This  undervaluation  is  due  to  relatively  greater 
sample  heating  and  associated  flow  softening  at  the 
higher  s,  of  the  e  pair,  used  to  determine  m. 


IV.  DISCUSSION 

A.  Heat  Retention  Ejficiency  Term,  tj 

The  heat  retention  efficiency  17  is  assumed  to  vary  lin¬ 
early  with  log  e  equaling  0  at  e  =  0.001  s~‘  and  0.95 
at  £  =  1  s  as  shown  by  Eq.  [2]  and  graphically  by 
the  dashed  line  in  Figure  1 1 .  For  comparison,  was  also 
calculated  from  the  FEA  data  (Figures  5  through  7)  by 
dividing  the  calculated  AT  by  the  maximum  AT  obtained 
for  an  adiabatic  case.  The  latter  value  was  obtained  from 
Eq.  [1],  where  p  =  0.95,  and  the  as-measured  as  data. 
The  variation  of  17  derived  from  FEA  data  is  shown  in 
Figure  1 1  for  two  levels  of  e:  0.2  and  0.7.  From  the  FEA 
data,  it  appears  that  77  can  be  assumed  to  be  equal  to 
zero  at  0.001  s“'  and  0.95  at  10  s”‘  (rather  than  at  1  s”‘). 
The  experimental  data  on  aluminum, shown  in 
Figure  1 1 ,  also  supports  this  conclusion.  The  FEA  data 
for  304L  demonstrates  that  the  variation  of  17  with  log 
£  is  distinctly  nonlinear.  Also,  it  is  shown  that  77  depends 
distinctly  on  e.  Comparison  of  77  from  the  two  methods 
(Figure  1 1 )  shows  that  the  linear  approximation  of  77  in 
the  EA  method  gives  significantly  underestimated  values 
of  77  at  low  £,  e.g.,  for  e  =  0.2,  in  the  e  range  from 
0.01  to  0.5  s'^'  and  overestimated  values  at  high  e,  e.g., 
for  £  =  0,7,  from  0.005  to  0. 1  s~'.  The  decrease  in  FEA 
77  from  0.2  to  0.7  e  at  constant  e,  observed  in  Figure  1 1 , 
is  due  to  changes  in  sample  geometry,  reducing  thick¬ 
ness  and  increasing  diameter,  with  increasing  e.  Both 


Table  III.  The  As-Measured  (MEAS),  FEA  Isothermal  (ISO),  and  EA  Isothermal  (EA)  Values 
of  a  (MPa)  for  Various  T,,,  at  0.1  Increments  of  e,  and  a  e  of  1  s“'* 


e 

750 

°C 

850 

“C 

950 

°C 

1050 

“C 

1150 

°C 

MEAS 

FEA 

EA 

EA-MOD 

MEAS 

FEA 

EA 

EA-MOD 

MEAS 

FEA 

EA 

EA-MOD 

MEAS 

FEA 

MEAS 

FEA 

0.0 

78.4 

78.4 

— 

— 

8.1 

78.1 

— 

— 

75.5 

75.5 

_ 

_ 

59.7 

59.7 

50.4 

50.4 

0.1 

236 

238 

— 

— 

206 

207 

— 

— 

171 

172 

— 

_ 

114 

115 

83.5 

83.9 

0.2 

289 

294 

295 

294 

247 

251 

251 

252 

198 

202 

201 

202 

130 

134 

93.1 

94.5 

0.3 

317 

326 

— 

— 

267 

276 

— 

— 

210 

218 

— 

— 

138 

144 

99.0 

101 

0.4 

334 

349 

356 

35  i 

278 

291 

291 

293 

217 

229 

228 

230 

142 

151 

102 

106 

0.5 

344 

366 

— 

— 

285 

303 

— 

— 

221 

237 

— 

_ 

143 

156 

103 

108 

0.6 

351 

381 

397 

384 

287 

313 

312 

315 

222 

243 

242 

245 

142 

159 

102 

108 

0.7 

355 

395 

— 

— 

288 

320 

— 

— 

222 

247 

— 

— 

140 

160 

101 

107 

0.8 

357 

406 

438 

411 

286 

326 

324 

330 

220 

249 

249 

252 

136 

160 

98.3 

105 

0.9 

358 

418 

— 

283 

332 

— 

— 

218 

251 

— 

— 

132 

160 

95.7 

103 

1.0 

358 

430 

486 

438 

280 

338 

343 

346 

214 

252 

254 

257 

127 

159 

93.2 

101 

^Isothermal  cr  was  also  calculated  with  a  modified  EA  method  (EA-MOD),  assuming  that  stress  varies  linearly  with  T,,  for  interpolation  of  cr 
to  7(1,  rather  than  the  assumed  linear  variation  of  log  cr  to  1  /T). 
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Table  IV.  The  As-Measured  (MEAS),  FEA  Isothermal  (ISO),  and  EA  Isothermal  (EA)  Values  of  Stress 
for  Various  Deformation  Temperatures,  at  0.1  Increments  of  e,  and  a  e  of  0.1  s“'* 


e 

750 

°C 

850 

°C 

950 

°C 

1050 

“C 

1150 

°C 

MEAS 

FEA 

EA 

EA-MOD 

MEAS 

FEA 

EA 

EA-MOD 

MEAS 

FEA 

EA 

EA-MOD 

MEAS 

FEA 

MEAS 

FEA 

0.0 

96.6 

96.6 

_ 

_ 

84.0 

84.0 

— 

— 

78.4 

78.4 

— 

— 

58.0 

58.0 

35.7 

35.7 

0.1 

233 

235 

— 

— 

192 

193 

— 

— 

134 

135 

— 

— 

87.9 

88.7 

57.1 

57.4 

0.2 

278 

284 

284 

282 

222 

226 

222 

225 

150 

155 

150 

154 

99.0 

101 

64.4 

65.3 

0.3 

300 

311 

— 

— 

236 

245 

— 

— 

158 

166 

— 

— 

104 

108 

68.3 

69.7 

0.4 

313 

329 

334 

326 

243 

256 

253 

254 

163 

174 

170 

172 

106 

110 

67.6 

69.5 

0.5 

320 

342 

— 

— 

246 

263 

— 

— 

165 

177 

— 

— 

104 

110 

64.3 

66.6 

0.6 

325 

350 

360 

350 

247 

266 

263 

267 

164 

178 

175 

178 

99.3 

106 

61.5 

63.9 

0.7 

328 

356 

— 

— 

247 

268 

— 

— 

161 

176 

— 

— 

95.4 

102 

60.0 

62.3 

0.8 

331 

360 

390 

371 

246 

268 

271 

276 

157 

172 

174 

178 

92.8 

99.5 

58.7 

60.8 

0.9 

333 

363 

— 

— 

244 

267 

— 

— 

153 

168 

— 

— 

90.6 

96.7 

57.4 

59.4 

1.0 

335 

363 

418 

388 

246 

267 

282 

288 

150 

164 

173 

180 

89.0 

94.4 

56.7 

58.4 

^Isothermal  cr  was  also  calculated  with  a  modified  EA  method  (EA-MOD),  assuming  that  stress  varies  linearly  with  7,,  for  interpolation  of  a 
to  To,  rather  than  the  assumed  linear  variation  of  log  a  to  1  /T,. 


Table  V.  The  As-Measured  (MEAS)  and  FEA  Isothermal  (ISO),  Values  of  Stress 
for  Various  Deformation  Temperatures,  at  0.1  Increments  of  e,  and  a  e  of  0.01  s^** 


s 

750 

°C 

850 

“C 

950 

"C 

1050 

°C 

1150 

"C 

MEAS 

FEA 

EA 

EA-MOD 

MEAS 

FEA 

EA 

EA-MOD 

MEAS 

FEA 

EA 

EA-MOD 

MEAS 

FEA 

MEAS 

FEA 

0.0 

102 

102 

_ 

_ 

93.9 

93.9 

_ 

_ 

64.2 

64.2 

_ 

— 

44.8 

44.8 

23.2 

23.2 

0.1 

214 

216 

_ 

— 

150 

152 

— 

— 

96.1 

96.8 

— 

— 

62.0 

62.3 

39.6 

39.7 

0.2 

250 

253 

254 

252 

169 

171 

170 

171 

108 

109 

109 

109 

70.6 

71.1 

45.8 

46.0 

0.3 

267 

272 

_ 

— 

179 

182 

— 

— 

1 14 

116 

— 

— 

72.0 

72.6 

42.7 

42.9 

0.4 

278 

283 

290 

287 

186 

188 

190 

191 

117 

118 

118 

119 

63.7 

64.3 

40.6 

40.8 

0.5 

286 

290 

— 

— 

188 

191 

— 

— 

114 

116 

— 

— 

62.5 

63.0 

40.6 

40.7 

0.6 

291 

295 

313 

306 

189 

192 

196 

199 

no 

112 

114 

115 

63.7 

64.1 

39.5 

39.6 

0.7 

295 

298 

— 

— 

189 

191 

— 

— 

107 

108 

— 

— 

62.4 

62.7 

39.3 

39.4 

0.8 

298 

301 

332 

320 

188 

190 

199 

203 

104 

105 

109 

Ill 

61.0 

61.2 

39.0 

39.0 

0.9 

300 

303 

— 

— 

188 

189 

— 

— 

103 

104 

— 

— 

61.3 

61.5 

38.6 

38,6 

1.0 

301 

304 

348 

331 

187 

189 

201 

206 

101 

102 

107 

110 

61.5 

61.7 

38.7 

38.7 

*Isothermal  a  was  also  calculated  with  a  modified  EA  method  (EA-MOD),  assuming  that  stress  varies  linearly  with  7,,  for  interpolation  of  cr 
to  To,  rather  than  the  assumed  linear  variation  of  log  a  to  1/7,.  _ _ 


Table  VI.  Activation  energy. 

Qoefi  at  Constant  Stress  and  for  Two  Strain  Levels, 

0.2  and  0.6* 

Activation  Energy  (kJ/mole) 

Variable 

1  s 

-1 

0.1  s“‘ 

0,01  s“ 

1 

Invariable 

Stress 

(MPa) 

MEAS 

ISO 

MEAS 

ISO 

MEAS 

ISO 

MEAS 

ISO 

100 

Strain  =  0.2 

441 

450 

422 

417 

402 

381 

Strain  =  0.6 

340 

400 

373 

363 

402 

321 

372 

358 

150 

Strain  =  0.2 

470 

469 

399 

394 

312 

302 

_ 

Strain  =  0.6 

408 

389 

386 

347 

364 

300 

386 

346 

200 

Strain  =  0.2 

534 

544 

418 

418 

254 

233 

_ 

Strain  =  0.6 

446 

414 

403 

352 

356 

277 

404 

348 

250 

Strain  =  0.2 

609 

658 

471 

488 

271 

204 

_ 

Strain  =  0.6 

478 

457 

423 

366 

361 

245 

422 

358 

300 

Strain  =  0.2 

_ 

Strain  =  0.6 

449 

485 

449 

381 

449 

234 

450 

370 

Average  = 

407 

356 

^Values 

are  shown  for  two  assumptions:  Qo^r  varies  with 

£  or  is  constant  over  the  entire 

s  range. 
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Table  VII.  Values  for  Peak  Strain  (e^)  for  Fine 
Grain  304L  Tested  at  Various  Tg-e  Pairs* 


£ 

750  °C 

850  °C 

950  °C 

1050  °C 

1150  “C 

0.01  s^‘ 

As-measured 

>1.0 

0.60 

0.40 

0.26 

0.23 

Isothermal 

>1.0 

0.55 

0.40 

0.25 

0.20 

0.1  s"' 

As-measured 

>0.85 

0.61 

0.51 

0.38 

0.34 

Isothermal 

>1.0 

0.75 

0.56 

0.44 

0.35 

1.0  s'‘ 

As-measured 

>0.86 

0.65 

0.61 

0.51 

0.50 

Isothermal 

>1.0 

>1.0 

>1.0 

0.76 

0.57 

*Values  from  both  as-measured  and  isothermal  ct-e  data  are  given. 


changes  in  geometry  increase  heat  flow  from  the  spec¬ 
imen  to  the  dies,  and  as  a  result,  the  heat  retention  ef¬ 
ficiency,  7],  is  reduced  with  increasing  s.  The  effect  of 
underestimation  of  rj  at  low  e  and  overestimation  at  high 
e  in  this  e  range  is  that  the  EA  calculated  AT  for  the 
specimen  is  likewise  under-  and  overestimated  compared 
to  the  FEA  values,  as  observed  in  Figures  6  and  7.  Be¬ 
cause  calculated  AT  is  used  to  correct  the  as-measured 
a  for  deformational  heating,  the  EA  isothermal  cr  is  like¬ 
wise  under-  and  overestimated  for  low  and  high  e,  as 
shown  in  Tables  IV  and  V. 

B.  Observations  Regarding  Activation  Energy 
for  Deformation,  Qdef 

The  apparent  activation  energy  for  deformation,  2def> 
appears  in  the  equation  attributed  to  Zener-Hollomon:'*^' 

Z  =  £  exp  (2def/R7’)  [3] 

where  T  is  the  absolute  temperature  (in  Kelvin),  R  is  the 
universal  gas  constant,  and  Z  is  the  Zener-Hollomon  pa¬ 
rameter.  Zener  and  Hollomon  suggest  that  flow  stress  is 
a  function  of  Z  and  e.  For  the  calculation  of  Qdef.  the 
following  general  expression  for  a  is  assumed: 

(T=/(£)Z“  [4] 

where /(£)  is  some  function  of  e  and  «  is  a  constant.  The 
value  of  Qdef  was  calculated  as  a  function  of  e  and  T, 
for  applied  strains  of  0.2  and  0.6,  from  both  the  as- 
measured  and  isothermal  cr-e  data  in  Tables  III  through 
V.  Figures  12  and  13  show  the  variation  in  a,  after  an 
applied  e  of  either  0.2  or  0.6,  respectively,  with  I/Tq 
for  the  three  strain  rates  studied.  Each  set  of  data  was 
fitted  to  a  third-order  polynomial,  and  values  of  \/Tq  at 
constant  a  were  calculated  for  each  e.  Figures  14  and 
15  show  the  variation  of  In  e  with  l/To  for  different  cr 
levels.  The  slope  of  each  curve  corresponds  to  Qdef/R. 
from  Eq.  [3]. 

Because  the  1150  °C  test  preheat  resulted  in  a  larger 
average  grain  diameter  in  the  test  specimen  before  de¬ 
formation  (0.12  vs  0.038  mm  for  the  starting  material), 
additional  tests  at  1150  °C  were  conducted  to  investigate 
the  dependency  of  cr  on  grain  size.  Specimens  were  pre¬ 
heated  at  1150  °C  at  either  1  or  8  hours,  giving  starting 
average  grain  diameters  of  0.29  and  0.85  mm,  respec¬ 
tively.  Compression  tests  were  then  conducted  at  0.01 
and  1  s  '  at  Tq  =  1 150  °C.  Grain  size  was  found  to  have 


Fig.  1 1  — Heat  retention  efficiency,  tj,  vi  log  e  in  the  s  realm,  where 
conventional-sized  compression  test  samples  of  alloy  304L  exhibit 
neither  an  isothermal  nor  an  adiabatic  state.  The  rj  from  both  methods, 
FEA  and  EA,  are  shown.  Note,  tj  calculated  from  FEA  is  dependent 
on  strain.  Data  for  aluminum  is  from  Charpentier  et  a/.'-*' 


Fig.  12 — The  variation  of  true  stress  with  inverse  temperature  (K*“') 
for  alloy  304L  compressed  at  three  different  strain  rates  to  a  true  strain 
of  0.2.  Dashed  curves  are  from  the  as-measured  a-e  data.  The  solid 
curves  are  from  FEA  isothermal  data.  Values  of  inverse  temperature 
at  various  constant  stress  levels  from  this  figure  are  used  in  Fig.  14. 
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Fig.  13  —  The  variation  of  true  stress  with  inverse  temperature  (K"') 
for  alloy  304L  compressed  at  three  different  strain  rates  to  a  true  strain 
of  0.6.  Dashed  curves  are  from  the  as-measured  as  data.  The  solid 
curves  are  from  FEA  isothermal  data.  Values  of  inverse  temperature 
at  various  constant  stress  levels  from  this  figure  are  used  in  Fig.  15. 


Pig.  14  —  Xhe  variation  in  natural  logarithm  of  strain  rate  with  inverse 
temperature  (K“')  at  various  constant  stress  levels  (MPa)  for  alloy 
304L  compressed  to  a  strain  of  0.2.  Dashed  curves  are  from  the  as- 
measured  a-e  data.  The  solid  curves  are  from  FEA  isothermal  data. 


Fig.  15 — The  variation  in  natural  logarithm  of  strain  rate  with  inverse 
temperature  (K"')  at  various  constant  stress  levels  (MPa)  for  alloy 
304L  compressed  to  a  strain  of  0.6.  Dashed  curves  are  from  the  as- 
measured  a-e  data.  The  solid  curves  are  from  FEA  isothermal  data. 


little  effect  on  the  as-measured  flow  stress.  For  example, 
at  £  =  1  s”‘  and  e  =  0.6,  a  was  equal  to  102,  99.4, 
and  103  MPa  for  average  grain  diameters  of  0.12,  0.29, 
and  0.85  mm,  respectively.  At  e  =  0.01  s“',  the  cor¬ 
responding  values  of  cr  are  39.5,  39.8,  and  42.6  MPa. 
Similar  behavior  is  observed  at  e  =  0.2.  Because  of  a 
lack  of  significant  dependency  of  cr  on  grain  size,  the  cr 
values  from  the  1 1 50  °C  tests  are  used  in  the  calculation 
of  Qoet  that  follows. 

It  has  been  common  practice  in  the  literature  to  cal¬ 
culate  <2def  in  the  hot-working  range  from  as-measured 
cr-e  data,  probably  because  plots  of  In  e  with  inverse  Tq 
generally  exhibit  a  nearly  linear  behavior.  Thus,  Qdef  is 
often  assumed  to  be  constant  over  the  e  range  studied. 
In  fact,  the  as-measured  data  for  304L  presented  here 
and  that  presented  for  Cu'‘"  and  Ni,"^'  studied  over  a 
similar  e  range,  does  indicate  a  constant  Qdef-  The  as¬ 
sumption  of  constant  Qdef>  independent  of  T,  e,  and  e, 
is  an  attractive  assumption,  because  it  facilitates  utili¬ 
zation  of  Z  in  the  prediction  of  flow  stress.  However, 
the  isothermal  data  in  Figures  14  and  15  exhibits  a  dis¬ 
tinct  curvature  that  shows  that  2def  decreases  with  de¬ 
creasing  e.  Likewise,  if  the  as-measured  cr-e  data  for 
Cu'"'  and  Ni^'^'  were  corrected  for  adiabatic  heating, 
Qoep  would  be  shown  to  vary.  A  decreasing  Qoef  with 
decreasing  s,  in  this  e  range,  is  consistent  with  the  gen¬ 
eral  observation  that  in  the  creep  realm  has  a  lower 
value  than  in  the  hot- working  realm.  Evidence  for  a  con¬ 
tinuous  variation  of  Qoef  between  these  two  realms  is 
suggested  here. 
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The  data  sets  in  Figures  14  and  15  were  fitted  with  a 
second-order  polynomial,  and  Qoef  was  calculated  by 
differentiating  the  polynomial  for  the  various  deforma¬ 
tion  conditions  (Table  VI).  At  low  e,  0.2,  values  for 
2def  from  the  as-measured  and  isothermal  data  are  sim¬ 
ilar  because  of  the  limited  amount  of  sample  heating  at 
low  e.  The  average  2def  obtained  from  the  two  sets  of 
data  is  417  and  413  kJ/mole,  respectively.  At  a  e  of  0.6, 
however,  values  of  Qdef  from  as-measured  and  iso¬ 
thermal  data  are  significantly  different,  407  and 
356  kJ/mole,  respectively.  In  this  case,  significant  heat¬ 
ing  of  the  sample  occurs  as  a  result  of  the  greater  applied 
e.  Samples  deformed  at  the  high  £  retain  most  of  the 
deformational  heat,  causing  significant  rise  in  T,  and  de¬ 
crease  in  a  as  deformation  proceeds.  Thus,  1/7,  varies 
less  with  £  at  constant  a  (Figures  1 2  and  1 3)  for  the  as- 
measured  data  compared  to  the  isothermal  data,  yielding 
a  reduced  dependency  of  a  on  7;.  This,  in  turn,  results 
in  a  greater  slope  (2def/R)  and  higher  values  of  Qdef 
from  as-measured  data  in  Figures  14  and  15.  Thus,  g^EP 
is  overestimated  from  the  as-measured  data. 

Figures  16  and  17  show  the  variation  in  with  7 
(obtained  from  Table  VI  and  Figures  14  and  15)  for  the 
three  strain  rates  studied,  at  an  applied  s  of  0.2  and  0.6, 
respectively.  At  the  lower  e  (Figure  16),  values  for  gopp 
from  the  two  sets  of  data,  as-measured  and  isothermal, 
are  very  similar,  as  expected  from  the  similarity  of  the 
cr-£  data.  More  importantly.  Figure  16  shows  that  «2def 
varies  significantly  with  7  and  in  a  much  different  fash¬ 
ion,  depending  on  s.  For  a  £  of  1  s"',  2def  decreases 
with  7.  Conversely,  at  0.01  s“',  it  increases.  At  1 100  K, 
Qdef  for  high  and  low  £  have  corresponding  high  and 
low  values,  700  and  250  kJ/mole,  respectively.  At  the 
intermediate  £,  0.1  s"',  Qoef  first  decreases  and  then 
increases  with  increase  in  7.  The  three  curves  appear  to 
converge  near  a  value  of  400  kJ/mole  as  7  approaches 
1400  K. 

Figure  17  shows  that  at  a  £  of  0.6,  the  variation  in 
Qoef  with  7  from  the  isothermal  a-s  data  is  well  be¬ 
haved,  similar  to  the  behavior  shown  in  Figure  16  for 
lower  £.  At  1100  K,  <2def  increases  significantly  with 
£,  having  a  value  of  270  kJ/mole  at  the  lowest  rate  and 
525  kJ/mole  at  the  highest.  As  7  increases,  Qoef  for  the 
three  strain  rates  converges  to  a  value  of  approximately 
375  to  400  kJ/mole  at  1400  K.  In  contrast,  the  variation 
in  2def  calculated  from  the  as-measured  a-e  data 
(dashed  curves  in  Figure  17)  shows  no  consistent 
behavior. 

Variations  in  the  value  of  Qoef  with  e  could  be  at¬ 
tributed  to  a  changing  activity  of  the  various  dislocation 
mechanisms  contributing  to  flow.  For  example,  work¬ 
hardening  moderated  by  cross  slip  is  the  dominant  mech¬ 
anism  at  high  £  and  low  7.  Dislocation  climb  and 
polygonization  contribute  to  dynamic  recovery  at  low 
£  and  high  7,  similar  to  creep.  A  decrease  in  Qoef  with 
an  increase  in  7,  similar  to  that  observed  in  Figures  16 
and  17  for  a  £  of  1  s“',  is  consistent  with  an  increase  in 
thermal  activation  for  dislocations  to  overcome  short- 
range  barriers  that  obstruct  their  motion  as  7  is  raised. 
The  increase  in  2def  with  7  observed  at  the  lowest  e, 
0.01  s“',  indicates  a  decreasing  dislocation  mobility.  For 
example,  dislocation  pinning  by  individual  solute  atoms 


Fig.  16  —  The  variation  of  activator  energy,  Sdef.  with  initial  defor¬ 
mation  temperature  for  alloy  304L  compressed  at  three  different  strain 
rates  to  a  strain  of  0.2.  Dashed  curves  are  from  the  as-measured  a-e 
data.  The  solid  curves  are  from  FEA  isothermal  data. 


Fig.  17  —  The  variation  of  activation  energy,  Quef,  with  initial  defor¬ 
mation  temperature  for  alloy  304L  compressed  at  three  different  strain 
rates  to  a  strain  of  0.6.  Dashed  curves  are  from  the  as-measured  a-e 
data.  The  solid  curves  are  from  FEA  isothermal  data. 
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or  atom  complexes  may  become  important  at  high  T  and 
low  e.  A  similar  increase  in  (2def  with  T  has  been  ob¬ 
served  for  creep  of  aluminum  below  r/r,„  =  0.5,  where 
T„  is  the  melting  temperature  (K),  and  at  a  e  of  3  x 
IQ-ii  1  [44,45]  Yhe  increase  has  been  related  to  the  tran¬ 
sition  from  one  deformation  mechanism  to  another.  At 
low  T/T,„,  creep  in  aluminum  is  controlled  by  dis¬ 
location  intersection  processes;  at  intermediate  values  by 
cross  slip  of  screw  dislocations;  and  at  higher  values, 
approaching  0.5,  by  dislocation  climb  and  the  non¬ 
conservative  motion  of  jogs  in  screw  dislocations. 
Above  0.5  T/T,„,  creep  is  entirely  diffusion  controlled, 
and  Qoef  is  relatively  constant,  increasing  only  slightly 
with  T.  However,  as  e  is  increased  to  a  value  of 
0.03  s”',  a  rate  similar  to  the  slowest  used  in  this  in¬ 
vestigation,  Qoef  is  shown  to  increase  rapidly  with  T  up 
to  about  0.75  T/T,„.  At  the  higher  e,  comparatively  little 
time  is  available  for  diffusion-controlled  processes,  and 
the  sensitivity  of  Qoef  to  T  exhibited  at  low  T/T„,  is  ex¬ 
tended  to  higher  T /T,„.  The  increase  in  (2def  with  T  for 
aluminum  is  similar  to  that  observed  here  for  304L,  both 
alloys  deformed  at  equivalent  e  and  T /T,„. 

The  value  of  Qoef  tor  £  “  0  01  s~'  and  T  =  1 100  K 
is  270  kJ/mole  (Figure  17),  which  is  significantly  less 
than  any  of  the  values  obtained  by  assuming  an  average 
linear  behavior  for  the  variation  of  2def/R  tor  ^riy  a 
level  (Table  VI)  and  is  in  fair  agreement  with  the  value 
of  314  kJ/mole  reported  for  creep  of  alloy  304. Sim¬ 
ilarly,  Afonja^'”'  measured  Qoef  in  a  23,6  Cr-5.12  Ni 
duplex  stainless  steel  at  a  £  =  0.01  s"'  and  found  the 
value,  242  kJ/mole,  to  agree  with  the  activation  energy 
reported  for  self-diffusion  in  similar  Fe-Cr-Ni  alloys. 
The  Qoef  tor  creep  is  generally  equal  to  the  activation 
energy  for  self-diffusion. This  suggests  that  ^oEP  tor 
the  creep  realm  may  apply  up  to  a  £  of  0.01  s~',  a  few 
orders  of  magnitude  above  that  considered  to  be  the 
upper  bound  of  the  creep  realm. 

If  the  data  in  Figure  15  is  assumed  to  behave  in  a 
linear  fashion,  Qoef  from  the  isothermal  data  is  relatively 
constant,  varying  little  from  the  average  value  of 
356  kJ/mole  for  different  isostress  levels.  Conversely, 
Qoef  from  the  as-measured  data  increases  in  a  linear 
fashion  from  372  kJ/mole  at  100  MPa  to  450  kJ/mole 
at  300  MPa.  The  assumption  that  Qoef  can  be  obtained 
from  as-measured  a-e  data  probably  accounts,  in  part, 
for  the  wide  range  of  values  of  Qoef  that  have  been  re¬ 
ported  for  this  alloy  system  (ranging  from  393  to 
600  kJ/mole).t’oi 


V.  CONCLUSIONS 

1.  Deformational  heating  of  laboratory-sized  compres¬ 
sion  samples  during  testing  in  a  £  range  from  0.01  to 
1  s^',  at  temperatures  from  750  °C  to  1150  °C,  and 
to  a  £  of  1  can  lead  to  significant  stress  softening  and 
discrepancy  between  as-measured  and  isothermal  a-e 
behaviors. 

2.  The  FEA  method  presented  provides  an  effective 
technique  to  calculate  the  instantaneous  temperature 
of  the  compression  sample,  which  coupled  with  the 
as-measured  a-s  values  obtained  from  tests  at  differ¬ 
ent  starting  temperatures  allows  the  determination  of 


isothermal  cr-s.  The  FEA  model  predictions  closely 
approximate  measured  temperature  variations  in  the 
test  sample  during  compression  testing. 

3.  A  conventional  technique  used  to  calculate  instanta¬ 
neous  sample  temperature  (via  Eqs.  [1]  and  [2])  relies 
on  Tj,  a  heat  retention  efficiency  term  that  varies  only 
with  £,17=  17(e),  to  reduce  the  heating  calculated  for 
an  adiabatic  condition.  The  FEA  results  show  that  17 
is  also  a  function  of  £,  17  =  pffi,  £),  and  the  use  of 
17  in  the  simple  sense  can  lead  to  significant  errors  in 
the  calculated  instantaneous  sample  temperature  and 
resulting  isothermal  cr-e  behavior. 

4.  The  apparent  activation  energy  for  deformation, 
Qoef,  tor  304L,  calculated  from  the  isothermal  a-e 
data,  decreases  with  decreasing  e  in  the  range  0.01 
to  1  s“'.  This  behavior  is  consistent  with  the  general 
observation  that  Qoef  has  a  lower  value  in  the  creep 
range  than  in  the  hot-working  range  and  suggests  a 
smooth  transition  in  the  value  of  Qoef  from  one  range 
to  the  other.  Utilization  of  the  as-measured  cr-e  data, 
without  correction  for  deformational  heating,  indi¬ 
cates  that  Qoef  is  constant  in  this  e  regime.  Values 
tor  Qoef  from  isothermal  data  are  generally  lower 
than  those  calculated  from  as-measured  data. 
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Microstructure  Development 

during  Conventional  and  Isothermal 

Hot  Forging  of  a  Near-Gamma  Titanium  Aluminide 


S.L.  SEMIATIN,  V.  SEETHARAMAN,  and  V.K.  JAIN 

The  breakdown  of  the  lamellar  preform  microstructure  in  the  ingot  metallurgy  near-gamma 
titanium  aluminide,  Ti-45.5Al-2Cr-2Nb  (atomic  percent),  was  investigated.  Microstructures  de¬ 
veloped  during  canned,  conventional  hot  forging  were  compared  to  those  from  isothermal  hot 
forging.  The  higher  rate  of  deformation  in  conventional  forging  led  to  considerably  finer  and 
almost  completely  broken-down  structures  in  the  as-forged  condition.  Several  nontraditional 
approaches,  including  the  isothermal  forging  of  a  metastable  microstructure  (so-called  “alpha 
forging”)  and  the  inclusion  of  a  short  static  recrystallization  anneal  during  forging,  were  found 
to  produce  a  more  fully  broken-down  structure  in  as-isothermally  forged  conditions.  Despite  the 
noticeable  microstructure  differences  after  forging,  conventionally  and  isothermally  forged  ma¬ 
terial  responded  similarly  during  heat  treatment.  In  both  cases,  almost  totally  recrystallized 
structures  of  either  equiaxed  gamma  or  transformed  alpha  grains  surrounded  by  fine  gamma 
grains  were  produced  depending  on  the  heat-treatment  temperature.  Metallography  on  forged 
and  heat-treated  pancake  macroslices  was  useful  in  delineating  small  differences  in  composition 
not  easily  detected  by  analytical  methods. 


I.  INTRODUCTION 

The  expanding  interest  in  intermetallic  alloys  has 
generated  an  acute  appreciation  of  the  relationship  be¬ 
tween  processing  and  microstructure.  Although  these 
materials  possess  attractive  high-temperature  strength 
and  creep  properties,  ambient-temperature  ductility  and 
toughness  are  often  quite  low  and  typically  very  sensi¬ 
tive  to  microstructure. Prime  examples  of  such  be¬ 
havior  are  found  for  alloys  based  on  the  face-centered 
tetragonal  gamma  phase  of  the  titanium-aluminum 
system.  So-called  near-gamma  titanium  aluminides, 
which  contain  small  to  moderate  amounts  of  the  ordered 
hexagonal  close-packed  alpha-two  phase,  may  exhibit  a 
variety  of  microstructures,  depending  on  the  specific 
synthesis,  deformation,  and  heat-treatment  methods  used 
in  their  manufacture.  These  structures  range  from  those 
composed  of  a  majority  of  equiaxed  gamma  grains  to 
those  consisting  of  fully  transformed  morphologies  of  la¬ 
mellar  alpha-two  plus  gamma  phases.  The  former  struc¬ 
ture  is  usually  more  attractive  from  a  processing 
standpoint  in  view  of  the  fact  that  the  latter  structure,  as 
well  as  various  duplex  (gamma  grain-lamellar  colony) 
structures,  can  be  obtained  from  it  via  rather  simple  heat 
treatments. 

Uniform,  fine  gamma  grain  microstructures  in  near¬ 
gamma  titanium  aluminides  can  be  obtained  via  ingot 
metallurgy  processing  through  a  series  of  deformation 
and  heat-treatment  steps  on  cast  or  cast  plus  hot  isostatic 
pressed  (“hipped”)  material  with  a  lamellar-starting 
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microstructure.  Typical  deformation  modes  for  break¬ 
down  of  ingots  include  isothermal  forging  or  canned, 
conventional  hot  extrusion. Limited  work  has  also 
been  conducted  to  determine  the  feasibility  of  uncanned 
and  canned  conventional  hot  pancake  forging. Un¬ 
canned  hot  forging  (with  die  temperatures  around 
260  °C)  has  been  generally  unsuccessful,  resulting  in 
gross  fracture  at  low  reductions. More  success  has 
been  achieved  through  canned  hot  pancake  forging  of 
cylindrical  ingot  mults.*’’*’^*  For  example,  Wurzwallner 
and  his  co-workers'^  *  ’’  forged  Ti-48Al-2Cr  (atomic  per¬ 
cent)  ingots  to  approximately  70  pet  reduction  in  a  hy¬ 
draulic  press.  After  decanning,  the  pancakes  revealed 
“flaky”  and  sporadically  cracked  plan  surfaces,  notice¬ 
able  dead-metal  zones  at  the  center  of  the  pancakes,  and 
very  nonuniform  cross  sections  due  to  flow  differences 
between  the  can  and  the  titanium  aluminide  workpiece. 

Deformation  processes  often  produce  partially  re- 
crystallized  microstructures  in  cast  or  cast  plus  hipped 
near-gamma  titanium  aluminide  ingot  materials  with  la¬ 
mellar  starting  structures.  Stored  work  from  such  pro¬ 
cesses  is  often  sufficient  to  effect  more  extensive  static 
recrystallization  and  globularization.  However,  the 
uniformity  of  microstructure  in  wrought  and 
recrystallization-annealed  materials  is  strongly  influ¬ 
enced  by  the  presence  of  prior-interdendritic,  single¬ 
phase  gamma  grain  regions  produced  during  ingot 
solidification.  Such  regions  result  from  the  double¬ 
cascading  peritectic  reactions  that  characterize  the 
titanium-aluminum-phase  diagram' and  are  often 
found  in  binary  and  multicomponent  near-gamma  alloys 
containing  more  than  approximately  46  at.  pet  alumi¬ 
num.  Semiatin,  and  co-workers'""'*”  have  established 
the  kinetics  of  homogenization  heat  treatments  to  elim¬ 
inate  such  nonuniformities  that  result  in  banded  micro¬ 
structures  in  wrought  products. 

The  objective  of  the  present  investigation  was  to 
establish  the  development  of  microstructure  during 
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breakdown  processing  of  a  typical  ingot  metallurgy, 
near-gamma  titanium  aluminide,  Ti-45.5Al-2Cr-2Nb. 
To  this  end,  various  isothermal  and  conventional  hot- 
forging  processes  were  designed  and  conducted.  Micro¬ 
structures  developed  in  conventional  hot  forging  were 
interpreted  in  terms  of  a  simple,  one-dimensional  heat- 
transfer  analysis  that  incorporates  temperature  transient 
effects  during  transfer  of  the  canned  workpiece  from  the 
furnace  to  the  dies  as  well  as  during  forging.  The  effects 
of  processing  method,  process  variables,  and  macro¬ 
segregation  on  microstructure  and  microstructure  uni¬ 
formity  were  determined. 


II.  MATERIALS  AND  PROCEDURES 

A.  Materials 

The  material  used  in  the  present  investigation  was  the 
near-gamma  titanium  aluminide,  Ti-45.5Al-2Cr-2Nb. 
The  measured  composition  of  the  major  alloying  ele¬ 
ments  in  this  material  was  45.45  aluminum,  2.20  chro¬ 
mium,  and  2.08  niobium  (atomic  percent).  Interstitial 
levels  (in  parts  per  million  by  weight  (ppmw))  were 
590  oxygen,  160  carbon,  118  nitrogen,  and 
15  hydrogen.  The  material  was  received  from  Duriron 
Company  (Dayton,  OH)  as  induction  skull  melted  ingots 
measuring  70-mm  diameter  x  860-mm  length.  After 
casting,  the  ingots  were  hipped  at  1260  °C/175  MPa  for 
4  hours  to  seal  residual  casting  porosity.  The  cast  plus 
hipped  microstructure  was  nearly  fully  lamellar  (alpha- 
two  and  gamma  plates)  with  a  prior-alpha  grain  size  of 
approximately  200  /um  (Figure  1).  In  addition,  there  was 
a  very  small  percentage  of  equiaxed  gamma  phase 
(S5  pet),  which  probably  evolved  from  small  inter- 
dendritic  gamma  regions.  This  small  amount  of  single¬ 
phase  gamma  was  expected  for  a  near-gamma  titanium 
aluminide  of  the  aforementioned  aluminum  content. 

The  alpha  transus  temperature  (temperature  at  which 
alpha  +  gamma  ^  alpha)  of  the  program  material  was 
determined  to  be  1 300  °C  through  a  series  of  heat  treat¬ 
ments  followed  by  optical  metallography. 

B.  Isothermal  Forging  Procedures 

Isothermal  forge  processing  was  conducted  at 
Cameron  Forge  Division  of  Cooper  Industries  (Houston, 
TX).  Cylindrical  preforms  measuring  66  mm  in  diameter 
X  76  mm  in  length  were  electric-discharge  machined 
from  the  as-received  ingots.  After  breaking  the  corners 
on  both  ends  of  each  preform,  the  samples  were  spray 
coated  with  boron  nitride,  air  dried,  and  then  preheated 
in  an  indirect  electric  resistance  furnace  at  1150  °C  for 
2  hours.  After  preheating,  the  samples  were  transferred 
to  a  22  MN  Bliss  hydraulic  press  and  placed  onto  TZM 
molybdenum  dies  heated  to  the  same  temperature.  This 
temperature  is  as  high  as  the  TZM  molybdenum  die  ma¬ 
terial  can  withstand  without  suffering  excessive  die  wear 
or  creep  deformation.  After  equilibration  of  the  sample 
and  die  stack  temperatures,  pancake  forging  to  a  final 
reduction  of  6: 1  (effective  height  strain  of  1 .8)  was  con¬ 
ducted  under  constant  crosshead  velocity  conditions, 
which  yielded  a  nominal  (initial)  strain  rate  of 


Fig.  1 — Polarized  light,  optical  microstructure  of  the  as-received, 
cast  +  hipped  Ti-45.5Al-2Cr-2Nb  (atomic  percent)  program  alloy. 
Ingot  axis  is  vertical. 


0.0015  s“‘.  Following  forging,  the  samples  were  re¬ 
moved  from  the  dies  and  cooled  slowly  in  vermiculite. 

Selected  additional  isothermal  forging  trials  were  con¬ 
ducted  using  somewhat  modified  practices.  The  first  of 
these  comprised  an  identical  preheat  and  deformation  se¬ 
quence  as  mentioned  earlier,  except  for  the  incorporation 
of  a  15-minute  static  dwell  (at  the  prescribed  forging 
temperature)  after  an  initial  reduction  of  2 : 1  (effective 
height  strain  of  0.69).  The  purpose  of  this  procedure  was 
to  determine  whether  a  short  intermediate  static  heat 
treatment  could  be  used  to  enhance  the  breakdown  and 
recrystallization  of  the  lamellar  microstructure.  The 
second  set  of  modified  trials  had  a  similar  objective.  In 
this  case,  the  ability  to  obtain  a  refined  as-forged  micro¬ 
structure  through  an  “alpha-forge”  type  of  approach  was 
utilized.  This  method  is  analogous  to  ausforming  of 
steels  in  which  fine  microstructures  are  obtained  by  de¬ 
formation  of  a  metastable  austenite  phase. For  the 
near-gamma  titanium  aluminide,  alpha-forging  consisted 
of  a  furnace  preheat  at  T  =  1260  °C  (a  temperature  high 
in  the  alpha  plus  gamma  phase  field),  followed  by  cool¬ 
ing  to  a  forging  temperature  of  1150  °C,  and  forging  to 
a  6: 1  reduction.  The  time  required  to  cool  the  billet  and 
commence  forging  was  approximately  60  seconds.  The 
press  speed  was  the  same  as  for  the  other  isothermal 
forging  trials,  except  for  the  initial  2;  1  reduction,  which 
was  conducted  at  a  ram  speed  approximately  one 
hundred  times  faster. 

The  forged  pancakes  were  sectioned  diametrically, 
ground,  and  polished  for  optical  metallographic  exami¬ 
nation  under  polarized  light  and  for  backscattered  elec¬ 
tron  imaging  in  a  Leica  360  scanning  electron 
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microscope  (SEM).  In  addition,  metallographic  exami¬ 
nation  of  isothermally  forged  pancakes,  which  were 
given  a  subsequent  heat  treatment  for  2  or  8  hours  at 
1200  °C  or  1260  °C,  was  conducted.  Selected  forged  and 
heat-treated  samples  were  also  subjected  to  wavelength 
dispersive  spectroscopy  (WDS)  in  a  JEOL*  733  electron 

*JEOL  is  a  trademark  of  Japan  Electron  Optics  Ltd.,  Tokyo,  Japan, 

microprobe  to  determine  the  composition  of  the  various 
microconstituents  and  thus  establish  a  portion  of  the 
Ti-Al  pseudobinary  phase  diagram  for  near-gamma  ti¬ 
tanium  aluminides  containing  2  at.  pet  Cr  and  2  at.  pet 
Nb. 

C.  Conventional  Forging  Procedures 

Conventional,  hot  forging  was  conducted  in  the 
Experimental  Materials  Processing  Laboratory  of  the 
Wright  Laboratory  Materials  Directorate  (Wright 
Patterson  APB,  OH).  The  objective  of  these  trials  was 
to  determine  the  feasibility  of  using  near-conventional 
techniques  to  produce  sound  material  during  ingot  break¬ 
down  and  to  compare  microstructures  developed  via 
such  processing  to  those  produced  during  isothermal 
forging.  For  this  purpose,  cylindrical  preforms  measur¬ 
ing  60  mm  in  diameter  X  86  mm  in  length  were  electric- 
discharge  machined  from  the  as-received  Duriron  ingots 
and  encapsulated  in  AISI  type  304  stainless  steel  cans 
consisting  of  a  welded  assembly  of  a  lateral  tubular  com¬ 
ponent  and  two  end  caps.  Various  types  of  proprietary 
methods  were  used  to  insulate  the  near-gamma  type  al- 
uminide  billets  from  the  stainless  steel  cans  to  minimize 
heat  losses  during  forging.  Moreover,  using  information 
obtained  from  finite  element  method  simulations  of  the 
conventional  forging  process,  several  different  can  ge¬ 
ometries  were  utilized.  The  can  geometry  was  found  to 
strongly  affect  the  uniformity  of  flow  of  the  near-gamma 
preform  relative  to  that  of  the  stainless  steel,  with  rather 
subtle  changes  in  geometry  (and  process  variables)  lead¬ 
ing  to  noticeable  differences  in  metal  flow.  This  aspect 
of  the  forging  process  design  is  discussed  at  length  in 
Reference  16.  Suffice  it  to  say,  however,  that  much  im¬ 
proved  forging  performance  with  respect  to  pancake 
cross-section  shape,  microstructure  uniformity,  and  the 
avoidance  of  defects  was  obtained  using  optimized  can 
design. 

The  canned  Ti-45.5Al-2Cr-2Nb  preforms  were  coated 
with  Deltaglaze  69  glass  (manufactured  by  Acheson 
Colloids  Corporation,  Port  Huron,  MI)  and  preheated  in 
an  electric  resistance  furnace  using  a  cycle  consisting  of 
925  °C  for  30  minutes  followed  by  a  1-hour  heating  in 
a  furnace  operating  at  the  nominal  forging  temperature. 
The  nominal  forging  temperatures  were  1150  °C, 
1200  °C,  and  1250  °C.  The  lower  temperature  was  iden¬ 
tical  to  that  used  in  the  isothermal  forging  trials;  the  two 
higher  temperatures  corresponded  to  the  middle  and  high 
end,  respectively,  of  the  alpha  plus  gamma  phase  field. 
Following  preheating,  the  “controlled-dwell”  tech¬ 
nique' was  used  to  develop  a  temperature  difference 
between  the  stainless  steel  can  and  the  near-gamma  ti¬ 
tanium  aluminide  preform  within  it  just  prior  to  forging. 
By  this  means,  the  flow  stresses  of  the  two  materials 
were  almost  matched,  and  deformation  uniformity  was 


enhanced.  In  the  present  trials,  the  dwell  period  between 
the  removal  of  the  billet  from  the  furnace  and  the  com¬ 
mencement  of  forging  was  approximately  40  seconds. 

The  samples  were  pancake  forged  in  a  9  MN  Erie  hy¬ 
draulic  press  between  unheated,  flat  tool  steel  dies  lu¬ 
bricated  with  molybdenum  disulfide  (Eel-Pro  C-300, 
manufactured  by  Eel-Pro  Chemical  Corporation,  Skokie, 
IL).  The  ram  speed  was  25  mm/s,  corresponding  to  ef¬ 
fective  strain  rates  of  approximately  0.25  s  ‘at  the  be¬ 
ginning  of  the  stroke  and  slightly  greater  than  1  s  '  at 
the  end  of  the  imposed  reduction  of  6:1.  An  attempt  to 
forge  an  uncanned  preform,  preheated  at  1250  °C  and 
forged  without  a  dwell  period  under  identical  conditions 
of  ram  speed  and  total  reduction,  led  to  severe  cracking. 

Following  the  deformation,  the  forgings  were  imme¬ 
diately  removed  from  the  dies  and  slow  cooled  to  room 
temperature  by  immersing  them  in  silicel.  Metallogra¬ 
phy  was  conducted  on  the  as-forged  samples  as  well  as 
after  a  2-hour  treatment  at  1200  °C  or  1260  °C  following 
decanning;  decanning  was  greatly  simplified  through  the 
use  of  the  insulation/parting  agent  between  the  preform 
and  the  can.  The  volume  fraction  and  size  of  gamma  and 
prior-alpha  grains  in  selected  samples  heat-treated  at 
1260  °C  were  determined  via  point  counting  and  linear 
intercept  methods,  respectively. 

D.  Temperature  Transient  Model 
for  Conventional  Forging 

Because  of  the  non-steady-state  nature  of  the  temper¬ 
ature  fields  characterizing  the  canned,  conventional 
forging  process  used  here,  a  one-dimensional  finite  dif¬ 
ference  model  was  developed  and  applied  to  predict  the 
axial  temperature  transients  and  their  possible  impact  on 
microstructure  development  during  this  operation.  The 
temperature  transients  during  the  transfer  stage/dwell 
period  and  during  the  forging  stroke  were  treated  sepa¬ 
rately.  In  each  case,  the  temperature  field  was  assumed 
to  be  symmetric  about  the  midheight.  The  approach  used 
here  was  very  similar  to  that  described  by  Semiatin  and 
his  co-workers  for  conventional  pack  rolling'**'  and  bare 
rolling'”'  of  plate  and  sheet  and,  thus,  will  be  only 
briefly  summarized. 

For  the  workpiece  transfer/dwell  stage,  the  one¬ 
dimensional  heat-transfer  equation  was  solved  to  obtain 
the  temperature  T  as  a  function  of  time  t  and  axial  po¬ 
sition  z: 

dT/dt  =  kfd^Tldz^)  [1] 

where  k,/  denotes  the  thermal  diffusivity.  At  time  t  =  0, 
the  temperature  was  assumed  to  be  uniform  throughout 
the  can  and  preform  and  equal  to  the  furnace  tempera¬ 
ture.  Boundary  conditions  consisted  of  the  rate  of  heat 
loss  per  unit  area,  from  the  free  surface  of  the  can 
and  the  rate  of  conduction  heat  transfer  per  unit  area,  q^, 
across  the  preform-can  interface.  Because  of  the  high 
furnace  temperatures,  the  former  flux  was  assumed  to  be 
controlled  solely  by  radiation  effects: 

q,  =  eB{T]  -  T^)  [2] 

where  e  =  emissivity  of  the  stainless  steel  can,  B  = 
Stefan-Boltzmann  constant,  and  T,  and  T„  =  can  surface 
temperature  and  ambient  temperature,  respectively,  both 
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on  the  absolute  scale.  The  interface  heat  transfer  was 
described  using  the  following  expression: 

q,.  =  h(T^^  -  n,,)  [3] 

where  h  =  interface  heat-transfer  coefficient  and  and 
T,,.  denote  the  temperatures  of  the  near-gamma  titanium 
aluminide  preform  and  the  stainless  steel  can,  respec¬ 
tively,  on  either  side  of  the  interface.  The  finite  differ¬ 
ence  formulation  and  solution  of  Eq.  [1]  and  the 
accompanying  boundary  conditions,  Eqs.  [2]  and  [3], 
are  discussed  in  References  18  through  20. 

An  alternate  approach  to  the  one-dimensional 
heat-transfer  solution  was  also  investigated  for  the 
transfer/dwell  stage.  This  involved  a  so-called  “lumped- 
parameter”  method  and  was  used  to  estimate  the  effects 
of  axial  and  radial  heat  losses  from  the  cylindrical  billet 
on  the  temperature  transients.  The  inclusion  of  radial 
heat  losses  gives  temperature  predictions  that  are  lower 
than  those  from  the  simple  one-dimensional  analysis.  In 
the  lumped-parameter  technique,  the  temperatures 
within  the  stainless  steel  can  and  the  near-gamma  tita¬ 
nium  aluminide  preform  are  each  assumed  to  be  uni¬ 
form.  Relations  analogous  to  Eqs.  [2]  and  [3],  in  which 
the  total  heat  flux  from  the  entire  surface  of  the  can  pe¬ 
riphery  (Qr)  or  from  the  entire  interface  area  between  the 
can  and  preform  (<2(),  were  used  in  conjunction  with  the 
following  expressions: 

Ar,,/At  =  -(Q,  -  [4a] 

and 

AT^Ar  =  [4b] 

Here,  m  and  c  denote  the  mass  and  specific  heat,  re¬ 
spectively,  of  the  stainless  steel  (subscript  5.?)  and 
gamma  (subscript  g)  components. 

The  one-dimensional  heat  conduction  equation  (in 
finite  difference  form)  was  used  to  analyze  the  temper¬ 
ature  transients  during  the  forging  stroke;  because  of  the 
high  strain  rate  and  short  duration  of  this  stage,  the  ma¬ 
jority  of  the  heat  flow  is  axial.  A  term  to  account  for 
deformation  heating  was  included  in  Eq.  [1]  to  yield  the 
following: 

dT Idt  =  k,,{d~T/dz')  -t-  uejpc  [5] 

where  a  =  effective  flow  stress,  e  =  effective  strain 
rate,  and  p  =  density.  As  an  approximation,  the  defor¬ 
mation  (axial  strain  rate)  was  assumed  to  be  uniform 
throughout  the  can  and  the  preform,  and  thus,  e  was  es¬ 
timated  from  e  =  V/H,  where  V  and  H  denote  the  ram 
speed  and  instantaneous  billet  height,  respectively.* 

*More  detailed  finite  element  method  simulations  of  the  conven¬ 
tional  forging  process’""  reveal  that  the  effective  strain  and  strain  rate 
within  the  titanium  aluminide  preform  vary  by  approximately  ±  15  pet 
from  the  average  values  during  forging.  Such  variations  give  rise  to 
approximately  ±  15  °C  variations  in  the  magnitude  of  the  deformation 
heating-induced  temperature  rise.  Such  variations  are  very  small  com¬ 
pared  to  the  temperature  transients  due  to  heat  conduction,  which  are 
discussed  in  Section  III. 


Flow  stress  values  [a  =  a(E,  s,  T)]  for  the  can  and 
workpiece  materials  were  obtained  from  References  22 
and  23.  Initial  conditions  for  the  simulation  of  the  tem¬ 
perature  transients  during  forging  consisted  of  the  final 


temperature  field  calculated  from  the  transfer/ dwell 
stage.  The  boundary  conditions  were  specified  using 
Eq.  [3]  for  the  can-preform  interface  and  a  similar 
expression  for  the  can-die  interface. 

The  myriad  of  thermophysical  property  data  required 
for  the  simulations  (Table  I)  was  obtained  by  either 
direct  measurements  conducted  by  the  Thermophysical 
Properties  Research  Laboratory  of  Purdue  University 
(for  the  near-gamma  titanium  aluminide)  or  from  the  lit- 
eraturei-*~^’i  (data  for  stainless  steel,  tool  steel,  and  the 
heat-transfer  coefficients).  In  particular,  values  for  the 
interface  heat-transfer  coefficients  in  Table  I  were  se¬ 
lected  to  correspond  to  the  specific  interface  layers  and 
pressure  conditions  that  pertain  to  the  present  work.  In 
addition,  a  limited  number  of  experiments  involving 
heating  and  cooling  of  thermocoupled  samples  were  also 
conducted  to  estimate  the  emissivity  values  for  glass- 
coated  304  stainless  steel. 

III.  RESULTS  AND  DISCUSSIONS 

A.  As-Forged  Visual  Observations 
and  Macrostructures 

Both  isothermal  and  canned  conventional  forging  ex¬ 
periments  were  successful  in  producing  sound  products. 
The  only  defects  found  in  the  isothermal  forgings  were 
shallow  cracks  on  the  lateral  free  surfaces,  which  pre¬ 
sumably  resulted  from  workpiece  barreling  and  the  gen¬ 
eration  of  secondary  tensile  stresses.  Similar  lateral  free 
surface  cracks  were  found  in  the  decanned  convention¬ 
ally  forged  samples  (Figures  2(a)  through  (c)).  The  se¬ 
verity  of  these  cracks  decreased  with  increasing  preheat 
temperature.  Examination  of  the  top  and  bottom  surfaces 
of  the  decanned  samples  revealed  material  that  was 
smooth  and  essentially  defect-free,  except  for  a  small 
circular  ridge  corresponding  to  the  original  preform 


Table  I.  Thermophysical  Property  Data  Used  to  Model 
Temperature  Transients  during  Conventional  Forging* 

Ti-45.5Al-2Cr-2Nb  (preform) 

Thermal  diffusivity,  k,i  (mm‘/s)  =  —0.00489  T  (°C)  -I- 
11.25 

Thermal  conductivity,  K  (W/m  “C)  =  0.0108  T  (°C)  -h 
34.12 

Density,  p  (g/cm’)  =  3.90 
304  stainless  steel  (can) 

Thermal  diffusivity,  k^  (mmVs)  =  -0.00163  T  (T)  -f  3.75 
Thermal  conductivity,  K  (W/m  °C)  =  0.0157  T  (°C)  -I- 
14.11 

Density,  p  (g/cm"^)  =  7.43 
Emissivity,  e  =  0.65 

H13  tool  steel  (dies) 

Thermal  diffusivity,  k,i  (mm"/s)  =  6.0 
Thermal  conductivity,  K  (W/m  °C)  =  24.49 

Heat-Transfer  coefficients,  h 

Preform — can  during  transfer  stage,  h  (kW/m"  °C)  =  0.50 
Preform — can  during  forging,  h  (kW/m"  °C)  =  5.00 
Can — die  during  forging,  h  (kW/m^  °C)  =  20.0 

'^Note  that  c  =  K/pkj 
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corner,  at  which  edge  folding  had  occurred  within  the 
can.  The  high  localized  strains  here  gave  rise  to  crack¬ 
ing,  but  these  flaws  were  also  essentially  superficial. 
Unlike  previous  attempts  to  conventionally  forge  near¬ 
gamma  titanium  aluminides,'*®'  no  major  fractures  or 
flaky  surfaces  were  generated  with  the  present  canning 
and  forging  techniques. 

Macrostructures  for  both  the  isothermally  and  con¬ 
ventionally  forged  pancakes  were  also  relatively  uni¬ 
form.  Relatively  small  “dead-metal”  zones  were  noted 
in  the  isothermally  forged  samples  (Figure  3).  The 
sample  that  was  given  an  intermediate  15-minute  re¬ 
crystallization  dwell  (Figure  3(b))  showed  essentially 
uniform  deformation.  Judging  by  the  slight  asymmetry 
in  the  pancake  cross-section  shape,  the  isothermal  forg¬ 
ing  done  without  the  intermediate  dwell  (Figure  3(a))  de¬ 
veloped  a  small  region  of  lower  deformation  against  the 
lower  die  due  to  a  die  temperature  that  was  probably 
slightly  lower  on  the  bottom  vi  that  of  the  top  die.  The 
alpa-forged  sample  (Figure  3(c))  also  showed  a  small 
dead-metal  zone;  in  this  case,  it  was  on  the  top  of  the 
forging. 

The  macrostructures  of  the  conventionally  forged 
samples  also  tended  to  show  small  dead-metal  zones 
(Figure  4)  with  otherwise  relatively  uniform  flow.  In 
most  cases,  the  dead-metal  zones  were  noticed  on  the 
bottom  surface  of  the  preform,  which  most  likely  re¬ 
sulted  from  small  axial  temperature  nonuniformities  aris¬ 
ing  from  chilling  of  the  bottom  when  the  canned  preform 
was  placed  on  the  bottom  die  just  prior  to  the  forging 
operation.  Such  a  top-to-bottom  temperature  non¬ 
uniformity  is  also  suggested  by  the  slightly  greater 
amount  of  edge  folding  on  the  bottom  of  the  preforms 
as  compared  to  that  of  the  top  surfaces.  (The  degree  of 
edge  folding  is  ascertained  in  Figure  4  by  noting  the  po¬ 
sition  of  the  pointed  “ridges”  on  each  surface,  which,  as 
mentioned  earlier  in  this  section  correspond  to  the  ma¬ 
terial  elements  originally  located  at  the  preform  corners.) 
As  will  be  discussed  in  Section  III-B,  axial  temperature 
nonuniformities  generated  within  the  preform  during 
forging  were  concluded  to  play  an  important  role,  in  ad¬ 
dition  to  die-workpiece  friction,  in  controlling  the  over¬ 
all  amount  of  edge  folding. 

In  view  of  the  fact  that  the  titanium  aluminide  was 
forged  within  a  stainless  steel  can  of  significantly  dif¬ 
ferent  flow  properties,  the  degree  of  pancake  thickness 
and  macrostructure  uniformity  in  Figure  4  is  quite  pleas¬ 
ing,  despite  the  axial  temperature  nonuniformities  gen¬ 
erated  during  forging.  The  use  of  process  modeling 
techniques  to  design  the  can  and  select  forging  param¬ 
eters  (e.g.,  dwell  time  after  removing  the  billet  from  the 
furnace  prior  to  forging)  is  thus  justified.  Other  trials 
with  nonoptimal  can  designs'”’'  led  to  nonuniform  flow 
of  the  preform  relative  to  the  can  and  resulted  in  very 
nonuniform  thickness  of  the  pancakes,  an  effect  that  can 
be  noted  in  the  observations  of  Wurzwallner  et 

B .  As-Forged  Microstructures 

The  Ti-45.5Al-2Cr-2Nb  alloy  exhibited  a  wide  range 
of  as-forged  microstructures  depending  principally  on 
ram  velocity  and  forging  temperature.  Figure  5  sum¬ 
marizes  the  microstructures  from  a  pancake  isothermally 


Fig.  2  —  Macrographs  of  conventionally  forged  and  decanned  pan¬ 
cakes.  Nominal  (furnace)  temperatures  were  as  follows:  (a)  1150  °C, 
(b)  1200  °C,  and  (c)  1250  °C. 

forged  at  1150  °C  in  a  single  stroke.  Micrographs  from 
midplane  regions  at  both  the  center  (r  =  0)  and  edge 
(r  =  K)  of  the  pancake  show  a  structure  comprising  ap¬ 
proximately  one-half  dynamically  recrystallized  grains 
and  one-half  deformed  lamellar  constituent.  The  re¬ 
crystallized  grains  are  located  at  the  prior-alpha  grain 
boundaries"'"  or  regions  of  locally  higher  strain  for  this 
strain-rate  regime.  In  the  dead-metal  zone  near  the  axis 
at  the  bottom  of  the  pancake,  the  percentage  of  re¬ 
crystallized  microstructure  is  substantially  less 
(Figure  5(c)),  although  the  remnant  lamellae  appeared  to 
have  suffered  noticeable  deformation  even  here. 
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Fig.  3  —  Macrographs  of  cross  sections  of  as-isothermally  forged  pan¬ 
cakes.  Forging  temperature  was  1150  °C,  and  reduction  was  6:1  in 
all  cases.  Forging  practices  comprised  the  following:  (a)  standard 
(uninterrupted)  isothermal  forging,  (b)  forged  with  a  15-min  dwell  at 
temperature  after  the  initial  2: 1  reduction,  and  (c)  processed  using  an 
alpha-forge  approach. 


Fig.  4 — Macrographs  of  cross  sections  of  as-conventionally  forgec 
pancakes.  Nominal  (furnace)  temperatures  were  (<i)  1150  °C. 
(b)  1200  °C,  and  (c)  1250  °C. 


Pancakes  that  were  isothermally  forged  using  non¬ 
standard  practices  exhibit  somewhat  different  micro¬ 
structures,  typical  examples  of  which  are  shown  in 
Figure  6.  The  pancake  isothermally  forged  to  a  6: 1  re¬ 
duction  with  a  15-minute  recrystallization  dwell  period 
after  the  first  2 : 1  reduction  (Figure  6(a))  had  a  notice¬ 
ably  larger  volume  percent  of  recrystallized  material 
and,  hence,  a  smaller  amount  of  deformed  lamellar 
structure  than  the  pancake  forged  in  a  continuous  stroke 
(Figure  5).  Similarly,  the  pancake  that  was  subjected  to 
the  alpha-forge  approach  has  a  microstructure  that  is 
almost  totally  dynamically  recrystallized  (Figure  6(b)). 
The  more  complete  dynamic  recrystallization  obtained 
via  the  nonstandard  processes  is  further  highlighted  in 
backscattered  micrographs  (Figure  7)  that  reveal  the  var¬ 
ious  phases  through  atomic  number  contrast.  In  these 


Fig.  5  —  Polarized  light,  optical  microstructures  developed  during 
isothermal  pancake  forging  at  1150  °C  using  standard  practices. 
Micrographs  were  shot  at  the  following  locations  in  the  pancake: 
(a)  center  (r  =  0),  midplane;  (b)  outer  diameter,  midplane;  and 
(c)  center  (r  =  0),  bottom.  The  forging  direction  is  vertical,  and  the 
radial  direction  is  horizontal  in  all  micrographs. 


and  subsequent  backscattered  micrographs,  the  dark 
phase  is  gamma  (lowest  atomic  number),  the  gray  phase 
is  alpha- two,  and  the  small  amount  of  white  phase  is 
beta  (highest  atomic  number,  being  enriched  in  chro¬ 
mium  and  niobium).  Both  micrographs  in  Figure  7  show 
a  very  high  percentage  of  gamma  phase,  as  expected 
since  the  forging  temperature  was  close  to  the  eutectoid 
temperature  at  which  the  equilibrium  volume  fraction  of 
gamma  is  greatest.  The  large  amounts  of  the  gamma 
phase  that  are  in  the  form  of  recrystallized  equiaxed 
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Fig.  6  —  Polarized  light,  optical  microstructures  developed  during 
isothermal  pancake  forging  at  1150  °C  using  modified  practices: 
(a)  forged  with  a  15-min  dwell  at  temperature  after  the  initial  2:1 
reduction  and  (b)  processed  using  an  alpha-forge  approach.  Both 
micrographs  were  shot  at  the  center  (r  =  0),  midplane  location  of  the 
respective  pancakes.  The  forging  direction  is  vertical,  and  the  radial 
direction  is  horizontal  in  both  micrographs. 


Fig.  7  —  Backscattered  (SEM)  micrographs  of  the  structure  developed 
during  isothermal  pancake  forging  at  1150  “C  using  modified  prac¬ 
tices:  (a)  forged  with  a  15-min  dwell  at  temperature  after  the  initial 
2: 1  reduction  and  {b)  processed  using  an  alpha-forge  approach.  Both 
micrographs  were  shot  at  the  center  (r  =  0),  midplane  location  of  the 
respective  pancakes.  The  forging  direction  is  vertical,  and  the  radial 
direction  is  horizontal  in  both  micrographs. 


grains  are  also  evident  in  both  cases.  Furthermore,  the 
remnant  lamellar  microstructure  in  the  isothermal  forg¬ 
ing  conducted  with  the  intermediate  15-minute  dwell 
(Figure  7(a))  appears  to  consist  of  short  lengths  that  have 
started  to  pinch  off.  Thus,  the  modified  practices  have 
yielded  microstructures  that  are  more  fully  wrought  than 
those  in  pancakes  that  were  isothermally  forged  using 
standard  practices. 

The  microstructures  of  the  Ti-45.5Al-2Cr-2Nb  alloy, 
which  was  conventionally  forged,  contrast  to  those  from 
the  isothermal  forging  trials.  In  general,  these  structures 
were  much  finer,  were  relatively  uniform  across  the 
entire  pancake,  and  revealed  almost  no  evidence  of  large 
regions  of  unbroken-down  lamellar  structure.  Typical 
micrographs  at  various  locations  in  the  pancake  conven¬ 
tionally  forged  at  a  nominal  temperature  of  1150  °C  are 
shown  in  Figure  8.  Micrographs  from  the  midplane, 
center  {r  —  0)  region  of  pancakes  forged  at  1 200  °C  and 
1250  °C  are  shown  in  Figure  9.  Some  of  the  details  of 
these  fine  structures  are  more  readily  seen  in  higher 
magnification  backscattered  micrographs  (Figure  10). 


The  pancake  forged  at  a  furnace  temperature  of  1 150  °C, 
or  a  temperature  near  the  eutectoid  temperature,  has  a 
structure  in  which  gamma  is  the  predominant  phase;  re¬ 
sidual  alpha-two  plus  gamma  lamellae  are  either  very 
fine  and  highly  deformed  or  somewhat  broken  up 
(Figures  8  and  10  (a)).  In  the  pancake  forged  at  a  nom¬ 
inal  temperature  of  1200  °C  (Figures  9(a)  and  10(b)), 
there  are  some  small  packets  of  unrecrystallized  lamellar 
structure,  but  their  extent  and  volume  fraction  is  much 
smaller  than  those  in  the  isothermally  forged  pancakes. 
Finally,  the  pancake  forged  at  1250  °C  reveals  a  struc¬ 
ture  (Figures  9(b)  and  10(c))  that  is  the  most  highly  re¬ 
crystallized  and  free  of  deformed  lamellae.  As  the 
backscattered  micrograph  shows,  there  are  some  areas 
with  a  lamellar  alpha- two  plus  gamma  morphology,  but 
the  lack  of  deformation  in  these  regions  suggests  that 
they  were  a  transformation  product  of  high-temperature 
alpha  phase  formed  during  the  cooldown  period  after 
forging. 

The  higher  degree  of  refinement  and  reduced  amount 
of  remnant  lamellar  microstructure  in  the  conventionally 
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Fig.  8  —  Polarized  light,  optical  microstructures  developed  during 
conventional  pancake  forging  at  a  nominal  (furnace)  temperature  of 
1 150  °C.  Micrographs  were  shot  at  the  following  locations  in  the  pan¬ 
cake:  (a)  center  (r  =  0),  midplane;  (b)  outer  diameter,  midplane;  and 
(c)  center  (r  =  0),  top.  The  forging  direction  is  vertical,  and  the  radial 
direction  is  horizontal  in  all  micrographs. 


forged  pancakes  (particularly  for  conventional  vi'  iso¬ 
thermal  forgings  done  at  the  same  temperature  of 
1150  ‘’C)  can  be  ascribed  to  the  higher  strain  rates. 
Higher  strain  rates  provide  higher  flow  stresses  and 
larger  amounts  of  hot  work.  In  addition,  the  amount  of 
deformation  taken  up  by  grain  boundary  sliding  (vj 
matrix  flow)  is  lower  at  higher  strain  rates.'-*'  Thus, 
more  work  is  put  into  the  interior  of  the  prior-alpha 


Fig.  9  —  Polarized  light,  optical  microstructures  developed  in  the 
center  (r  =  0),  midplane  region  of  pancakes  conventionally  forged  at 
nominal  (furnace)  temperatures  of  (a)  1200  °C  and  (b)  1250  °C.  The 
forging  direction  is  vertical,  and  the  radial  direction  is  horizontal  in 
both  micrographs. 


grains  and  is  thus  useful  in  breaking  up  the  lamellar 
microstructure  on  a  broader  scale. 

The  microstructures  in  the  conventionally  forged  pan¬ 
cakes  can  also  be  interpreted  in  terms  of  the  temperature 
transients  that  pertain  to  the  process.  The  predicted  axial 
temperature  fields  just  prior  to  forging  (i.e.,  after  the 
transfer  stage)  and  at  the  end  of  the  forging  stroke  for  a 
furnace  temperature  of  1150  °C  are  summarized  in 
Figure  1 1.  In  these  and  other  plots,  temperature  is  plot¬ 
ted  VS'  normalized  axial  position;  positions  of  0  and 
1.0  correspond  to  the  center  of  the  preform  and  the 
top/bottom  surface  of  the  can,  respectively.  The  results 
are  for  the  two  cases  in  which  heat  transfer  prior  to  forg¬ 
ing  is  assumed  to  be  strictly  axial  (Figure  1 1(a))  or  two 
dimensional  (lumped-parameter  solution.  Figure  11(b)). 
The  former  solution  shows  that  a  rather  small  axial  tem¬ 
perature  nonuniformity  is  developed  within  the  near¬ 
gamma  titanium  aluminide  preform  at  the  end  of  the 
billet  transfer  stage.  Because  of  the  one-dimensional 
nature  of  the  solution,  the  average  temperature  in  the 
preform  is  somewhat  higher  (1145  °C)  than  the  temper¬ 
ature  estimated  from  the  lumped-parameter  approach 
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Fig.  10  —  Backscattered  (SEM)  micrographs  of  the  structure  devel¬ 
oped  in  the  center  (r  =  0),  midplane  region  of  pancakes  convention¬ 
ally  forged  at  nominal  (furnace)  temperatures  of  (a)  1150  "C, 
(b)  1200  °C,  and  (c)  1250  °C.  The  forging  direction  is  vertical,  and 
the  radial  direction  is  horizontal  in  all  micrographs. 


(1110  “C).  The  relatively  small  temperature  loss  in  the 
preform  prior  to  forging  predicted  by  both  approaches 
contrasts  to  the  much  larger  predicted  temperature  loss 
in  the  can  (1150  °C  980  °C  to  1040  °C).  At  the  con¬ 
clusion  of  the  forging  stroke,  both  simulations  predict 
noticeable  temperature  gradients  in  the  preform,  partic¬ 
ularly  near  the  preform-can  interface.  Moreover,  in  both 
cases,  the  predicted  temperatures  are  almost  identical  de¬ 
spite  the  differences  just  prior  to  forging.  This  similarity 
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Fig.  II — Predicted  axial  temperature  distribution  developed  after 
billet  transfer,  after  conventional  forging,  and  at  several  time  incre¬ 
ments  after  forging,  assuming  a  nominal  (furnace)  temperature  of 
1 150  °C.  The  temperature  transient  during  the  transfer  period  was  esti¬ 
mated  from  (a)  a  one-dimensional  finite  difference  approach  or 
(t?)  a  lumped-parameter  approach. 
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can  be  ascribed  to  the  higher  flow  stresses  and  hence 
levels  of  deformation  heating  encountered  in  the 
lumped-parameter  solution,  which  had  a  lower  initial 
preform  temperature  just  prior  to  forging. 

The  temperature  gradient  developed  in  the  preform 
during  forging  can  be  surmised  to  be  one  of  the  major 
causes  for  the  observed  edge  folding  and  development 
of  dead-metal  zones  shown  in  Figure  4.  However,  the 
simulations  also  reveal  that  the  center  two-thirds  of  the 
preform  does  maintain  a  relatively  uniform  temperature 
of  approximately  1200  °C  to  1220  °C,  a  temperature 
much  below  the  transus  temperature.  This  fact,  coupled 
with  the  short  duration  of  the  temperature  transient  (sim¬ 
ulation  results  such  as  those  in  Figure  1 1  reveal  that  the 
preform  temperature  gradient  dampens  out  within  sev¬ 
eral  seconds  after  the  end  of  the  forging  stroke),  explains 
the  observation  of  a  relatively  uniform  microstructure. 
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which  is  predominantly  gamma  phase  (Figures  8  and 
10(a)). 

Predicted  temperature  transients  for  conventional  forg¬ 
ing  trials  corresponding  to  furnace  temperatures  of 
1200  °C  and  1250  °C  are  summarized  in  Figure  12;  in 
both  cases,  only  the  results  based  on  the  lumped- 
parameter  solution  for  the  billet  transfer  stage  are  given. 
The  temperature  predictions  for  the  two  higher  furnace 
temperatures  are  similar  to  those  for  the  1150  °C  case. 
Temperature  losses  in  the  preform  at  the  end  of  the  billet 
transfer  stage  are  approximately  40  °C  to  50  °C.  Sub¬ 
stantial  temperature  gradients  are  predicted  to  be  devel¬ 
oped  in  the  preform  during  the  forging  stroke,  but  these 
are  principally  located  at  the  preform-can  interface,  and 
their  duration  is  small.  The  simulation  results  also  dem¬ 
onstrate  that  the  maximum  preform  temperature  in¬ 
crease,  relative  to  the  nominal  (furnace)  temperature,  is 
relatively  small.  The  center  of  the  preform  preheated  at 
1200  °C  experiences  a  temperature  increase  to  1240  °C 
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Fig.  12  —  Predicted  axial  temperature  distributions  developed  after 
billet  transfer,  after  conventional  forging,  and  at  several  time  incre¬ 
ments  after  forging,  assuming  a  nominal  (furnace)  temperature  of 
(a)  1200  °C  or  (h)  1250  ’’C.  The  temperature  transient  during  the  trans¬ 
fer  period  was  estimated  from  a  lumped-parameter  approach. 
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(Figure  12(a)).  Likewise,  the  preform  preheated  at 
1250  °C  experiences  a  short  time  transient  at  1270  °C. 
This  latter  temperature  is  approximately  30  °C  below  the 
alpha  transus,  and  it  provides  a  plausible  explanation  for 
the  small  amount  of  undeformed  lamellar  microstructure 
but  not  for  the  complete  transformation  of  the  alpha 
phase  during  processing,  as  observed  in  the  as-forged 
microstructure  (Figure  10(c)). 

C.  Forged  and  Heat-Treated  Macrostructures 

Post  forging  heat  treatment  resulted  in  macrostructures 
that  were  more  uniform  than  those  observed  in  the  as- 
forged  conditions.  The  most  noticeable  effect  was  the 
reduction  or  almost  total  elimination  of  the  dead-metal 
zones  seen  in  the  as-forged  macrostructures.  For  ex¬ 
ample,  the  macrostructures  of  isothermally  forged  pan¬ 
cakes  heat-treated  for  2  hours  at  1200  °C  (Figure  13) 
were  more  uniform  than  their  as-forged  counterparts 
(Figure  3)  for  each  of  the  three  different  isothermal  forg¬ 
ing  approaches.  A  similar  improvement  was  observed  in 
the  pancakes  that  were  conventionally  forged  and  then 
heat-treated  for  2  hours  at  either  1200  °C  or  1260  °C 
(Figure  14  Figure  4).  From  these  results,  it  may  be 
concluded  that  at  least  a  modicum  of  deformation  was 
imposed  on  the  preform  ends  during  both  isothermal  and 
conventional  forging  and  that  these  regions  really  should 
not  be  considered  dead-metal  zones. 

D.  Forged  and  Heat-Treated  Microstructures 

Microstructures  from  forged  and  heat-treated  pancakes 
revealed  partial  to  full  recrystallization,  depending  on 
forging  method  (isothermal  vs  conventional  hot  forging), 
heat-treatment  time,  and  heat-treatment  temperature. 
Microstructures  developed  in  a  pancake  isothermally 
forged  to  a  6:1  reduction  in  a  continuous  stroke  at 
1150  °C  and  then  heat-treated  are  summarized  in 
Figures  15  (optical  photographs)  and  16  (backscattered 
photographs);  in  all  cases,  the  microstructures  were 


Fig.  13  —  Macrographs  of  cross  sections  of  isothennally  forged  and 
heat-treated  (1200  '’C/2  h)  pancakes.  Forging  temperature  was 
1 150  °C,  and  reduction  was  6:  1  in  all  cases.  Forging  practices  com¬ 
prised  the  following;  (a)  standard  (uninterrupted)  isothermal  forging, 
(i>)  forged  with  a  15-min  dwell  at  temperature  after  the  initial  2:1 
reduction,  and  (c)  processed  using  an  alpha-forge  approach. 
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Fig.  14  —  Macrographs  of  cross  sections  of  conventionally  forged  and 
heat-treated  pancakes.  Nominal  (furnace)  temperatures  for  forging 
and  subsequent  heat-treatment  conditions  were  as  follows: 
(a)  1150  °C,  1200  °C/2  h;  {b)  1 150  °C,  1260  °C/2  h;  (c)  1200  °C, 
1200  °C/2  h;  and  (d)  1200  °C,  1260  °C/2  h. 


taken  from  the  midheight  location  {i.e.,  away  from  the 
dead-metal  zone).  After  a  2  hour  heat  treatment  at 
1200  °C  (Figures  15(a)  and  16(a)),  the  structure  is  more 
than  80-pct  recrystallized  gamma  grains  (in  a  matrix  of 
alpha-two  and  beta)  or  a  level  somewhat  greater  than  in 
the  as-forged  condition  (Figure  5).  As  seen  in  the  back- 
scattered  micrograph,  the  remnant  lamellar  structure  ac¬ 
tually  consists  of  a  number  of  short  segments,  which 
have  started  to  breakup  and  globularize.  After  8  hours 
at  1200  °C,  the  microstructure  has  not  undergone  much 
change.  There  is  still  a  nonnegligible  amount  of  un- 
recrystallized  lamellar  microstructure  (Figures  15(b)  and 
16(b)).  A  similar  resistance  of  the  remnant  lamellar 
structure  to  recrystallization  during  high-temperature 
heat  treatment  at  1260  °C  was  also  noted  (Figures  15(c) 
and  16(c)).  The  bulk  of  the  recrystallized  structure  in  this 
case,  however,  was  found  to  be  grains  of  partial-to-fully 
transformed  alpha  surrounded  by  globular  gamma  grains 
(Figure  16(c))  with  no  evidence  of  the  beta  phase.  This 
reversal  of  the  roles  of  the  gamma  and  alpha-two/ 
transformed  alpha  phases  in  going  from  1200  °C  to 
1260  °C  is  as  expected  in  view  of  the  fact  that  the  alpha 
transus  temperature  for  this  alloy  is  1300  °C. 

Microstructures  developed  in  isothermally  forged  and 
heat-treated  pancakes  processed  using  the  nonstandard 
isothermal  forging  approaches  were  similar  to  those  just 
described,  except  for  the  limited  extent  of  the  remnant 
lamellar  structure  that  was  retained.  Comparison  photo¬ 
graphs  to  those  shown  in  Figures  15  and  16  for  pancakes 
given  the  same  heat  treatments  are  given  in  Figure  17 


Fig.  15  —  Polarized  light,  optica!  microstructures  developed  after  iso¬ 
thermal  pancake  forging  at  1150  °C  using  standard  practices  and  sub¬ 
sequent  heat  treatments  of  (a)  1200  °C/2  h,  (6)  1200  °C/8  h,  and 
(c)  1260  °C/2  h.  All  micrographs  were  shot  at  the  center  (r  =  0), 
midplane  location  of  the  respective  pancakes.  The  forging  direction 
is  vertical,  and  the  radial  direction  is  horizontal  in  all  micrographs. 


(isothermally  forged  at  1150  °C  with  a  15-minute  inter¬ 
mediate  recrystallization  anneal)  and  Figure  18  (alpha- 
forge  approach).  The  almost  total  recrystallization  after 
2  hours  at  1200  °C  and  1260  °C  for  both  forging  ap¬ 
proaches  (Figures  17(a)  and  (c)  and  18(a)  and  (c))  con¬ 
trasts  to  the  microstructures  in  Figures  15(a),  and  (c). 
This  is  not  surprising  in  view  of  the  as-forged  structures 
(Figures  6(a)  and  (b)),  which  were  more  fully  re¬ 
crystallized  in  the  nonstandard  approaches.  It  should 
also  be  noted  that  the  8-hour  heat  treatment  at  1200  °C 
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Fig.  16  —  Back.scattered  (SEM)  micrographs  of  the  structure  devel¬ 
oped  in  the  center  (/  =  0),  midplane  region  of  pancakes  isothermally 
forged  at  1150  °C  using  standard  practices  and  subsequently  heat- 
treated  at  (a)  1200  °C  for  2  h,  (b)  1200  °C  for  8  h,  and  (c)  1260  “C 
for  2  h.  The  forging  direction  is  vertical,  and  the  radial  direction  is 
horizontal  in  all  micrographs. 

yielded  microstructures  that  were  essentially  100  pet  re¬ 
crystallized,  except  for  very  small,  sporadic  patches  of 
lamellar  structure  whose  size  was  of  the  same  order  of 
magnitude  as  the  gamma  grain  size.  However,  this 
longer-time  heat  treatment  gave  rise  to  a  somewhat 
larger  gamma  grain  size  (—12  p.m)  compared  to  that 
after  the  2-hour  heat  treatment  at  1200  °C  (—8  /am). 

Microstructures  developed  in  conventionally  forged 


Fig.  17  —  Polarized  light,  optical  microstructures  developed  in  the 
center  (r  =  0),  midplane  region  of  pancakes  isothermally  forged  at 
1 150  "C  with  an  intermediate  15-min  dwell  at  temperature  after  the 
initial  2: 1  reduction  and  then  heat-treated  after  forging  at  (a)  1200  °C 
for  2  h  ,  {b)  1200  "C  for  8  h.  and  (c)  1260  °C  for  2  h.  The  forging 
direction  is  vertical,  and  the  radial  direction  is  horizontal  in  all  micro¬ 
graphs  . 


and  heat-treated  pancakes  were  similar  to  those  in  heat- 
treated  pancakes  that  were  isothermally  forged  using 
nonstandard  practices.  The  pancake  conventionally 
forged  at  a  nominal  (furnace)  temperature  of  1150  °C, 
or  the  same  temperature  used  in  isothermal  forging,  and 
heat-treated  for  2  hours  at  1200  °C  revealed  a  fine,  uni¬ 
form  recrystallized  microstructure  in  all  locations  of  the 
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cross-section  (Figure  19).  Only  a  small  amount  of  un- 
recrystallized  microstructure  was  found  in  the  region  of 
the  dead-metal  zones  at  the  ends  of  the  pancake 
(Figure  19(c)).  Nevertheless,  even  in  these  regions,  the 
recrystallized  grain  size  was  similar  to  that  found 
elsewhere. 

After  conventional  forging  at  1150  °C  and  a  2-hour 
heat  treatment  at  1260  °C,  fully  recrystallized,  equiaxed 
microstructures  were  obtained  in  all  locations,  even  in 
the  dead-metal  zones  (Figure  20).  As  for  the  isothermal 
forgings  heat-treated  at  this  temperature,  the  micro¬ 
structure  consisted  of  grains  of  transformed  alpha-phase 
pinned  by  gamma  grains. 

E.  Interpretation  of  Microstructure  Nonuniformities 

Inspection  of  the  microstructures  in  Figure  20,  as  well 
as  in  several  other  pancakes  heat-treated  near  the  alpha 
transus,  reveals  a  variation  in  the  percentage  of  gamma 
grains  and  the  size  of  the  transformed  alpha  grains.  In 
particular,  the  structures  along  the  axis  {r  =  0  location) 
exhibit  an  alpha  grain  size  of  about  30  pm  and  approx¬ 
imately  15  vol  pet  gamma  grains.  On  the  other  hand,  the 
alpha  grain  size  is  about  15  ^^m,  and  there  is  approxi¬ 
mately  25  vol  pet  gamma  grains  at  the  outer  diameter 
(r  =  R)  of  the  heat-treated  pancake.  The  gamma  particle 
sizes  are  6  and  4  pm  in  diameter  at  r  =  0  and  r  =  R 
locations,  respectively. 

The  alpha  grain  size  measurements  can  be  interpreted 
in  terms  of  various  theories  of  grain  boundary  pinning 
by  second-phase  particles.  These  measurements  also 
give  insight  into  the  magnitude  of  alloying  macro¬ 
segregation  in  the  present  material.  With  regard  to  the 
former  aspect,  a  number  of  theoretical  treatments  are 
available  to  predict  the  ratio  of  the  pinned  grain  diameter 
D  to  the  diameter  of  the  pinning  particles  d  as  a  function 
of  the  volume  fraction /of  particles. The  earliest 
theory,  due  to  Zener,'^^’^*'  gives  the  relation  D/d  =  1/3/ 
but  is  usually  applicable  only  for  small  volume  fractions, 
i.e.,  f  ^  0.01.  The  theories  of  Heilman  and  Hillert'-’"* 
and  Hazzledine  and  Oldershaw'^"  treat  the  case  involv¬ 
ing  larger  volume  fractions  of  particles;  both  yield  D/d 
dependences  on  volume  fraction  of  the  form 
(1//)'^^  The  Heilman  and  Hillert  theory  gives  the 
expression  D/d  =  (6//)‘^^  The  Hazzledine  and 
Oldershaw  results  were  obtained  from  computer  simu¬ 
lations  and  give  a  different  fit  despite  the  overall  depen¬ 
dence  on  f~'^^.  The  observed  alpha  grain  size 
measurements  are  compared  to  the  various  models  in 
Table  II.  Although  the  Zener  relation  correctly  predicts 
the  observed  inverse  relationship  between  D/d  and 
volume  fraction  of  gamma  particles,  the  predicted  values 
of  grain  size  are  substantially  less  than  the  measure¬ 
ments.  Similarly,  the  Heilman  and  Hillert  theory  under¬ 
estimates  the  grain  sizes.  Only  the  Hazzledine  and 
Oldershaw  model  gives  values  of  the  right  magnitude. 

The  extent  of  possible  macrosegregation  in  the 
Ti-45.5Al-2Cr-2Nb  alloy  was  interpreted  with  the  aid  of 
WDS  (electron  microprobe)  measurements  on  the  glob¬ 
ular  phases  in  forged  and  heat-treated  samples.  The  data 
are  presented  in  the  form  of  a  high-temperature 
pseudobinary-phase  diagram,  representing  the  equilibria 


Fig.  18  —  Polarized  light,  optical  microstructures  developed  in  the 
center  (r  =  0),  midplane  region  of  pancakes  isothermally  forged  at 
1150  °C  using  an  alpha-forge  approach  and  then  heat-treated  after 
forging  at  (a)  1200  °C  for  2  h,  {b)  1200  °C  for  8  h,  and  (c)  1260  °C 
for  2  h  .  The  forging  direction  is  vertical,  and  the  radial  direction  is 
horizontal  in  all  micrographs. 


between  the  alpha  and  gamma  phases  (Figure  21).  An 
approximation  has  been  introduced  due  to  the  neglect  of 
the  occurrence  of  the  small  amount  of  beta  phase  after 
heat  treatment  at  1200  °C.  The  beta  phase  was  not  ob¬ 
served  at  1260  °C  or  at  the  temperature  regime  of  interest 
here;  hence,  the  phase  boundaries  delineated  in 
Figure  21  are  thought  to  be  of  sufficient  accuracy.  Al¬ 
though  the  alpha  transus  phase  boundary  in  Figure  21  is 
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Fig.  19  —  Polarized  light,  optical  microstructures  developed  in  pan¬ 
cakes  conventional  forged  at  a  nominal  (furnace)  temperature  of 
1150  °C  and  subsequently  heat-treated  at  1200  °C  for  2  h.  Micro¬ 
graphs  were  shot  at  the  following  locations  in  the  pancake:  (tt)  center 
(r  =  0),  midplane;  (b)  outer  diameter,  midplane;  and  (c)  center  (r  = 
0),  top.  The  forging  direction  is  vertical,  and  the  radial  direction  is 
horizontal  in  all  micrographs. 


based  on  only  two  data  points,  the  straight-line  fit 
through  these  points,  when  extrapolated  to  higher  alu¬ 
minum  contents,  does  yield  a  value  very  close  to  the 
measured  alpha  transus  for  Ti-48Al-2Cr-2Nb,  i.e., 
1380  thereby  lending  credibility  to  the  data. 

For  the  45.5  at.  pet  aluminum  alloy,  the 
pseudobinary-phase  diagram  suggests  an  alpha  transus  of 
1310  °C,  rather  than  the  measured  transus  of  1300  “C. 
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Fig.  20  —  Polarized  light,  optical  microstructures  developed  in  pan¬ 
cakes  conventional  forged  at  a  nominal  (furnace)  temperature  of 
1150  °C  and  subsequently  heat-treated  at  1260  °C  for  2  h.  Micro¬ 
graphs  were  shot  at  the  following  locations  in  the  pancake;  (a)  center 
(r  =  0),  midplane;  {b)  outer  diameter,  midplane;  and  (c)  center  (r  = 
0),  top.  The  forging  direction  is  vertical,  and  the  radial  direction  is 
horizontal  in  all  micrographs. 


Thus,  to  avoid  skewing  of  the  interpretation  of  the  ex¬ 
perimental  observations  and  because  of  the  high  degree 
of  sensitivity  of  microstructure  to  temperature,  attention 
will  focus  on  a  temperature  of  1270  °C.  This  temperature 
corresponds  to  7  =  -  40  °C,  or  an  identical  decre¬ 

ment  in  temperature  relative  to  the  alpha  transus  to  that 
used  in  the  experimental  heat  treatments  in  Figure  20; 
T  =  1260  °C  =  1300  °C  -  40  °C.  With  this  proviso, 
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Table  II.  Comparison  of  Measured  and  Predicted  Alpha 
Grain  Sizes  for  Forged  and  Heat-Treated  Ti-45.5Al-2Cr-2Nb  Pancakes* 


Gamma  Particle 

Volume 

Measured  Alpha 

Predicted  Alpha  Grain  Size  (/xm) 

Pancake 

Size,  d 

Fraction  Gamma 

Grain  Size,  D 

Heilman  & 

Hazzledme  & 

Location 

(/rm) 

Particles,  / 

(ju.m) 

Zener 

Hillert 

Oldershaw 

Center 

6 

0.14 

30 

14.3 

21.0 

31.9 

Outer  diameter 

4 

0.23 

15 

5.8 

11.9 

18.9 

*Pancake  conventionally  forged  at  1150  °C  and  heat-treated  at  1260  °C  for  2  h. 

Atomic  Percent  Aluminum 

Fig.  21 — Pseudobinary-phase  diagram  based  on  electron  microprobe 
measurements  and  representing  approximate  equilibria  for  the  alpha 
and  gamma  phases  in  wrought  and  recrystallized  Ti-45.5Al-2Cr-2Nb. 


the  inverse  lever  rule  can  be  used  to  estimate  the  equi¬ 
librium  volume  percentages  of  the  gamma  and  alpha 
phases.  For  a  45.5  at.  pet  aluminum  alloy,  one  would 
expect  29  vol  pet  of  gamma  grains,  or  a  quantity  similar 
to  that  observed  in  the  outer  diameter  (r  =  R)  region  of 
the  conventionally  forged  pancake  heat-treated  dXT  = 

-  40  °C  (Figure  20(b)).  By  contrast,  in  an  alloy  with 
45.0  at.  pet  aluminum,  the  lever-rule  quantity  of  gamma 
phase  at  the  same  temperature  is  only  approximately 
17  pet,  also  in  broad  agreement  with  the  amount  ob¬ 
served  at  the  center  (r  =  0)  of  this  pancake 
(Figures  20(a)  and  (c)).  Thus,  from  these  observations 
and  calculations,  macrosegregation  of  the  order  of 
0.5  at.  pet  aluminum  can  be  concluded  to  be  found  in 
the  induction  skull  melted  ingots  used  in  this  investi¬ 
gation.  Such  variations  in  the  aluminum  level  are  diffi¬ 
cult  to  determine  by  conventional  wet  chemistry 
methods  on  near-gamma  titanium  aluminides.  There¬ 
fore,  the  heat-treatment  and  microstructural  observation 
method  used  here  appears  to  offer  a  sensitive  alternative 
to  detect  macrosegregation. 


IV.  SUMMARY  AND  CONCLUSIONS 

Microstructures  and  macrostructures  developed  in  the 
cast  and  hipped  lamellar  near-gamma  titanium  aluminide 
Ti-45.5Al-2Cr-2Nb  during  isothermal  and  conventional, 
hot  forging  as  well  as  after  forging  and  various  sub- 
transus  heat  treatments  were  determined.  The  effect  of 


forging  rate,  forging  temperature,  and  various  nonstand¬ 
ard  practices  (in  isothermal  forging)  on  microstructure 
were  elucidated.  The  following  conclusions  are  drawn 
from  this  work: 

1.  Conventional  hot  forging  yields  a  finer,  more  com¬ 
pletely  broken-down  microstructure  than  isothermal 
forging.  Because  of  this,  conventionally  broken- 
down  near-gamma  titanium  aluminide  ingots  may  not 
need  an  intermediate  heat  treatment  or  a  second 
breakdown  forging  step  prior  to  finish  processing  via 
closed-die  forging,  sheet  rolling,  etc. 

2.  Nonstandard  isothermal  forging  processes  such  as 
those  incorporating  a  short  intermediate  re¬ 
crystallization  anneal  or  the  application  of  an  alpha- 
forge  approach  {i.e.,  the  forging  of  a  metastable 
alpha  microstructure)  yield  microstructures  that  are 
more  uniformly  wrought  than  the  standard,  constant 
ram  speed  approach. 

3.  Recrystallization/globularization  of  the  as- 
conventionally  forged  microstructure  during  subse¬ 
quent  heat  treatments  occurs  more  quickly  and 
competely  than  during  heat  treatment  of  isothermally 
forged  material,  presumably  because  of  the  higher 
strain  rates  and  higher  levels  of  deformation  intro¬ 
duced  during  conventional  hot  forging. 

4.  Temperature  nonuniformities  developed  during 
canned,  conventional  forging  play  a  role  in  the  for¬ 
mation  of  limited-deformation  (dead-metal)  zones  but 
do  not  appear  to  impact  overall  microstructure  uni¬ 
formity  in  the  forged  and  heat-treated  condition. 

5 .  Macrosegregation  of  aluminum  is  manifested  through 
the  development  of  nonuniform  microstructures  in 
forged  and  heat-treated  pancake  forgings,  especially 
when  heat  treatment  is  conducted  just  below  the 
alpha  transus  temperature.  The  70-mm-diameter  in¬ 
duction  skull  melted  ingots  used  in  the  present 
investigation  appeared  to  have  had  a  variation  in  alu¬ 
minum  content  of  approximately  0.5  at.  pet  from  the 
center-to-outer  diameter. 

6.  The  evolution  of  microstructure  reported  here  applies 
solely  to  lamellar  near-gamma  titanium  aluminides 
with  starting  alpha-grain  sizes  of  approximately 
200  jum  or  less.  Ingots  that  have  substantially  larger 
alpha  grain  sizes  may  not  respond  as  readily  to  forg¬ 
ing  and  heat  treatment'"'^^  due  to  differences  in  the 
partitioning  of  hot  work  between  the  grain  boundaries 
and  grain  interiors  as  well  as  to  other  workability- 
related  considerations. 
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Microstructures  and  Mechanical  Behavior 
of  NiAI-Mo  and  NiAI-Mo-Ti  Two-Phase  Alloys 

P.R.  SUBRAMANIAN,  M.G.  MENDIRATTA,  and  D.B.  MIRACLE 

The  phase  relationship  in  the  NiAl-Mo  system  is  characterized  by  a  eutectic  equilibrium  between 
binary  NiAl  and  the  terminal  (Mo)  solid  solution,  thereby  offering  the  potential  for  development 
of  ductile-phase-toughened  composites.  A  study  was  conducted  to  evaluate  the  effect  of  varying 
volume  fraction  of  the  (Mo)  phase  on  the  microstructure,  bend  strength,  and  ambient  temper¬ 
ature  fracture  behavior  of  selected  NiAl-Mo  two-phase  alloys.  Above  room  temperature,  the 
NiAl-Mo  alloys  showed  an  increase  in  bend  strength  compared  to  monolithic  NiAl,  with  rea¬ 
sonable  strength  retention  up  to  —800  °C.  The  results  demonstrated  moderate  improvements  in 
toughness  in  the  NiAl-Mo  alloys  in  comparison  to  monolithic  NiAl.  A  further  enhancement  in 
toughness  was  realized  through  hot  working.  Fractography  studies  showed  evidence  for  sub¬ 
stantial  decohesion  between  the  (Mo)  phase  and  the  NiAl  matrix,  thereby  suggesting  the  pres¬ 
ence  of  a  weak  interface.  This  weak  interface  between  the  (Mo)  phase  and  the  NiAl  matrix,  in 
conjunction  with  modulus  mismatch  stresses,  causes  the  crack  to  deflect  from  the  (Mo)  rein¬ 
forcement  and  propagate  preferentially  along  the  (Mo) /NiAl  interface.  These  attributes  limit 
the  potential  for  significant  ductile-phase  toughening  in  the  NiAl-Mo  system.  An  addition  of 
0.2  at.  pet  Ti  resulted  in  a  marked  improvement  in  the  room-temperature  fracture  toughness  of 
NiAl-Mo.  Fractography  observations  show  some  evidence  for  (Mo) /NiAl  interface  strength¬ 
ening  with  the  Ti  addition. 


1.  INTRODUCTION 

The  B2-ordered  nickel  aluminide  NiAl  exhibits  an 
attractive  combination  of  properties,  such  as  high  melt¬ 
ing  temperature,  high  stiffness,  and  low  density,  thereby 
offering  the  potential  for  use  as  a  high-temperature  struc¬ 
tural  material.  However,  these  characteristics  are  accom¬ 
panied  by  a  lack  of  ductility  and  inadequate  fracture 
toughness  at  low  temperatures.  Although  single¬ 
crystalline  NiAl  exhibits  some  plasticity, poly¬ 
crystalline  NiAl  shows  little  or  no  room-temperature 
tensile  ductility and  exhibits  premature  fracture.  The 
room-temperature  fracture  toughness  of  coarse-grained 
NiAl  is  below  5  MPaVm,^’'  and  5  to  6  MPaVm  for  a 
20  /am  grain-size  material.’*’  Intergranular  fracture  is  the 
primary  mode  of  failure  in  polycrystalline,  stoichiomet¬ 
ric  NiAl.'^’'”  The  inadequate  toughness  and  damage  tol¬ 
erance  of  polycrystalline  NiAl  at  low  temperatures  limits 
its  potential,  particularly  in  monolithic  form,  for  aero¬ 
space  applications. 

A  composite  systems  approach,  such  as  toughening  by 
fiber  reinforcement  or  by  ductile-phase  reinforcement, 
may  provide  the  solution  to  the  intrinsically  poor  damage 
tolerance  of  brittle  materials.  In  the  former  approach, 
toughness  is  provided  to  the  brittle  matrix  through  mech¬ 
anisms  such  as  fiber  pullout,  crack  branching,  and  crack 
deflection  by  interface  debonding,  as  observed  in  ce¬ 
ramic  composites.’®’  On  the  other  hand,  the  predominant 
toughening  mechanism  in  ductile-phase-reinforced  sys¬ 
tems  involves  energy  dissipation  by  plastic  deformation 
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of  ductile  ligaments  bridging  the  crack  surfaces  behind 
the  advancing  crack  tip.”®’  Examples  of  ductile-phase 
toughening  include  systems  such  as  Co/WC,”” 
AI/AI2O3,''®’  TiNb/TiAl,”^’  and  Nb/NbjSij.”^’’'”  The 
need  for  long-term  composite  stability  at  elevated  tem¬ 
peratures  requires  that  the  reinforcing  phase  in  these 
composite  systems  be  in  thermodynamic  equilibrium 
with  the  matrix  material.  In  this  context,  phase  relation¬ 
ships  showing  equilibrium  between  the  matrix  phase  and 
a  terminal  refractory  phase,  such  as  in  eutectics,  can  be 
exploited  for  obtaining  an  in  situ  composite.  Such  a 
two-phase  system  offers  the  best  prospects  for  long-term 
thermodynamic  stability. 

Examination  of  the  literature’^  showed  a  number 
of  NiAl-X  (X  =  Mo,  Cr,  W,  Re,  and  V)  quasi-binary 
eutectic  systems,  where  NiAl  is  in  equilibrium  with  a 
nominally  ductile,  refractory  phase.  Past  studies’^'^®’^” 
on  the  mechanical  behavior  of  directionally  solidified 
(DS)  NiAl-Cr  and  NiAl-Mo  eutectics  have  focused  on 
the  role  of  the  fine,  fibrous  (Cr)  or  (Mo)  phases  in  im¬ 
proving  the  high-temperature  strength  and  creep  resis¬ 
tance  of  NiAl.  However,  the  potential  for  toughening 
NiAl  by  the  refractory  phases  was  not  explored  in  these 
studies.  Earlier  work’^^’  on  polycrystalline  NiAl-Mo 
alloys  by  the  present  authors  demonstrated  that  a  two- 
phase  microstructure  consisting  of  a  dispersion  of  the 
terminal  (Mo)  phase  in  a  NiAl  matrix  can  provide  some 
increment  in  toughness  over  monolithic  NiAl.  Based  on 
indentation  crack  studies,  Sasaki  et  proposed  that 
a  higher  fracture  toughness  may  be  expected  in  the 
NiAl-Mo  eutectic  alloy  compared  to  pure  NiAl.  Re¬ 
cently,  the  microstructural  stability  and  mechanical 
behavior  of  DS  NiAl-Mo, NiAl-Cr,’^^'^®  ^”  NiAl- 
Cr(Mo),'“'  and  NiAl-V’^^’  alloys  have  been  investigated. 
In  all  the  cases,  the  in  situ  refractory  reinforcements  pro¬ 
vided  an  increase  in  fracture  toughness  in  comparison  to 
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monolithic  NiAl.  Fracture  toughness  data'-'’-^^'  reported 
for  the  DS  NiAl-Mo  eutectic  alloy  agreed  well  with  our 
initial  investigations.'^^^  Noebe  et  have  evaluated 
the  room-temperature  toughness  and  elevated- 
temperature  strength  of  NiAl  composites  reinforced  with 
continuous  fibers  of  a  W-rich  alloy.  The  composites  ex¬ 
hibited  a  strong  fiber-matrix  bond,  with  little  or  no 
toughening  at  ambient  temperature,  although  significant 
high-temperature  strengthening  was  achieved. 
Bowman^^^'  reported  bend  strength  vs  temperature  data 
for  NiAl  composites  reinforced  with  continuous  TZM 
Mo  fibers.  These  composites  exhibited  a  strong  fiber- 
matrix  bonding,  resulting  in  rule-of-mixtures  composite 
strengths.  The  composite  toughness  also  was  reported  to 
be  enhanced  by  the  TZM  fibers,  although  no  toughness 
data  were  presented.  Fractography  studies"*-^®'  on  NiAl- 
Re  eutectic  alloys  indicated  extensive  local  plasticity  of 
the  fibrous  (Re)  phase,  as  exhibited  by  necking  and 
chisel-point  fracture  of  this  phase,  although  no  fracture 
toughness  data  were  reported. 

The  present  investigation  explores  the  effect  of  vary¬ 
ing  volume  fraction  of  the  (Mo)  phase  on  the  micro¬ 
structure,  bend  strength,  and  room-temperature  fracture 
behavior  of  cast  and  heat-treated  NiAl-Mo  two-phase 
alloys  with  selected  compositions.  Further,  the  effect  of 
deformation  processing  on  the  microstructure  and  me¬ 
chanical  properties  of  selected  NiAl-Mo  alloys  is  briefly 
addressed.  Deformation  processing  has  been  found  to 
produce  improvements  in  the  mechanical  properties  of 
other  ductile-phase-reinforced  systems. '"‘i  An  initial  in¬ 
vestigation'^-'  by  the  present  authors  showed  evidence 
for  a  weak  interface  between  the  (Mo)  phase  and  the 
NiAl  matrix;  it  was  envisioned  that  minor  solute  addi¬ 
tions  may  alter  the  interface  behavior.  Therefore,  an¬ 
other  objective  of  this  investigation  was  to  examine  the 
role  of  alloying  with  Ti  on  the  room-temperature  fracture 
behavior  of  a  selected  hypereutectic  NiAl-Mo  alloy. 


II.  EXPERIMENTAL  PROCEDURE 

Four  compositions  were  selected  for  this  investigation: 
the  eutectic  composition  Ni-45.5Al-9Mo  and  three 
hypereutectic  alloys  with  a  stoichiometric  Ni/Al  ratio 
and  increasing  concentrations  of  Mo,  viz., 
Ni-44Al-12Mo,  Ni-38.5Al-23Mo,  and  Ni-31Al-38Mo 
(all  compositions  are  in  atomic  percent).  These  alloys 
will  be  denoted  as  NiAl-9Mo,  NiAl-12Mo,  NiAl-23Mo, 
and  NiAl-38Mo,  respectively,  in  the  rest  of  this  article. 
An  alloy  with  a  nominal  composition  of  NiAl-36Mo-2Ti 
(hereafter  labeled  as  NiAl-Mo-Ti)  was  selected  for 
evaluating  the  effect  of  Ti  on  the  fracture  behavior  of 
NiAl-Mo  and  to  compare  with  baseline  data  for  the 
NiAl-38Mo  alloy.  The  alloys  were  prepared  in  the  form 
of  —250  g  buttons  or  cigar-shaped  castings  by  arc  melt¬ 
ing  the  constituent  elements  in  a  water-cooled  copper 
hearth,  using  a  nonconsumable  tungsten  electrode.  The 
arc-melted  buttons  and  cigars  were  homogenized  at 
1200  °C/100  h.  In  order  to  evaluate  the  extent  of  coars¬ 
ening  of  the  eutectic  (Mo)  phase,  the  NiAl-9Mo  alloy 
was  annealed  at  temperatures  between  1200  °C  and 
1500  °C  for  time  periods  ranging  from  24  to  500  hours. 
All  of  the  annealing  treatments  were  conducted  with  the 


samples  wrapped  in  Ta  foil  and  were  performed  under 
an  atmosphere  of  flowing  argon,  which  was  first  gettered 
over  Ti  chips  heated  to  800  °C.  Backscattered  scanning 
electron  microscopy  (SEM)  and  quantitative  electron 
probe  microanalysis  (EPMA)  were  conducted  to  char¬ 
acterize  the  microstructure  and  composition  of  the  equi¬ 
librium  phases.  Six  to  eight  individual  analyses  were 
obtained  for  each  phase  in  a  given  alloy.  Matrix  intensity 
corrections  were  made  with  a  standard  ZAF  iterative  cor¬ 
rection  program.  The  identity  of  the  phases  was  verified 
by  X-ray  diffraction.  Finally,  the  volume  fraction  of  the 
(Mo)  phase  in  each  of  the  alloys  was  evaluated  by  quan¬ 
titative  image  analysis.  The  bulk  compositions  of  the  ho¬ 
mogenized  alloys  were  determined  by  gravimetric 
analysis,  while  the  interstitial  impurity  contents  were 
measured  by  inert  atmosphere  fusion  analysis.  Trace  im¬ 
purities  were  analyzed  by  X-ray  fluorescence. 

Specimens  for  bend  testing  were  obtained  from  the 
arc-melted  cigars  after  homogenization  at  1200  °C/ 
100  h,  followed  by  hot  isostatic  pressing  (HIP)  at 
1200  °C/276  MPa/6  h.  Smooth  bend  bars  (2.86-cm 
long  X  0.64-cm  wide  X  0.32-cm  thick)  and  single-edge 
notched  bend  bars  (2.86-cm  long  X  0.76-cm  wide  X 
0.64-cm  thick;  electrical-discharge  machined  (EDM) 
notch:  0.25-cm  deep,  0.02-cm  root  radius)  were  ob¬ 
tained  from  the  hipped  specimens  by  EDM.  The  bend 
specimens  were  finally  given  a  coarsening  heat  treatment 
at  1450  °C/24  h  prior  to  testing.  The  smooth  bend  bars 
were  tested  in  a  vacuum  of  —lO"'*  Pa  at  selected  tem¬ 
peratures  between  ambient  and  1 000  °C  under  four-point 
loading.  The  single-edge  notched  bend  bars  were  tested 
under  three-  and  four-point  loading  conditions  to  deter¬ 
mine  room-temperature  fracture  toughness,  Kq,  as  per 
ASTM  specification  E-399.  Scanning  electron  micros¬ 
copy  fractography  was  conducted  on  the  fractured  bend 
specimens  to  characterize  the  fracture  behavior  and  the 
operative  toughening  mechanisms. 

In  order  to  study  the  effect  of  deformation  processing 
on  microstructure  and  toughness,  the  NiAl-9Mo  eutectic 
alloy  was  hot  forged  to  80  pet  reduction  at  1200  °C, 
while  the  hypereutectic  alloy  NiAl-12Mo  was  hot  ex¬ 
truded  at  1200  °C,  using  a  reduction  ratio  of  4.5:1.  Fol¬ 
lowing  annealing  at  1450  °C/24  h,  the  notched  bend 
bars  of  the  forged  as  well  as  the  extruded  alloys  were 
tested  for  room-temperature  notch  toughness.  The 
toughness  of  the  as-hot-worked  alloys  was  not  mea¬ 
sured,  as  similar  work  on  a  Nb/Nb5Si3  ductile-phase- 
toughened  system  had  shown  that  reasonable  toughness 
enhancement  was  possible  only  after  hot  working  and 
heat  treatment.'''*’ 


III.  RESULTS 

A.  Phase  Compositions  and  Microstructures 

1.  As-cast  -f  heat-treated  alloy 
Table  I  summarizes  the  analyzed  bulk  compositions 
and  the  impurity  analyses  of  the  alloys.  The  analyzed 
bulk  compositions  were  within  1  at.  pet  of  the  nominal 
compositions.  The  impurity  analyses  revealed  the  carbon 
concentration  to  vary  from  64  to  81  wppm,  oxygen  to 
vary  from  21  to  —350  wppm,  and  nitrogen  to  vary  from 
38  to  350  wppm.  X-ray  fluorescence  analysis  revealed 
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Table  I.  Analyzed  Compositions  and  Impurity  Analysis  of  the  NiAI-Mo  Alloys 


Alloy 


NiAl-9Mo 

NiAI-12Mo 

NiAl-23Mo 

NiAI-38Mo 

Bulk  elements  (at.  pet) 

Ni 

45.3 

44.0 

37.6 

29.9 

A1 

45.7 

43.4 

39.1 

31.4 

Mo 

8.8 

12.2 

23.1 

38.6 

Impurities*  (wt  ppm) 

C 

64 

69 

66 

81 

O 

100 

347 

115 

21 

N 

350 

467 

50 

38 

*X-ray  fluorescence  showed  Si,  Ti,  Cr,  Mn,  Fe,  and  Zn  to  be  below  detectable  levels  (<1  wt  pet). 


metallic  impurities  to  be  at  trace  levels.  Table  II  lists  the 
compositions  of  the  observed  phases  in  the  various 
alloys.  The  composition  of  the  NiAl  matrix  was  typically 
observed  to  be  slightly  Al-rich  with  negligible  solubility 
(<0.1  at.  pet)  for  Mo.  The  terminal  (Mo)  phase  showed 
A1  solubility  in  excess  of  5  at.  pet,  and  Ni  solubility  in 
the  range  3  to  5  at.  pet.  X-ray  diffraction  corroborated 
the  presence  of  only  the  NiAl  and  (Mo)  phases. 

Figure  1  shows  the  backscattered  SEM  micrographs 
of  the  as-cast  +  heat-treated  NiAl-9Mo  alloy  under  se¬ 
lected  annealing  conditions.  The  microstructure  typically 
consisted  of  fine  eutectic  colonies  separated  by  regions 
of  coarse  (aMo)  dendrites  at  colony  boundaries;  the  eu¬ 
tectic  colonies  themselves  were  composed  of  a  fine,  fi¬ 
brous  (Mo)  phase  dispersed  fairly  uniformly  in  an  NiAl 
matrix.  As  summarized  in  Table  III,  the  eutectic  (Mo) 
fibers  exhibited  very  sluggish  coarsening  kinetics.  The 
diameter  of  the  (Mo)  fibers  in  the  eutectic  ranged  from 
~0.3  fim  after  500  hours  at  1200  °C  to  ~0.7  fxm  after 
100  hours  at  1500  °C.  In  view  of  the  uniform  size  of  the 
(Mo)  phase  and  the  negligible  solubility  of  Mo  in  the 
NiAl  matrix,  Ostwald-type  coarsening  is  expected  to 
have  a  small  driving  force  in  the  eutectic.  The  observed 
thermal  stability  against  coarsening  in  the  NiAl-9Mo 


alloy  is  a  desirable  attribute  for  high-temperature  appli¬ 
cations.  Figure  2  shows  the  SEM  micrographs  of  the 
hypereutectic  alloys  after  heat  treatment  at  1450  °C/ 
24  h.  The  microstructure  of  the  hypereutectic  alloys  after 
coarsening  typically  showed  branched  primary  (Mo) 
dendrites  dispersed  in  a  eutectic  matrix  for  NiAl-12Mo 
and  NiAl-23Mo;  the  matrix  in  the  NiAl-38Mo  alloy  was 
essentially  single-phase  NiAl,  with  a  very  coarse  rem¬ 
nant  of  the  eutectic  (Mo)  phase. 

2.  Hot-worked  heat-treated  alloys 

Eigure  3  shows  the  SEM  micrographs  of  the  NiAl- 
9Mo  alloy  in  the  as-forged  condition  as  well  as  after  an¬ 
nealing  at  1450  °C/24  h.  As  shown  in  Figure  3(a),  the 
hot-forging  treatment  at  1200  °C  caused  the  eutectic  col¬ 
onies  to  be  elongated  normal  to  the  forging  direction. 
Further,  large  grains  of  elongated,  primary  NiAl  were 
observed,  indicating  that  the  alloy  was  slightly  hypo- 
eutectic  in  composition.  Figure  4  shows  the  SEM  micro¬ 
graphs  of  a  longitudinal  section  of  the  extruded 
NiAl-12Mo  casting  in  the  as-extruded  condition  and 
after  annealing  at  1450  °C/24  h.  It  was  clear  that  the 
extrusion  at  1200  °C  had  resulted  in  some  alignment  of 
the  primary  as  well  as  the  eutectic  (Mo)  phase  along 
the  extrusion  direction.  The  1450  °C/24  h  annealing 


Table  II.  Electron  Microprobe  Data  for  the  NiAI-Mo  Alloys 


Alloy 

Heat 

Treatment 

Element 

Composition  (At.  Pet) 

NiAl 

(Mo) 

NiAl-9Mo 

1450  °C/24  h 

Ni 

48.7  ±  0.7 

5.3  ±  2.5 

A1 

51.2  ±  0.8 

5.0  ±  0.4 

Mo 

0.1  ±0.1 

89.7  ±  2.0 

NiAl-12Mo 

1450  °C/24  h 

Ni 

46.0  ±  1.0 

4.6  ±  2.7 

A1 

53.9  ±  1.5 

8.8  ±  1.1 

Mo 

0.1  ±0.1 

86.6  ±  1.3 

NiAl-23Mo 

1450  °C/24  h 

Ni 

50.6  ±  0.1 

3.3  ±  0.3 

A1 

49.4  ±  0.1 

8.9  ±  0.9 

Mo 

~0 

87.8  ±  0.9 

NiAl-38Mo 

1450  °C/100  h 

Ni 

48.6  ±  0.4 

2.8  ±  0.4 

A1 

51.3  ±  0.2 

5.6  ±  0.2 

Mo 

0.1  ±0.1 

91.5  ±  1.3 

NiAl-Mo-Ti 

1450  °C/24  h 

Ni 

49.6  ±  0.3 

4.6  ±  1.4 

A1 

50.1  ±  0.3 

8.2  ±  0.9 

Mo 

0.1  ±  0.03 

87.0  ±  2.2 

Ti 

0.2  ±  0.01 

0.2  ±  0.03 

Note:  Error  values  refer  to  deviations  based  on  a  95  pet  confidence  level. 
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Fig-  I  —  Backscattered  SEM  micrographs  of  the  NiAI-9Mo  alloy  showing  the  eutectic  microstructure  under  selected  conditions:  (a)  as-cast; 
(b)  1200  °C/100  h;  (c)  1400  °C/200  h;  and  (if)  1500  °C/I00  h. 


treatment  of  the  forged  and  the  extruded  alloys  produced 
a  substantial  change  in  the  microstructural  size  scale  and 
morphology  of  the  eutectic  (Mo)  fibers,  as  seen  in 
Figures  3(b)  and  4(b),  respectively.  Most  of  the  eutectic 
(Mo)  fibers  were  broken  or  spheroidized  and  showed 
considerable  coarsening. 

B.  Bend  Properties 

1.  Bend  strength 

Figure  5  shows  the  variation  of  bending  strength  (elas¬ 
tic  limit  strength)  with  temperature  for  the  eutectic  as 
well  as  the  hypereutectic  alloys.  The  data  at  the  lower 


Table  III.  Cross-Sectional  Size  of  the 
Eutectic  (Mo)  Phase  in  the  NiAl-9Mo  Alloy  as  a 
Function  of  Annealing  Temperature  and  Time 


Annealing  Treatment 

Size  of  Eutectic  (Mo)  (/cm) 

1200  °C/100  h 

0.2 

1200  °C/300  h 

0.2 

1200  °C/500  h 

0.24  to  0.28 

1300  °C/24  h 

0.3 

1400  °C/24  h 

0.33 

1400  °C/200  h 

0.5 

1450  °C/24  h 

0.4  to  0.65 

1500  °C/100  h 

0.6  to  0.7 
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Fig.  2  Backscattered  SEM  micrographs  of  the  hypereutectic  NiAl-Mo  alloys  after  annealing  at  1450  °C/24  h:  (a)  NiAl-12Mo,  showing  the 

deldrites™fnTf‘'fN'AI  4m  NiAl-23Mo,  showing  a  coarse  eutectic  matrix  and  large  primary  (Mo) 

dendrites,  and  (c)  NiAl-38Mo,  where  the  matrix  is  essentially  NiAl.  ^  ^  J'  '  r 


temperatures  represent  an  average  of  two  tests.  Above 
600  °C,  the  alloys  showed  considerable  bend  ductility, 
as  evidenced  by  a  noticeable  curvature  on  the  bend  bars. 
As  an  example,  the  bend  bar  of  the  NiAl-9Mo  alloy 
bottomed  out  within  the  test  fixture  without  fracture  at 
600  °C,  indicating  an  outer  fiber  strain  of  at  least  4.6  pet 
(as  determined  from  the  curvature  of  the  bend  bar).  The 
load-deflection  curves  at  ambient  and  500  °C  exhibited 
a  distinct  nonlinearity,  implying  prefailure  micro¬ 
cracking  or  plasticity,  with  the  fracture  loads  detectably 
higher  than  the  elastic  limit  in  most  instances.  The  alloys 
showed  a  reasonable  strength  retention  up  to  -800  °C, 
with  a  rapid  drop  in  strength  above  -800  °C.  Further! 
there  appeared  to  be  no  clear  trend  in  the  strength  level 


with  varying  volume  fraction  of  the  (Mo)  phase;  rather, 
the  data  for  all  the  alloys  lie  within  a  band.  Bend 
strength  data  for  monolithic  NiAl'^i  and  DS  NiAl-OMo'^i 
are  included  in  Figure  5  for  comparison  with  the  alloys 
in  this  investigation.  The  NiAl-Mo  alloys  all  showed  an 
increase  in  bend  strength  above  room  temperature  in 
comparison  to  monolithic  NiAl.  The  DS  NiAl-9Mo  alloy 
showed  a  substantial  strength  improvement  at  low  to 
intermediate  temperatures,  which  is  attributed  to  an 
aligned  microstructure,  consisting  of  fine,  uni- 
directionally  oriented  (Mo)  fibers  in  a  NiAl  matrix. 
However,  the  bend  strength  data  suggests  that  the  ad¬ 
vantage  of  directional  alignment  is  lost  at  temperatures 
above  —600  °C. 
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Fig.  3  —  Backscattered  SEM  micrographs  of  the  NiAl-9Mo  alloy: 
(a)  after  forging  at  1200  °C  to  80  pet  reduction,  some  amount  of  pri¬ 
mary  NiAl  is  observed  in  the  microstructure;  and  (h)  after  forging  -H 
annealing  at  1450  °C/24  h,  revealing  extensive  coarsening  and  spher- 
oidization  of  the  eutectic  (Mo)  phase. 


2.  Notch  toughness 

Table  IV  lists  the  measured  fracture  toughness  values 
as  a  function  of  the  volume  fraction  of  (Mo).  Data  ob¬ 
tained  in  this  investigation  for  a  monolithic  NiAl  alloy 
with  composition  Ni-53.2A1  as  well  as  data  for  stoichio¬ 
metric  NiAf’i  are  included  in  Table  IV  for  comparison. 
The  toughness  of  Al-rich  NiAl  (Ni-53.2A1)  was  com¬ 
parable  to  the  data  for  stoichiometric,  polycrystalline 
NiAl.i^’  All  of  the  NiAl-Mo  alloys  showed  an  improved 
toughness  in  comparison  to  monolithic  NiAl.  The  incre¬ 
ment  in  toughness,  AKq,  over  that  of  Ni-53.2A1  ranged 
from  ~5  MPaA/m  for  the  eutectic  alloy  to  a  maximum 
of  —12  MPaVm  for  the  extruded  NiAl-12Mo  alloy.  As 
seen  in  Table  IV,  there  appeared  to  be  no  significant 
trend  in  toughness  enhancement  with  increasing  volume 
fraction  of  (Mo);  rather,  the  data  suggested  that  there 
may  be  an  optimal  volume  fraction  beyond  which  there 
is  no  enhancement  in  toughness  with  increasing  (Mo) 
concentration.  The  data  from  the  hot- worked  +  coars¬ 
ened  alloys  showed  an  additional  increment  in  fracture 
toughness  in  comparison  to  the  hipped  alloys.  The  mean 
fracture  toughness  of  the  forged  +  coarsened  NiAl-Mo 
alloy  was  determined  to  be  13.6  MPaVin  compared  to 
a  value  of  9.4  MPa\/m  for  the  as-cast  +  hipped  alloys. 
In  the  case  of  the  extruded  NiAl-12Mo  alloy,  a  mean 
fracture  toughness  of  16.6  MPaA/m  was  obtained,  which 


EXTRUSION 

DIRECTION 


Fig.  4 — Backscattered  SEM  micrograph  of  the  NiAl-12Mo  alloy: 

(a)  after  extrusion  at  1200  °C  using  a  4.5: 1  reduction  ratio,  and 

(b)  after  extrusion  4-  annealing  at  1450  °C/24  h,  showing  the  break¬ 
down  of  the  eutectic  (Mo)  phase. 


is  marginally  higher  than  the  value  obtained  for  the  east 
-I-  hipped  alloy  (13.8  MPaVm)- 


C.  Fractographic  Observations 

1 .  As-cast  +  heat-treated  alloys 

Fractography  results  for  the  as-cast  +  heat-treated 
NiAl-9Mo  and  NiAl-12Mo  alloys  have  been  discussed 
briefly  in  an  earlier  report. Scanning  electron  micros¬ 
copy  fractography  of  the  eutectic  alloy  (Figure  6)  indi¬ 
cated  that  a  crack  front  had  advanced  in  a  series  of  steps 
through  the  microstructure,  which  suggests  that  the 
crack  has  taken  a  tortuous  path  through  the  bend  spec¬ 
imen.  The  overall  fracture  morphology  appeared  to  be 
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reminiscent  of  a  fibrous  fracture  surface.  Scanning  elec¬ 
tron  microscopy  fractographic  analysis  of  the  hyper¬ 
eutectic  alloys  (Figures  7,  8,  and  9)  indicated  that  the 
large  primary  (Mo)  dendrites  play  a  crucial  role  in  the 
fracture  process.  Typically,  the  fractographs  showed 
the  following  features:  (1)  regions  where  the  crack  has 
propagated  preferentially  along  the  NiAl/dendritic  (Mo) 
interfaces;  this  is  evident  in  the  regions  where  one  or 
more  dendrite  arms  have  been  pulled  out  in  the  wake  of 
the  crack;  (2)  regions  where  the  primary  (Mo)  phase  ex¬ 
hibited  some  degree  of  plastic  stretching,  accompanied 
by  interface  decohesion,  and  (3)  regions  showing 
cleavagelike  fracture  within  the  (Mo)  phase.  The  NiAl 
matrix  in  all  cases  showed  brittle,  cleavagelike  failure. 

Figures  10  and  1 1  represent  the  transverse  surfaces  of 
the  notched  bend  samples  of  NiAl-23Mo  and  NiAl- 
38Mo,  respectively,  after  the  propagation  of  the  crack. 
The  bend  bars  did  not  fracture  completely  in  these  tests 
and,  therefore,  made  it  possible  to  observe  the  crack 
propagation  through  the  microstructure.  A  significant 
amount  of  crack  deflection,  crack  branching,  or  crack 
bifurcation  was  evident  in  the  bend  sample  of  the  NiAl- 
23Mo  alloy  (Figures  10(a)  and  (b)).  In  most  instances. 


Fig.  5  —  Variation  of  bend  strength  with  temperature  for  the  NiAl-Mo 
alloys.  The  data  for  DS  NiAl-Mo  and  monolithic  NiAl  are  from 
Ref.  2. 


Fig.  6  — SEM  fractograph  of  the  NiAl-9Mo  alloy  showing  (a)  a 
fibrous  fracture  morphology  within  the  eutectic  colonies  and  (b)  inter¬ 
face  decohesion. 


the  (Mo)  dendrites  exhibited  only  marginal  stretching 
prior  to  fracture.  Figure  10(b)  corresponds  to  the  edge 
of  the  bend  bar  away  from  the  notch  root,  where  it  is 
seen  that  the  crack  has  been  arrested  without  propagating 
completely  through  the  specimen.  The  transverse  surface 
of  the  NiAl-38Mo  bend  sample  showed  distinctive  fea¬ 
tures  such  as  evidence  for  plastic  stretching  of  the  (Mo) 
phase  (Figure  11(a))  and  crack  deflection  along  the 
Mo/NiAl  interfaces  (Figure  11(b)). 

2.  Hot-worked  heat-treated  alloys 

Scanning  electron  microscopy  fractography  of  the 
forged  +  heat-treated  NiAl-9Mo  alloy  (Figure  12)  in¬ 
dicated  that  the  coarse  (Mo)  particles  have  been  pulled 
out  in  the  wake  of  the  advancing  crack.  Secondary 
cracking  of  the  NiAl  matrix  was  observed  in  some  re¬ 
gions  of  the  fracture  surface.  The  elongated  primary 
NiAl  phase  exhibited  predominantly  intergranular  frac¬ 
ture,  while  the  eutectic  NiAl  showed  transgranular 
cleavage.  No  distinguishing  features  were  evident  in  the 
fractographs  of  the  extruded  alloy  other  than  interface 
decohesion  and  some  secondary  cracking  in  the  matrix. 

D.  Effect  of  Ti  Addition 

Fractographic  results  on  the  NiAl-Mo  alloys  generally 
showed  presence  of  a  weak  NiAl/Mo  interface,  leading 
to  the  deflection  of  the  advancing  crack  along  the  inter¬ 
face  in  most  instances.  It  was  envisioned  that  minor  al¬ 
loying  additions  may  alter  the  interface  conditions, 
which  in  turn  may  have  a  beneficial  effect  on  the  inter¬ 
face  strength.  In  the  current  work,  the  role  of  Ti  on  the 
hypereutectic  NiAl-38Mo  alloy  was  evaluated  in  terms 
of  the  overall  fracture  behavior.  Titanium  was  selected 
as  the  alloying  addition,  as  it  is  known  to  be  soluble  in 
both  NiAF^'i  and  Mo.'^^’  The  composition  of  the  selected 
NiAl-Mo-Ti  alloy  was  analyzed  as  Ni-34.5Al-36.7Mo- 
0.2Ti,  indicating  that  the  Ti  concentration  was  substan¬ 
tially  lower  than  the  nominal  composition;  the  Mo 
composition  was  close  to  the  base  alloy  of  NiAl-38Mo. 
Scanning  electron  microscopy  examination  of  the  alloy 
showed  a  two-phase  microstructure,  with  a  micro- 
structural  scale  and  morphology  similar  to  that  obtained 
in  the  NiAl-38Mo  alloy.  The  equilibrium  phases  con¬ 
sisted  of  stoichiometric  NiAl  with  —0.1  at.  pet  Mo  and 
—0.2  at.  pet  Ti  in  solid  solution  and  the  terminal  (Mo) 
phase  with  —0.2  at.  pet  Ti  in  solid  solution;  the  com¬ 
positions  are  listed  in  Table  II.  Bend  tests  on  this  alloy 
in  the  as-cast  -I-  1450  °C/24  h  heat-treated  condition 
showed  an  average  fracture  toughness  of  17.1 
MPaVm  in  comparison  to  a  value  of  11.7  MPaVm  for 
a  similar  alloy  with  no  Ti  additions.  It  appears  that  with 
less  than  0.2  at.  pet  Ti  in  solution  in  each  phase,  a  50  pet 
improvement  in  notch  toughness  was  realized.  The  SEM 
fractographs  of  the  fractured  alloy  revealed  regions  of 
cleavage  failure  in  the  (Mo)  phase  (Figure  13(a))  as  well 
as  regions  where  the  crack  has  propagated  along  the  in¬ 
terface.  Regions  of  plastic  stretching  also  were  observed 
where  the  dendrite  arms  were  oriented  normal  to  the 
crack  front  (Figure  13(b)).  Examination  of  a  transverse 
seetion  of  one  of  the  bend  bars  prior  to  complete  fracture 
showed  that  the  crack  path  was  fairly  tortuous  and  that 
there  were  several  regions  of  secondary  cracking  parallel 
to  the  main  crack. 
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Table  IV.  Room-Temperature  Notch  Toughness  Data 


Alloy 

Condition 

Kq  (MPaVm) 

Volume  Fraction  of 

Primary  (Mo) 

NiAl'" 

as-cast;  zone  melted 

<5 

— 

Ni-53.2  Al* 

HIP  +  1450  °C/24  h 

4.9 

NiAl-9Mo 

HIP  -f  1450  °C/24  h 

9.2,  9.6 

NiAl-9Mo 

forged  -1-  1450  °C/24  h 

13.1,  14.0 

0 

NiAl-12Mo 

HIP  -t  1450  °C/24  h 

12.1,  15.5 

0.05 

NiAl-12Mo 

extmded  -1-  1450  °C/24  h 

15.5,  17.7 

0.05 

NiAl-23Mo 

HIP  +  1450  °C/24  h 

10.6,  11.9 

0.33 

NiAl-38Mo 

HIP  +  1450  °C/24  h 

10.7,  12.6 

0.5 

NiAl-Mo-Ti 

HIP  +  1450  °C/24  h 

16.9,  17.3 

—0.5 

*Al-rich  NiAl,  from  this  study. 
**This  alloy  refers  to  the  eutecti( 

:  composition  and  contains  0. 1 1 

volume  fraction  of  eutectic  (Mo). 

Pig  7  —  SEM  fractographs  of  the  NiAl-12Mo  alloy;  (a)  shows 
regions  where  the  (Mo)  dendrites  have  been  pulled  out  in  the  wake 
of'^an  advancing  crack,  indicating  weak  interfacial  bonding;  and 
(b)  shows  regions  where  the  (Mo)  phase  exhibits  some  amount  of 
plastic  stretching,  accompanied  by  interface  decohesion  followed  by 
rupture. 


Fig,  8 — SEM  fractograph  showing  regions  where  the  crack  has  prop¬ 
agated  preferentially  along  the  NiAl/(Mo)  interfaces  in  NiA!-23Mo. 


IV.  DISCUSSION 

A.  (Mo)/NiAl  Interface  Condition 

A  major  finding  that  emerges  from  the  fractographic 
investigations  is  the  apparently  weak  bonding  between 
the  (Mo)  phase  and  the  NiAl  matrix,  which  permits  the 
advancing  crack  to  preferentially  propagate  along  the 
interface.  This  precludes  the  possibility  of  extensive 
crack  bridging,  which  is  believed  to  be  the  primary 
toughening  mechanism  in  ductile-phase— reinforced  sys¬ 
tems.'*'  In  most  instances,  the  (Mo)  particles  appeared 
to  have  pulled  free  in  the  wake  of  the  crack;  hence,  there 
is  little  contribution  to  the  toughness  by  stretching  of  the 
(Mo)  phase."""  However,  it  is  seen  that,  for  certain  ori¬ 
entations  of  the  crack  plane  with  respect  to  the 
(Mo) /NiAl  interface,  the  crack  propagates  through  the 
(Mo)  dendrite.  In  such  cases,  the  (Mo)  phase  fractures 
either  in  a  cleavagelike  or  ductile  fashion.  In  view  of  the 
weak  interfacial  bonding,  the  potential  toughening  effect 


2776  — VOLUME  25A.  DECEMBER  1994 


METALLURGICAL  AND  MATERIALS  TRANSACTIONS  A 


Fig.  9  —  SEM  fractographs  showing  areas  where  the  (Mo)  dendrite 
arms  show  a  limited  amount  of  plastic  stretching,  followed  by  rupture: 
(a)  NiAl-23Mo  and  (b)  NiAl-38Mo.  Note  in  (b)  that  the  primary  (Mo) 
dendrite  arm  has  been  pulled  out  along  the  interface,  whereas  the  sec¬ 
ondary  dendrite  arms  oriented  normal  to  the  crack  front  show  some 
plastic  stretching. 


OF  BEND  BAR 


Fig.  10 — Backscattered  SEM  micrographs  from  selected  areas  of  the 
transverse  surface  of  a  notched  bend  specimen  of  the  NiAl-23Mo 
alloy  following  crack  propagation  showing  (a)  crack  deflection  and 
(b)  crack  branching  and  crack  tortuosity;  this  region  represents  the 
edge  of  the  notched  bend  bar  away  from  the  notch  root,  where  the 
crack  has  stopped  without  failing  the  specimen  completely. 


of  the  (Mo)  phase  is  not  fully  utilized,  which  may  ex¬ 
plain  the  lack  of  dependence  of  toughness  on  the  volume 
fraction  of  the  primary  (Mo)  phase.  Work  is  required  on 
continuous  Mo-wire-reinforced  NiAl  composites,  where 
a  crack  front  will  be  forced  to  advance  through  the  (Mo) 
reinforcement  but  may  permit  some  level  of  local  inter¬ 
face  debonding.  This  has  been  examined,  to  some  extent 
by  Bowman, who  reported  bend  strength  vy  temper¬ 
ature  data  for  NiAl  composites  reinforced  with  contin¬ 
uous  TZM  Mo  fibers.  These  composites  exhibited  a 
strong  fiber-matrix  bonding,  resulting  in  rule-of- 
mixtures  composite  strengths.  The  composite  toughness 


also  was  reported  to  be  enhanced  by  the  TZM  fibers, 
although  neither  toughness  data  nor  fracture  morpholo¬ 
gies  were  presented. 

B.  Toughening  Mechanisms 

The  results  clearly  demonstrated  that  the  enhancement 
of  toughness  in  the  NiAl-Mo  alloys  cannot  be  associated 
with  any  dominant  toughening  mechanism.  Rather,  the 
modest  increase  in  toughness  may  be  attributed  to  a 
number  of  factors,  including  (a)  the  fibrous  morphology 
of  the  fine,  eutectic  (Mo)  phase;  (b)  the  interlocking 
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Fig.  1 1  — Transverse  section  of  a  notched  bend  specimen  of  the  NiAI-38Mo  alloy  taken  prior  to  complete  fracture,  showing  (a)  plastic  stretching 
of  the  (Mo)  phase  and  (b)  crack  deflection  along  the  (Mo)/NiAl  interface. 


Fig.  12  —  SEM  fractograph  of  forged  +  annealed  NiAl-9Mo  alloy, 
showing  pullout  of  the  coarse  (Mo)  particles  and  intergranular  crack¬ 
ing  of  the  elongated  primary  NiAl  pha.se.  Note  that  this  sample  was 
slightly  hypoeutectic  in  composition. 


morphology  of  the  dendritic  (Mo)  phase  in  the  micro¬ 
structure;  (c)  crack  deflection;  and  (d)  small  degree  of 
crack /(Mo)  phase  interaction,  leading  to  some  energy 
dissipation  by  plastic  stretching  of  the  (Mo)  phase.  An 
increase  in  the  volume  fraction  of  the  (Mo)  phase  did 
not  produce  a  concomitant  improvement  in  toughness  as 
expected.  In  the  alloys  NiAl-23Mo  and  NiAl-38Mo, 
which  contain  33  and  50  vol  pet  of  primary  (Mo)  phase, 
respectively,  the  fraction  of  the  (Mo)  particles  showing 
plastic  stretching  was  roughly  the  same.  Hence,  an  in¬ 
crease  in  the  (Mo)  volume  fraction  does  not  lead  to  an 
increase  in  the  contribution  to  the  toughness  from  the 
mechanism  of  stretching  of  the  (Mo)  phase. 

In  view  of  the  complexity  of  the  fracture  behavior,  it 
is  difficult  to  rationalize  the  experimental  results  in  terms 
of  the  analytical  models*^^^’’'  describing  toughness  be¬ 
havior  in  ductile-phase  composites,  as  these  models  are 
based  on  the  concept  of  crack  bridging  and  the  work  of 


rupture  or  stretching  of  the  ductile  phase.  Whereas  the 
inherent  ductility  of  the  (Mo)  phase  has  not  been  inde¬ 
pendently  established,  indirect  evidence  from  the  fracto- 
graphs  in  this  investigation  showed  that,  in  regions 
where  the  dendrite  arms  are  oriented  normal  to  the  crack 
front,  the  (Mo)  phase  showed  ductile  stretching  prior  to 
failure.  However,  only  ~20  to  25  pet  of  the  (Mo)  par¬ 
ticles  showed  plastic  stretching  in  the  NiAl-Mo  alloys. 
As  enumerated  in  the  previous  paragraph,  other  mech¬ 
anisms  contribute  to  the  observed  toughening;  therefore, 
the  complicated  synergistic  effects  of  these  mechanisms 
cannot  be  quantified  definitively  as  yet.  Heredia  and 
Valencia'^’  reported  toughness  improvement  in  a  DS 
NiAl /Mo  fibrous  eutectic  alloy,  the  magnitude  of  which 
was  similar  to  that  observed  in  the  present  investigation. 
They  attributed  the  toughness  enhancement  to  both  plas¬ 
tic  stretching  of  the  (Mo)  fibers  as  well  as  “crack  trap¬ 
ping,”  wherein  the  crack  front  circumvented  the  (Mo) 
fibers  as  it  advanced  through  the  eutectic  microstructure, 
resulting  in  nonplanar  fracture.  Based  on  their  obser¬ 
vations,  the  authors  concluded  that  ductile  bridging  does 
not  fully  explain  the  observed  crack  growth  resistance. 
A  quantitative  analysis  of  these  effects  was  not 
presented. 


C.  Modulus  Mismatch  and  Residual  Stress  Ejfects 

A  difference  in  elastic  properties  between  the  rein¬ 
forcement  and  the  matrix  causes  stress  concentration  in 
the  matrix  around  the  reinforcement  in  the  presence  of 
an  externally  applied  stress.'^**  The  propagation  path  of 
an  advancing  crack  is  influenced  by  these  regions 
of  stress  magnification.  In  composites  where  the  rein¬ 
forcement  is  more  compliant  than  the  matrix,  the  prop¬ 
agating  crack  will  be  attracted  toward  the  reinforcement. 
In  the  Mo/NiAl  system,  the  room-temperature  modulus 
of  Mo  (324  GPa)^”'  is  significantly  higher  than  that  of 
polycrystalline  NiAl  (188  GPa).t‘’“'  This  modulus  mis¬ 
match,  therefore,  will  cause  a  crack  to  preferentially 
bypass  the  primary  (Mo)  reinforcement  in  favor  of  the 
NiAl  matrix.  Further,  the  additive  effects  of  this  elastic 
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Fig.  13  —  SEM  fractographs  of  the  NiAl-Mo  +  Ti  alloy:  (a)  shows 
regions  of  cleavage  failure  in  the  (Mo)  phase  and  (b)  shows  regions 
of  plastic  stretching  in  the  (Mo)  phase. 


mismatch  in  conjunction  with  the  presence  of  a  weak 
interface  causes  the  advancing  crack  to  propagate  pref¬ 
erentially  along  the  (Mo)/NiAl  interface. 

Another  consideration  is  the  residual  stresses  gener¬ 
ated  due  to  thermal  expansion  mismatch  between  the 
reinforcing  phase  and  the  matrix.  In  the  NiAl-Mo  alloys, 
the  reinforcing  phase  has  a  much  lower  thermal  ex¬ 
pansion  coefficient  than  the  matrix  (omo  =  6.5  x 
10“V°C;'«'  =  15.1  x  10”V°C'^‘’i).  Consequently, 

the  NiAl  matrix  next  to  the  interface  is  under  a  residual 
axial  tensile  stress,  the  magnitude  of  which  depends  on 
the  morphology  of  the  reinforcing  (Mo)  phase.  In  most 
instances,  this  stress  will  influence  the  toughness  behav¬ 
ior  of  the  composite,  because  a  residual  tensile  stress  in 
the  matrix  will  attract  the  advancing  crack  toward  the 
reinforcement-matrix  interface,  as  a  consequence  of  its 
influence  on  the  initial  crack-opening  force. Since 
little  or  no  bridging  zone  exists  in  the  NiAl-Mo  system, 
this  residual  stress  will  not  have  a  direct  effect  on  the 
toughness."”'  Even  though  this  residual  tensile  stress 
aids  in  attracting  the  advancing  crack  toward  the  (Mo) 
phase,  the  experimental  findings  show  that,  in  most  in¬ 
stances,  the  cracks  do  not  pass  through  the  (Mo)  rein¬ 
forcement.  Instead,  they  deviate  from  the  (Mo) 
reinforcement  and  propagate  preferentially  along  the  in¬ 
terface.  Hence,  it  appears  that  the  overall  fracture  be¬ 
havior  is  dominated  by  the  weak  interface  between  the 
(Mo)  phase  and  the  NiAl  matrix,  in  conjunction  with  the 
elastic  modulus  mismatch. 


D.  Addition  ofTi 

Microalloying  with  Ti  resulted  in  an  enhancement  of 
the  fracture  toughness  without  modifying  the  overall 
two-phase  microstructure.  Qualitative  comparison  of  the 
fracture  behavior  of  the  NiAl-Mo-Ti  alloy  with  the  NiAl- 
38Mo  base  alloy  showed  more  regions  in  the  Ti- 
containing  alloy  where  the  crack  intersected  the  (Mo) 
phase.  This  observation  provides  indirect  evidence  that 
the  (Mo)/NiAl  interface  may  be  strengthened  by  Ti  ad¬ 
ditions.  The  (Mo)  phase  in  the  Ti-containing  alloy  failed 
by  cleavage  in  some  locations  and  by  ductile  rupture  in 
other  locations.  It  is  suggested  that  the  small  additions 
of  Ti  in  solid  solution  in  both  (Mo)  and  NiAl  may  have 
resulted  in  subtle  changes  at  the  (Mo)/NiAl  interface  in 
order  to  cause  the  changes  in  the  observed  behavior. 


E.  Effect  of  Hot  Working 

Hot  forging  followed  by  annealing  caused  a  noticeable 
change  in  the  microstructural  size  scale  and  morphology 
of  the  NiAl-9Mo  eutectic  alloy.  Similarly,  the  annealing 
treatment  of  the  extruded  NiAl-12Mo  alloy  produced  a 
breakdown  of  the  morphology  of  the  eutectic  (Mo) 
phase,  resulting  in  spheroidization  and  coarsening.  This 
is  in  direct  contrast  to  the  behavior  in  the  as-cast  alloys, 
which  showed  very  stable  microstructures  even  after  ex¬ 
tended  annealing  treatments.  The  hot-worked  -F  an¬ 
nealed  alloys  showed  only  a  moderate  enhancement  in 
toughness  in  comparison  to  the  cast  -F  annealed  alloys, 
in  spite  of  the  much  larger  size  of  the  (Mo)  phase  in  the 
hot- worked  alloys,  thereby  suggesting  that  it  is  the 


METALLURGICAL  AND  MATERIALS  TRANSACTIONS  A 


VOLUME  25A,  DECEMBER  1994  —  2779 


(Mo)/NiAl  interface  that  primarily  controls  the  fracture 
properties. 

V.  SUMMARY  AND  CONCLUSIONS 

This  study  has  demonstrated  that  the  terminal  (Mo) 
phase  can  impart  some  measure  of  toughness  to  the  brit¬ 
tle  NiAl  phase.  The  enhancement  in  toughness  in  com¬ 
parison  to  monolithic  NiAl  ranged  from  ~5  to 
1 1  MPaVm  in  the  cast  +  annealed  NiAl-Mo  alloys. 
Limited  hot-working  experiments  showed  that  an  addi¬ 
tional  increment  in  toughness  may  be  possible  by  forging 
or  extrusion  treatments,  followed  by  coarsening.  No  def¬ 
inite  trend  was  observed  in  the  toughness  behavior  with 
varying  volume  fraction  of  (Mo)  in  the  alloys.  Further, 
the  NiAl-Mo  alloys  showed  an  increase  in  bend  strength 
compared  to  monolithic  NiAl  above  room  temperature, 
with  a  reasonable  strength  retention  up  to  ~800  °C,  even 
though  the  overall  strengths  were  very  low.  Fractogra- 
phy  data  showed  that  the  fracture  behavior  in  the 
NiAl-Mo  alloys  is  very  complex  and  not  dominated  by 
any  single  mechanism.  Although  thermal  stresses  attract 
the  advancing  crack  toward  the  nominally  ductile  (Mo) 
phase,  the  weak  interface  between  the  (Mo)  and  NiAl 
phases,  in  combination  with  elastic  modulus  mismatch 
stresses,  apparently  causes  an  advancing  crack  to  be  de¬ 
flected  along  the  interface,  thus  reducing  the  potential 
for  ductile-phase  toughening  in  the  NiAl-Mo  system.  Al¬ 
loying  with  a  small  amount  of  Ti  provided  a  ~40  pet 
improvement  in  fracture  toughness  compared  to  a  base 
alloy  of  NiAl-38Mo.  The  exact  mechanism  responsible 
for  this  toughness  enhancement  remains  unclear,  al¬ 
though  there  is  some  evidence  of  interface  strengthening 
with  the  Ti  addition. 
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Effects  of  Texture  Gradients  on  Yield  Loci  and  Forming 
Limit  Diagrams  in  Various  Aluminum-Lithium  Sheet  Alloys 

XIAO-HU  ZENG  and  FREDERIC  BARLAT 

Marked  through-thickness  variations  of  preferred  crystallographic  orientations  in 
aluminum-lithium  (Al-Li)  sheet  alloys  have  been  observed  and  documented.  These  metallurgical 
features  could  have  an  effect  on  the  way  in  which  these  materials  distribute  strain  during  plastic 
deformation.  From  a  theoretical  or  a  practical  point  of  view,  it  is  important  to  investigate  these 
texture  effects  on  plastic-deformation  properties  and  particularly  on  forming  limit  strains.  In  this 
work,  quantitative  texture  data,  which  were  determined  by  X-ray  and  neutron  diffraction  tech¬ 
niques,  were  used  with  a  polycrystal  model  to  predict  the  yield  locus  of  recrystallized  and 
unrecrystallized  AA8090  and  AA2090  Al-Li  sheets.  The  conventional  AA2024  alloy  in  the 
annealed  condition  was  also  investigated  as  a  reference  material.  Subsequently,  these  yield  loci 
were  used  to  calculate  forming  limit  diagrams  (FLDs)  in  the  stretching  range,  using  the  Marciniak- 
Kuczynski  (M-K)  approach  with  strain  rate  potentials  to  describe  the  constitutive  properties  of 
the  sheets.  A  simple  critical-thickness-strain  criterion  was  used  to  predict  the  FED  in  the  drawing 
range.  The  predicted  FLDs  were  found  to  be  in  fair  agreement  with  experimental  curves  obtained 
under  punch-stretching  conditions.  In  general,  experimental  trends  were  accounted  for  by  the 
results  predicted  using  the  average  texture  data.  However,  the  texture  gradients  do  not  com¬ 
pletely  explain  the  large  scatter  observed  in  the  experimental  forming  limits  and  the  high  average 
limit  strain  of  the  recrystallized  AA8090. 


I.  INTRODUCTION 

The  recently  developed  aluminum-lithium  (Al-Li) 
alloys  are  particularly  attractive  to  the  aerospace  industry 
because  of  their  lower  density  and  higher  stiffness  com¬ 
pared  to  conventional  alloys.  Usually,  commercially 
produced  Al-Li  alloys  have  highly  developed  crystallo¬ 
graphic  textures,  which  lead  to  pronounced  anisotropy 
of  mechanical  properties  such  as  yield  stress," elastic 
modulus, plastic  flow,^'''^'  and  formability.'^’*-’'  These 
pronounced  directional  properties  are  one  of  the  main 
barriers  that  impede  the  replacement  of  conventional  al¬ 
loys  by  Al-Li  alloys.  Therefore,  it  is  necessary  to  im¬ 
prove  the  understanding  of  the  influence  of 
crystallographic  texture  on  the  mechanical  properties  of 
Al-Li  alloys.  In  addition,  the  prediction  of  mechanical 
properties  is  a  useful  tool  for  material,  process,  and 
product  design.  This  theoretical  study  requires  knowl¬ 
edge  of  the  influence  of  crystallographic  texture  on  the 
shape  of  the  yield  locus  calculated  with  polycrystal 
models.  The  yield-locus  shape  strongly  influences  the 
plastic  properties  of  materials.  However,  a  strong  through¬ 
thickness  texture  gradient  has  been  observed  in  Al-Li  al¬ 
loys."*®*  Therefore,  it  is  important  to  know  how  this 
texture  gradient  influences  the  plastic  properties.  In  pre¬ 
vious  articles  the  effect  of  a  texture  gradient  on  plastic 
anisotropy  and  yield  strength  for  Al-Li  8090  and  2090 
alloys  was  studied.'-  *"*  The  purpose  of  the  present  work 
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was  to  study  the  effects  of  a  texture  gradient  on  the  yield- 
locus  shape  and  the  forming  limit  diagram  (FLD)  of  Al- 
Li  alloy  sheets. 

Yield  loci  can  be  assessed  directly  by  mechanical 
measurements  or  can  be  predicted  by  phenomenological 
theories  or  polycrystal  models.  Experiments  are  expen¬ 
sive,  time  consuming,  and  difficult  to  perform  and  in¬ 
terpret.  An  interesting  advantage  of  polycrystal  models 
is  that  they  only  require  simple  and  relatively  standard 
experimental  data  as  an  input  and  the  orientation  distri¬ 
bution  function  (ODF)  to  compute  the  yield  locus  of  a 
real  material.  Moreover,  this  theoretical  approach  con¬ 
cerning  the  plastic  deformation  of  alloys  can  specifically 
address  the  influence  of  crystallographic  texture  on  the 
shape  of  the  yield  locus.  Finally,  the  yield  locus  can  be 
used  in  conjunction  with  strain-hardening  parameters  to 
predict  the  level  and  shape  of  the  FLD. 

In  the  present  work,  through-thickness  texture  gra¬ 
dients  have  been  determined  systematically  by  X-ray 
texture  analyses  at  various  thickness  locations  in  the 
sheets.  An  average  texture  was  measured  by  neutron  dif¬ 
fraction.  This  quantitative  texture  data  was  utilized  for 
the  prediction  of  yield  loci.  Subsequently,  FLDs  were 
calculated  using  these  predicted  yield  loci  as  a  consti¬ 
tutive  description  of  the  plastic  behavior  of  the  sheets** '•‘^* 
and  criteria  for  local  necking  analysis. 


II.  THEORETICAL  OUTLINE 

A.  Polycrystal  Model  for  Yield  Surfaces 

The  polycrystal  yield  surface  approach  used  in  the 
present  article"*'  is  based  on  the  Taylor*"**/Bishop-Hill*'** 
crystal  plasticity  theory  (TBH).  The  yield  locus  con¬ 
structed  from  this  model  is  controlled  by  the  ODF.  This 
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approach  allows  one  to  examine  the  effects  of  crystallo¬ 
graphic  texture  effects  on  the  shape  of  the  yield  locus. 
For  anisotropic  materials,  the  shape  of  the  yield  locus 
must  be  expressed  in  a  material  coordinate  system. 

In  general,  polycrystalline  sheets  are  assumed  to  pos¬ 
sess  orthotropic  symmetry,  which  is  appropriate  for  a 
rolled  sheet,  and  are  assumed  to  be  subjected  to  plane 
stress  states,  which  is  appropriate  for  many  sheet-forming 
processes.  Because  the  thickness  of  the  sheets  is  very 
small  compared  to  other  dimensions,  usually  the  stresses 
cr,3,  0-23,  and  0-33  are  negligible.  Here,  1,  2,  and  3  denote 
the  sheet  rolling  (RD),  transverse  (TD),  and  normal  (ND) 
directions,  respectively.  If  the  principal  stresses  are  su¬ 
perimposed  on  principal  axes  of  anisotropy  (o-|2  =  0), 
the  stress  tensor  can  be  expressed  in  these  axes  as 


=  2  S  S 

K  IX  p 


mT  jq)  Cr 
2A  +  1 


[5] 


The  ml'’  values  are  the  coefficients  of  the  series  expan¬ 
sion  of  the  Taylor  factor  M  associated  with  a  particular 
deformation  mode.  The  Cl”  values  are  the  coefficients 
describing  the  distribution  of  grain  orientations  of  the 
specimens.  The  yield  locus  is  defined  by  the  principal 
stresses  cr,  and  0-2  at  which  plastic  deformation  ini¬ 
tiates."*'  From  the  previous  equations,  these  stresses  can 
be  expressed  by 

a,  =  r[M  —  qM'iq)] 

(72  =  T[-M'{q)]  [6] 
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Assuming  constant  volume  during  plastic  deformation, 
the  resulting  plastic  strain  rate  tensor  is 


t  =  y 
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Because  rate-independent  plasticity  is  assumed,  plastic 
strain  rates  are  used  in  this  article  instead  of  plastic  strain 
increments.  The  term  y  is  the  absolute  value  of  the  strain 
rate  and  q  is  the  ratio  -e2/ei-  In  order  for  a  strain  to 
take  place,  a  plastic  work  rate  is  necessary: 


Using  the  series  expansion,  the  yield  locus  can  be  writ¬ 
ten  as 

A 

cr,=  r^S.,-q'’  1=1,2  [7] 

p=0 


with 
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B.  Phenomenological  Constitutive  Description 
of  the  Plasticity'  of  Materials 

The  preceding  polycrystal  yield  loci  can  be  approxi¬ 
mated  in  the  biaxial  range  by  yield  loci  obtained  from  a 
strain  rate  potential  proposed  recently'"  '-'  for  aniso¬ 
tropic  materials,  which  is  particularly  suitable  for  fee  and 
bcc  polycrystals. 


A  =  (7|£,  -t-  (7262  =  filler,  -  qap)  [3] 

According  to  the  Taylor  model,"""  it  is  assumed  that  each 
slip  system  requires  the  same  critical  shear  stress  t  to 
become  active  and  that  the  accumulated  shear  strain  rate 
(the  sum  of  the  absolute  shear  strain  rates  on  each  active 
system)  is  a  minimum.  Therefore,  the  plastic  work  rate 
required  to  deform  the  polycrystal  can  be  written  as 


2gi  -  ^2  -  6 
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where 


A  =  T-  y 


[4] 


The  term  r  is  the  critical  resolved  shear  stress  on  the 
active  slip  systems.  If  the  Taylor  factor  M  is  considered, 
M  =  ajT  =  y/e\,  the  mean  value  M  over  all  the  ori¬ 
entations  g  in  a  polycrystalline  material  can  be  expressed 
by  a  series  of  generalized  spherical  harmonics  of  the  ap¬ 
propriate  symmetry:"*' 


[fi3(fi|l  ^22)  fi2(fi33  fill)]^  ^  [fil(fi22  £33)  fisCfill  fi22)]~ 
54  54 
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[11] 


In  the  preceding  set  of  equations,  Cj  are  material  co¬ 
efficients  that  characterize  material  anisotropy.  The  de- 
viatoric  stress  is  generated  by  the  gradient  of  the  potential 
if/  with  respect  to  the  strain  rate: 

ddi 

CTlj=IM^  [12] 

dEy 

where  /r  is  a  proportionality  constant.  For  a  plane  stress 
state,  C/,  C2,  C3,  and  Cg  are  the  only  relevant  coefficients. 
Moreover,  for  plastic  states  that  do  not  involve  shear 
strains,  the  parameter  Cg  does  not  need  to  be  evaluated. 
Equations  [8]  through  [12],  together  with  the  assumption 
of  isotropic  work  hardening,  completely  define  the  con¬ 
stitutive  behavior  of  the  material.  In  a  previous  work,"''' 
the  Voce  equation  was  identified  as  best  fit  to  the  flow 
curves  of  the  various  Al-Li  alloy  sheet  materials.  There¬ 
fore,  in  this  work,  the  Voce  strain-hardening  relationship 
between  effective  stress  and  strains  is  used. 

C.  Predicted  Forming  Limit  Diagrams 

Formability  of  the  Al-Li  alloy  sheets  studied  was  as¬ 
sessed  by  the  FLD,  which  represents  in  the  plane  of  prin¬ 
cipal  strains  the  limit  above  which  localized  necking 
occurs.  In  the  drawing  range,  where  the  minor  strain  is 
negative,  the  FLD  was  predicted  with  a  critical  thickness 
criterion.  This  criterion  has  been  shown  to  be  valid  for 
a  large  variety  of  materials,  and  it  is  consistent  with  dif¬ 
ferent  theories  of  plastic-flow  localization,"*'  in  partic¬ 
ular  with  Hill’s  classic  approach. However,  this  theory 
does  not  predict  limit  strains  in  the  biaxial  stretching  range, 
where  both  surface  strains  of  the  sheet  are  positive.  In 
this  case,  the  FLDs  were  predicted  using  the  M-K  anal¬ 
ysis.'-®'  In  this  approach,  the  material  is  assumed  to  con¬ 
tain  structural  heterogeneities,  modeled  by  a  linear 
imperfection  and  quantified  by  an  imperfection  param¬ 
eter  F.  This  parameter  is  less  than  one  or  equal  to  one 
for  real  and  perfect  materials,  respectively.  In  the  M-K 
approach,  plastic  flow  of  the  material  subjected  to  well- 
defined  boundary  conditions  is  studied.  The  ratio  of  the 
effective  strain  rate  in  the  homogeneous  part  of  the  ma¬ 
terial  to  that  in  the  imperfection  is  computed  at  each  in¬ 
crement  of  the  deformation.  The  forming  limit  is  obtained 
when  this  ratio  reaches  zero,  which  means  that  the  plas¬ 
tic  deformation  localizes  in  the  imperfection.  A  more  de¬ 
tailed  discussion  of  the  M-K  analysis  can  be  found  in 
References  21  and  22. 


The  material  description  is  an  important  parameter  that 
has  a  strong  influence  on  predicted  limit  strains. In 
the  current  article,  the  strain  rate  potential  described  in 
Section  B  was  used  along  with  the  Voce  strain-hardening 
behavior.  The  coefficients  of  the  strain  rate  potential  were 
calculated  so  as  to  obtain  the  best  fit  between  the  as¬ 
sociated  yield  locus  and  the  yield  locus  computed  with 
the  polycrystal  model .  Because  necking  was  observed  to 
occur  in  the  stretching  range  either  in  the  rolling  or  in 
the  transverse  direction,  the  initial  linear  imperfection 
(necking  band)  was  assumed  to  pre-exist  only  in  these 
two  directions.  With  this  assumption,  only  plane  stress 
states  lying  on  the  yield  locus  between  the  two-plane  strain 
tension  states,  in  the  rolling  or  in 
the  transverse  direction,  are  relevant. Therefore,  the 
strain-rate-potential  coefficients  were  optimized  so  as  to 
get  the  best  fit  between  the  phenomenological  and  the 
polycrystal  yield  loci  in  this  limited  range  of  stress  states 
only. 


III.  EXPERIMENTAL  DETAILS 

A.  Materials 

Four  aluminum  alloys  in  the  form  of  sheet  with  a  nom¬ 
inal  thickness  of  1 .6  mm  are  included  in  the  present  study. 
The  nominal  chemical  compositions  of  the  alloys  are  listed 
in  Table  I.  Two  variants  of  AA8090  alloy  sheets  were 
supplied  by  Alcan  (Banbury,  UK).  One  variant,  a  re¬ 
crystallized  sheet,  was  in  the  T3  condition.  The  second 
variant,  an  unrecrystallized  sheet,  was  in  the  T4  condi¬ 
tion.  These  as-received  materials  were  solution  heat-treated 
at  530  °C  for  20  minutes  and  quenched  in 
room-temperature  water.  Testing  was  performed  either 
in  the  as-quenched  condition  or  in  the  as-quenched  and 
subsequently  stretched  condition.  The  AA2090  alloy  was 
received  from  ALCOA*  in  the  T3  temper  condition.  This 

*ALCOA  is  a  trademark  of  the  Aluminum  Company  of  America, 
Pittsburgh,  PA. 

material  was  stretched  1-1.5  pet  at  Saab-Scania  AB 
(Linkoping,  Sweden).  The  conventional  aluminum- 
copper-magnesium  alloy  AA2024-O  was  used  as  a  ref¬ 
erence  material.  In  the  following  discussion,  the  speci¬ 
mens  are  designated  by  letters  A  to  F,  corresponding  to 
Table  11.  In  this  table,  details  of  the  various  thermo- 
mechanical  treatments  are  also  given. 
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Table  I.  Alloy  Compositions  in  Weight  Percent 


Alloy 

Li 

Cu 

Mg 

Zr 

Mn 

Fe 

Si 

A1 

AA8090 

AA2090 

AA2024 

2.2  to  2.7 
1.9  to  2.6 

1.0  to  1.6 
2.4  to  3.0 
3.8  to  4.9 

0.6  to  1.3 

0.0  to  0.25 
1.2  to  1.8 

0.04  to  0.16 
0.08  to  0.15 

0.3  to  0.9 

0.30  max 
0.12  max 
0.50  max 

0.20  max 

0. 10  max 
0.50  max 

balance 

balance 

balance 

Table  II.  Thermomechanical  Treatments  of  Alloys 


Name 

Alloy 

As-received  Condition 

Thermomechanical  Treatment 

Final  Grain  Stmeture 

A 

AA8090 

T3,  recrystallized 

solution  treated 

recrystallized 

B 

AA8090 

T3,  recrystallized 

solution  treated  +  3.5  pet  stretch 

recrystallized 

C 

AA8090 

T4,  unrecrystallized 

solution  treated 

unrecrystallized 

D 

AA8090 

T4,  unrecrystallized 

solution  treated  +  2.5  pet  stretch 

unrecrystallized 

E 

AA2090 

T3,  unrecrystallized 

naturally  aged  +  1  to  1.5  pet  stretch 

unrecrystallized 

F 

AA2024 

O,  recrystallized 

none 

recrystallized 

B.  Mechanical  Test 

The  dimensions  of  the  tensile  specimens  followed 
ASTM  standards  E646.  Uniaxial  stress-strain  tests  were 
performed  at  room  temperature  and  at  a  strain  rate  of 
3  X  10"‘'/s.  The  specimens  for  the  determination  of  the 
FLDs  were  cut  from  the  plane  of  the  sheet  at  0  deg  and 
90  deg  to  the  rolling  direction.  The  length  of  the  spec¬ 
imens  was  200  mm  and  their  widths  were  either  20,  60, 
90,  160,  or  200  mm  in  order  to  achieve  different  strain 
paths.  The  specimens  were  deformed  by  a  100-mm- 
diameter  hemispherical  steel  punch  using  a  0. 1-mm-thick 
TEFLON*  sheet  for  lubrication.  A  2-mm  circular  grid 

*TEFLON  is  a  trademark  of  E.I.  Du  Pont  de  Nemours  and  Co., 
Inc.,  Wilmington,  DE. 

pattern  was  applied  by  photographical  printing  and 
electrochemical  etching  on  each  of  the  specimens.  The 
major  and  minor  strains  were  measured  from  the  de¬ 
formed  circles  close  to  the  necked  region  {i.e.,  the  limit 
strains  used  in  this  article  are  necking  limits,  not  fracture 
limits). 

C.  Texture  Determination 

The  dimensions  of  the  samples  used  for  X-ray  texture 
measurements  to  examine  the  variation  of  texture  through 
the  thickness  of  a  given  sheet  were  about  20  x  20  x 
1.6  mm.  The  position  of  the  examined  layer  was  defined 
by  .?  =  2Ar/?o,  with  Ar  and  U  being  the  distance  from 
the  sheet  center  of  the  examined  layer  within  the  sample 
and  the  initial  sheet  thickness  (1.6  mm),  respectively. 
The  X-ray  texture  measurements  were  made  at 
s  =  1,  0.88,  0.63,  0.5,  0.16,  and  0,  corresponding  to 
the  surface,  0.1,  0.3,  0.4,  0.55  mm  below  surface  and 
the  center  of  the  sheet,  respectively.  The  samples  used 
for  neutron-diffraction  texture  measurements  were  cylin¬ 
drical  and  were  prepared  by  stacking  five  circular  discs 
of  14-mm  diameter  on  top  of  each  other.  The  texture 
measurements  were  made  with  a  Seifert  (Ahrensburg, 
Germany)  PTS  goniometer  using  the  Schulz  reflection 
method  with  Cu  K„  radiation.  Pole  figures  were  cor¬ 
rected  for  defocusing  and  background  using  a  commercial- 
pure  A1  powder  sample.  The  experimental  setup  used 
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during  the  neutron  texture  measurements  at  the  Ris0 
(Roskilde,  Denmark)  reactor  DR3  has  been  described  by 
Juul  Jensen  and  Leffers.'^^'  The  {111},  {200},  {220},  and 
{311}  pole  figures  (no.  {311}  measurement  for  the  sur¬ 
face  and  center  layers)  were  determined  on  different  lay¬ 
ers  by  X-ray  diffraction  to  determine  the  through-thickness 
texture  gradient,  and  the  {111},  {200},  and  {220}  pole 
figures  were  determined  over  the  full-sheet  thickness  by 
neutron  diffraction  to  obtain  an  average  texture.  Using 
this  data,  the  ODFs  were  calculated  according  to  Bunge’s 
series-expansion  method. In  the  present  work,  the  series 
expansion  was  truncated  at  the  order  I  =  22. 

IV.  RESULTS  AND  DISCUSSION 

A.  Characterization  of  Texture 

In  previous  studies,  the  marked  through-thickness 
variations  of  textures  in  Al-Li  sheets  were  observed  by 
the  electron  backscattering  pattern  (EBSP)  technique^^' 
and  X-ray  diffraction. These  variations  can  also  be 
found  in  conventional  AA2024  A1  alloy  sheet. A  de¬ 
tailed  description  of  the  textures  of  the  materials  inves¬ 
tigated  in  this  article  was  given  in  Reference  10.  In 
recrystallized  Al-Li  (AA8090)  and  common  AA2024 
sheets,  the  main  texture  component  at  the  sheet  surface 
is  the  classical  recrystallization  component:  the  cube  tex¬ 
ture.  The  Goss  texture  {1 10}(100)  is  the  main  component 
at  the  center  of  these  sheets.  Additionally,  in  AA2024, 
a  strong  P  orientation  {011}(122)  is  observed.  In  the  un- 
recrystallized  Al-Li  (AA8090),  a  strong  shear  texture  with 
the  orientation  {100}(110)  is  present  at  the  surface.  In 
the  center  area  of  the  sheet,  the  texture  is  mainly  of  the 
type  {011}(223),  which  is  typical  for  cross-rolled  mate¬ 
rials.  In  unrecrystallized  AA2090,  a  transition  texture  from 
the  copper  orientation  near  the  surface  to  the  brass  ori¬ 
entation  in  the  middle  of  the  sheet  is  observed. 

B.  Prediction  of  the  Average  Crystallographic 
Yield  Loci 

Figure  1  shows  the  yield  loci  for  samples  A,  C,  E, 
and  F  in  the  tensile  range,  predicted  using  the  hulk- 
average-texture  data  that  was  determined  by  neutron 
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Fig.  1 — (a)  Crystallographic  yield  loci  predicted  from  bulk  average 
texture  data  determined  by  neutron  diffraction,  (b)  corresponding 
(Pi  =  45  deg  section  of  ODFs.  The  specimens  are  designated  as  sample 
A-recrystallized  8090,  sample  C-unrecrystallized  8090,  sample 
E-unrectystallized  2090  with  stretch,  and  sample  F-recrystallized  2024. 


diffraction.  The  curvature  of  the  locus  in  the  equibiaxial 
tension  region  is  one  important  factor  that  affects  the 
The  shape  of  the  yield  locus  near  this  region 
can  lead  to  substantial  differences  in  the  FLD.  Zhou  and 
Lian>^*‘  used  a  parameter  /3  =  fieri,  -  crp2)cr„ 

to  describe  the  characteristics  of  the  shape  of  the  yield 
loci,  where  o},,  and  o},2  are  the  major  and  minor  yield 
stresses  in  plane  strain  tension,  respectively.  The  terms 
cr*  and  cr„  are  the  yield  stresses  in  balanced  biaxial  ten¬ 
sion  and  in  uniaxial  tension,  respectively.  In  Bunge’s 
theory,"^'  a  complete  yield  locus  in  the  tensile  range  is 
composed  of  three  parts  (Figure  2)  with  three  different 
sets  of  coefficients  s,,ip,  as  appear  in  Eq.  [7].  In  this  work, 
one  of  the  three  parts  (part  3)  corresponds  to  the  stress 
states  near  equibiaxial  tension  (cr,  =  0-2)  that  include  the 
vertex  of  the  locus.  For  the  sake  of  simplicity,  the  equa¬ 
tion  of  a  circle  was  used  to  fit  the  yield  locus  in  order 
to  get  the  curvature  of  the  locus  in  the  vertex  area,  as 
shown  in  Figure  2.  In  other  words,  the  curvature  of  the 
yield  locus  was  obtained  by  a  fitting  program  using  an 
equation  of  (cti/t  —  a)~  +  ier^fr  —  b'f  =  Ef,  where  a 
and  b  are  the  coordinates  of  center  of  a  circle  and  R  {= 
1  fp)  is  the  radius  of  a  circle.  It  should  be  mentioned  that 
the  fit  was  applied  on  the  curvature  symmetry  rather  than 
the  a-axis  symmetry.  The  results  of  radius  and  curvature 
are  given  in  Table  III  for  the  materials  investigated  in 
this  work. 


Fig.  2  —  Schematic  description  of  the  yield  locus  consisting  of  three 
parts  and  curvature  of  yield  locus  fitted  by  a  circle  equation. 


Kocks  et  reported  that  flat  grains  due  to  rolling 
produce  a  region  of  higher  curvature  of  the  yield  locus 
near  equibiaxial  tension.  The  grain  structure  of  the  var¬ 
ious  materials  studied  in  the  present  work  has  been  dis¬ 
cussed  in  a  previous  article."®'  Generally,  the  grains  are 
flattened  and  elongated  in  the  rolling  direction.  This  fea¬ 
ture  is  less  pronounced  in  the  microstructure  of  the  re¬ 
crystallized  AA8090  sheets  than  in  the  other  materials. 
In  the  present  study,  the  yield  loci  for  unrecrystallized 
Al-Li  alloy  sheets  display  a  slightly  higher  curvature  near 
equibiaxial  tension  than  those  calculated  for  the  recrys¬ 
tallized  sheets.  However,  it  is  difficult  to  separate  the 
influence  of  flat  grains  or  texture  on  the  curvature  of  the 
yield  locus. 

In  the  second  and  fourth  quadrants  of  Figure  I  (near 
the  line  a  =  0-2! er^  =  1,  which  is  related  to  flange  de¬ 
formation  in  deep  drawing),  the  yield  locus  is  larger  for 
the  unrecrystallized  materials  than  for  the  recrystallized 
materials.  The  yield  locus  is  larger  in  the  stress  states 
near  the  line  a  =  1  (balanced  biaxial  tension),  whereas 
it  is  smaller  in  the  stress  states  near  the  line  a  =  1  for 
the  conventional  AA2024  sheet  compared  to  Al-Li  sheets. 
An  additional  observation  is  that  the  yield  locus  exhibits 
higher  symmetry  with  respect  to  the  axis  a  =  1  for  re¬ 
crystallized  AA8090  and  AA2024  than  for  unrecrystal¬ 
lized  AA8090  and  AA2090.  The  yield  locus  of  the 
conventional  AA2024  shows  almost  a  mirror  reflection 
with  respect  to  this  axis  while  the  AA2090  sheet  shows 
the  largest  distortion. 


Table  III.  Curvature  of  Yield  Locus 


Materials 

A 

B 

C 

D 

E 

F 

Radius  (R) 
Curvature  (p) 

0.9094 

1.0996 

0.9022 

1.1084 

0.8779 

1.1391 

0.8090 

1.2353 

0.8800 

1.1364 

0.8976 

1.1141 
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C.  The  Ejfect  of  the  Texture  Gradient 
on  the  Yield  Locus 

The  predicted  crystallographic  yield  loci  for  the  var¬ 
ious  layers,  using  texture  data  determined  by  X-ray  dif¬ 
fraction  as  an  input,  are  shown  in  Figure  3(a)  for  the 
recrystallized  AA8090  sheet  A,  Figure  3(c)  for  the  un- 
recrystallized  AA8090  sheet  without  stretch  C, 
Figure  3(e)  for  the  unrecrystallized  AA2090  sheet  with 
stretch  E,  and  Figure  3(g)  for  the  recrystallized  2024  sheet 
F.  Figures  3(b),  (d),  (f),  and  (h)  give  the  corresponding 
ODFs  in  (p2  =  45  deg  sections  for  the  5  =  0,  5  =  0.63, 
and  S'  =  1  layers,  respectively.  These  figures  show  that 
the  texture  gradient  through  the  sheet  thickness  is  ex¬ 
pected  to  result  in  yield  locus  shape  changes.  As  men¬ 
tioned  previously,  the  main  texture  components  on  the 


surface  are  the  cube  and  rotated-cube  orientations  for  re¬ 
crystallized  and  unrecrystallized  AA8090  sheets,  respec¬ 
tively.  Therefore,  the  yield  locus  of  the  surface  layers  is 
dominated  by  the  cube  or  the  rotated-cube  texture  for 
materials  A  through  D.  It  is  possible  to  correlate  the 
variation  of  intensity  of  cube  texture  through  the  sheet 
thickness  (Figure  6  of  Reference  10)  with  the  variation 
of  curvature  of  the  yield  loci  shown  in  Figures  4(a)  and 
(b)  for  recrystallized  and  unrecrystallized  materials,  re¬ 
spectively.  It  is  important  to  discuss  the  curvature  of  the 
yield  locus  in  the  equibiaxial  tension  range  because,  as 
it  will  be  shown  subsequently,  the  balanced  biaxial 
forming  limit  increases  as  this  curvature  decreases.  For 
recrystallized  materials,  the  yield  surface  curvature  near 
equibiaxial  tension  (a  =  0-2  =  1)  tends  to  increase 

from  the  center  to  the  surface  of  the  sheet.  In  fact,  for 


(e)  if)  (g)  (h) 


Fig.  3  —  Effect  of  texture  gradient  on  the  yield  locus  for  (a)  recrystallized  8090-sample  A.  (c)  unrecrystallized  8090-sample  C, 
(e)  unrecrystallized  2090  with  stretch-sample  E,  (g)  recrystallized  2024-sample  F.  (h),  (d),  (/),  and  (h)  are  the  corresponding  ODF  in  ip,  = 
45  deg  section  for  the  s  =  0,  s  =  0.63,  and  s  =  1  layers,  respectively. 
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Fig.  4  —  The  variation  of  curvature  of  yield  locus  across  the  sheet 
thickness  (i  =  0  is  at  center  and  j  =  1  is  at  surface)  for  (a)  re¬ 
crystallized  8090  and  recrystallized  8090  with  stretch  and  recrystal¬ 
lized  2024  and  (b)  unrecrystallized  8090,  unrecrystallized  8090  with 
stretch,  and  unrecrystallized  2090  with  stretch. 


the  recrystallized  AA8090  Al-Li  sheets,  the  yield  locus 
curvature  is  much  smaller  for  the  center  layer  than  for 
the  surface  layer.  This  could  be  due  to  the  lower  amount 
of  cube  orientations  in  the  center  layer  of  the  sheets.  For 
unrecrystallized  materials,  the  curvature  of  the  yield  lo¬ 
cus  is  fairly  constant,  except  at  the  surface  of  the  sheet. 
However,  in  this  type  of  material,  the  surface  is  usually 
covered  with  a  thin  layer  of  very  coarse  recrystallized 
grains.  Because,  in  this  case,  the  number  of  grain  ori¬ 
entations  measured  becomes  very  small,  the  texture  tends 
to  approach  that  of  a  multicrystal.  This  factor  can  ex¬ 
plain  the  very  sharp  yield  locus  at  the  surface  of  these 
sheets. 

One  feature  of  the  yield  locus  for  an  isotropic  texture 
is  its  high  symmetry  with  respect  to  the  axis  a  = 


o't./o'i  =  1  •  When  the  grain  orientation  distribution  is  not 
isotropic,  the  yield  locus  tends  to  be  distorted  in  the  cr, 
or  (72  direction  {i.e.,  the  yield  locus  does  not  display  the 
mirror  reflection  with  respect  to  the  axis  ct:  =  1).  Barlat 
and  Richmond^^^'  have  predicted  the  yield  loci  for  ideal 
orientations  such  as  Cube,  Goss,  copper,  brass,  and  S 
textures.  Their  results  showed  that  Cube,  copper,  and  S 
orientations  give  more  symmetrical  loci  with  respect  to 
the  axis  a  =  1  than  Brass  and  Goss  texture  components, 
and  that  the  loci  calculated  from  the  ideal  Brass  and  Goss 
texture  are  distorted  on  the  aj  direction.  When  the  pa¬ 
rameter  s  decreases  (nearer  to  the  center  of  the  sheet 
thickness),  the  size  of  the  yield  locus  tends  to  be  dis¬ 
torted  in  both  (7i  (RD)  and  (72  (TD)  directions  for  the 
unrecrystallized  AA8090  sheets  and  in  the  (72  (TD)  di¬ 
rection  only  for  the  AA2090  sheet  (Figure  3).  It  is  also 
observed  that  as  parameter  ^  decreases,  the  balanced 
biaxial  stress  increases  due  to  the  variation  in  crystallo¬ 
graphic  texture.  The  distortion  occurring  in  the  (72  di¬ 
rection  for  unrecrystallized  AA2090  can  be  rationalized 
by  the  fact  that  the  B^  orientation  {011}(211)  develops 
as  the  main  component  of  the  texture  when  ^  decreases. 
The  major  texture  component  in  the  center  area  for  the 
unrecrystallized  AA8090  sheet  is  the  Bjr-type  {011}(322), 
rotate(J  about  10  deg  from  the  B^  orientation  {01 1}(21 1). 
This  is  probably  why  a  small  distortion  occurred  only 
along  the  cr,  direction.  The  shape  of  the  yield  locus  cal¬ 
culated  for  the  center  layer  of  the  recrystallized  AA8090 
sheet  is  characterized  by  a  strong  Goss  texture.  There¬ 
fore,  the  distortion  consists  of  a  pronounced  flattening 
of  the  yield  locus  in  the  (72  direction  in  the  entire  biaxial 
range. 

D.  The  Effect  of  Prestretch  on  the  Yield  Locus 

The  effect  of  prestretch  on  the  shape  of  the  yield  locus 
is  illustrated  in  Figures  5(a)  and  (b).  In  a  previous  ar¬ 
ticle, it  was  shown  that  a  small  amount  of  stretch  did 
not  influence  the  types  of  texture  components,  but  it  did 
change  their  intensity.  The  present  study  indicates  that 
these  changes  of  texture  intensity  could  affect  the  yield 
locus  shape  and  size.  Figure  5  shows  significant  change 
in  both  the  shape  and  size  of  the  yield  loci,  particularly 
at  the  center  (s  =  0)  of  the  recrystallized  Al-Li  sheets 
(A  and  B)  and  at  the  surface  (5  =  1)  of  the  un¬ 
recrystallized  sheets  (C  and  D).  However,  the  loci  ob¬ 
tained  at  the  center  of  the  unrecrystallized  Al-Li  sheets 
(C  and  D)  and  at  the  surface  of  the  recrystallized  sheets 
(A  and  B)  are  not  very  different  from  each  other  in  shape 
and  size.  These  trends  correlate  well  with  the  texture  in¬ 
tensity  (i.e. ,  a  slight  stretch  is  associated  with  more  change 
in  the  center  texture  intensity  than  in  the  surface  texture 
intensity  for  recrystallized  Al-Li  sheets).  The  reverse  is 
true  for  unrecrystallized  Al-Li  alloy  sheets.  The  very  sharp 
corner  developing  near  the  balanced  biaxial  range  is  an¬ 
other  feature  of  the  yield  locus  at  the  surface  for  unre¬ 
crystallized  Al-Li  alloy  sheets  subjected  to  stretch.  This 
sharp  corner  could  be  due  to  a  significant  increase  of  the 
intensity  of  the  surface  texture  during  the  stretch.  Fi¬ 
nally,  it  is  interesting  to  note  that  a  slight  stretch  in¬ 
creases  the  shear  stress  (near  the  axis  cc  =  —  1)  of  the 
recrystallized  AA8090  sheet  (sample  B)  at  midthickness, 
but  it  decreases  the  shear  stress  for  the  unrecrystallized 
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Fig.  5  —  Effect  of  stretch  on  the  yield  locus  of  (a)  surface  layers  and 
(b)  center  layers  for  recrystallized  and  unrecrystallized  8090  materials. 


AA8090  sheet  (sample  D)  at  midthickness.  These  ob¬ 
servations  indicate  that  the  intensity  of  the  crystallo¬ 
graphic  texture  strongly  influences  the  shape  and  size  of 
yield  loci. 

E.  Forming  Limit  Diagrams 

The  maximum  strains  that  can  be  obtained  in  sheet 
materials  prior  to  the  onset  of  localized  necking  are  gen¬ 
erally  referred  to  as  the  forming  limit  strains.  An  FED 
represents  the  relation  between  the  major  and  minor 
principal  limiting  strains  in  the  plane  of  the  strained  sheet. 
The  FLDs  were  predicted  in  the  stretching  range  (£2  > 
0)  using  the  M-K  analysis  with  the  strain  rate  potential 
to  describe  the  materials’  plastic  behavior.  Actually,  be¬ 
cause  the  neck  was  either  in  the  rolling  or  in  the  trans¬ 
verse  direction,  only  the  plane  stress  yield  locus  (o-j,  cr^ 
between  these  two  stress  states  was  necessary  for  the  M- 
K  analysis.  That  is  why  the  coefficients  of  the  strain  rate 
potential  were  optimized  so  that  the  corresponding  yield 
locus  fits  the  polycrystal  yield  locus  in  this  stress  range. 
Figure  6  shows  the  polycrystal  yield  loci  for  the  average 
textures  of  materials  A,  C,  E,  and  F,  together  with  the 
yield  loci  calculated  using  the  strain  rate  potential.  The 
stress  states  corresponding  to  plane  strain  tension  are  in¬ 
dicated  by  arrows.  The  crystallographic  yield  loci  for  the 
different  materials  (A,  B,  C,  D,  E,  and  F)  and  at  the 
different  thickness  locations  were  all  approximated  with 
the  strain  rate  potential  (Eq.  [8]).  A  larger  value  of  the 
curvature  of  the  vertex  generally  corresponds  to  a  smaller 
exponent  m.  For  instance,  for  the  recrystallized  AA8090 
sheet,  the  curvature  p  =  1.64  is  associated  to  an  expo¬ 
nent  m  =  1.2  at  the  surface  and  p  =  0.91  is  associated 
to  m  =  1.4  at  midthickness. 

In  many  cases,  the  M-K  analysis  has  been  used  as  a 
tool  to  develop  an  understanding  of  the  effect  of  material 
parameters,  such  as  strain  hardening, strain  rate 
sensitivity,’^^”'  plastic  anisotropy,’”’”  ”'  and  yield  sur¬ 
face  shape, on  the  FED.  In  this  work,  the  M-K 
approach  is  used  in  conjunction  with  the  strain  rate  po¬ 
tential  to  predict  FEDs.  The  limit  strains  calculated  for 
the  right-hand  side  (€2  >  0)  of  the  FED  are  given  in 
Figures  7(a)  through  (c)  for  samples  A,  C,  and  E,  re¬ 
spectively.  The  behavior  on  the  left-hand  side  of  the  FED 
(£2  <  0)  cannot  be  predicted  with  only  the  planar  yield 
locus  (cTi,  cTj).  Some  information  about  the  shear  stress 
is  also  necessary  for  these  predictions.'”'  However,  as 
explained  in  Section  II-C,  the  left-hand  side  of  the  FED 
can  be  approximated  by  a  simple  critical-thickness-strain 
criterion.  The  results  of  Figures  7(a)  through  (c)  show 
that  the  limit  strains  in  the  biaxial  stretching  range  pre¬ 
dicted  with  the  M-K  model  are  very  sensitive  to  the  yield 
locus  shape.  For  samples  A,  C,  and  E,  the  FEDs  were 
computed  for  the  surface  layer,  the  center  layer,  and  the 
average  full  thickness  of  the  sheet.  For  each  of  these 
materials,  the  strain-hardening  curve  and  the  imperfec¬ 
tion  parameter  F  =  0.996  were  kept  constant.  Only  the 
yield  locus  shape  was  varied  according  to  the  corre¬ 
sponding  texture.  Figures  7(a)  through  (c)  indicate  that 
the  limit  strains  of  the  center  layers  are  obviously  higher 
than  those  of  the  surface  layers.  This  is  a  result  of  the 
higher  curvature  of  the  yield  loci  at  the  surface  of  the 
materials,  as  shown  in  Figures  3(a),  (c),  (e),  and  (g), 
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Fig.  6 — Fitting  crystallographic  yield  loci  predicted  from  bulk  av¬ 
erage  texture  to  obtain  the  strain  rate  potential:  (a)  recrystallized  8090- 
sample  A  and  recrystallized  2024-sample  F  and  {b)  unrecrystallized 
8090-sample  C  and  unrecrystallized  2090-sample  E. 


implying  that  the  center  textures  may  be  more  desirable 
from  a  stretch-forming  point  of  view. 

Forming  limit  diagrams  calculated  from  the  bulk  av¬ 
erage  texture  data  are  closer  to  forming  limit  diagrams 
calculated  from  center  layer  textures  than  those  calcu¬ 
lated  from  the  surface  layer  textures  (Figure  7).  This  trend 
is  more  significant  for  unrecrystallized  alloys  than  for 
recrystallized  alloys.  This  means  that,  with  respect  to  the 
limit  strains,  the  center  texture  is  more  dominant  than 
the  surface  texture,  particularly  for  the  unrecrystallized 
sheets.  The  results  of  Figures  7(a)  through  (c)  also  il¬ 
lustrate  that  forming  limits  in  the  biaxial  tension  range 
depend  on  both  texture  components  (through  their  effect 
on  the  yield  locus  curvature)  and  the  strain  hardening. 

For  a  given  material,  the  predicted  forming  limits  in 
plane  strain  tension  (ej  =  0)  for  the  different  locations 
(surface,  center,  bulk)  in  the  sheets  are  all  similar 
(Figure  7).  This  can  be  explained  in  the  following  terms. 
Using  the  M-K  theory  for  rate-independent  plastic  ma¬ 
terials,  the  equation  describing  plastic-flow  localization 
when  the  neck  is  perpendicular  to  direction  1  can  be 
written  as'^^> 


WiS’)  (/Ja¬ 
il  -  D) - z - — 

W(e“)  c/Jcr 


[13] 


where  F  =  (1  —  D)  is  the  imperfection  parameter, 
(r,/<T  is  the  yield  stress  in  direction  1  normalized  by  the 
uniaxial  tension  yield  stress,  and  w(^  is  the  strain¬ 
hardening  law.  Superscripts  a  and  b  denote  the  homo¬ 
geneous  and  the  imperfection  regions  of  the  material, 
respectively.  For  a  perfect  sheet,  the  imperfection  pa¬ 
rameter  F  is  equal  to  one.  In  the  present  study,  the  initial 
value  of  F  has  been  chosen  to  be  0.996.  Different  math¬ 
ematical  forms  of  the  strain-hardening  law  w(^  can  be 
used.  As  mentioned  previously,  the  Voce  strain-hardening 
law,  which  leads  to  the  best  fit  with  experimental  stress- 
strain  curves  for  the  different  Al-Li  sheets, i'’''  was  used 
in  this  work.  {o‘Jd-)l{(fJa-)  is  the  ratio  of  the  major  nor¬ 
malized  stress  in  the  imperfection  to  the  major  normal¬ 
ized  stress  in  the  homogeneous  sheet.  The  former  stress 
tends  to  evolve  toward  the  plane  strain  stress  state  be¬ 
cause  this  is  the  stress  state  inside  a  neck.  This  ratio  is 
always  larger  than  1  and  depends  on  the  curvature  of  the 
yield  locus  in  the  biaxial  range.  When  a  stress  state  cor¬ 
responding  to  plane  strain  tension  is  imposed  to  the  sheet, 
both  stress  states  are  consequently  plane  strain  and  the 
ratio  {(/J a) ! i&J ff)  is  equal  to  1.  In  this  case,  Eq.  [13], 
which  describes  the  plastic  flow  localization  process,  does 
not  include  a  term  related  to  the  yield  locus  curvature. 
Therefore,  this  means  that  the  FED  does  not  depend  on 
the  yield  locus  shape  and,  consequently,  that  it  is  in¬ 
dependent  of  crystallographic  texture  for  this  strain  path. 

The  predicted  FLDs  are  compared  to  experimental  FLDs 
in  Figures  8(a)  through  (c)  for  recrystallized  AA8090- 
T3,  unrecrystallized  AA8090-T4,  and  unrecrystallized 
AA2090-T3,  respectively.  It  is  interesting  to  note  the  wide 
spread  in  the  experimental  data.  Actually,  it  is  very  dif¬ 
ficult  to  define  an  experimental  forming-limit  curve.  This 
is  perhaps  inherent  to  the  nature  of  these  materials. 
Nevertheless,  because  of  these  scattered  experimental 
results,  only  general  trends  can  be  compared  with  the 
predictions .  As  mentioned  previously ,  the  right-hand  sides 
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Fig.  7  —  Effect  of  the  gradient  of  texture  on  the  calculated  FED  for  (<i)  recrystallized  8090  without  stretch,  (b)  unrecrystallized  8090  without 
stretch,  and  (c)  unrecrystallized  2090  with  stretch.  The  FLDs  are  computed  from  the  gradient  texture  data  using  strain  rate  potential  with  the 
M-K  approach. 


of  the  predicted  curves  were  computed  using  the  M-K 
analysis,  whereas  the  left-hand  sides  of  the  diagram  were 
constructed  using  a  critical-thickness  criterion.  The  the¬ 
oretical  FLDs  calculated  using  the  average  texture  data 
are  found  to  be  in  fair  agreement  with  the  “mean”  ex¬ 
perimental  FLDs  for  the  unrecrystallized  samples,  as 
shown  in  Figures  8(b)  and  8(c).  The  predicted  FLD  is 
less  satisfactory  for  the  recrystallized  AA8090  alloy 
(Figure  8(a)).  The  forming  limits  in  the  biaxial  stretching 
range  for  these  recrystallized  sheets  tend  to  be  under¬ 
estimated  by  about  10  pet.  The  samples  A  and  C,  which 


were  not  stretched,  have  better  biaxial  limits  than  those 
samples  (B  and  D)  that  were  stretched.  This  feature  has 
been  captured  by  the  model,  as  indicated  by  Figures  8(a) 
and  (b).  Prior  work  hardening  (stretching)  obviously  de¬ 
creases  the  forming  limits.  Moreover,  the  FLD  of  the 
prestretched  sheets  can  be  considered  as  a  FLD  along 
nonlinear  strain  paths,  where  the  prestrain  is  plane  strain. 
It  has  been  shown  that  the  FLD  of  aluminum  alloys  de¬ 
termined  along  such  nonlinear  strain  paths  is  lower  than 
the  FLD  determined  for  linear  strain  paths. 

Three  features  of  the  experimental  FLDs  seem  not  to 
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Fig.  8  —  Comparison  of  theoretical  and  experimental  FLD  for  (a)  recrystallized  8090  without  stretch  and  recrystallized  8090  with  stretch, 
(6)  unrecrystailized  8090  without  stretch  and  unrecrystallized  8090  with  stretch,  and  (c)  unrecrystallized  2090  with  stretch.  The  theoretical  FLD 
is  computed  from  average  texture  data  with  the  M-K  approach. 
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be  captured  by  the  model:  (1)  the  high  limits  strain  ob¬ 
tained  near  plane  strain  tension  (the  minor  strain  is  zero); 
(2)  the  large  scatter  in  the  limit  strains  for  similar  strain 
paths,  particularly  near  plane  strain  tension;  and  (3)  the 
high  average  limit  strains  of  the  recrystallized  AA8090 
sheets  (samples  A  and  B).  It  is  interesting  to  discuss 
whether  these  effects  could  be  due  to  the  texture  gra¬ 
dients.  However,  because  these  gradients  are  through¬ 
thickness,  they  should  not  make  a  difference  on  the 
behavior  of  the  sheet  from  one  macroscopic  location  to 
another  one.  Moreover,  Figures  7(a)  through  (c)  suggest 
that  the  limit  strains  in  plane  strain  tension  should  be  the 
same,  irrespective  of  the  crystallographic  texture.  There¬ 
fore,  through-thickness  crystallographic  texture  gra¬ 
dients  do  not  seem  to  affect  the  experimental  scatter  and 
the  average  plane  strain  limit  strain. 

The  scatter  seems  more  likely  to  be  due  to  some  kind 
of  in-plane  heterogeneity.  Much  work  has  been  con¬ 
ducted  from  a  macroscopic  point  of  view  to  study  the 
effects  of  geometric  imperfections  on  forming  limit 
strains. The  imperfection  has  also  been  linked  to 
the  microstructure  of  materials  such  as  microvoids,  in¬ 
clusions,  and  second-phase  particles, or  grain  struc¬ 
ture  and  orientation  heterogeneities. Here,  the  grain 
structure  could  explain  the  underestimation  of  the  pre¬ 
dicted  FLD  in  the  recrystallized  AA8090  sheets.  The  grain 
structure  of  the  recrystallized  8090  sheets  (samples  A 
and  B)  differs  significantly  from  the  unrecrystallized 
AA8090  and  AA2090  sheets,  as  described  previously. 
The  unrecrystallized  AA8090  and  AA2090  and  the  re¬ 
crystallized  AA2024  materials  exhibit  more  elongated 
grains  than  the  recrystallized  AA8090.  Therefore,  this 
might  lead  to  a  smaller  imperfection  for  the  re¬ 
crystallized  AA8090  sheet  than  for  the  unrecrystallized 
AA8090  and  AA2090  sheets.  The  scatter  in  the  experi¬ 
mental  FLD  results  could  be  due  to  a  heterogeneous  dis¬ 
tribution  of  grain  orientations  in  the  materials  (textural 
segregation'"*^') .  For  instance,  regions  of  the  sheet  could 
have  had  clusters  of  orientations  leading  to  a  macro¬ 
scopic  imperfection.  However,  the  initial  imperfection 
parameter  cannot  be  determined  experimentally  at  the 
present  time.  Further  studies  on  microscopic  and  macro¬ 
scopic  scales  seem  to  be  needed  to  understand  the  be¬ 
havior  of  these  Al-Li  sheets. 


V.  SUMMARY  AND  CONCLUSIONS 

In  this  work,  the  effects  of  a  crystallographic  texture 
gradient  on  the  yield  locus  shape  and  the  FLD  of  some 
Al-Li  alloy  sheets  were  discussed.  Using  the  predictions 
of  the  polycrystal  Taylor/Bishop  and  Hill  model,  a 
smoother  yield  locus  near  equibiaxial  tension  is  expected 
at  the  midthickness  of  the  sheet  than  at  the  surface.  The 
main  orientation  components  corresponding  to  the 
smoother  loci  are  the  Goss  texture  for  the  recrystallized 
AA8090  and  the  brass-type  and  the  brass  components  for 
the  unrecrystallized  AA8090  and  the  unrecrystallized 
AA2090,  respectively.  The  shape  of  the  yield  locus  pre¬ 
dicted  from  the  surface  layer  ODF  is  characterized  by 
the  existence  of  regions  of  high  curvature.  These  high- 
curvature  regions  are  consistent  with  the  cube  texture  for 
AA8090,  the  copper  and  the  S  components  for  AA2090, 


and  the  P(1 10)  (122)  texture  for  the  conventional  AA2024 
alloy. 

The  modeling  work  indicates  that  the  forming  limits 
in  the  stretching  range  vary  with  the  curvature  of  the 
yield  locus.  An  increase  in  curvature  of  the  yield  locus 
leads  to  a  decrease  in  limit  strains  in  the  biaxial  tension 
range.  Therefore,  the  predicted  limit  strains  of  mid¬ 
thickness  layers  are  higher  than  those  of  surface  layers 
for  all  the  materials  studied.  However,  it  seems  that  the 
textures  at  the  midthickness  of  the  sheet  have  a  much 
larger  influence  on  the  FLD  than  the  surface  texture, 
particularly  in  the  unrecrystallized  alloys.  The  predicted 
FLDs  were  only  in  fair  agreement  with  the  experimental 
results.  The  large  scatter  in  the  experimental  data  and 
the  high  average  experimental  FLD  for  the  recrystallized 
AA8090  sheets  compared  to  the  predicted  FLD  do  not 
appear  to  be  a  consequence  of  the  crystallographic  tex¬ 
ture  gradient. 
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Thermodynamics  and  Long-Range  Order 
of  Interstitials  in  a  Hexagonal  Close-Packed  Lattice 

BART  J.  KOOI,  MARCEL  AJ.  SOMERS,  and  ERIC  J.  MITTEMEIJER 

Statistical  thermodynamics  was  applied  to  describe  long-range  order  (LRO)  of  interstitial  atoms 
in  a  hexagonal  close-packed  (hep)  host  lattice.  On  the  basis  of  the  Gorsky-Bragg-Williams 
(GBW)  approximation  and  a  division  of  the  interstitial  sublattice  into  six  interpenetrating  sub¬ 
lattices,  all  the  possible  ordered  configurations  were  derived  for  this  assembly.  Special  attention 
was  devoted  to  two  of  the  possible  ordered  configurations  of  interstitial  atoms,  viz.,  the  two 
ground-state  structures  that  have  been  indicated  for  £-Fe2Ni_,.  A  description  of  the  order- 
disorder  transition  was  obtained,  and  the  evolution  of  the  occupancies  of  the  different  types  of 
interstitial  sites  on  changing  the  total  interstitial  content  was  given.  Composition-temperature 
regions  of  stability  for  the  two  ordered  configurations  were  given  in  phase  diagrams  for  different 
combinations  of  pairwise  interaction  energies.  The  results  are  compatible  with  observations  for 
e-Fe2Ni_,  as  reported  in  the  literature.  The  advantages  of  the  present  treatment  were  discussed 
relative  to  an  earlier  one,  which  a  priori  excluded  nearest  neighboring  interstitial  sites  from 
simultaneous  occupancy. 


I.  INTRODUCTION 

The  present  article  is  concerned  with  the  thermo¬ 
dynamics  of  a  binary  solid  solution  consisting  of  a  hex¬ 
agonal  close-packed  (hep)  sublattice  of  atoms 
containing,  in  its  octahedral  interstices,  atoms  that  show 
long-range  order  (LRO).  Expressions  for  the  Gibbs  free 
energy,  the  interstitial-site  occupancies,  and  the  order- 
disorder  transition  are  derived.  The  treatment  can 
equally  well  be  applied  to  a  binary  substitutional  solid 
solution  with  a  (simple)  hexagonal  lattice. 

The  energy  of  a  given  configuration  of  atoms  can  in 
principle  be  assessed  according  to  statistical  thermo¬ 
dynamics  applying  the  concept  of  (pairwise)  near¬ 
neighbor  interaction.  Considering  such  existing 
descriptions,  the  generalized  Ising  model  has  the  most 
general  validity:  the  partition  function  is  obtained  by 
summation  of  the  energy  for  a  given  configuration  of 
atoms  over  all  configurations  possible  for  a  certain  alloy 
composition. The  Ising  model  naturally  incorporates 
disorder  and  long-range  as  well  as  short-range  order.  So 
far,  exact  descriptions  have  only  been  obtained  for  two- 
dimensional  systems."!  Xo  allow  a  description  of 
three-dimensional  systems,  approximations  to  the  (gen¬ 
eralized)  Ising  model  are  necessary.  Such  approxima¬ 
tions  comprise  the  zeroth  or  Gorsky-Bragg-Williams 
(GBW)!^"!  and  the  first  approximation!^!  (to  the  long- 
range-ordered  solutions)  and  Kikuchi’s  cluster  variation 
method.'®!  jf  long-range  order  vanishes,  the  GBW  and 
the  first  approximation  (to  long-range-ordered  solutions) 
become  the  zeroth"''  and  first  approximation'®'  to  the  reg¬ 
ular  solutions,  respectively. 

Here,  the  effect  of  long-range  order  on  the  thermo¬ 
dynamics  of  a  system  is  accounted  for  by  the  GBW  ap¬ 
proximation  to  the  Ising  model,'-*  '’'  considering  pairwise 
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interaction  up  to  third  nearest  neighbors.  Although  it  has 
been  pointed  out  that  the  accuracy  of  the  GBW  approx¬ 
imation,  if  used,  for  example,  to  model  the  Cu-Au 
system,  is  rather  poor,'"*'  it  is  expected  to  be  better  in 
the  case  of  interstitial  solid  solutions,  where  in  general 
pronounced  strain-induced  interactions  occur.'®'  Such  in¬ 
teractions  extend  over  several  atomic  distances  and  thus 
have  a  long-range  character  and,  therefore,  improve  the 
accuracy  of  the  GBW  approximation.'®'  The  successful 
application  of  the  present  model  to  nitrogen  absorption 
isotherms  of  c-FejNj-^  {i.e.,  equilibrium  nitrogen  con¬ 
tent  in  £-Fe2N,_,  as  a  function  of  imposed  nitrogen  ac¬ 
tivity)  demonstrates  its  usefulness."®' 

Two  essentially  different  routes  are  followed  in  the 
present  work.  The  first  route  starts  with  a  subdivision  of 
the  interstitial  sublattice  in  six  interpenetrating  sub¬ 
lattices,  each  occupied  with  a  certain,  variable  concen¬ 
tration  of  interstitial  atoms.  Then,  equilibrium  requires 
that  the  chemical  potentials  of  the  interstitial  atoms  on 
these  six  sublattices  are  equal,  thus  providing  equilib¬ 
rium  conditions  necessary  for  describing  the  thermo¬ 
dynamic  properties  of  the  system.  As  a  result,  all  the 
possible  ground-state  structures  for  the  considered  as¬ 
sembly  are  derived  (Section  III- A).  The  second  route 
begins  with  two  of  the  ground-state  stmetures  found  via 
route  1  and  which  have  been  proposed  for 
e-Fe2Ni_,.'"  '^!  The  adoption  of  a  ground-state  structure 
allows  definition  of  the  degree(s)  of  order.  Then,  equi¬ 
librium  requires  that  the  stable  values  for  the  degree(s) 
of  order  correspond  with  a  minimum  value  for  the  Gibbs 
free  energy  (Section  III-B). 

Earlier  work  on  interstitial  ordering  in  an  hep  lattice 
has  been  presented  as  a  “Regular  Solution  Model”  (RS 
model)  in  Reference  13  and  presupposed  a  complete 
order  of  interstitials  along  rows  of  interstitial  sites  par¬ 
allel  to  the  c-axis  of  the  hexagonal  lattice,  viz.,  an  al¬ 
ternation  of  permitted  and  excluded  sites  for  occupancy 
by  interstitial  atoms.  The  present  LRO  model  allows  a 
variable  degree  of  order  along  rows  of  interstitial  atoms 
parallel  to  the  c-axis,  because  in  principle,  every  site  is 
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permitted  for  occupancy  by  interstitial  atoms.  The  re¬ 
sults  obtained  with  the  present  model  are  compared  to 
those  of  the  regular  solution  model  given  in 
Reference  13  (Section  IV-B). 


II.  BASIC  CONSIDERATIONS 

The  binary  solid  solution  M-I  is  considered,  in  which 
the  I  atoms  are  situated  in  the  interstices  of  the  crystal 
lattice  set  up  by  the  M  atoms.  This  assembly  can  be  con¬ 
ceived  as  constructed  from  two  interpenetrating  sub¬ 
lattices:  one  for  atoms  M  and  one  for  atoms  I.  Both  M 
and  I  atoms  can  only  be  located  at  sites  of  their  own 
sublattices.  In  an  hep  M  sublattice,  the  octahedral  inter¬ 
stices  are  the  largest  interstitial  holes  and  the  ones  con¬ 
sidered  for  occupation  by  I  atoms;  it  is  assumed  that  the 
fraction  of  I  atoms  residing  at  tetrahedral  interstices  is 
negligible.  Hence,  the  sites  for  I  atoms  compose  a 
(simple)  hexagonal  sublattice. 

The  model  to  be  presented  provides  a  thermodynamic 
description  for  an  M-I  alloy,  with  sublattices  for  M  and 
I  as  given  in  the  preceding  paragraph,  as  a  function  of 
interstitial  content.  A  change  of  the  composition  is  re¬ 
alized  by  changing  the  occupancy  of  the  I  sublattice 
only;  the  M  sublattice  is  and  remains  completely  occu¬ 
pied.  The  I  sublattice  is  composed  of  variable  amounts 
of  atoms  I  and  empty  sites  V  (vacancies  for  I  atoms). 
The  (possible)  occurrence  of  ordering  of  I  and  V  on  their 
hexagonal  sublattice  is  dealt  with  here.  To  arrive  at  a 
thermodynamic  description  for  the  M-I  alloy,  the 
thermodynamics  of  the  M  and  the  I  sublattices,  sepa¬ 
rately,  as  well  as  the  interaction  of  these  sublattices  will 
be  considered. 

It  is  convenient  to  conceive  the  hexagonal  I  sublattice 
as  an  alternation  of  two  types  of  basal  planes  (1  and  2), 
each  containing  three  different  kinds  of  sites  (for  plane 
1;  Al,  Bl,  and  Cl;  for  plane  2:  A2,  B2,  and  C2; 
Figure  1;  Reference  13).  Thus,  for  each  type  of  plane 
(denoted  as  (001)  planes  hereafter),  a  particular  site  is 
surrounded  within  the  plane  by  sites  of  the  other  kinds 
(Figure  1(a)).  In  the  direction  perpendicular  to  the  planes 
(denoted  as  the  c-direction  hereafter),  sites  Al,  Bl,  and 
Cl  are  adjacent  to  sites  A2,  B2,  and  C2,  respectively 
(Figure  1(b)).  Apart  from  the  present  choice  of  six  sub¬ 
lattices  composing  the  hexagonal  I  lattice,  other  possi¬ 
bilities  for  division  of  the  I  lattice  into  sublattices  can  be 
considered  too.  If  interactions  up  to  third  nearest  neigh¬ 
bors  on  the  I  lattice  are  considered  a  subdivision  of  the 
(simple)  hexagonal  I  lattice  into  6,  8,  10,  12,  and  14 
sublattices  (kinds  of  sites),  analogous  to  the  division  of 
the  hep  lattice  as  described  in  Reference  14,  is  appro¬ 
priate.  The  subdivision  in  six  kinds  of  sites  (six  sub¬ 
lattices)  is  preferred  here,  for  it  reflects  the 
crystallography  of  the  ground-state  structures  as  given 
for  e-FejN)™-  and  the  anti-CdF  structure  type(s).i‘^'* 

■’‘A  division  into  eight  sublattices  is  appropriate  for  describing 
(dis)ordering  in  accordance  with  the  f-FejN,  the  Co.C  (or  anti-CaCI,), 
and  the  anti-Cdl,  structure  types.  The  thermodynamic  models  for  the 
subdivision  into  8,  10,  12,  and  14  sublattices  can  be  obtained  and 
dealt  with  in  exactly  the  same  way  as  the  model  that  will  be  presented 
here  for  the  subdivision  into  six  sublattices. 


For  the  case  of  a  random  distribution  of  I  atoms  over  the 


{a) 


#  M  sites 


•  I  sites 


Fig.  1  — {a)  Each  (001)  plane  of  the  hexagonal  (interstitial)  sublattice 
of  1  atoms  contains  three  different  kinds  of  sites:  A,  B,  and  C. 
(b)  The  hexagonal  sublattice  of  I  atoms,  constituted  by  the  octahedral 
interstices  of  the  hep  sublattice  of  M  atoms,  is  composed  of  planes 
of  types  1  and  2,  together  having  six  kinds  of  sites  (denoted  by  Al, 
Bl,  Cl,  A2,  B2,  and  C2)  that  constitute  a  trigonal  prism. 

sites  of  the  I  sublattice,  the  six  sites  constituting  a  tri¬ 
gonal  prism  (Figure  1(b))  have  the  same  probability  to 
be  occupied  by  an  I  atom.  This  probability  equals  the 
fraction  of  occupied  sites  of  the  I  sublattice. 

Ordering  can  occur,  if  it  is  energetically  more  favor¬ 
able  to  form  I-V  nearest  neighbors  than  I-I  and  V-V 
nearest  neighbors,  implying  repulsion  among  I  atoms.  If 
ordering  among  atoms  on  the  I  sublattice  occurs,  in  prin¬ 
ciple,  each  of  the  sites  Al,  . . .,  C2  has  its  own  proba¬ 
bility  to  be  occupied  by  an  I  atom.  For  a  hexagonal 
sublattice,  the  interaction  of  I  atoms  on  neighboring  sites 
of  an  (OOl)-plane  is  not  equal  to  that  of  I  atoms  on  neigh¬ 
boring  sites  in  the  c-direction.  For  an  ideal  hep  sublattice 
of  M  atoms,  the  shortest  possible  separation  occurs  for 
two  nearest  neighbors  in  the  c-direction  of  the  hexagonal 
I  sublattice:  it  is  only  V2/3  of  the  separation  between 
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two  nearest  neighbors  within  the  (OOl)-plane.  This  sug¬ 
gests  a  larger  tendency  for  nonoccupancy  of  neighboring 
sites  in  the  c-direction  than  within  the  (OOl)-plane.  If, 
in  the  c-direction,  the  nearest-neighbor  sites  to  an  oc¬ 
cupied  site  remain  vacant,  then  the  maximum  I  content 
corresponds  with  the  composition  Mjl.  This  reduction  of 
the  number  of  sites  available  for  occupation  by  I  atoms 
is  denoted  by  site  exclusion  in  the  present  article  and  was 
presupposed  for  the  derivation  of  the  regular  solution 
model  in  Reference  13.  If  all  sites  of  the  I  sublattice  are 
available  for  occupation  by  I  atoms,  the  maximum  I  con¬ 
tent  corresponds  with  the  composition  MI. 


III.  LRO  MODEL  FOR  INTERSTITIALS 
IN  AN  HCP  LATTICE 

The  zeroth  approximation  to  the  Ising  model  due  to 
GBW  is  adopted  to  describe  LRO.  This  approach  com¬ 
prises  the  following:''^' 

The  configurational  entropy  is  given  by  the  number  of 
permutations  of  I  (and  thus  V)  over  the  types  of 
sites.  The  molar  vibrational  entropy  for  each  com¬ 
ponent  (M,  I,  and  V)  is  assumed  constant,  and 

The  enthalpy  is  given  by  the  sum  of  the  products  of 
each  of  the  probabilities  of  I-I,  V-V,  I-V,  M-M, 
M-I,  and  M-V  pairwise  interactions  and  their  cor¬ 
responding  interaction  energies.  Interactions  on  the 
I  sublattice  of  first  nearest  neighbors  (A1-A2, 
B1-B2,  C1-C2),  second  nearest  neighbors  (Al-Bl, 
Al-Cl,  etc.)  and  (optionally)  third  nearest  neigh¬ 
bors  (A1-B2,  A1-C2,  etc.)  are  taken  into  account 
here. 

The  LRO  model  can  be  obtained  via  two  essentially 
different  routes,  having  different  (dis)advantages. 
Route  1  begins  with  a  description  for  the  occupancy  of 
each  of  the  six  sites  Al,  . . .,  C2  on  the  trigonal  prism 
introduced  and  the  associated  six  chemical  potentials. 
Equilibrium  requires  that  these  chemical  potentials  are 
equal.  Route  2  adopts  a  ground-state  structure  {i.e.,  a 
completely  ordered  structure  that  generally  can  only  be 
defined  for  a  (simple)  stoichiometric  composition)  as  the 
starting  point  for  distinguishing  between  order  and  dis¬ 
order  sites  and  for  defining  the  degree(s)  of  order.  Equi¬ 
librium  requires  that  values  for  the  degree(s)  of  order 
correspond  to  a  minimum  value  for  the  Gibbs  free 
energy.  Both  routes  are  pursued  here.  Obviously,  route 
1  needs  less  a  priori  information  than  route  2  and  offers 
(the  possibility  of)  a  more  general  solution.  However,  if 
the  ground- state  structure  of  interest  is  known  a  priori, 
route  2  is  useful,  because  it  provides  directly  values  for 
the  order  parameters,  which  can  be  related  to  physical 
properties  of  the  assembly  under  consideration. 

A.  Route  1 

The  interpenetrating  hep  M  and  (simple)  hexagonal  I 
sublattices  are  considered,  the  latter  having  six  kinds  of 
I  sites:  Al,  Bl,  .  .  .,  C2.  The  M  sublattice  is  completely 
occupied  by  M  atoms.  Each  kind  of  site  K  of  the  I  sub¬ 
lattice  can  be  occupied  by  a  fraction  of  I  atoms,  Xk-  The 
total  number  of  M  sites  considered  is  6N,  and  thus,  there 
are  N  sites  for  each  kind  of  I  site. 


1.  Gibbs  free  energy,  chemical  potential, 

and  equilibrium  condition 

A  full  derivation  of  the  expression  for  the  Gibbs  free 
energy  of  the  M-I  alloy  is  given  in  Appendix  A  for  the 
example  of  a  specific  subdivision  in  types  of  interstitial 
sites  (Section  B-1).  Therefore,  only  a  brief  description 
is  given  here  for  the  case  of  six  different  sublattices  com¬ 
posing  the  I  lattice. 

The  configurational  entropy  corresponding  to  N  sites 
of  one  kind,  e.g.,  Al,  is  given  by 

-Nk[x^^  InxAi  +  (1  -  Xai)  In  (1  -  Xai)] 

where  k  is  Boltzmann’s  constant  and  Xai  is  the  fraction 
occupied  sites  of  kind  Al.  The  summation  of  such  en¬ 
tropy  terms  for  all  six  kinds  of  sites  yields  the  config¬ 
urational  entropy  of  the  whole  M-I  alloy. 

The  probability  for  simultaneous  occupancy  of  two 
adjacent  sites  in  the  c-direction  (first  nearest  neighbors 
on  the  I  sublattice),  e.g.,  Al  and  A2,  by  I  is  XaiXa2,  by 
V  is  (1  -  Xai)  (1  -  Xai)  and  by  I  and  V  is  Xai(1  “  J^a2) 
+  JCa2(1  “  •’^Ai)-  The  enthalpy  (energy)  associated  with 
these  interactions  between  sites  Al  and  A2  is  propor¬ 
tional  to  the  sum  of  the  products  of  these  probabilities 
and  their  corresponding  interaction  energies  e^^,  c^.w. 
and  ,v: 

{^AI-*^A2^c.II  T  (1  —  Xai)  (1  ~  Xp,2)^c,\\ 

1  Zc 

T  [a:Al(l  "h  ■^A2(l  ~  ^A\)]^c.]v}  2N  ^ 

with  Z,./2  being  the  number  of  bonds  in  the  c-direction 
per  atom  (Z^/2  =  1).  This  term  can  be  rewritten  as 

(•^■Al  T  ^Al)  f^,A]A2  “h  [(1  ~  -^Al)  3“  (1  ~  •^A2)]  f^.AlA2 

+  AWe[XAl  (1  -  Xa2)  +  ^A2(l  -  -^Al)] 

where  //?,aia2  =  N  Z^/l  e^._u  and  flv,AiA2  =  ^  ^r.w; 

W,.  is  the  “exchange  energy”  in  the  c-direction,  de¬ 
fined  as 

Z, 

—  —  (2e,._iv  ~  e^-  ii  —  e^yv)- 

The  term  i^,AiA2  is  a  fraction  of  //?,  the  enthalpy  of  N 
atoms  of  the  pure  component  I  (with  exactly  the  same 
lattice  as  the  I  sublattice).  Accordingly,  /i/v,AiA2  is  a  frac¬ 
tion  of  the  enthalpy  of  N  atoms  of  the  pure  com¬ 
ponent  V  (with  exactly  the  same  lattice  as  the  I 
sublattice;  for  the  present  case,  where  V  represents 
vacant  I  sites,  of  course  is  zero).  Summation  of  the 
enthalpies  associated  with  the  interactions  between 
atoms  at  sites  Al  and  A2,  atoms  at  sites  Bl  and  B2,  and 
atoms  at  sites  Cl  and  C2  yields  the  enthalpy  correspond¬ 
ing  to  all  possible  pairwise  interactions  (between  first 
nearest  neighbors)  in  the  c-direction.  The  enthalpies  cor¬ 
responding  with  pairwise  interactions  between  second 
(Al-Bl,  Al-Cl,  . . .,  B2-C2)  and  third  (A1-B2,  A1-C2, 
. . .,  C1-B2)  nearest  neighbors  are  obtained  analogously, 
using  exchange  energies  and  Wp,.,  respectively. 

To  obtain  the  enthalpy  of  the  whole  M-I  alloy,  the 
enthalpies  of  N  atoms  of  the  pure  component  M,  H^, 
and  of  the  interactions  of  M  and  the  N  atoms  of  I, 
//mi,  have  to  be  added  (//mv  of  course  is  zero).  The 
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Gibbs  free  energy  Gm^,  of  the  M-I  alloy  can  thus  be  given 
as  follows: 

Gm-I  =  6(//°m  - 
C2 

+  2  t-^x]  [//?  -  ral,,  +  hU  +  w, 

K  =  AI 

+  AW,  +  NW,,] 

—  2AW£.[XaiXa2  +  XbiXb2  +  Xc|Xc2] 

-A^tV,[XAlXB,  +  XaiXc,  +  Xb.Xci  +  Xa2Xb2 
+  Xa2Xc2  +  XB2XC2] 

—  A^Wpj.[XaiXb2  +  XaiXc2  +  XbiXa2  +  X^]Xc2 

“1“  -’Cc1'':^A2  +  ■^C1-^B2] 

C2 

+  NkT  2  [xk  InxK  +  (1  -  Xk)  In  (1  -  Xk)] 


where  T  is  the  temperature,  //g  is  the  enthalpy  of  N 
atoms  of  the  pure  component  Q  (summation  of  all  en¬ 
thalpies  associated  with  the  pairwise  near-neighbor  inter¬ 
actions  considered),  and  is  the  vibrational  entropy 
of  N  atoms  of  the  pure  component  Q,  which  is  assumed 
to  be  independent  of  composition  and  ordering.  The  first 
two  terms  on  the  right-hand  side  of  Eq.  [1]  represent  the 
standard  state  of  the  M-I  alloy.  It  is  noted  that  the  con¬ 
tribution  of  the  M  sublattice  and  its  interaction  with  the 
I  sublattice  only  changes  the  standard  state  and  conse¬ 
quently,  does  not  affect  ordering  on  the  I  sublattice.  For 
brevity  of  notation, 

=  (//?  -  +  Hi,,  +  NW,.  +  AW,  +  AW,,) 

Considering  the  sublattice  formed  by  sites  of  kind  K  as 
an  open  system  (V  has  to  represent  vacancies),  the 
chemical  potential  for  N  atoms  I  at  sites  of  kind  K,  /tl^, 
is  by  definition  given  by 


Using  Eq.  [1],  one  obtains 

-  2W,[xa2]  -  W,[Xb,  +  Xc,] 


-AW„[xb2  +xc2]  +A^/:Tln 


Xm 

1  -  -^Al. 


The  expressions  for  of  I  atoms  on  the  other  kinds  of 
sites  are  similar. 

Thermodynamic  equilibrium  for  this  M-I  alloy  in¬ 
volves  that  the  chemical  potentials  nf  of  the  interstitial 
element  I  are  equal  for  all  six  kinds  of  I  sites;  i.e.. 


Eq.  [4],  and  thus,  the  disordered  state  is  always  a  so¬ 
lution  of  the  set  of  relations.  However,  it  does  not  nec¬ 
essarily  yield  the  lowest  possible  Gibbs  free  energy. 

The  Gibbs  free  energy  G^-i  of  the  M-I  alloy  in  general 
can  be  related  to  chemical  potentials  of  the  atoms  I,  ;tii, 
and  of  the  atoms  M,  p-m: 

C2 

Gm-i  “  -f  fi,  2  Xk  [5] 

K=A1 

2.  Order-disorder  transition  and  the  evolving  types 
of  ordering 

An  ordered  configuration  of  I  atoms  on  their  sublattice 
is  only  more  stable  than  the  random  configuration  if 
(a)  the  content  of  the  I  atoms  is  above  some  minimum 
value  and  (b)  the  temperature  of  the  system  is  below 
some  maximum  value.  The  values  for  the  I  content  and 
the  temperature  associated  with  the  order-disorder  tran¬ 
sition  depend  on  the  values  of  the  exchange  energies,  W, 
and  Wp  and  W,,.  The  ordered  configuration  develops  if, 
with  respect  to  the  disordered  state,  (one  or  some  of)  the 
fractions  of  I  atoms  on  the  different  kinds  of  I  sites  are 
differently  perturbed.  To  arrive  at  the  ordered  state  so- 
lution(s)  of  the  five  nonlinear  equations,  an  iterative  nu¬ 
merical  method  has  to  be  used.  Root  finding  requires  a 
good  initial  guess. For  a  good  initial  guess,  knowl¬ 
edge  on  the  order-disorder  transition  is  indispensable. 

The  equations  of  type  Eq.  [3]  can  each  be  written  as 
fix)  =  /(xai,  Xbi,  . . .,  Xc2).  If  X  dx  and  x  are  suffi¬ 
ciently  close  and  if  f(x)  is  continuous  for  x,  it  holds  that 
any  difference  in  the  occupancy  of  the  six  kinds  of 
sites  tends  to  nil  on  approaching  the  order-disorder 
transition  from  the  ordered  configuration; 
the  six  equations  that  make  up  Eq.  [3]  can  be  replaced 
by  their  total  differentials; 


within  the  range  x  to  x  -f  dx,  the  infinitesimal  changes 
‘^Aii  dx^„  ...,  dxc2  can  be  taken  proportional  to 
each  other. 

Using/ =  dx^,ldXf,,,  g  =  dxddx^,,  h  =  dxddx^, 
i  =  dx^2ldxM,  and  j  —  dxddx^  {dx,,,,  0),  one  thus 

obtains  for  changes  of  the  chemical  potentials  at  the 
order-disorder  transition  defined  by  T,  and  x,: 

dd' 

=  -2W,[;i]  -  Wp[f+  g] 


WJi+j]+kT, 


-2Wfi]  -  W,[l  +  g] 


1 

'  _x,(l  -  x,)_ 


WpAh+j]  +fkT, 


1 

'.x,(l  -x,)_ 


/if  =  =  h-l' 


„A2  =  ,,B2 
H-l  P'1 


C2  _ 

Pi  =  Pi 


Thus,  a  set  of  five  relations  nonlinear  in  Xai,  . . .,  Xc2  is 
obtained  from  Eqs.  [3]  and  [4].  Equal  occupancy  of  the 
six  kinds  of  sites  fulfills  the  equilibrium  condition 


=  -2WAj]  -  WAl  +/] 


-  WpAh  +  i]  +  gkT, 


1 

'Lx,(1  -  x,)_ 
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2WAI]  -  +;•] 


[7] 


Ndxj^i 


-  W.,\f+  g]  +  hkT, 


1 


x,{\  -  j:,)J 


[6d] 


dtxf 

NdxA 


=  -2WAf]  -  WAh+j] 


-  W,Al  +  g]  +  ikT, 


1 


x,{\  -  X,). 


[6e] 


dfJi? 

NdxM 


-2WAg]  -  WAh  +  i] 


W,Ai  +/]  +jkT, 


1 


-  xA 


m 


Because  y(x)  has  to  be  continuous  forx  and  because  f(x) 
represents  first  derivatives  of  the  Gibbs  free  energy  with 
respect  to  x^i,  x^i,  Xc2,  the  order-disorder  transition 
(in  this  analysis)  cannot  be  a  first-order  phase  transition. 
For  equilibrium  at  the  order-disorder  transition,  the  six 
equations  of  Eq.  [6]  (linear  in/,  ...,  j)  have  to  give 
identical  values  for  dg^i/dx^  (cf.  Eq.  [4]).  The  problem 
can  be  solved  exactly  and  provides  four  sets  of  solutions. 

For  dfiJdxM  ^  0,  only  one  solution  holds: 

{^)f=g-h-i=j  =  1;  no  ordering  occurs. 

For  d^iijdxM  =  0  and  the  constraint  I  +  f  +  g  +  h 
+  i  +  j  =  0  (because  the  order-disorder  transition  holds 
for  one  particular  total  interstitial  content),  three  solu¬ 
tions  hold: 

(2)  h  =  -l,/=  -i,  g  =  -j,  and  i  +  j  =  1;  an  increase 
of  the  occupancy  of  sites  A1  is  associated  with  a  de¬ 
crease  of  the  occupancies  of  sites  A2  and  B 1  -f  Cl,  and 
an  increase  of  the  occupancies  of  sites  B2  -f  C2,  i.e.,  a 
tendency  for  not  forming  first  and  second  nearest  neigh¬ 
bors  but  for  forming  third  nearest  neighbors. 

(3)  y  =  g  =  1  and  h  =  i  =  j  =  - 1 ;  an  increase  of  the 
occupancy  of  sites  A1  is  associated  with  a  decrease  of 
the  occupancies  of  sites  A2,  B2,  and  C2  and  an  increase 
of  the  occupancies  of  sites  B1  and  Cl,  i.e.,  a  tendency 
for  not  forming  first  and  third  nearest  neighbors  but  for 
forming  second  nearest  neighbors. 

(4)  /z  =  \,  f  =  i,  g  =  j,  and  z  +  y  =  -1;  an  increase 
of  the  occupancy  of  sites  A1  is  associated  with  an  in¬ 
crease  of  the  occupancies  of  sites  A2  and  a  decrease  of 
the  occupancies  of  sites  B1  -I-  Cl  and  B2  +  C2,  i.e.,  a 
tendency  for  not  forming  second  and  third  nearest  neigh¬ 
bors  but  for  forming  first  nearest  neighbors. 

The  values  of  the  above  parameters/,  g,  h,  i,  and  j  can 
thus  physically  be  interpreted  as  a  prescription  for  the 
evolution  of  (the  differences  in)  the  occupancies  of  the 
different  kinds  of  I  sites  at  the  onset  of  ordering. 

From  the  condition  dii^/dx^  =  0,  necessary  at  the 
onset  of  ordering  (to  obtain  the  sets  (2)  through  (4)),  it 
immediately  follows  from  Eq.  [6]  for  the  order-disorder 
transition: 


where  is  an  effective  exchange  energy  according  to 

ITeff  =  -2WAh\  -Wp[f+g]-  [i  +  j]  [8] 

According  to  Eq.  [7],  the  critical  temperature  for  the 
order-disorder  transition  is  =  —W^f{/4k  and  occurs  at 

X  =  1/2. 

The  three  possible  starting  points  for  ordering  (solu¬ 
tions  (2)  through  (4))  lead  to  five  distinct  cases  of  or¬ 
dering.  This  is  caused  by  a  nonexplicit  prescription  for 
the  values  of  /,  g,  i,  and  j,  according  to  the  solutions  (2) 
and  (4).  Depending  on  the  actual  values  for/,  g,  i,  and 
j  and  the  values  for  the  exchange  energies,  two  cases  of 
ordering  are  found  to  be  possible  for  each  of  the  solu¬ 
tions  (2)  and  (4).  The  two  cases  of  ordering  evolving 
from  solution  (2)  will  be  considered  in  detail  in 
Section  B  as  configurations  A  and  B  and  were  reported 
to  have  been  observed. The  case  of  ordering 
evolving  from  the  order-disorder  transition  according  to 
solution  (3)  can  be  regarded  as  a  tendency  for  forming 
an  alternation  of  fully  occupied  and  completely  empty 
(OOl)-planes  of  the  1  sublattice  for  the  composition  M2I. 
This  has  been  observed  for  many  cases. 

The  occurrence  of  disordering  and  of  ordering  ac¬ 
cording  to  the  three  discussed  possibilities  (2)  through 
(4)  can  be  presented  as  a  function  of  the  various  ex¬ 
change  energies  in  a  “phase  diagram”  (Figure  2).  The 
diagrams  shown  represent  only  the  type  of  ordering  most 
likely  to  occur  in  the  regions  concerned;  the  actual  oc¬ 
currence  of  an  ordered  state  requires  that  the  total  frac¬ 
tion  of  interstitial  sites  occupied  is  in  between  the 
fractions,  as  prescribed  by  Eqs.  [7]  and  [8].  The  ground- 
state  structures  of  the  distinct  cases  of  ordering  have  also 
been  indicated  in  Figure  2. 

The  method  applied  for  the  numerical  evaluation  of 
the  cases  of  ordering  evolving  from  the  six  nonlinear 
equations  that  make  up  Eq.  [3]  is  given  in  Appendix  B. 

B.  Route  2 

The  derivation  of  the  LRO  model  according  to  route 
2  starts  with  the  two  ground-state  structures  obtained  by 
route  1  as  solution  (2),  which  have  first  been  indicated 
for  e-Fe2N,_,.’"  '^’  The  other  possible  ground-state  struc¬ 
ture  types  as  given  by  route  1  will  not  be  dealt  with.  For 
a  ground-state  structure,  different  types  of  sites  can  be 
discerned: 

order  sites  for  occupation  by  I  (denoted  by  z); 

order  sites  for  occupation  by  V  (denoted  by  v); 

disorder  sites  (denoted  by  d),  i.e.,  sites  that  are  in¬ 
different  with  respect  to  occupation  by  I  or  V. 

Assuming  that  the  repulsion  among  I  atoms  becomes 
stronger  on  decreasing  their  separation  is  in  accordance 
with  solution  (2)  obtained  by  route  1  (see  its  discussion 
in  Section  A- 2).  This  leads  to  the  following  subdivision 
of  the  sites  of  the  trigonal  prism.  If  A1  is  an  order  site 
(z)  for  I,  then  A2  is  an  order  site  for  V  (v).  Further,  either 
site  B1  or  site  Cl  has  to  be  indicated  as  an  order  site  for 
V.  Here,  B1  is  taken  as  an  order  site  for  V  (v),  and 
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Fig.  2  —  Phase-stability  diagram  showing  the  region  of  stability  for  each  of  the  four  cases  of  interstitial  configuration,  cases  (1)  through  (4)  (see 
text),  with  respect  to  the  values  of  WJkT,  W^/kT,  and  WJkT.  (a)  =  0;  (b)  <  0;  and  (c)  fV,,  >  0.  The  corresponding  ground-state 

structures  on  the  basis  of  the  trigonal  prism  of  interstitial  sites  have  also  been  indicated;  the  black,  white,  and  shaded  dots  represent  sites  of  type 
i  (order  sites  for  I  atoms),  v  (order  sites  for  V),  and  d  (disorder  sites),  respectively.  The  diagrams  shown  represent  only  the  type  of  ordering 
most  likely  to  occur  in  the  regions  indicated.  The  actual  occurrence  of  an  ordered  state  requires  that  the  total  fraction  of  interstitial  sites  occupied 
is  in  between  the  fractions,  x„  as  prescribed  by  Eqs.  [7]  and  [8].  As  an  illustration,  the  dashed  lines  in  (a)  separate  the  ordered  regions  from  the 
disordered  region  for  various  values  of  x,. 


consequently,  B2  is  an  order  site  for  I  (/).  Finally,  for 
sites  Cl  and  C2,  two  possibilities  remain: 

(A)  one  of  the  two  sites  is  an  order  site  for  I  (/),  and 
the  other  is  an  order  site  for  V  (v);  or 

(B)  both  sites  have  the  same  tendency  to  become  oc¬ 
cupied  by  I  or  V  and  are  disorder  {d)  sites. 

Now,  the  possibilities  for  complete  ordering  (the 
ground-state  structures)  at  the  composition  correspond¬ 
ing  with  M2I  are  considered.  Situation  (A)  leads  to  an 


alternation  of  (001)  planes  with  unequal  compositions, 
viz.,  /2V  and  V2i.  This  is  the  so-called  £-Fe2N  ground- 
state  structure  (Figure  3(a)).*  Possibility  (B)  leads  to  an 
alternation  of  (001)  planes  with  equal  compositions, 
viz.,  ivd  and  vid  (Figure  3(b))**  and  is,  because  of  the 

*This  structure  was  proposed  for  the  first  time  for  the  distribution 
of  nitrogen  atoms  over  the  octahedral  interstices  of  an  hep  lattice  of 
iron  atoms  in  e-FcjN’"'  and  was  assessed  by  X-ray  diffraction 
results.""' 

**This  structure  (with  i  sites  completely  occupied  and  v  and  d  sites 
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completely  empty)  was  proposed  for  the  distribution  of  nitrogen  atoms 
over  the  octahedral  interstices  in  E-FeiN,.;  (z  =  1/3)”"  and  was  as¬ 
sessed  by  X-ray  diffraction  results."" 


d  sites,  not  a  ground-state  structure  in  the  true  sense.  The 
specification  of  these  two  ground-state  structures  and  the 
three  types  of  sites  is  only  meant  to  define  the  reference 
(ideal)  structures  for  the  LRO.  In  reality,  the  total 
amount  of  I  atoms  on  the  hexagonal  sublattice  and  the 
degree  of  order  deviate  from  that  for  the  ground-state 
structures,  which  apply  to  absolute  zero  temperature. 

For  route  2,  the  degree  of  LRO  has  to  be  described, 
and  to  this  end,  the  LRO  parameter  r  is  introduced.  This 
parameter  is  defined  with  respect  to  the  ground-state 
structure(s),  such  that  0  <  r  <  1: 

if  the  fraction  of  the  I  atoms  occupying  v  sites  is  equal 
to  the  fraction  of  the  v  sites  relative  to  the  total 
number  of  sites  {i  +  v  +  d),  the  distribution  of  I 
atoms  on  its  sublattice  is  random:  r  =  0; 

if  no  I  atoms  occupy  v  sites,  the  distribution  of  I  atoms 
on  its  sublattice  is  ordered:  r  =  1 . 

For  the  case  of  ordering  conforming  to  ground-state 
structure  (A)  with  unequal  compositions  for  the  two 
types  of  (OOl)-planes,  two  LRO  parameters  are  defined, 
one  for  each  type  of  plane.  The  results  of  applying  the 
LRO  model  to  this  ground-state  structure  are  denoted  by 
configuration  A  hereafter.  For  the  case  of  ordering  con¬ 
forming  to  the  ground-state  structure  (B)  with  equal 
compositions  for  the  two  types  of  (OOl)-planes,  only  one 
LRO  parameter  is  defined.  The  results  of  applying  the 
LRO  model  to  this  ground-state  structure  are  denoted  by 
configuration  B  hereafter. 

1 .  Configuration  A 

Site  occupancy 

Configuration  A  is  based  on  the  ground-state  structure 
with  alternating  (001)  planes  of  type  and  Vz'-  The 
(001)  planes  of  composition  will  be  denoted  as  planes 
of  type  1  with  order  parameter  r,;  the  (001)  planes  of 
composition  Vj/  will  be  denoted  as  planes  of  type  2  with 
order  parameter  /-2  (Figure  3(a)).  The  order  parameters 
can  then  be  defined  as  follows. 

For  an  (001)  plane  of  composition  /zv  (plane  of  type 
1),  having  a  total  number  of  N  sites,  the  numbers  of  I 
atoms  on  i  sites  (Ai,,,)  and  on  v  sites  (A, ,.,)  are  given  as 
follows: 

A 

Ai,,i  =  (2  +  r,)  xi  -  [9a] 


A 

=  x^N  -  A,  ,,  =  (1  -  r,)  X,  -  [9b] 

where  x,  is  the  fraction  of  the  occupied  A  sites  in  a  plane 
of  type  1 .  Then  the  numbers  of  vacancies  on  i  sites  Av,/i 
and  on  v  sites  Av,,.|  are 

2  A 

Av./,  =  3  ^  -  ^■.-1  =  [2  -  (2  +  r.)  X,]  -  [9c] 

1  A 

Av,,.i  =  3^  “  ^i.vi  =  [1  -  (1  -  /-ilx,]  -  [9d] 


Fig.  3  —  (a)  The  ground-state  structure  consisting  of  an  alternation  of 
(001)  planes  of  types  1  and  2  with  compositions  i/v  and  Vj/,  respec¬ 
tively,  and  denoted  as  configuration  A  in  the  text,  (i  =  order  site  for 
interstitial  atoms  I;  v  =  order  site  for  vacancies  V).  (b)  The  ground- 
state  structure  consisting  of  an  alternation  of  ((X)l)  planes  of  types  1 
and  2  with  compositions  ivd  and  vid,  denoted  as  configuration  B  in 
the  text  ((  =  order  site  for  interstitial  atoms  I;  v  =  order  site  for  vacan¬ 
cies  y,  d  =  disorder  site). 


For  an  (001)  plane  of  composition  Vz/  (plane  of  type  2), 
using  analogously  defined  symbols,  it  is  obtained  that 


A 


Ai,,2  =  (1  +  2r2)  X2  - 

[10a] 

A 

Ai,„2  =  (2  —  2r 2)  X2  ~ 

[10b] 

A 

Av.;2  =[!-(!+  2r2)X2]  J 

[10c] 
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N 

yVv,,2  =  [2  -  (2  -  2r2);c2]-  [lOd] 

On  this  basis,  the  expression  for  the  Gibbs  free  energy 
according  to  the  GBW  approximation  can  be  derived 
straightforwardly;  see  Appendix  A  for  the  description  of 
configuration  A. 

2.  Configuration  B 

Site  occupancy 

Configuration  B  is  based  on  the  ground-state  structure 
with  alternating  (001)  planes  of  type  ivd  and  type  vid. 
This  ground-state  structure  can  only  be  obtained  if  the 
tendency  for  a  particular  type  of  site  to  become  occupied 
by  I  atoms  is  the  same  in  both  planes  considered;  i.e., 
the  degree  of  order  is  the  same  for  both  planes.  This  can 
be  rationalized  as  follows.  If  the  /  site  in  (OOl)-plane  1 
would  have  a  stronger  tendency  to  become  occupied  by 
I  atoms  than  the  i  site  in  plane  2,  then — because  a 
stronger  interaction  occurs  in  the  c-direction  than  within 
the  (001)  planes — also  the  v  site  in  plane  1  would  have 
a  stronger  tendency  to  become  occupied  by  I  atoms  than 
the  V  site  in  plane  2.  Thus,  the  planes  of  type  1  tend  to 
contain  more  I  atoms  than  the  planes  of  type  2,  implying 
that  the  third  type  of  site  is  a  v  site  in  plane  1  and  an  i 
site  in  plane  2.  Accordingly,  the  ground-state  structure 
of  configuration  A  results.  Hence,  if  configuration  B 
occurs,  there  is  no  difference  in  occupation  of  i  sites  (nor 
V  or  d  sites)  between  planes  1  and  2.  Then,  for  config¬ 
uration  B,  only  one  LRO  parameter  r  and  the  contents 
Xi,,  and  Xj — representing  the  fractions  of  I  on  order  sites 
{i  and  v)  and  on  disorder  sites  {d),  respectively — need 
to  be  considered.  The  LRO  parameter  r  only  applies  to 
the  order  sites. 

In  contrast  with  configuration  A,  for  configuration  B 
the  same  description  holds  for  all  (001)  planes  of  the  I 
sublattice,  each  containing  N  sites.  Thus,  for  a  (001) 
plane  of  composition  ivd  (or  vid),  it  holds  for  the  total 
numbers  of  I  atoms  on  i,  v,  and  d  sites  denoted  by  A, , 
Ai,,,,  and  Nij,  respectively: 

A 

Ni.i  =  {\  +  r)  Xi„-  [11a] 

A 

Ni,,  =  -  r)  Xi,-  [11b] 

A 

Ni.d  =  xj-  [11c] 

Then,  the  numbers  of  vacancies  on  i,  v,  and  d  sites  de¬ 
noted  by  Ay.,,  Ay and  Ay  ^,  respectively,  are 

1  A 

Ay,,  =  -  A  -  A,,,  =  [1  -  (1  +  r)  x„]  -  [lid] 

1  A 

Ay,,  =  -  A  -  A,,,  =  [1  -  (1  -  r)  xj  -  [lie] 

1  A 

Nw.d  =  -N-N,_d=[\-Xd\-  [Ilf] 

On  this  basis,  the  expression  for  the  Gibbs  free  energy 


according  to  the  GBW  approximation  can  be  derived 
straightforwardly;  see  Appendix  A  for  the  description  of 
configuration  B. 


IV.  RESULTS  AND  DISCUSSION 

A.  Results  for  Long-Range  Order  Configurations  A 
and  B 

Neglecting  the  effect  of  third  nearest-neighbor  inter¬ 
actions  {i.e.,  Wpc/kT  is  nil),  the  order-disorder  phase 
boundary  is  depicted  in  Figure  4  for  various  combina¬ 
tions  of  values  for  WjkT  and  W^/kT.  Evidently,  in¬ 
creasing  the  value  for  VT,  with  respect  to  broadens 
the  stable  composition  region  of  an  ordered  configura¬ 
tion  and  enlarges  the  stability  region  of  an  ordered  con¬ 
figuration  up  to  a  higher  temperature  (Figure  4). 

In  the  sequel  of  this  section  site  occupancies  of  the  I 
sublattice  and  the  Gibbs  free  energy  of  the  M-I  alloy  are 
discussed  for  both  configuration  A  and  B  for  fixed 
values  of  WjkT.  WjkT  =  -2,  W^/kT  =  -3,  and 
=  0,*  except  where  stated  otherwise.  In  Section  B,  the 


*These  values  of  W,  and  imply  that  pairwise  interaction  in  the 
c-direction  is  taken  twice  as  strong  as  pairwise  interaction  within  the 
(OOl)-planes  (the  coordination  numbers  for  these  interactions  are  2 
and  6,  respectively).  The  values  chosen  for  WfkT  yield  representative 
results;  the  degrees  of  order  are  not  very  large  or  small  and  the  com¬ 
position  regions  where  order  and  disorder  occur  are  both  of  significant 
size.  Chosing  values  for  W,,,  different  from  =  0  does  not  lead  to 
major  changes,  and  the  conclusions  to  be  drawn  remain  unaffected. 


results  of  the  present  LRO  approach  will  be  discussed  in 
relation  to  those  of  the  Regular  Solution  (RS)  model 
given  in  Reference  13. 


Fig.  4  —  Phase  diagram  showing  order-disorder  transitions  according 
to  the  LRO  model  (solid  line)  and  the  RS  model  (dashed  line).  The 
composition  ranges  of  the  ordered  and  the  disordered  regions  depend 
on  the  interaction  energies  and  the  temperature,  i.e.,  on  the  combi¬ 
nation  of  W,/kT  and  WfkT  (here  W,,  =  0). 
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Fig.  5  —  (a)  Occupied  fraction  for  each  of  the  six  kinds  of  I  sites  A1 , 
.  .  C2  (Fig,  1(b))  as  a  function  of  the  total  fraction  occupied  of  the 
sites  of  the  hexagonal  sublattice  that  is  occupied  by  1  atoms  for  con¬ 
figuration  A,  according  to  the  LRO  model  (solid  lines)  and  the  RS 
model  (dashed  lines)  for  the  interaction  energies  indicated,  (b)  Site 
occupancies,  x,  and  X2,  and  degrees  of  order,  r,  and  ^2,  as  a  function 
of  the  total  fraction  of  the  sites  of  the  hexagonal  sublattice  that  is 
occupied  by  1  atoms  for  configuration  A,  according  to  the  LRO  model 
(solid  lines)  and  the  RS  model  (dashed  lines;  r,  and  rj  in  italics)  for 
the  interaction  energies  indicated, 

1 .  Site  occupancies  and  degrees  of  order 
for  the  I  sublattice 

The  occupied  fraction  for  each  of  the  six  kinds  of  sites 
(Al,  Bl,  .  .  C2;  Figure  1(b)),  as  obtained  by  route  1, 

is  given  in  Figures  5(a)  and  6(a)  as  a  function  of  the  total 
occupied  fraction  of  I  sites,  y{y  =  1/6  Sk^ai  -^k)-  In 
Figures  5(b)  and  6(b),  the  (same)  results  are  presented 
as  obtained  by  route  2:  the  occupancies  of  the  I  sublattice 
and  the  degrees  of  order  are  presented  as  a  function  of 
the  total  occupied  fraction  of  I  sites,  y(3'  =  (x,  +  xf)/2 


for  A  and  y  =  (2x:,v  +  -r^)/3  for  B).  Using  Eqs.  [9]  and 
[10]  for  configuration  A  or  Eq.  [1 1]  for  configuration  B, 
results  obtained  by  route  1  can  be  expressed  as  results 
obtained  by  route  2  (and  vice  versa):  it  was  found  that, 
for  the  present  case,  routes  1  and  2  yield  identical 
results. 

At  the  composition  of  the  order-disorder  transition, 
the  degrees  of  order  are  continuous,  but  their  deriva¬ 
tives,  with  respect  to  the  total  interstitial  content,  change 
discontinuously  (Figures  5(b)  and  6(b)).  It  is  observed 
that  the  values  of  r  are  asymmetric  with  respect  to 
y  =  1/2.  This  can  be  understood  from  the  definition  of 
the  degree  of  order,  which  is  not  affected  in  a  symmet¬ 
rical  way  by  occupation  by  V  of  i  sites  and  by  I  of  v 
sites;  if  V  “atoms”  reside  on  i  sites,  r  can  still  be  equal 
to  one,  but  if  1  atoms  reside  on  v  sites,  r  deviates  from 
one  (Eqs.  [9]  and  [10]).  Eor  configuration  A,  the  frac¬ 
tions  Xy  and  X2  of  occupied  interstitial  sites  for  the  two 
types  of  (OOl)-planes  diverge  gradually  at  the  onset  of 
ordering  and  show  a  maximum  difference  at  the  com¬ 
position  Mjl  (or  IV  on  the  I  sublattice)  (Eigure  5(b)). 
This  is  accompanied  with  large  differences  in  occupation 
of  the  various  kinds  of  sites  (Figure  5(a)).  For  config¬ 
uration  B,  at  the  onset  of  ordering  all  I  atoms  prefer  to 
occupy  the  sites  involved  in  ordering.  At  the  composi¬ 
tion  M2I,  the  occupied  fractions  for  the  two  types  of  sites 
{iv  and  d  sites)  are  the  same  (Figure  6(b)).  Of  course, 
at  the  composition  M2I,  a  large  difference  occurs  be¬ 
tween  the  occupied  fractions  of  the  t  (Al ,  B2)  and  v  (A2, 
Bl)  sites  (Figure  6(a)). 

2.  Gibbs  free  energy  of  the  M-I  alloy 

The  equilibrium  Gibbs  free  energy  for  the  M-I  alloy, 
Gm-i,  is  given  as  a  function  of  the  total  occupied  fraction 
of  I  sites,  y,  in  Figure  7;  these  results  were  obtained  by 
substituting  the  equilibrium  values  for  x:ai,  •  ■  ■>  Xci 
in  Eq.  [1]  (or  x,,  X2,  r,,  r2  in  Eq.  [A  14]  and  x,v,  Xj,  r  in 
Eq.  [A22]).  This  thermodynamic  property  is  taken  rel¬ 
ative  to  a  standard  state,  viz.,  G^-i  =  6(/i,M  +  + 

(1  —  y)  fly)  {cf,  Eq.  [1]).  The  bold  square  dots  in 
Figure  7  indicate  the  order-disorder  transitions;  the 
drawn  line  in  between  these  dots  at  less  negative  values 
for  the  Gibbs  free  energy,  represents  the  Gibbs  free 
energy  for  the  disordered  state. 

The  chemical  potentials  of  I  and  M  atoms  on  their 
respective  sublattices  can  be  readily  obtained  from 
Gm-1,  applying  Eqs.  [2]  and  [5]  for  route  1  (or  for  route 
2:  Eqs.  [A15]  and  [A16]  for  configuration  A  or 
Eqs.  [A23]  and  [A24]  for  configuration  B).  The  values 
for  the  Gibbs  free  energy  are  always  finite.  This  is  not 
the  case  for  the  chemical  potentials  of  M  and  I:  for  y 
0,  fii  — ^  -00  and  ^  0;  for  y  1 ,  ju-i  ^  -l-°o  and  fiu 

—00.  It  can  be  easily  shown  that  there  is  no  discon¬ 
tinuity  for  the  first  derivative  of  the  Gibbs  free  energy 
with  respect  to  y,  but  the  derivatives  of  the  chemical 
potentials  with  respect  to  y  are  discontinuous  at  the 
order-disorder  transition.  Hence,  the  order-disorder  tran¬ 
sition  as  described  by  the  present  model  is  classified 
as  second  order  [1],  consistent  with  the  condition 
that  it  cannot  be  a  first-order  phase  transition  (see 
Section  III- A). 

Obviously,  for  values  of  y  in  between  the  composi¬ 
tions  for  the  order-disorder  transition,  ordering  accord¬ 
ing  to  either  of  the  configurations  (A  or  B)  leads  to  a 
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Fig.  6 — {a)  Occupied  fraction  for  each  of  the  six  kinds  of  I  sites  Al , 

.  .  C2  (Fig.  1(b))  as  a  function  of  the  total  fraction  of  the  sites  of 
the  hexagonal  sublattice  that  is  occupied  by  I  atoms  for  configuration 
B,  according  to  the  LRO  model  (solid  lines)  and  the  RS  model 
(dashed  lines)  for  the  interaction  energies  indicated,  (h)  Site  occu¬ 
pancies,  x„,  and  Xj,  and  degree  of  order,  r,  as  a  function  of  the  total 
fraction  of  the  sites  of  the  hexagonal  sublattice  that  is  occupied  by  I 
atoms  for  configuration  B,  according  to  the  LRO  model  (solid  lines) 
and  the  RS  model  (dashed  lines)  for  the  interaction  energies  indicated. 


lower  Gibbs  free  energy  than  that  for  the  disordered  con¬ 
figuration  (Figures  7(a)  and  (b)).  In  view  of  the  scale  of 
the  ordinate  in  Figures  7(a)  and  (b),  the  relative  stabil¬ 
ities  of  configurations  A  and  B  cannot  be  distinguished 
in  these  figures.  Therefore,  the  difference  in  Gibbs  free 
energy  between  configurations  B  and  A,  Gm.,  —  G^  i,  is 
given  as  a  function  of  the  total  fraction  of  occupied  I 
sites,  y,  in  Figure  7(c).  Configuration  B  yields  the  more 
stable  configuration  of  I  atoms  if  G^.i  “  G^.,  <  0  and 


configuration  A  yields  the  more  stable  configuration  of 
I  atoms  if  Gm.i  -  Gm.,  >  0. 

Phase  diagrams  representing  the  stability  ranges  of 
configurations  A  and  B  were  calculated  by  considering 
thermodynamic  equilibrium  between  these  configura¬ 
tions  for  different  combinations  of  the  interaction  ener¬ 
gies  Wp  and  Wp  (i.e.,  imposition  of  the  conditions  = 
Vi  and  =  ^fiu,  where  Vk  is  the  chemical  potential 
of  atoms  K  in  configuration  J).  The  results  are  given  in 
Figure  8  for  two  values  of  W^.fWp.  If  \W^./kT\  s 
\Wp/kT\,  configuration  A  is  the  more  stable  type  for  the 
entire  range  of  compositions  within  the  ordered  region, 
provided  the  value  for  \Wp/kT\  is  not  too  large  (i.e., 
|Wp|  <  ~3kT  in  Figure  8(a)).  This  can  be  understood  as 
follows;  a  strong  interaction  in  the  c-direction  (i.e.,  a 
relatively  large  value  of  \WjkT\)  is  incompatible  with 
the  occurrence  of  d  sites.  If  |IT,./^7|  becomes  consid¬ 
erably  smaller  than  \  Wp/kT\,  configuration  A  is  only  pre¬ 
ferred  in  a  narrow  composition  range  around  the 
composition  M,!.  For  example,  for  W,.  =  1/2  W/,,  the 
homogeneity  range  of  configuration  A  is  confined  to  ap¬ 
proximately  0.4  <y  <  0.6  (Figure  8(a)).  It  is  noted  that 
the  transition  from  configuration  A  to  configuration  B  is 
a  first-order  phase  transition,  whereas  the  disorder-order 
transition  is  a  second-order  phase  transition. 

The  present  theoretical  results  on  the  relative  stabili¬ 
ties  of  configurations  A  and  B  can  be  compared  with 
X-ray  diffraction  results  for  the  e-Fe2N/_j  phase.  This 
iron  nitride  can  be  conceived  as  an  hep  sublattice  of  Fe- 
atoms  containing  N-atoms  at  the  sublattice  formed  by  the 
octahedral  interstices.  The  crystal  structure  proposed  for 
the  composition  e-Fe2N2/3  (z  =  1/3;  y  =  l/3)^"''-'  is  in 
accordance  with  ordering  of  the  interstitial  nitrogen 
atoms,  according  to  configuration  B.  The  crystal  struc¬ 
ture  proposed  for  the  composition  e-Fe2N  (z  =  0;  y  = 
1/2)111.121  jj,  accordance  with  ordering  of  the  interstitial 
nitrogen  atoms,  according  to  configuration  A.  These  ex¬ 
perimental  results  are  thus  compatible  with  the  theoret¬ 
ical  predictions  (Figure  8). 

B .  Comparison  of  the  Long-Range  Order  Model 
with  the  Regular  Solution  Model  for  Ordering 
of  Interstitials  in  an  hep  Lattice 

Ordering  on  the  basis  of  the  two  ground-state  struc¬ 
tures  A  and  B  (cf.  Section  Ill-B)  was  considered  in 
Reference  13  by  applying  a  “Regular  Solution  Model” 
(RS  model).  In  the  sequel,  the  present  long  range  order 
approach  will  be  indicated  by  LRO  and  the  regular  so¬ 
lution  model  of  Reference  13  will  be  referred  to  as  RS. 
The  principal  difference  between  the  LRO  and  the  RS 
models  involves  a  priori  exclusion  of  simultaneous  oc¬ 
cupation  of  nearest  neighbor  sites  in  the  c-direction  for 
the  latter.  This  site-exclusion  condition  has  a  strong 
effect  on  the  distribution  possibilities  of  the  I  atoms  on 
their  sublattice  and  thus  on  the  corresponding  configu¬ 
rational  entropy.  Moreover,  because  of  the  site- 
exclusion  condition,  interactions  in  the  c-direction  do 
not  occur,  and  hence,  the  corresponding  exchange 
energy  does  not  occur,  and  thus,  the  enthalpy  is  affected 
too.  A  further  consequence  of  the  site-exclusion  condi¬ 
tion  is  that  the  maximum  occupation  of  the  I  sublattice 
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Fig.  7  —  (a)  Gibbs  free  energy,  (Gm-i  —  Gl,.i)/(\/3)NkT,  as  a  function  of  the  total  fraction  of  the  sites  of  the  hexagonal  sublattice  that  is  occupied 
by  I  atoms.  The  drawn  lines  outside  and  in  between  the  square  dots,  at  the  less  negative  values,  represent  the  Gibbs  free  energy  for  a  disordered 
distribution  of  I  atoms;  the  drawn  line  in  between  the  square  dots  at  the  more  negative  values  represents  the  Gibbs  free  energy  for  the  LRO 
configurations  A  and  B.  The  dashed  lines  hold  for  the  RS  model  that  predicts  ordering  within  the  (OOl)-planes  for  I  contents  above  that  indicated 
by  the  dot  (less  negative  values:  disordered;  more  negative  values:  ordered),  (b)  Enlargement  of  (a),  (c)  Difference  in  Gibbs  free  energy,  Gm  i, 
between  configurations  B  and  A.  (G^.,  “  Gm.j)/  {l/3)NkT,  as  a  function  of  the  total  fraction  of  the  sites  of  the  hexagonal  sublattice  that  is 
occupied  by  I  atoms  for  different  combinations  of  WJkT  and  W^lkT. 


is  given  by  >>  =  1/2.  Results  of  the  RS  model  are  pre¬ 
sented  in  Figures  4  through  7(a)  and  (b)  by  use  of  dashed 
lines.  These  results  were  obtained  using  analogous  pro¬ 
cedures  as  employed  in  the  LRO  approach.  Routes  1  and 
2  (Section  III)  yielded  identical  results  for  the  RS  model. 

For  the  content  of  interstitials  at  the  order-disorder 
transition,  x„  it  holds  according  to  the  RS  modeF'^'  that 


In  Reference  13,  Eq.  [12]  was  obtained  with  Wp/k  = 
-L/R  (R  is  the  gas  constant)  and  without  taking  into 
account  third  nearest-neighbor  interaction  (represented 
here  by  Wp^);  this  effect  is  included  here  to  allow  com¬ 
parison  with  the  results  of  the  present  LRO  model 
(Eqs.  [7]  and  [A21]).  A  large  difference  occurs  between 
the  order-disorder  boundaries  of  the  LRO  model  and  the 
RS  model  (Figure  4).  In  this  respect,  it  is  noted  that  a 
fully  disordered  state  cannot  exist  within  the  RS  model, 
since  the  site-exclusion  condition  in  the  c-direction  is  as¬ 
sumed  for  all  compositions.  Therefore,  the  dashed  line 
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in  Figure  4  in  fact  indicates  the  order-disorder  transition 
within  the  (OOl)-planes  only.  For  the  RS  model,  order¬ 
ing  is  only  possible  if  (W^  -  Wp^)  <  0  (c/.  Eq.  [12]).  A 
physically  unrealistic  situation  arises  for  y  =  1/2,  be¬ 
cause  for  all  possible  temperatures,  full  ordering  and 
thus  no  order-disorder  transition  occurs  (Figure  4).  This 
result  is  another  immediate  consequence  of  the  site- 
exclusion  condition:  fory  =1/2  the  configurational  en¬ 
tropy  equals  zero,  and  thus,  the  Gibbs  free  energy 
relative  to  the  standard  state  is  independent  of  temper¬ 
ature,  implying  that  the  ground-state  structure  occurs  at 
all  temperatures. 

If  is  not  very  small  (for  site  exclusion  the  virtual 
\W^\  =  oo),  the  content  x,  for  the  order-disorder  transition 
as  obtained  from  the  LRO  model  is  smaller  than  that 


(a) 


ib) 

Fig.  8  —  Phase  diagram  showing  single-  and  dual-phase  regions  for 
the  ordered  configurations  (phases)  A  and  B;  {a)  =  Wp/2  and 

(b)  W,  =  W,. 


predicted  by  the  RS  model;  i.e.,  ordering  according  to 
the  LRO  model  starts  at  smaller  interstitial  contents  than 
according  to  the  RS  model.  The  partial  order  imposed 
by  the  site-exclusion  condition  in  the  RS  model  post¬ 
pones  ordering  to  a  higher  total  occupied  fraction. 

1.  Site  occupancy 

In  order  to  allow  a  direct  comparison  of  the  results 
obtained  with  the  LRO  model  and  the  RS  model,  the 
values  for  Wp  were  taken  equal.  The  case  of  ordering 
under  the  constraint  of  the  site-exclusion  condition  in  the 
RS  model  demands  the  degrees  of  order  to  be  equal  to 
1  at  the  composition  M2I.  Equivalently,  for  this  com¬ 
position,  the  occupied  fractions  per  type  of  (OOl)-plane 
or  per  type  of  interstitial  site  are  strictly  prescribed.  This 
is  not  the  case  for  the  present  LRO  model.  So,  in  prin¬ 
ciple,  at  least  near  the  composition  M2I,  the  site  occu¬ 
pancies  according  to  the  LRO  and  the  RS  model  are 
different. 

In  contrast  with  the  RS  model,  the  LRO  model  does 
not  prescribe  a  zero  probability  for  simultaneous  occu¬ 
pation  by  I  atoms  of  neighboring  sites  in  the  c-direction 
of  configurations  A  and  B  (c/.  Eq.  [A4a]).  This  proba¬ 
bility  is  shown  in  Figure  9  for  the  values  of  the  exchange 
energies  indicated.  As  compared  to  the  disordered  situ¬ 
ation,  on  ordering  the  probability  that  neighboring  sites 
in  the  c-direction  are  both  occupied  by  I  atoms  decreases 
and  remains  low  for  interstitial  contents  smaller  than  1/2 
(the  composition  M2I).  Obviously,  the  amount  of  nearest 
neighbors  in  the  c-direction  increases  rapidly  on  ap¬ 
proaching  the  interstitial  content  1  /2  and  beyond.  From 
Figure  9,  it  can  be  seen  that  in  the  LRO  approach,  si¬ 
multaneous  occupation  of  nearest  neighboring  sites  in 
the  c-direction  tends  to  be  excluded. 

2.  Gibbs  free  energy 

Comparing  the  Gibbs  free  energies  for  configurations 
A  and  B  as  obtained  by  the  RS  model,  it  was  concluded 


fraction  occupied  Interstitial  sites 


Fig.  9  —  Probability  according  to  the  LRO  model  for  the  occurrence 
of  simultaneous  occupancy  by  1  atoms  of  neighboring  sites  in  the 
c-direction  as  a  function  of  the  total  fraction  occupied  of  the  sites  of 
the  1  sublattice. 
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in  Reference  13  that  configuration  B  yields  a  more  neg¬ 
ative  value  for  the  Gibbs  free  energy  than  configuration 
A  for  all  compositions  within  the  ordered  region  ac¬ 
cording  to  the  RS  model.  This  finding  is  opposite  to  the 
results  obtained  with  the  LRO  approach,  where  config¬ 
uration  A  (1)  is  always  stable  near  the  stoichiometric 
composition  M2I  and  (2)  for  |lT^/A:r|  §>  |VTp/^7’|  it  be¬ 
comes  stable  in  the  entire  ordered  region  (Figures  7(c) 
and  8  and  the  discussion  in  Section  A-2). 

The  stabilities  of  a  configuration  (A  or  B)  according 
to  the  LRO  model  and  the  RS  model  can  be  compared 
on  the  basis  of  the  corresponding  Gibbs  free  energies. 
Such  a  comparison  of  the  LRO  and  the  RS  model  is  only 
justified  (1)  if  equal  values  for  the  exchange  energies  are 
used  and  (2)  if  the  reference  states,  i.e.,  G^.i  = 
6  (Mm  +  yiA  +  (1  “  are  identical.  Adopting  the 

treatment  of  section  III  and  taking  into  account  inter¬ 
actions  among  I  atoms  up  to  the  third  nearest  neighbors, 
it  holds 

LRO  model:  H?  =  N{ZJ1  -I-  Zjl  -t  Z^Jl  ep,.,,,); 

RS  model:  H?  =  N{Z^/2  -t  Zjl  Cp,.,,);* _ 

*The  reference  state  as  described  in  Reference  13  was  not  explicitly 
defined,  but  expressed  in  the  present  terminology,  it  holds  that  /j,"  = 
hfi  -  I  +  +  Wp,  with  htl of  the  RS  model  given  above.  The 

regular  solution  parameter  L  of  Reference  13  is  identical  to  -NW^  in 
this  article. 


where  Z^Jl  is  the  number  of  bonds  among  third  nearest 
neighbors.  Thus,  the  reference  states  for  the  LRO  and 
the  RS  model  are  not  identical  because  of  omittance  of 
interstitial  interactions  in  the  c-direction  by  the  RS 
model.  Then,  if  the  interaction  energies  Cp  iv  and 
are  small  as  compared  to  e^  n,  which  is  likely  to  be  the 
case  if  V  represents  vacancies,  the  exchange  energy  VT,., 
as  given  by  Eq.  [A7],  reads  -ZJ2  e^  u-  Then,  the  ref¬ 
erence  state  for  the  RS  model  can  be  made  compatible 
with  that  for  the  LRO  model  by  subtracting  the  value  of 
AWp  from  the  value  of  //?  for  the  RS  model,  as  indicated 
in  this  section.  The  Gibbs  free  energies  for  the  RS  model 
adapted  in  this  way,  i.e.,  to  all  values  for  the  Gibbs  free 
energy  the  value  of  AW,  is  added,  are  presented  in 
Figures  7(a)  and  (b). 

For  small  fractions  of  occupied  interstitial  sites,  the 
RS  model  yields  more  negative  values  for  the  Gibbs  free 
energy  than  the  LRO  model,  but  the  differences  are  rel¬ 
atively  small  (Figure  7(b)).  However,  if  the  interstitial 
content  approaches  the  composition  Mjl,  a  substantial 
difference  of  opposite  sign  occurs:  ordering  as  consid¬ 
ered  in  the  LRO  model  corresponds  to  the  most  stable 
state.  The  less  stable  interstitial  configuration  predicted 
by  the  RS  model  near  the  composition  M2I  is  caused  by 
the  rigid  demand  of  the  site-exclusion  condition.  Ap¬ 
parently,  even  if  the  repulsion  between  I  atoms  in  the 
c-direction  is  strong,  the  presence  of  a  small  fraction  of 
I  atoms  on  nearest  neighboring  sites  in  the  c-direction  is 
favorable.  Then,  the  small  negative  effect  on  the  en¬ 
thalpy  is  compensated  by  the  strong  positive  effect  on 
the  configurational  entropy. 

V.  CONCLUSIONS 

1.  Long-range  ordering  of  atoms  I  and  vacancies  V  on 
the  sublattice  constituted  by  the  octahedral  interstices 


of  an  hep  sublattice  of  atoms  M  can  be  described  by 
applying  the  Gorsky-Bragg-Williams  (GBW)  ap¬ 
proximation  (or  zeroth  approximation  to  the  Ising 
model)  to  a  trigonal  prism  constituted  by  six  kinds  of 
sites  for  atoms  I  and  vacancies  V,  eonsidering  pair¬ 
wise  interaction  up  to  third  nearest  neighbors.  Two 
routes  can  be  followed: 

Route  1  starts  with  a  description  for  the  occupaney  of 
each  of  the  six  sites  on  the  trigonal  prism  and  the 
associated  ehemical  potentials. 

Route  2  starts  with  a  ground-state  stmeture  for  distin¬ 
guishing  between  order  and  disorder  sites.  Relative 
to  the  ground-state  structure,  LRO  parameters  can 
be  defined. 

2.  The  possible  ground-state  structures  on  sites  of  the 
trigonal  prism  have  been  derived  as  a  function  of  the 
pairwise  interaction  energies  following  route  1 .  Two 
of  these  ground-state  structures  form  the  basis  for  two 
configurations,  denoted  as  configurations  A  and  B, 
to  which  the  GBW  approximation  is  applied  follow¬ 
ing  route  2.  The  ground-state  stmeture  forming  the 
basis  for  configuration  A  is  characterized  by  an  al¬ 
ternation  of  (OOl)-planes  having  average  eomposi- 
tions  I2V  and  IV2;  the  ground-state  stmeture  forming 
the  basis  for  configuration  B  is  characterized  by 
(OOl)-planes  having  equal  compositions. 

3.  The  stabilities  of  the  ordered  configurations  A  and  B 
with  respect  to  one  another  and  with  respect  to  the 
disordered  configuration  as  a  function  of  the  overall 
oecupaney  of  the  interstitial  sublattice  can  be  repre¬ 
sented  by  phase  diagrams  showing  monophase  (A 
and  B  and  disorder)  and  dual-phase  (A  -I-  B)  regions. 
Configuration  B  is  the  more  stable  configuration  for 
interstitial  contents  lower  than  the  one  for  the  stoi¬ 
chiometric  composition  M3I  and  higher  than  the  one 
for  the  stoichiometric  composition  M3I2;  configura¬ 
tion  A  is  generally  preferred  near  the  stoichiometric 
composition  M2L  This  agrees  with  reported  data  for 
£-Fe2Ni_2.  It  was  found  that  the  stronger  the  repulsive 
interaction  in  the  c-direction,  relative  to  the  repulsive 
interaction  within  the  (OOl)-planes,  the  broader  is  the 
homogeneity  range  of  configuration  A.  Further,  the 
results  showed  that  ordering  itself  is  a  second-order 
phase  transition,  while  the  transition  from  one  or¬ 
dered  configuration  to  the  other  is  a  first-order  phase 
transition. 

4.  The  results  were  compared  to  those  of  a  regular  so¬ 
lution  model  for  interstitials  in  an  hep  lattice  that  ex¬ 
cludes  simultaneous  occupancy  of  neighboring  sites 
in  the  c-direction  for  all  compositions.  The  present 
LRO  model  provides  a  physically  more  realistic  de¬ 
scription  and  leads  to  thermodynamically  more  stable 
configurations  in  the  ordered  region. 

APPENDIX  A 

The  thermodynamic  description  of  configuration  A, 
based  on  the  prescription  of  the  site  occupancies  ac¬ 
cording  to  Eqs.  [9]  and  [10],  and  the  thermodynamic 
description  of  configuration  B ,  based  on  the  prescription 
of  the  site  occupancies  according  to  Eq.  [11],  will  be 
given  here. 
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Configuration  A 

Configurational  entropy 

For  the  (001)  planes  of  type  1,  the  number  of  distri¬ 
bution  possibilities  D,i  of  I  and  V  on  the  i\  sites  follows 
from  the  total  number  of  i\  sites  (2/3N),  the  number  of 
I  atoms  on  il  sites  Eq.  [9a]),  and  the  number  of 
V  on  il  sites  (yVv,,n  Eq-  [9c]): 

2 

-m 

3 

A,  = - 


2 

-N\ 

I - ^  [Al] 


a” 

a' 

(2  -f  ri)  Xi  - 

! 

(2  -  (2  +  ri)x,)  y 

The  numbers  of  distribution  possibilities  D,,,,  0,2,  and 
0„2  of  I  and  V  on  the  vl,  12,  and  v2  sites,  respectively, 
are  obtained  in  a  similar  way  (using  Eqs.  [9]  and  [10]). 

The  total  configurational  entropy  S  of  the  pseudo¬ 
binary  alloy  I-V  (entropy  of  mixing  I  and  V)  for  one 
(001)  plane  of  type  I  and  one  (001)  plane  of  type  2  (each 
plane  containing  a  total  of  N  sites)  is  given  by 

5  =  yt  [In  (0„)  +  In  (0„)  +  In  (0,2)  +  In  (O,,)]  [A2] 

where  k  is  Boltzmann’s  constant.  Substituting  the  num¬ 
bers  of  distribution  possibilities  (cf.  Eq.  [Al])  in 
Eq.  [A2]  and  using  Stirling’s  approximation  (In  (n!)  = 
n  In  (n)  -  n  for  large  n)  the  total  configurational  entropy 
Sconf  is  readily  obtained  as 

5co„f  =  ^  M  {4  In  (2)  -  [(2  +  r,)  x,]  In  [(2  +  r,)  x,] 

-  [2  -  (2  -f  ri)  j;,]  In  [2  -  (2  +  r,)  x,] 

-  [(1  -  ri)  J^i]  In  [(1  -  /-,)x,] 

-  [1  -  (1  -  r,)x,]  In  [1  -  (1  -  /-|)x,] 

-  [(1  +  2r2)  X2]  In  [(1  +  2/-2)x2] 

-  [1  -  (1  +  2r2)  X2]  In  [1  -  (1  +  2r2)  X2] 

-  [(2  -  2r2)  X2]  In  [(2  -  2r2)  x,] 

-  [2  -  (2  -  2r2)  X2]  In  [2  -  (2  -  2r2)  X2]} 

[A3] 

Since  the  occupation  of  the  M  sublattice  is  complete  and 
M  and  I  atoms  do  not  reside  on  each  other’s  sublattices, 
M  does  not  contribute  to  the  configurational  entropy  and 
Eq.  [A3]  pertains  to  the  whole  M-I  alloy  as  well. 


Pairwise  nearest  neighbor  interaction 
in  the  c-direction  of  the  I  sublattice 
The  probability  Pu  that  two  neighboring  sites  in  the 
c-direction  are  both  occupied  by  I  atoms  is  given  by  t'ne 
chance  for  simultaneous  occupancy  of  i\  and  v2  and  of 
vl  and  i2  sites.  Hence,  recognizing  that  the  probability 


of  occupancy  of,  e.g.,  an  i\  site  by  an  I  atom  is 
^uil  (2/3yV),  it  follows  that 


_  2  Ni  ii  Ni  y2  1  A;  vl  Al  ,2 

II  -  -  —  —  +  -  —  J 

-N-N  -N-N 

3  3  3  3 


[A4a] 


The  number  of  H-v2  neighbors  is  twice  as  high  as  the 
number  of  vl-/2  neighbors  due  to  the  respective  com¬ 
position  of  the  type  1  (/2V)  and  type  2  (v2i)  planes.  Fur¬ 
ther,  ‘’F’li  can  maximally  equal  1.  Both  constraints  are 
expressed  in  Eq.  [A4a]  by  the  factors  2/3  and  1/3.  The 
probabilities  ‘’F’vv  and  ‘Piv  for  V-V  and  TV  nearest 
neighbors,  respectively  (in  the  c-direction),  are  obtained 
likewise; 


=  — 

r  vv 
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IV 


2 

3 


A|,,l  Ay  v2 


2  2 
-A  -A 
L3  3 


Ay  ,1  Al  v2 

-A  -A 
3  3-' 
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1  p-  +  -^y- 
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[A4c] 


The  sum  ‘Pu  -f  ‘'Pyy  +  Tiy  of  course,  equals  1. 

The  energy  E^.  resulting  from  the  pairwise  nearest 
neighbor  interactions  in  the  c-direction  is  proportional  to 
the  sum  of  the  products  of  the  probabilities  ‘^Pn,  '^Pyy, 
and  ‘Piy  and  their  corresponding  interaction  energies 
^cM,  ^cyv->  and  c,.|y.  Neglecting  pressure  and  volume 
(pV)  effects  of  mixing  I  and  V,  the  enthalpy  //,.  is  equal 
to  the  energy  P,,.  Hence,  recognizing  that  the  total 
number  of  c  interactions  for  a  pair  of  type  1  and  type  2 
planes  is  2A,  it  follows  for  such  a  pair 

A,.  =  [‘P 11  e,.,ii  +  ‘^P yy  Cc.vv  +  '^Eiv  Cc,iy]  2A  [A5] 

Using  Eqs.  [9]  and  [10],  substitution  of  the  probabilities 
given  by  Eq.  [A4]  in  Eq.  [A5]  yields 

A,  =  [x,  +  x,]  A?,,  +  [(1  -  xi)  +  (1  -  X2)]  A^,c 


+  AWTx,(l  -  X2)  +  X2(l  -  Xi)]  +  2AlVpir2X,X2 

[A6] 

where  =  A  Z,./2  and  ^  =  A  Z^/2  c^.vv  with 
Zc/2  being  the  number  of  bonds  in  the  c-direction  per 
atom  (Zc/2  =  1).  is  the  “exchange  energy”  in  the 
c-direction: 


Wc  —  2  [2Cr,lv  C,.  11  c,.  yy]  [A7] 

The  term  pf  ^  is  a  fraction  of  pf,  the  enthalpy  of  A  atoms 
of  the  pure  component  I  (with  exactly  the  same  lattice 
as  the  I  sublattice).  Accordingly,  A^,.  is  a  fraction  of 
A^,  the  enthalpy  of  A  atoms  of  the  pure  component  V 
(with  exactly  the  same  lattice  as  the  I  sublattice;  for  the 
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present  case,  where  V  of  the  hypothetical  IV  alloy  rep¬ 
resents  vacant  I  sites,  of  course  is  zero).  The  first 
two  terms  on  the  right-hand  side  of  Eq.  [A6]  represent 
the  “ideal  mixing”  enthalpy  of  the  hypothetical  I-V 
alloy.  The  third  term  on  the  right-hand  side  of  Eq.  [A6] 
represents  the  change  in  enthalpy  due  to  random  mixing, 
but  taking  into  account  the  difference  in  interaction 
energy  of  I-I,  V-V,  and  I-V,  nearest  neighbors.  This  is 
the  same  enthalpy  change  as  emerging  in  the  “zeroth  ap¬ 
proximation  to  the  regular  solutions”  for  an  I-V  alloy. 
The  last  term  on  the  right-hand  side  of  Eq.  [A6]  repre¬ 
sents  the  change  in  enthalpy  due  to  ordering. 


Pairwise  nearest  neighbor  interaction  within  the 
(001)  planes  of  the  I  sublattice 

The  probability  'Eu  that  two  neighboring  sites  within 
a  plane  of  type  1  (ijv)  are  both  occupied  by  I  atoms  is 
given  by  the  chance  for  simultaneous  occupancy  by  I 
atoms  of  two  i\  sites  and  of  i\  and  vl  sites; 


"  3  2  2  "^3  2  1 

-N-N  -N-N 
3  3  3  3 


In  a  plane  of  type  1,  the  number  of  /1-/1  interactions  is 
half  of  the  number  of  zT-vl  interactions  (Figure  3(a)), 
which  is  expressed  in  Eq.  [A8a]  by  the  factors  1  /3  and 
2/3,  respectively.  The  other  probabilities  in  a  plane  of 
type  1  ,  Eyv  ^itd  *E|V)  sre  obtained  analogously; 


Ir,  l-^V,;l^V,il  2Vv,,iAv,vl  r  .  i 

/’vv  =  -  — — +  -  — —  [A8b] 
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Ai,,i  Av,vi  ^  Av,a 
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[A8c] 


The  probabilities  ^Evv>  and  ^E]v  for  a  plane  of  type 
2  (V2/)  can  be  obtained  directly  from  Eq.  [A8],  by  re¬ 
placing  i\  by  v2  and  vl  by  12. 

The  enthalpy  Hp  for  a  pair  of  planes  of  types  1  and  2 
due  to  nearest  neighbor  interaction  within  the  planes  is 

fip  =  [('E ii  "f  ii)  ^pM  +  CP vv  T  ^P vv)  ^p,\\ 


+  (’Eiv  +  "E,v)  3A 


[A9] 


where  Cp  ^,  Cpy^^,  and  Cp  y  are  the  interaction  energies 
between  I-I,  V-V,  and  I-V  nearest  neighbors  within  the 
(001)  planes,  respectively,  and  the  factor  3N  accounts 
for  the  total  number  of  nearest  neighbor  interactions 
within  one  plane.  Using  Eqs.  [9]  and  [10],  substitution 
of  the  probabilities  given  by  Eq.  [A8]  in  Eq.  [A9]  yields 

Hp  =  [X,  +  X2]  H^,p  +  [(1  -  X,)  +  (1  -  X2)]  Hl_p 


+  AW^[x,(l  -  X.)  +  X2(l  -  X2)] 

+  NWp  (x,r,)^  +  (x^r^)^  [AlO] 

4 


where  H^p  =  N  Zpjl  „  and  if^  p  =  N  Zpfl  Cpy^  with 
Zp/2  being  the  number  of  bonds  within  one  (001)  plane 
per  atom  (Zp/2  =  3).  The  term  Wp  is  the  “exchange 
energy”  for  the  (001)  planes; 

Wp  =  ^  [2cp,,v  -  Cp.n  -  Cp.vv]  [All] 

Interpretation  of  the  terms  on  the  right-hand  side  of 
Eq.  [AlO]  corresponds  to  that  given  for  Eq.  [A6]. 

Interaction  of  the  M  and  I  sublattices 
Since  the  occupation  of  the  M  sublattice  is  complete 
and  every  site  of  the  I  sublattice  is  surrounded  by  atoms 
M  in  a  similar  way,  the  probability  E^,  of  finding  a  pair 
M-I  for  a  pair  of  planes  of  type  1  and  type  2  is  deter¬ 
mined  only  by  the  occupancy  of  the  I  sublattice  by  I 
atoms; 


2 


3 


1 

=  -  (a;i  +  X2)  [A12a] 


The  probability  Emv  of  finding  V  adjacent  to  M  is  ob¬ 
tained  likewise; 


■/^Mv  ~  1  Emi  —  ^(1  X]  +  1  X2)  [A12b] 


The  enthalpy  Bmi  due  to  interaction  of  I  atoms  and  their 
surrounding  M  atoms,  per  pair  of  type  1  and  type  2 
planes,  can  thus  be  described  by 

Hmi  ~  (X]  +  X2)  H^i  [A13a] 

where  represents  the  interaction  of  N  atoms  I  with 
their  surrounding  M  atoms  (Note  that  there  are  2N  sites 
for  I  atoms  per  pair  of  type  1  and  type  2  planes).  For 
the  enthalpy  Hmv  associated  with  interaction  of  M  and 
V,  it  is  obtained 

Hmv  ~  (1  ~  -Vl  +  1  ~  X2)  Hmv  [A13b] 

where  //mv  represents  the  interaction  energy  of  A  atoms 
V  with  their  surrounding  M  atoms.  If  V  represents 
vacant  I  sites  with  no  interaction  of  M  and  V, 
H^y  is  zero. 


Gibbs  free  energy,  chemical  potential, 
and  equilibrium  condition 

Using  Eqs.  [A3],  [A6],  [AlO],  and  [A13]  and  super¬ 
imposing  the  Gibbs  free  energy  of  the  M  sublattice  (i.e., 
the  Gibbs  free  energy  of  the  pure  component  M,  which 
is  given  by  E5vib,M  for  N  atoms  M)  the  total  Gibbs 
free  energy  Gm-i  of  the  M-I(-V)  alloy,  for  the  considered 
pair  of  type  1  and  type  2  planes  of  the  I  sublattice  and 
the  associated  pair  of  planes  of  the  M  sublattice  (each 
containing  N  atoms  M),  becomes 
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Gm-1  ~  2(//m  2’5^ib,M) 

+  [X,  +  X2]  -  rs^.b,,  +  w"m,) 

+  [(1  -  X,)  +  (1  -  X,)]  m  -  +  /4v) 

+  AW^  [x,(l  —  X2)  +  X2(l  —  Xi)]  +  NW^[2r^r 2X^X2] 


+  NW,  [x,(l  -  X.)  4-  X2(l  -  X2)] 

+  AW,  ^  {x,r,f  +  {x^r^f 

[A14] 

where  ^^onf  is  given  by  Eq.  [A3]  and  is  the  enthalpy 
of  N  atoms  of  the  pure  component  g  (2  =  M,  I,  V; 

=  «?,,  +  m,  =  H°y_p  +  tfyj  and  A^ib.e  denotes 
the  vibrational  entropy  of  N  atoms  of  the  pure  compo¬ 
nent  Q,  which  is  assumed  to  be  independent  of  com¬ 
position  and  ordering.  The  first  three  terms  on  the 
right-hand  side  of  Eq.  [A  14]  represent  the  standard  state 
of  the  M-I  alloy.  It  is  noted  that  the  contribution  of  the 
M  sublattice  and  its  interaction  with  the  I  sublattice  only 
change  the  standard  state  and,  consequently,  do  not 
affect  ordering  on  the  I  sublattice.  Recognizing  that  V 
represents  empty  sites  on  the  I  sublattice:  ew  =  0  and 
=  0. 

In  Gm-i,  as  given  by  Eq.  [A  14],  pairwise  interactions 
on  the  I  sublattice  up  to  second  nearest  neighbors  {i.e., 
first  nearest  neighbors  within  the  (001)  planes:  inter¬ 
actions  Al-Bl,  Al-Cl,  etc.)  are  taken  into  account.  Ac¬ 
counting  for  the  effect  of  at  least  second  nearest 
neighbors  is  necessary  to  attain  a  useful  thermodynamic 
description.  In  general,  the  exchange  energies  associated 
with  the  interactions  are  unknown  and  should,  therefore, 
be  considered  as  parameters  to  be  fitted  to  experimental 
data.  Adding  more  nearest-neighbor-interaction  terms  to 
the  thermodynamic  description  increases  the  number  of 
such  fit  parameters.  This  number  should  be  kept  as  small 
as  possible. 

The  Gibbs  free  energy  Gm  i  of  the  M-1  alloy  in  general 
can  be  related  to  chemical  potentials  Vi  ^nd  Vv  of  I  and 
V,  respectively,  in  (001)  planes  of  type  1  and  to  chem¬ 
ical  potentials  and  Vv  of  1  and  V,  respectively,  in 
(001)  planes  of  type  2  and  to  the  chemical  potential  ijl^ 
of  M: 

Gm-i  =  2/Xm  +  Xi  q-i  -t-  (1  —  X|) 


+  X2  Vi  (1  -^2)  Vv  [A15] 

where  the  chemical  potentials  pertain  to  N  atoms  (M,  I, 
V),  while  the  Gibbs  free  energy  pertains  to  2N  atoms  of 
M  and  (x,  +  x^yN  atoms  of  I.  If  V  represents  vacant  I 
sites,  it  holds  that  Vv  =  Vv  =  0.  Then,  the  chemical 
potentials  Vi  ^nd  ‘/Ui  each  for  N  atoms  I  in  the  corre¬ 
sponding  planes  are  defined  as  for  an  open  system  (c/. 
Eq.  [2]): 


For  equilibrium  between  I  atoms  in  the  two  types  of 
planes,  it  holds  that 


2  .  flGlVI-l 

Ai  Ai  ^  — - ^ —  =  0 

(iX|  dX2 


The  occurrence  of  ordering  originates  from  a  Gibbs  free 
energy  for  an  ordered  configuration  of  the  I  atoms  lower 
than  that  for  the  disordered  configuration.  The  degrees 
of  order  in  the  planes  of  type  1  and  type  2,  r,  and  r2, 
respectively,  will  take  values  corresponding  with  a 
minimum  value  for  the  Gibbs  free  energy,  according  to 
Eq.  [A14].  Hence,  for  equilibrium. 


3r, 


=  0 


and 


3Gm-i 

dr2 


=  0 


[A  18] 


Thermodynamical  equilibrium  of  the  M-I  alloy  is  de¬ 
scribed  by  the  Gibbs  free  energy  given  by  Eq.  [A  14] 
subject  to  the  equilibrium  conditions,  according  to 
Eqs.  [A17]  and  [A  18].  The  equations  for  the  equilibrium 
conditions  obtained  in  this  way  are  nonlinear  with  re¬ 
spect  to  the  variables  Xj,  X2,  Zi,  and  r2.  The  numerical 
evaluation  method  for  solving  these  equations  is  given 
in  Appendix  B. 


Order-disorder  transition 

The  three  equilibrium  conditions  (Eqs.  [A17]  and 
[A  18])  can  each  be  written  as/(x)  =  fOi,  ri,  Xj,  X2)  = 
0.  If  X  -I-  dx  and  x  are  sufficiently  close,  it  holds  for  all 
X  that 

df  df  df  df  , 

/(x  +  dx)  =  f{x)  H - Jr,  H - drj-i - Jx,  H - dxi 

dr,  dr2  dx,  dX2 

provided  that/(x)  is  continuous  for  x.  If  equilibrium 
holds  for  both  x  and  x  +  Jx  it  thus  follows  that 

df  df  df  df 

—  Jr,  H - Jr2  H - Jx,  H - dx2  =  0 

dr,  dr2  dx,  dx2 

Moreover,  the  infinitesimal  changes  Jr,,  Jr2,  Jx,,  and 
dx2  within  the  range  x  to  x  +  Jx  can  be  taken  propor¬ 
tional  to  one  another.  The  ratios  of  Jr,,  drj,  dx,,  and  Jx2 
are  defined  as  follows:  Jr2  =  g-dr,,  dx,  =  h-dr,,  and 
Jx2  =  i  ■  dr,  (g,  h,  and  i  are  yet  unknown  real  values), 
provided  that  dr,  0  (this  holds  within  the  ordered 
region  at  least  at  the  order-disorder  transition).  Explicit 
substitution  of  /(x)  by  the  three  equilibrium  conditions 
(Eqs.  [A  17]  and  [A  18]  and  dropping  the  subscript  M-I) 
thus  yields 

arj  \brj  dr2  \drj  dx^  \drj 


dX2  \dri 


[A19a] 


\dr 


dry  \dr- 


dxi  \dr2 


8x2  \dr2 


[A  19b] 


dry  \dxi 


dr2 


dxi  Vdx 


dx2  \dx,  dX2 


[A19c] 
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Since /(x)  has  to  be  continuous  for  x,  and  since  f(x) 
represents  first  derivatives  of  the  Gibbs  free  energy  with 
respect  to  ri,  r2,  Xj,  and  X2,  the  order-disorder  transition 
cannot  be  a  first-order  phase  transition.  At  the  order- 
disorder  transition,  equilibrium  requires  that 

ri  =  ^2  =  0,  Xi  =  X2  [A20] 

Substitution  of  G  according  to  Eq.  [A14]  and  of 
Eq.  [A20]  in  Eqs.  [A  19]  yields  a  description  of  the 
order-disorder  transition.  It  is  obtained  that 


g  =  0.5,  h  =  i. 


Xlj  =  X2j  = 


1 

2 


/, ,  — 

V  2W,  -f  W,  -  wj 


[A21] 


where  Xj,  and  Xj,,  are  Xi  and,  X2  respectively,  at  the 
order-disorder  transition.  Hence,  ordering  occurs  for 
(1  —  a)  <  X]  -f  X2  <  (1  +  a)  with  a  = 
Vl  +  4kT/(2W,  +  Wp  -  Wp,).  In  Eq.  [A21]  (and  in  a), 
the  influence  of  the  third  nearest-neighbor  exchange 
energy  Wp^  (due  to  interactions  A1-B2,  A1-C2,  etc.)  on 
the  order-disorder  transition  is  also  taken  into  account 
(Section  III- A).  At  the  onset  of  ordering,  the  evolution 
of  the  r,  and  r2  are  coupled  through  g,  and  the  evolution 
of  the  interstitial  contents  x,  and  X2  are  coupled  through 
h  and  i.  The  results  of  Eq.  [A21]  are  identical  to  the 
results  of  Eq.  [7]  for  case  (2)  as  expected. 


The  Gibbs  free  energy  Gm-i  of  the  M-I  alloy  in  general 
can  be  related  to  chemical  potentials  fiu,  1x1, 

and  jUv  of  M  and  I  and  V  for  iv  and  d  sites,  respectively; 


2.22 

Gm-1  2  ~\~  —  X/y/Xj  1  ^  ^  1 


+  ”  Xai4  + 


1  1 
3  3 


Xrf  I /Tv 


[A23] 


where  the  chemical  potentials  pertain  to  N  atoms  (M,  I, 
V),  while  the  Gibbs  free  energy  pertains  to  2N  atoms  of 
M  and  [(4/3)x,v  +  (2/3)xJA  atoms  of  I.  If  V  represents 
vacant  I  sites,  it  holds  that  /Xv  =  p-v  =  0-  For  equilib¬ 
rium,  the  chemical  potentials  of  I  on  the  order  (/  and  v) 
and  disorder  (d)  sites,  where  the  two  contents  x,v  and  x^ 
refer  to,  have  to  be  identical.  It  thus  holds  that  {cf. 
Eqs.  [A16]  and  [A17]) 

=  Y^  =  0  [A24] 

-  ax,v  -  dxa 


The  degree  of  order  r  will  take  a  value  corresponding 
with  the  minimum  value  (stable  state)  for  the  Gibbs  free 
energy  according  to  Eq.  [A22].  Hence, 


3Gm.i 

dr 


=  0 


[A25] 


Configuration  B 

Gibbs  free  energy,  chemical  potential, 
and  equilibrium  condition 

Proceeding  analogously,  as  for  configuration  A, 
expressions  are  obtained  for  the  configurational  entropy 
of  the  I  atoms  on  their  sublattice  and  for  the  enthalpies 
associated  with  pairwise  interactions  of  I  atoms  in  the 
c-direction  as  well  as  within  the  (001)  planes  of  the  I 
sublattice.  Then,  including  the  interaction  between  the 
M  and  I  sublattices,  the  Gibbs  free  energy  G^.i  for  a  pair 
of  (001)  planes  and  the  associated  pair  of  planes  of  M 
atoms  is  obtained  as  (cf.  Eq.  [A14]) 


(//m 


(ff  -  ra”,.,  +  Hi,,) 


+ 


(Hi  -  TSl,„y  +  /Cv) 


+  NW, 


2  1 

-x,v(l  “  x„)  +  -xji  \  -  xj 


+  NW,  -  (x,/f 
3 


+  NWp 


1  1  1 

-x„,(l  -  X,v)  +  -X-,v(l  -  X,,)  +  -x/1  -  x„) 
3  3  3 


1  ,  1  r 

+  NW-(x„.r)-  +  -NkT{[(\  +  r)x„]  In  [(1  +  r)x,„] 
3  3 

+  [1  -  (1  +  r)x,.,]  In  [1  -  (1  +  r)x,,] 


+  [(1  -  r)x„]  In  [(1  -  r)x,,,] 

+  [!-(!-  r)x„.]  In  [1  -  (1  -  r)x„] 

+  [xA  In  [xj  +  [1  -  xj  In  [1  -  xj}  [A22] 


Thermodynamieal  equilibrium  of  the  M-I  alloy  is  de¬ 
scribed  by  the  Gibbs  free  energy  given  by  Eq.  [A22] 
subject  to  the  equilibrium  conditions  according  to 
Eqs.  [A24]  and  [A25].  The  equations  for  the  equilibrium 
conditions  obtained  in  this  way  are  nonlinear  with  re¬ 
spect  to  the  variables  x,„,  Xj,  and  r.  The  numerical  eval¬ 
uation  method  for  solving  these  equations  is  given  in 
Appendix  B. 

Order-disorder  transition 

A  description  of  the  order-disorder  transition  for  con¬ 
figuration  B  can  be  obtained  in  a  similar  way  as  for  con¬ 
figuration  A.  Now,  instead  of  three  equilibrium 
conditions  with  four  parameters,  there  are  only  two  con¬ 
ditions  with  three  parameters.  Of  course,  the  same  order- 
disorder  transition  is  found,  as  expressed  by  Eq.  [7]  for 
case  (2)  (Section  III-A)  and  by  Eq.  [A21].  No  fixed 
interdependence  exists  for  the  evolutions  of  x,v,  Xj,  and 
r  at  the  onset  of  ordering  in  contrast  with  the  evolutions 
of  X,,  X2,  r,,  and  r2  at  the  onset  of  ordering,  according 
to  Eq.  [A21]  for  configuration  A. 


APPENDIX  B 

Numerical  evaluation  method  for  route  1 

For  the  numerical  evaluation  of  the  cases  of  ordering 
evolving  from  the  six  nonlinear  equations  that  make  up 
Eq.  [3],  the  following  route  can  be  conveniently  fol¬ 
lowed.  For  a  particular  combination  of  the  values  for 
W^IkT,  Wp/kT,  and  Wp,./kT,  Figure  2  indicates  the  most 
stable  configuration  and  the  values  for  /  ...  7  to  be  con¬ 
sidered.  From  Eqs.  [7]  and  [8],  x,  is  obtained.  Using 
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one  of  the  six  equations  of  Eq.  [3],  the  value  for 
{fjbi  -  lJ-°)/kT  for  the  order  disorder  transition  can  now 
be  calculated.  By  a  small  variation  of  this  value  for 
(yu-i  —  the  region  where  ordering  occurs  is  en¬ 

tered.  Next,  a  guess  is  made  for  the  corresponding 
change  of  one  of  the  Xk’s  with  respect  to  x,.  The  values 
for  / ...  y  now  provide  (estimates  for)  the  change  of  the 
occupancies  of  the  other  kinds  of  I  sites  with  respect  to 
X,.  Then,  at  equilibrium  and  for  the  chosen  value  of 
(p.,  -  iJi°)/kT,  the  real  values  for  x^i,  Xc2  can  be 
obtained  from  the  six  equations  that  make  up  Eq.  [3]  by 
an  iterative  numerical  method  (e.g.,  Newton- 
Raphson*"’/  Subsequent  stepwise  variation  of  the  value 
for  (yu,]  —  11°) /kT  allows  investigation  over  the  whole 
composition  range  of  the  M-I  alloy,  where  the  values  of 
Xai,  . . .,  Xc2  obtained  in  the  preceding  step  are  used  as 
initial  guesses  for  the  step  considered. 


Numerical  evaluation  method  for  route  2 

For  a  particular  combination  of  values  for  WjkT, 
WpIkT  and  Wp^fkT,  the  minimum  content  for  ordering 
X,  is  obtained  from  Eq.  [A21].  Then,  one  of  the  inter¬ 
stitial  content  variables,  x,  for  configuration  A  and  x,v 
for  configuration  B,  is  raised  to  a  value  just  above  x,. 
Next,  for  configuration  A,  the  three  nonlinear  equilib¬ 
rium  conditions  (Eqs.  [A17]  and  [A18])  are  used  to  cal¬ 
culate  the  values  of  X2,  r,,  and  rj  pertaining  to  the  chosen 
value  of  Xi  in  an  iterative  manner  applying  the  Newton- 
Raphson  method,  where  initial  guesses  forx2,  r^,  and  rj 
were  taken  such  that  X2  =  x,  and  r,  =  2r2  (cf.  Eq. 
[A21]).  For  configuration  B,  the  two  nonlinear  equilib¬ 
rium  conditions  (Eqs.  [A24]  and  [A25])  are  used  to  cal¬ 
culate  the  values  of  Xj  and  r  pertaining  to  the  chosen 
value  of  x,v  in  a  similar  manner.  Investigation  of  the 
entire  composition  range  of  the  M-I(V)  alloy  is  realized 
by  a  stepwise  increase  (by  a  small  amount)  of  the  value 
of  X]  for  configuration  A  and  the  value  of  x,,,  for  config¬ 
uration  B;  for  a  particular  step,  the  values  of  X2,  r,,  and 
r2  for  configuration  A  and  of  Xj  and  r  for  configuration 
B  obtained  in  the  preceding  step  are  used  as  initial 
guesses  for  application  of  the  Newton-Raphson 
procedure. 
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Numerical  Analysis  of  the  Rapid  Solidification 
of  Gas-Atomized  AI-8  Wt  Pet  Fe  Droplets 


SEONG-GYOON  KIM,  SUNG-HO  SHIN,  TOSHIO  SUZUKI,  and  TAKATERU  UMEDA 

A  numerical  analysis  of  the  microstructural  evolution  of  microcellular  and  cellular  a-Al  phase 
in  gas-atomized  Al-8  wt  pet  Fe  droplets  was  represented.  The  two-dimensional  (2-D)  non- 
Newtonian  heat  transfer  and  the  dendritic  growth  theory  in  the  undercooled  melt  were  combined, 
assuming  a  point  nucleation  on  the  droplet  surface  and  the  macroscopically  smooth  solid-liquid 
interface  enveloping  the  cell  tips.  It  reproduced  the  main  characteristic  features  of  the  reported 
microstructures  quite  well  and  predicted  a  considerable  volume  fraction  of  thermal  dendritic 
growth  region  in  a  droplet  smaller  than  10  /rm  if  an  initial  undercooling  was  larger  than  100  K. 
The  volume  fractions  of  the  microcellular  region,  and  the  sum  of  the  microcellular  and 
cellular  region,  were  predicted  as  functions  of  the  heat-transfer  coefficient,  h,  and  the  initial 
undercooling,  AT.  It  was  shown  that  and  in  the  typical  atomization  processes  with 
h  =  0.1  to  1.0  W/cm^K,  are  dominated  by  AT  and  h,  respectively,  but  for  h  larger  than 
4.0  W/cm^  K,  a  fully  microcellular  structure  can  be  obtained  irrespective  of  the  initial 
undercooling. 


I.  INTRODUCTION 

Physical  properties  of  materials  are  strongly  de¬ 
pendent  on  their  microstructures,  and  there  have  been 
many  efforts  to  improve  them.  Rapid  solidification  is  a 
typical  method  of  developing  new  materials  by  control¬ 
ling  the  microstructures.  With  this  technology,  the  very 
fine  solidification  microstructures  can  be  obtained  with 
desirable  phases  through  large  undercooling  and  rapid 
heat  removal.  Rapidly  solidified  Al-8  wt  pet  Fe  alloy  and 
some  ternary  or  quaternary  alloys  based  on  this  have  at¬ 
tracted  attention  as  very  promising  high-temperature 
alloys,  and  the  last  decade  has  seen  much  experimental 
and  theoretical  research  on  microstructural  evolution  in 
the  melt-spun  ribbons  and  atomized  powders  of  Al-8  wt 
pet  Fe  alloy. 

The  most  pronounced  characteristic  feature  in  the 
microstructures  of  the  rapidly  solidified  Al-8  wt  pet  Fe 
ribbons  or  powder  is  that  there  are  two  distinct  regions: 
zones  A  and  B.'"  Zone  A,  showing  a  slight  response  to 
the  chemical  etching,  has  been  identified  as  a  micro¬ 
cellular  structure  of  a-Al  by  transmission  electron  mi¬ 
croscopy  and  believed  to  be  formed  during  the 
recalescence  stage  with  a  large  initial  undercooling. 
Zone  B,  highly  sensitive  to  chemical  etching,  has  the 
microstructure  formed  after  recalescence,  which  is 
mainly  cellular  a-Al  if  the  dimensions  of  ribbon  or 
powder  are  small  and  a  primary  ARFe  or  a  eutectic  of 
a-Al  and  AlgFe,  otherwise.*^’  Besides  these  main  phases, 
various  kinds  of  intermetallic  compounds  have  been 
found  in  the  intercellular  region. Thus,  in  a  rapidly 
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solidified  Al-8  wt  pet  Fe  alloy,  various  types  of  micro¬ 
structures  and  phases  can  appear,  depending  on  the  spec¬ 
imen’s  dimensions  and  thermal  conditions  of  the 
processes,  and  these  play  a  critical  role  in  the  mechanical 
properties.'^’  The  prediction  of  the  microstructural  evo¬ 
lution  in  this  alloy,  especially  the  relative  volume  frac¬ 
tions  of  zones  A  and  B,  has  thus  been  the  subject  of 
several  works.’^-*  "  '^’ 

Boettinger  et  proposed  a  simplified  one¬ 

dimensional  (1-D)  model  for  the  atomized  droplet 
solidification  using  the  Newtonian  heat  transfer  and  the 
dendritic  growth  model  proposed  by  Lipton  et 
They  discussed  the  phase  selection  conditions  and  the 
origin  of  two-zone  microstructure.  Chu  and  Granger'®’ 
calculated  the  volume  fraction  of  zone  A  in  the  melt- 
spun  ribbon  by  a  1-D  Newtonian  model  with  the  den¬ 
dritic  growth  model  of  Lipton  et  Recently, 

Gremaud  et  a/.'”’  and  Garrard  et  performed  ex¬ 

tensive  theoretical  and  experimental  work  on  rapid  di¬ 
rectional  solidification  by  laser  treatment.  Their  main 
interests  have  been  the  solidification  behavior  at  the  vi¬ 
cinity  of  absolute  stability  limit  rather  than  the  zone  A 
microstructure. 

Gas  atomization  is  a  powerful  method  for  the  mass 
production  of  the  rapidly  solidified  materials.  During  at¬ 
omization  of  Al-8  wt  pet  Fe,  a  point  nucleation  of  solid 
at  the  droplet  surface  commonly  occurs  and  the  solid 
phase  grows  into  the  undercooled  melt.'®’  In  this  ge¬ 
ometry,  the  ratio  of  the  solid-liquid  interface  area,  where 
the  latent  heat  is  released,  to  the  droplet’s  surface  area, 
where  the  enthalpy  of  droplet  is  removed  by  a  cooling 
gas,  changes  very  rapidly  at  the  early  stage  of  solidifi¬ 
cation.  This  geometric  effect  has  significant  influence  on 
the  overall  solidification  history.''®  '®'  At  the  same  time, 
the  early  stage  of  solidification  can  show  a  strong  non- 
Newtonian  behavior  if  a  large  undercooling  is  given 
before  the  onset  of  nucleation.''^'  A  two-dimensional 
(2-D)  non-Newtonian  heat-transfer  analysis  is  needed, 
which  includes  these  two  important  phenomena  in  a  the¬ 
oretical  construction.  In  fact,  this  kind  of  numerical 
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analysis  on  the  droplet  solidification  was  described 
rather  early  by  Levi  and  Mehrabian,^'^’  but  their  model 
is  restricted  to  the  solidification  of  pure  materials  be¬ 
cause  it  used  linear  attachment  kinetics  for  the  growth 
model. 

In  this  article  we  present  a  numerical  analysis  of  the 
rapid  solidification  of  gas-atomized  Al-8  wt  pet  Fe  alloy 
droplets,  which  is  based  on  2-D  non-Newtonian  heat 
transfer  and  the  dendritic  growth  model  for  an  alloy 
melt.  Our  main  interests  are  the  relative  roles  of  initial 
undercooling  given  before  the  onset  of  nucleation,  drop¬ 
let  size,  and  heat  removal  rate  from  a  droplet  by  the  ex¬ 
ternal  coolant  on  the  microstructural  evolution  of  a-Al, 
which  is  the  most  desirable  phase.  In  the  following  sec¬ 
tions,  undercooling  refers  to  the  temperature  difference 
from  the  liquidus  temperature  of  the  metastable  a-AI, 
not  the  stable  Al3Fe. 

II.  MATHEMATICAL  MODEL 

A.  Growth  Kinetics  of  a-Al  Phase 

In  dendritic  growth  of  an  alloy,  a  fundamental  rela¬ 
tionship  between  the  tip  temperature,  T*,  the  tip  veloc¬ 
ity,  V,  and  the  dendrite  scale  (tip  radius),  r,  is  necessary. 
Including  the  Gibbs-Thomson  effect  and  the  attachment 
kinetics  effect,  this  is  given  by"*> 

.  .  2r  V 

r  =  7>+mCf -  [1] 

r  ft 

where  Tf  is  the  melting  temperature  of  pure  Al,  Cf  is 
the  liquid  composition  at  the  dendrite  tip,  F  is  the 
Gibbs-Thomson  coefficient,  fi  is  the  interface  kinetics 
coefficient,  and  m  is  the  nonequilibrium  liquidus  slope. 
If  the  dendritic  growth  is  in  a  steady  state  and  the  ther¬ 
mal  and  diffusion  fields  around  a  dendrite  are  not  dis¬ 
turbed  by  neighboring  dendrites,  T*  and  C*  are  given  by 
Ivanstov  solutions. In  a  system  as  small  as  an  atom¬ 
ized  droplet,  on  the  other  hand,  a  steady-state  thermal 
field  and  the  nonoverlapping  of  thermal  fields  between 
neighboring  dendrites  are  seldom  anticipated,  because 
the  thermal  boundary  layer  thickness  of  the  released 
latent  heat  may  be  so  large  that  it  is  comparable  to  the 
droplet  size.  Therefore,  7*  must  be  calculated  by  a  nu¬ 
merical  analysis  of  heat  transfer,  instead  of  by  the 
Ivantsov  solution.  As  shown  later,  however,  the  solutal 
diffusion  field  is  strongly  restricted  near  the  tip  of  each 
dendrite.  This  means  that  for  Cf,  we  can  use  a  simple 
Ivantsov  solution"®’ 


1  -  (1  - 

where  Cq  is  the  bulk  composition  and  P  is  the  solutal 
Peclet  number  equal  to  vj2D,  in  which  D  is  the  solute 
diffusion  coefficient  in  the  liquid,  IfP)  is  the  Ivantsov 
function  (equal  to  Pe'’E,(P),  in  which  EfP)  is  the  first 
exponential  integral  function),  and  k(v)  is  the  growth- 
rate-dependent  partition  coefficient.  By  combining 
Eqs.  [1]  and  [2]  with  the  Aziz  model’“'  for  ^(v)  and  a 
thermodynamically  consistent  model  by  Boettinger  and 
Coriell'-"  for  m,  and  adapting  the  marginal  stability  con¬ 
dition,"®'  the  following  two  equations  can  be  obtained. 


where  Wg  and  are  the  equilibrium  liquidus  slope  and 
the  partition  coefficient  in  the  Al-Fe  phase  diagram, 
assuming  a  straight  liquidus  line  of  a-Al,  P,h  is  the  ther¬ 
mal  Peclet  number  (equal  to  vj2D,h,  in  which  £>,*  is  the 
thermal  diffusivity  of  the  melt),  Cp  is  the  specific  heat 
of  the  undercooled  melt.  A//  is  the  latent  heat  of  fusion, 
and  ao  is  a  solute  trapping  parameter,  which  is  related 
to  the  interatomic  parameter.  In  Eqs.  [3]  through  [7], 
there  are  two  parameters,  ao  and  ix,  for  which  the  ac¬ 
curate  values  are  still  unclear.  But,  ao  has  been  believed 
to  be  the  same  order  of  magnitude  as  the  interatomic 
distance, and  most  of  the  estimations'^'*’'^^’'^*'  of  ju 
for  various  metals  suggest  the  order  of  magnitude, 
1  m/sK.  In  this  article,  we  use  Oq  =  6  A  and  p.  = 
1.0  m/sK.  Other  thermophysical  data  are  given  in  the 
Appendix.  By  solving  Eqs.  [3]  and  [4]  with  an  iterative 
method,  solutions  for  T*  and  r  as  the  functions  of  v  are 
obtained,  and  this  v-T*  relationship  can  be  coupled  with 
the  heat-transfer  analysis  of  the  solidification  system  to 
give  information  on  the  overall  solidification  history. 
Though  the  morphologies  of  a-Al  phase  in  the  atomized 
Al-8  wt  pet  Fe  alloy  are  microcellular  or  cellular'^'  there 
is  no  easily  tractable  simple  model  on  cellular  growth.'^®' 
Therefore,  we  assume  that  the  foregoing  dendritic 
growth  kinetics  can  be  applied  equally  to  the  cellular 
growth. 

Figure  1  shows  the  changes  of  the  solutal  Peclet 
number,  P,  and  thermal  Peclet  number,  P,,,,  with  the  tip 
velocity,  v,  which  are  obtained  from  Eqs.  [1]  through 
[7].  The  abrupt  changes  of  the  Peclet  numbers  at  v  = 

1  m/s  are  due  to  the  transition  between  the  solutal  and 
the  thermal  dendrites.  There  is  no  second  abrupt  in¬ 
crease"'"  of  Peclet  numbers  in  Figure  1,  because  the  ab¬ 
solute  stability  of  the  thermal  dendrite  occurs  at  a 
velocity  far  above  100  m/s.  In  the  range  of  v  =  0.001 
to  100  m/s,  regarded  as  the  typical  range  of  the  interface 
velocity  in  rapid  solidification,  P,h  changes  from  10^^  to 
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10  '  and  P  from  107‘  to  10^'  with  increasing  v.  Consid¬ 
ering  that  the  Peclet  number  is  the  relative  length  of  the 
tip  radius  to  the  boundary  layer  thickness  of  the  diffusion 
field,  these  results  imply  that  the  thermal  field  of  the 
latent  heat  is  fairly  insensitive  to  the  microscopic  inter¬ 
face  morphology,  while  the  solutal  diffusion  field,  on 
the  contrary,  is  strongly  confined  to  being  around  each 
dendrite  tip.  The  latter  is  a  basis  for  using  Eq.  [2]  for 
Cf.  Taking  into  account  the  former,  the  solid-liquid  in¬ 
terface  in  heat-transfer  analysis  can  be  approximated  to 
the  macroscopically  smooth  one  by  neglecting  the  de¬ 
tailed  dendrite  geometry.  This  greatly  simplifies  the 
heat-transfer  analysis. 

As  pointed  out  by  Boettinger  et  alP^  and  Rappaz,'^*' 
one  nevertheless  needs  information  on  the  solidification 
range,  i.e.,  mushy  zone  length,  which  depends  on  the 
lateral  growth  procedure  of  the  cell  and  on  the  nucleation 
and  growth  mechanism  of  the  precipitates  (mainly  the 
icosahedral  phase  in  Al-8  wt  pet  Fe  alloy"")  in  the  inter¬ 
cellular  region.  There  is  not  yet  a  good  estimation 
method  based  on  the  firm  physical  ground  for  rapid  so¬ 
lidification  in  spite  of  the  existence  of  some  sophisti¬ 
cated  models. In  the  heat-transfer  analysis, 
therefore,  we  will  assume  that  all  latent  heat  is  released 
only  at  an  imaginary  interface  enveloping  the  cell  tips. 
This  may  result  in  an  overestimation  of  the  local  reca- 
lescence  effect  by  the  released  latent  heat  if  the  mushy 
zone  length  is  much  longer  than  the  mesh  spacing  in  the 
numerical  analysis  on  heat  transfer.  Considering  that  in 
the  atomized  Al-8  wt  pet  Fe  droplets  a-Al  phase  crys¬ 
tallizes  into  an  arrayed  microcellular  or  cellular  struc¬ 
ture,^^'  where  the  liquid  fraction  behind  the  tip  is 
relatively  small,  however,  the  degree  of  the  over¬ 
estimation  cannot  be  too  severe. 

Figure  2  shows  a  plot  of  the  interface  temperature,  T*, 
as  a  function  of  tip  velocity,  v,  where  we  see  an  inver¬ 
sion  of  the  slope  in  the  transition  region  between  the  so¬ 
lutal  dendrite  with  low  velocity  and  the  thermal  dendrite 
with  high  velocity.  Similar  curves""'^'  have  been  ob¬ 
tained  for  dendritic  growth  in  a  directional  solidification. 
If  an  isotherm  velocity  in  a  directional  solidification  is 
in  the  range  of  the  inversed  slope  (between  C  and  D  in 
Figure  2),  the  temperature  and  velocity  of  the  interface 
oscillate  along  the  cycle  •••C^A^D^B— 

— >  •  •  •  in  Figure  2  to  result  in  a  banded  structure."^'  This 
has  been  observed  experimentally  in  laser-scanned  Al-Fe 
(<6  wt  pet)  alloys.""  The  discontinuous  transition  be¬ 
tween  the  solutal  and  the  thermal  dendrites  in  under¬ 
cooled  solidification,  however,  results  in  a  strong 
nonoscillatory  instability  and  a  highly  branched  structure 
formation  instead  of  a  banded  structure.'^"  This  kind  of 
structure  has  been  found  in  the  small  (<20  p,m)  Al-4  wt 
pet  Fe  powders.'"'  However,  no  banded  or  branched 
structure  has  been  found  in  the  rapid  directional""  or 
undercooled  solidification'^'  of  Al-8  wt  pet  Fe  alloy.  This 
means  that  the  high  interface  velocity  (>1  m/s)  micro¬ 
structure  of  Al-8  wt  pet  Fe  alloy  is  abnormal.  The  reason 
for  the  abnormality  is  not  understood.  Moreover,  the 
nonoscillatory  instability  during  the  transition  poses  a 
significant  difficulty  in  the  tracking  of  the  interface 
shape  by  our  numerical  simulation.  We  therefore  simply 
assumed  a  continuous  transition  between  the  solutal  den¬ 
dritic  growth  and  the  thermal  dendritic  growth,  as  shown 
by  line  AB  in  Figure  2. 


Tip  velocity  (m/sec) 

Fig.  I — Calculated  solutal  and  thermal  Peclet  numbers  {P  and  P,*) 
with  the  tip  velocity. 


Tip  velocity  (m/sec) 

Fig.  2 — Tip  temperature  (T*)  change  with  the  tip  velocity  (v).  A 
straight  line  AB  is  the  approximate  T*-v  relationship  used  in  this 
calculation. 
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B.  Numerical  Analysis  of  Heat  Transfer 

In  the  numerical  heat-transfer  analysis  on  the  solidi¬ 
fication  of  gas-atomized  Al-8  wt  pet  Fe  droplets,  the 
main  assumptions  are  as  follows. 

( 1 )  All  latent  heat  is  released  only  at  an  imaginary  inter¬ 
face  enveloping  the  cell  tips,  as  discussed  in  Section  A. 

(2)  A  single  nucleation  occurs  on  a  droplet  surface  and 
the  solid  phase  grows  axisymmetrically;  these  are  con¬ 
sistent  with  the  experimental  observations  for  powders 
smaller  than  30 

(3)  The  heat-transfer  coefficient,  /i,  for  a  droplet  is  con¬ 
stant  during  solidification;  although  in  the  atomization 
process,  the  h  value  for  a  droplet  changes  with  the  flying 
time  on  its  trajectory.  A  constant  h  during  the  solidifi¬ 
cation  of  a  droplet  was  used  for  easy  interpretation  of 
the  physical  meanings  from  the  calculation  results,  as 
well  as  for  numerical  convenience. 

(4)  Before  the  onset  of  nucleation,  the  temperature  gra¬ 
dient  in  a  droplet  is  negligible;  in  the  ranges  of  D 
(droplet  diameter)  =  1  to  100  /am  and  h  =  0.01  to 
5.0  W/cm^  K,  which  our  analysis  is  concerned  with,  the 
Biot  number  {hDllKi,  where  A'i  is  the  thermal  conduc¬ 
tivity  of  melt)  is  less  than  0.025.  Because  this  means  a 
uniform  temperature  in  a  droplet  before  the  onset  of  nu¬ 
cleation,  all  our  calculations  will  start  just  after  the 
nucleation. 

After  a  nucleation  on  the  droplet  surface,  the  heat 
transfer  in  the  droplet  is  governed  by  the  latent  heat  re¬ 
lease  at  solid-liquid  interface  and  the  heat  removal  by 
the  surrounding  gas  at  the  droplet  surface.  In  this  case, 
because  there  is  no  geometric  similarity  between  the 
macroscopic  solid-liquid  interface  shape  and  the  droplet 
surface  shape,  the  heat-transfer  analysis  should  be  2-D. 
To  do  this,  we  follow  an  algorithm  proposed  by  Levi 
and  Mehrabian^’^  with  some  modifications. 

A  droplet  of  radius  Rq  is  divided  into  axisymmetric 
(«  X  m)  volume  elements  by  a  rotational  bipolar  coor¬ 
dinate  system  ((/,  V),  as  shown  in  Figure  3.  In  this 
figure,  the  longitude  and  latitude  are  represented  by  the 
constant  U  and  constant  V  surfaces,  respectively.  A  crys¬ 
tal  nucleates  at  the  south  pole  and  grows  axisymmetri¬ 
cally.  The  energy  balance  for  an  element  ij  is  given  by 

-  I  Hdn=  KWT-dA  [8] 

dfJa,,  Jx., 


j=m 


/ 


j=l 

Fig.  3  —  Mesh  system  generated  by  a  rotational  bipolar  coordinate 
system,  (U,V),  inside  a  droplet.  Dots  are  the  nodes  of  each  element. 
The  longitude  and  latitude  are  represented  by  the  constant  U  and  the 
constant  V  surfaces,  respectively.  A  crystal  nucleates  at  the  south  pole 
and  grows  axisymmetrically. 


(fiija+\  ~  I'iJ.k+l) 

~  Olu-\.k+l('^i,j.k+\  ~ 

1  ja+ 1  1  1  i ) 

"f  ^iJ,k'^l(f'i+\j,k-¥  \ 

[10] 

where 


-  V, 


cosh  Vj  -  cos  U~ 
cosh  -  cos  t/f_, 


and 

H  =  Hs  +  A//(l  -g)  +  {T-  Ts){Csg  +  Q(1  -  ^))  [9] 

where  t  is  time,  fl,^  is  the  volume  of  element  i,j,  H  is 
the  enthalpy  per  unit  volume  of  the  element,  A,y  is  the 
area  of  the  interface  by  which  the  iJ  element  is  sepa¬ 
rated  from  neighboring  elements,  K  is  the  thermal  con¬ 
ductivity,  A  is  the  surface  area  vector,  Tg  is  the 
equilibrium  solidus  temperature,  is  the  enthalpy  of 
solid  at  Tg,  Cs  and  Q  are  the  specific  heats  of  solid  and 
liquid,  respectively,  and  g  is  the  fraction  of  solid. 

An  implicit  finite  difference  equation  corresponding  to 
Eqs.  [8]  and  [9]  can  be  represented  by 


a 


E 

i.j.k+  I 


r  /e''^  -  cos  f/f\ 

f/,+  1  -  Ui  _  \  sin  I/f  / 


—  tan 


(for  i  7^  0,  i  ^  n,  j  0,  and  j  ^  m)  [12] 

,  =0  [13] 

,  =  2ttRI  /z(tanh  Vf  -  tanh  V"  ,)  [14] 
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=0  [16] 

and 

~  A//(l  —  gi,j,k+l)  + 

CdT,j.k^i  -  Ts){l  -  + 

Cs{T,j.k^^  -  Ts)g,j,k^,  [17] 

where  the  subscripts  k  and  k  +  1  indicate  the  current  and 
next  time  steps,  respectively,  separated  by  an  interval 
A?,  and  the  superscripts  N  and  E  are  the  north  and  the 
east  boundaries,  respectively,  enclosing  an  element 
(Figure  3).  K^jk+x  (or  Klj^+x)  is  the  weighted  average 
between  j  and  ,  (or The  thermal 

conductivity  of  the  ij  element,  Kij,k+\,  is  given  by 
Ksgi,j,k+\  +  K[i\  -  gi.jMx)^  where  and  are  the  ther¬ 
mal  conductivities  of  solid  and  liquid,  respectively. 

When  Ti  j_k,  gij.k,  and  the  interface  velocity  in  the  Ith 
column,  v^k,  are  given  in  current  time  step,  the  physical 
values  in  the  next  step  are  calculated  by  the  following 
sequence. 

(1)  By  the  method  explained  later,  the  interface  migra¬ 
tion  distance  in  the  /th  column,  AS,,  along  the  constant 
U  direction  during  Ar  is  calculated. 

(2)  The  fraction  of  solid  at  the  next  time  step,  g/j.k+i  's 

calculated  from  AS,.  From  gij.k+i^  and  Kfj  k+\  can 

be  obtained. 

(3)  Inserting  gij.k+i,  Kkj,k+i,  and  Kfj^k*\  into 

Eq.  [10],  Tij^k+i  is  calculated  by  the  Gauss-Seidel  it¬ 
erative  method. 

(4)  The  temperature  of  the  element  including  the  inter¬ 
face  in  the  ith  column,  is  assigned  the  local  inter¬ 
face  temperature,  T*. 

(5)  Using  the  T*  -  v  and  v  —  r  relationships  obtained 
in  Section  A,  the  interface  velocity,  V/.^+i,  and  tip  radius, 
I'kk+i^  corresponding  to  Tf  are  obtained. 

At  the  first  step  of  the  preceding  sequence,  the  cal¬ 
culation  of  AS,  requires  some  careful  consideration.  If 
one  takes  AS,  =  v,;At,  as  done  by  Levi  and 
Mehrabian,*'^'  the  growth  direction  is  restricted  to  the 
direction  of  the  constant  U  coordinate.  This  means  that 
the  growth  procedure  of  the  solid  is  fundamentally  1-D 
in  spite  of  2-D  heat-transfer  analysis.  This  results  in  the 
interface  shape  pointing  into  the  growth  axis  even  when 
the  solidifying  system  is  very  close  to  the  Newtonian 
condition,  where  the  interface  shape  should  be  concen¬ 
tric  to  the  nucleation  site.  The  correct  tracking  of  the 
interface  advance  requires  permission  of  the  growth  into 
the  constant  V  direction  also.  This  problem  can  be  solved 
by  a  simple  geometric  correction.  That  is,  as  shown  in 
Figure  3,  it  is  more  reasonable  in  the  physical  situation 
to  regard  v,  ^A?  as  the  migration  distance  during  At  along 
the  direction  normal  to  the  interface  rather  than  the  con¬ 
stant  U  direction.  In  that  case,  v^kAt  divided  by  cos  6 
(where  6  is  an  angle  between  the  interface  normal  and 
constant  U  directions)  may  be  taken  as  the  resultant  mi¬ 
gration  distance  along  the  constant  U  direction,  AS,,  if 
the  time  spacing  At  is  sufficiently  small  (where  6  can  be 
approximated  by  tan^'  (AC/BC)  in  the  triangle  of  ABC 
of  Figure  3  if  the  interface  is  smooth  without  any  macro¬ 
scopic  large  undulation).  With  these  approximations,  AS,- 
can  be  represented  by 


where 

AC 

BC 


AS,-  —  v,-  ,tAt/cos  6  [18] 

0  -  tan' ‘  (AC/BC)  [19] 

2  ~ 
sin  U,+  i  V  sin  {/,+  i  , 

2  /tanh(y,*_,/2)\ 

- tan  I - ^ - I 

sinhy;L,  V  tan  (f//2)  / 


[20] 

v=v‘-, 


where  F,  is  the  V  value  of  the  interface  position  in  the 
/th  column. 

In  the  Gauss-Seidel  iteration  for  Eq.  [10],  the  con¬ 
vergence  criterion  was 

!i  -  nM+./7’;j,^riLax  lo'*  [22] 

where  v  is  the  number  of  Iteration. 

Because  the  growth  velocity  of  a-Al  has  a  stronger 
dependence  on  the  interface  undercooling  than  the  case 
of  linear  kinetics  used  by  Levi  and  Mehrabian,^'^^  nu¬ 
merical  instability  is  more  probable,  especially  at  early 
stages  of  the  solidification  with  a  large  initial  under¬ 
cooling.  The  instability  can  be  avoided  by  using  the 
mesh  spacing  smaller  than  the  boundary  layer  thickness 
of  the  thermal  field.  Hence,  as  shown  in  Figure  3,  we 
used  a  mesh  system  with  nonuniform  spacing,  where 
nodes  are  concentrated  in  the  vicinity  of  the  south  pole 
(nucleation  point).  The  number  of  nodes  was  (10  X  27), 
but  if  the  droplet  diameter  and  the  initial  undercooling 
were  larger  than  30  ;am  and  80  K,  respectively, 
(40  X  41)  nodes  were  used  to  decrease  the  numerical 
fluctuation  just  after  the  interface  crossed  a  boundary  be¬ 
tween  the  elements.  The  time  spacing.  At,  was  deter¬ 
mined  to  be  that  which  allowed  the  interface  to  move 
about  a  20th  of  a  mesh  spacing  in  one  time  step. 

All  thermophysical  data  for  the  preceding  numerical 
calculations  are  given  in  the  Appendix. 


III.  RESULTS  AND  DISCUSSION 

A.  Solidification  Behavior  Near 
the  Newtonian  Condition 

When  a  small  initial  undercooling,  AT,  and  a  low 
heat-transfer  coefficient,  h,  are  given  for  a  small  droplet, 
the  droplet’s  overall  thermal  history  during  solidification 
should  show  the  Newtonian  behavior.  This  can  be  a  cri¬ 
terion  of  the  soundness  of  the  non-Newtonian  heat- 
transfer  analysis.  For  example,  under  given  conditions 
of  AT  =  10  K,  /?  =  p.l  W/cm"  K,  and  D  (droplet  di¬ 
ameter)  =  10  /u-m,  our  calculation  showed  that  the  dif¬ 
ference  between  the  maximum  and  minimum 
temperatures  inside  the  droplet  at  any  moment,  AT^, 
never  exceeded  0.3  K;  with  an  increasing  fraction  of 
solid,  g,  AT, I  reached  a  maximum  value  of  0.3  K  at 
g  =  0.02  (g  is  the  solid  volume  fraction).  Thereafter, 
ATj  decreased  rapidly  to  become  0.1  K  at  g  =  0.1, 
0.06  K  at  g  =  0.2,  and  0.006  K  at  g  =  0.6.  Hence,  the 
overall  solidification  procedure  must  be  very  close  to  the 
Newtonian  condition  in  which  the  temperature  difference 
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inside  the  droplet  is  negligible  compared  with  the  tem¬ 
perature  difference  between  the  droplet  and  the  atom¬ 
izing  gas,  with  slight  deviation  around  g  =  0.02.  Under 
the  same  conditions,  Figure  4  shows  the  interface  tem¬ 
perature  and  interface  velocity  changes  along  the  growth 
axis  as  a  function  of  the  fraction  of  solid.  The  results 
from  non-Newtonian  analysis  are  indicated  as  solid 
curves.  Filled  circles  are  the  results  from  the  Newtonian 
model,  combined  with  the  T*-v  relationship  of  the  afore¬ 
mentioned  growth  kinetics,  which  can  be  derived  as 


dT^ 

dt 
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where 


R  = 


[24] 


The  consistencies  are  very  good  except  around  g  =  0.02, 
where  a  small  non-Newtonian  effect  plays  a  role. 
Figure  5  compares  the  interface  positions  (filled  circles) 
predicted  under  the  same  conditions  with  those  of  the 
Newtonian  case  (solid  curves).  Without  a  geometric  cor¬ 
rection  on  the  interface  migration  distance  (Eq.  [18]), 
the  interface  shapes  are  pointed  toward  the  growth  axis 
direction  at  the  late  stage  of  solidification,  as  shown  in 
Figure  5(a)  and  in  Levi  and  Mehrabian’s  results."’'  But 
the  interface  shapes  in  Figure  5(b)  calculated  with  a  cor¬ 
rection  given  by  Eq.  [18]  show  good  agreement  with  the 
Newtonian  interface  shapes.  The  fact  that  the  interface 
temperature,  velocity,  and  interface  shape  near  the 
Newtonian  condition  are  satisfactorily  reproduced  can  be 
regarded  as  evidence  of  the  soundness  of  our  numerical 
calculations. 


B.  Effects  of  Initial  Undercooling 

Figure  6  shows  the  effects  of  the  initial  undercooling. 
AT,  on  the  interface  temperature  during  solidification  for 
D  =  30  /cm  and  h  =  0.5  W/cm’  K,  which  are  the  typical 
values  in  atomization  processes.'^-”'  When  the  initial 
uncercooling  is  5  K  (curve  A),  the  interface  temperature 
decreases  rapidly  to  about  866  K  (38  K  undercooling)  at 
the  early  stage  of  solidification.  The  maximum  interface 
undercooling  is  fairly  independent  of  AT  in  the  range  of 
AT  =  0  to  40  K,  but  strongly  dependent  on  the  heat- 
transfer  coefficient.  Note  that  even  if  AT  is  negligible, 
there  is  a  recalescence  after  reaching  the  maximum 
undercooling.  With  AT  =  50  K  (curve  B),  the  interface 
temperature  increases  monotonously  according  to  reca¬ 
lescence.  When  AT  is  larger  than  100  K  (curve  C  or  D), 
on  the  other  hand,  there  is  a  rapid  increase  of  interface 
temperature  from  the  nucleation  temperature  (803.4  or 
783.4  K)  to  about  825  K.  In  this  temperature  range,  the 
thermal  dendrite  can  grow,  as  shown  in  Figure  2,  and  it 
grows  so  rapidly  that  its  recalescence  procedure  cannot 
be  resolved  in  Figure  6.  After  the  interface  temperature 
reaches  about  825  K,  the  partitioned  solutal  dendrite/cell 


Solid  volume  fraction 

(a) 


Solid  volume  fraction 

ib) 

Fig.  4 — (a)  Interface  temperature  and  (b)  interface  velocity  at 
the  growth  axis  with  the  fraction  of  solid  for  AT  =  10  K,  A  = 
0.1  W/cm"  K,  and  D  =  10  jum.  Filled  circles  and  solid  curves  rep¬ 
resent  the  results  from  the  Newtonian  model  (Eq.  [23])  and  non- 
Newtonian  numerical  model,  respectively. 
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Fig.  5  —  Comparison  of  the  calculated  interface  profiles  (filled  cir¬ 
cles)  with  the  Newtonian  ones  (solid  curves)  for  AF  =  10  K,  h  = 
0.1  W/cm"  K,  and  D  =  10  fxm  (a)  without  (b)  with  a  correction 
(Eq.  [18]). 


grows  with  relatively  slow  recalescence.  When  the  frac¬ 
tion  of  solid  becomes  larger  than  a  certain  value  (e.g., 
g  =  0.4  for  AT  =  120  K),  the  interface  temperatures 
approach  the  same  level,  irrespective  of  AT.  In  this 
stage,  the  solidification  system  is  very  close  to  the 
Newtonian  condition. 

Figure  7  shows  the  effects  of  the  initial  undercooling, 
AT,  on  the  microstructural  scale  (tip  radius)  for  the  same 
conditions  as  Figure  6.  As  the  solidification  progresses. 


Solid  volume  fraction 

Fig.  6 — The  effects  of  initial  undercooling  on  the  interface  temper¬ 
ature  changes  along  the  growth  axis  for  D  =  30  yum  and  h  = 
0.5  W/cm'  K. 


Fig.  7 — The  effects  of  initial  undercooling  on  the  tip  radius  changes 
along  the  growth  axis  for  D  =  30  yum  and  h  =  0.5  W/cm'  K. 
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the  tip  radius  undergoes  a  transition  from  fine  to  coarse 
one,  even  if  AT  is  negligible.  A  large  AT  gives  rise  to 
the  steeper  transition  in  a  narrow  range  of  the  fraction 
of  solid  and  the  finer  tip  radius  at  the  recalescence  stage. 
But  the  minimum  tip  radius  is  limited  to  about 
1  ■  10  *  m.  Numerous  experimental  results  on  the  micro¬ 
structures  of  Al-8  wt  pet  Fe  powders""'’’  have  shown  the 
transitions  in  the  microstructural  scale  of  a-Al.  For  the 
small  powders  in  which  AT  is  believed  to  be  large, 
nearly  discontinuous  transitions  from  zone  A  to  zone  B 
have  been  observed,  where  zone  A  is  the  microcellular 
structure  with  a  typical  spacing  of  2  ■  10  m  and  zone  B 
is  the  cellular  structure  with  the  spacing  between  1  •  10“’ 
and  1  •  10“*  m.  Though  the  quantitative  comparisons  are 
very  difficult  because  we  do  not  have  a  well-established 
model  of  the  relationship  between  the  tip  radius  and  the 
spacing  in  rapid  solidification,  these  observed  micro- 
structural  characteristics  are  qualitatively  quite  consis¬ 
tent  with  our  calculated  results,  considering  that  the  tip 
radius  predicted  by  assuming  the  marginal  stability  is 
smaller  than  the  measured  spacing  by  a  factor  of  2  or 

There  are  some  other  features  to  be  pointed  out  in 
Figure  7.  In  the  range  of  AT  =  0  to  50  K,  the  tip  radius 
changes  with  the  fraction  of  solid  are  rather  insensitive 
to  AT,  just  as  the  interface  temperatures  in  Figure  6  be¬ 
haved.  This  means  that  even  if  there  was  no  initial 
undercooling  (e.g.,  nucleation  at  liquidus  temperature), 
the  resultant  solidification  microstructure  may  be  close 
to  that  with  AT  =  50  K.  When  AT  =  120  K,  there  is  a 
region  solidified  with  the  tip  radius,  which  is  so  large 
(about  5  ■  10“’  m)  that  it  cannot  be  depicted  in  Figure  7. 
It  is  the  region  where  the  partitionless  thermal  dendrite 
grew.  Its  volume  fraction  in  this  case  may  be  too  small 
to  be  observed  experimentally,  but  it  can  occupy  a  con¬ 
siderable  volume  fraction  in  a  smaller  droplet,  as  shown 
in  the  Section  C. 

Finally,  in  the  region  (g  '  >  0.4)  showing  the 
Newtonian  behavior  of  Figure  7,  there  is  an  increase  of 
tip  radius  for  AT  larger  than  100  K.  This  phenomenon 
is  due  to  the  slight  deformation  of  interface  profile,  as 
depicted  by  filled  circles  in  Figure  8.  At  the  early  stage 
of  solidification,  the  interface  velocity  is  retarded  at  the 
region  in  contact  with  the  droplet  surface  where  the  re¬ 
leased  latent  heat  cannot  diffuse  effectively  into  the 
undercooled  melt.  The  resultant  deformed  interface  pro¬ 
file  leaves  its  trace  even  at  the  late  stage  of  solidifica¬ 
tion.  Because  the  interface  velocity  under  a  Newtonian 
condition  with  constant  h  depends  only  on  the  area  ratio 
of  interface  and  droplet  surface,  the  deviation  of  the 
interface  profile  from  a  Newtonian  one  (spherical  con¬ 
figuration)  in  Figure  8  leads  to  a  lower  interface  veloc¬ 
ity,  higher  interface  temperature,  and  a  larger  tip  radius 
at  the  late  stage  of  solidification. 

C.  Ejfects  of  Droplet  Size 

The  effects  of  droplet  size  on  the  interface  temperature 
are  shown  in  Figure  9.  For  AT  =  5  K,  the  size  effect  is 
negligible  in  the  range  of  Z)  =  1  to  100  ;um  because  the 
overall  interface  temperature  history  is  very  close  to  the 
Newtonian  one.  For  AT  =  120  K,  however,  non- 
Newtonian  behavior  due  to  the  rapid  release  of  latent 


Fig.  8 — Calculated  interface  profiles  (filled  circles)  for  D  =  30  /am, 
h  =  0.5  W/cm’  K,  and  ST  =  120  K  as  solidification  progresses.  The 
Newtonian  profiles  (solid  curves),  which  are  concentric  to  the  nucle¬ 
ation  point,  are  overlapped  for  comparison. 


Solid  volume  fraction 

Fig.  9 — The  effects  of  droplet  size  on  the  interface  temperature 
changes  along  the  growth  axis  for  AT  =  5  K  and  120  K  and  h  = 
0.5  W/cm’  K. 


heat  at  the  recalescence  stage  makes  the  history  depen¬ 
dent  on  the  droplet  size,  especially  in  g  <  0.2.  Figure  10 
shows  the  corresponding  results  on  the  tip  radius  for 
AT  =  120  K.  In  a  droplet  smaller  than  30  pm,  one  can 
see  three  different  scales  of  tip  radii,  which  are  related 
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to  the  segregation-free  region,  zones  A  and  B,  respec¬ 
tively.  Droplet  size  has  important  influence  only  on  the 
volume  fraction  of  the  thermal  dendritic  growth  region, 
which  may  consist  of  the  supersaturated  dendrite  arms 
and  the  partitioned  interdendritic  structure.  In  a  droplet 
smaller  than  10  /rm,  the  thermal  dendritic  growth  region 
can  occupy  a  volume  fraction  larger  than  0.1,  which  is 
large  enough  to  be  observed  experimentally.  (The  afore¬ 
mentioned  assumption  that  all  latent  heat  release  only  at 
an  imaginary  interface  enveloping  the  cell  or  dendrite  tip 
can  result  in  a  significant  overestimation  on  the  recales- 
cence  effect  during  the  thermal  dendritic  growth,  con¬ 
sidering  the  large  portion  of  interdendritic  region. 
Therefore,  the  predicted  volume  fraction  of  the  thermal 
dendritic  region  may  be  regarded  as  a  low  estimate.) 

These  predictions  regarding  droplet  size  effects  are  in 
disagreement  with  the  experimentally  observed  results. 
First,  the  microstructures  and  relative  volume  fraction  of 
zones  A  and  B  found  experimentally  are  strongly  de¬ 
pendent  on  the  droplet  size.^^’  Second,  there  has  been  no 
clear  experimental  evidence  of  the  appearance  of  the 
thermal  dendrite  in  the  gas-atomized  Al-8  wt  pet  Fe 
powders,  though  a  fully  microcellular  structure  has  been 
observed  in  powders  smaller  than  5  The  first  in¬ 

consistency  is  due  to  the  use  of  constant  h  and  AT  for 
the  calculation  of  Figure  10.  The  size  effect  on  the 
microstructures  of  an  atomized  powder  is  due  mainly  to 
the  dependencies  of  h  and  AT  on  the  droplet  size.  If 
some  measured  data  on  them  becomes  available,  the  size 
effect  on  the  microstructural  evolutions  will  be  clearer. 
The  second  inconsistency  is  hard  to  understand. 
Boettinger  et  tried  to  explain  the  nonappearance  of 
the  thermal  dendrite  by  its  extremely  rapid  recalescence 
rate.  Our  results,  however,  showed  that  there  can  be  a 
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Fig.  10 — The  effects  of  droplet  size  on  the  tip  radius  changes  along 
the  growth  axis  for  AT  =  120  K  and  h  =  0.5  W/cm^  K. 


considerable  volume  fraction  of  the  thermal  dendritic 
growth  region  in  a  droplet  of  D  <  10  ^i-m  with  AT  > 
100  K,  in  spite  of  the  high  initial  recalescence  rate. 
There  are  two  possibilities  for  the  origin  of  that  incon¬ 
sistency.  One  is  that  the  current  theory  on  dendritic 
growth  may  not  correctly  operate  on  the  thermal  dendrite 
in  the  undercooled  Al-8  wt  pet  Fe  alloy  melt.  A  similar 
inconsistency  between  the  theory  and  the  experimental 
results  has  been  found  in  the  directionally  solidified 
Al-8  wt  pet  Fe  alloy. 1"'  The  other  possibility  is  that 
during  atomization  of  this  alloy,  AT  may  not  be  so  large 
as  to  produce  an  observable  volume  fraction  of  the  ther¬ 
mal  dendritic  growth  region.  Though  the  observed  fully 
microcellular  structures  have  been  discussed  as  evidence 
of  the  very  high  initial  undercooling,'^'  a  similar  struc¬ 
ture  can  result  from  a  high  h  with  a  moderate  or  small 
initial  undercooling,  as  shown  in  Section  D. 

D.  Ejfects  of  the  Heat-Transfer  Coefficient 

In  foregoing  sections,  we  have  assumed  a  constant 
heat-transfer  coefficient,  h  =  0.5  W/cm^  K,  which  may 
be  a  typical  value  in  the  gas-atomization  process.  For  a 
lower  h  value,  the  thermal  histories  and  microstructural 
evolutions  are  similar  to  the  foregoing  results  in  their 
trends.  For  an  h  value  larger  than  0.5  W/cm^  K,  how¬ 
ever,  very  different  behavior  occurs. 

Figure  11  shows  the  interface  temperature  with  the 
volume  fraction  of  solid  for  D  =  30  jum  and  h  = 
5.0  W/cm^  K.  Even  for  a  negligible  AT,  the  interface 
temperature  decreases  rapidly  just  after  nucleation  to 
reach  a  minimum,  835  K,  in  which  the  interface  under¬ 
cooling  amounts  to  about  70  K.  On  the  contrary,  a  high 
AT  (100  or  120  K)  gives  rise  to  extremely  rapid  reca¬ 
lescence,  with  which  the  interface  temperature  increases 
to  825  K  (interface  undercooling  of  8()  K)  just  after  nu¬ 
cleation.  After  these  rapid  interface  temperature 
changes,  the  relatively  slow  recalescences  occur  until 
g  =  0.4.  The  most  interesting  feature  in  Figure  11  is 
that  the  actual  differences  in  interface  undercoolings  at 
the  early  stage  of  solidification  lie  in  a  narrow  range  of 
10  K,  although  AT  is  given  differently  in  the  range  of  5 
to  120  K.  This  means  that  the  overall  temperature  history 
is  governed  mainly  by  h  value,  not  by  AT,  if  h  is  near 
5.0  W/cm^  K.  Figure  12  shows  the  tip  radius  changes 
as  solidification  progresses,  corresponding  to  Figure  11. 
As  for  the  interface  temperature,  AT  has  a  negligible 
effect  on  the  tip  radius  except  in  a  small  thermal  den¬ 
dritic  growth  region  for  AT  =  120  K.  Moreover.,  the  tip 
radii  vary  in  a  limited  range  of  1.1  to  2.8-10”^  m 
throughout  the  entire  solidification  procedure.  Hence,  h 
of  5.0  W/cm^  K  may  result  in  a  fully  microcellular 
structure  irrespective  of  AT,  although  the  critical  tip 
radius  of  the  microcell-cell  transition  in  Al-8  wt  pet  Fe 
alloy  is  still  unclear. 

The  rapidly  decreasing  procedure  of  the  interface  tem¬ 
perature  at  the  very  early  stage  of  solidification  could 
not  be  depicted  in  Figure  1 1 .  In  order  to  show  it  clearly, 
the  temperature  profiles  along  the  growth  axis  as  solid¬ 
ification  progresses  are  represented  for  AT  =  5  K  in 
Figure  13.  The  horizontal  axis  is  the  ratio  of  the  distance 
along  the  growth  axis  z,  to  the  droplet  radius,  Ro-  Just 
after  nucleation  at  the  droplet  surface,  the  total  enthalpy 
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Fig.  1 1  — The  effects  of  initial  undercooling  on  the  interface  temper¬ 
ature  changes  along  the  growth  axis  for  D  =  30  ixm  and  h  = 
5.0  W/cm-  K. 


Fig.  12  —  The  effects  of  initial  undercooling  on  the  tip  radius  changes 
along  the  growth  axis  for  D  =  30  fim  and  h  =  5.0  W/cm^  K. 


Dimensionless  distance  (z/Ro) 

Fig.  13  —  Temperature  profile  changes  inside  a  droplet  of  30  p,m 
diameter  as  solidification  progresses  for  h  =  5.0  W/cm^  K  and 
AT  =  5.0  K.  The  dotted  curve  is  the  trace  of  the  interface  temperature 
change  along  the  growth  axis.  The  horizontal  axis  is  the  ratio  of  the 
distance  between  the  nucleation  point  and  interface  position  on  growth 
axis,  z,  to  the  droplet  radius.  Re,. 


of  the  droplet  decreases  rapidly  because  of  the  low  latent 
heat  release  rate  due  to  both  the  low  interface  velocity 
and  small  interface  area.  When  the  fraction  of  solid  is 
0.001,  the  interface  undercooling  can  reach  60  K  (85  pet 
of  the  maximum  attainable  undercooling,  70  K),  but  the 
maximum  temperature  difference  inside  the  droplet  is 
less  than  3  K.  That  is,  the  major  portion  of  the  maximum 
undercooling  is  accomplished  through  the  Newtonian 
cooling  procedure.  The  maximum  values  of  interface 
undercooling,  interface  velocity,  and  temperature  gra¬ 
dient  are  attained  at  about  g  =  0.02,  and  the  heat  re¬ 
moval  rate  and  latent  heat  release  rate  around  the 
interface  become  equal  at  this  moment.  On  further  so¬ 
lidification,  the  high  latent  release  rate  gives  rise  to  the 
recalescence  phenomenon.  For  g  >  0.4,  the  temperature 
gradient  disappears  and  further  solidification  follows  the 
Newtonian  behavior  with  the  ending  of  the  recalescence. 

In  the  thermal  history  described  previously,  a  large  h 
can  play  two  important  roles  in  the  droplet  solidification 
procedure.  Given  a  small  AT,  it  increases  the  bulk 
undercooling  as  well  as  the  interface  undercooling  at  the 
early  stage  of  solidification  to  result  in  a  microstructure 
similar  to  that  with  a  large  AT,  and  it  governs  directly 
the  solidification  procedure  after  the  recalescence  to  pro¬ 
duce  a  fine  microstructure  at  the  late  stage  of  solidifi¬ 
cation.  The  initial  undercooling,  AT,  which  is  the  other 
important  factor  in  rapid  solidification,  on  the  other 
hand,  can  govern  the  microstructure  at  the  recalescence 
stage.  But,  unless  AT  is  large  enough  to  be  hypercooled, 
there  is  a  transition  of  the  microstructural  scale  into  a 
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coarse  one  after  recalescence.  Therefore,  the  large  heat- 
transfer  coefficient  that  influences  the  whole  thermal  his¬ 
tory  of  a  droplet  is  a  more  important  factor  than  the  large 
Ar  in  obtaining  a  uniform  and  fine  solidification  micro¬ 
structure  in  the  atomization  of  Al-8  wt  pet  Fe  alloy. 

E.  Volume  Fractions  of  Microcellular 
and  Cellular  a-Al 

In  order  to  get  a  rapidly  solidified  Al-8  wt  pet  Fe  alloy 
with  good  mechanical  properties,  it  is  very  important  to 
control  or  at  least  to  predict  the  volume  fractions  of 
microcellular  and  cellular  a-Al  regions.  In  this  section, 
we  show  how  they  depend  on  h  and  AT  for  a  given  drop¬ 
let  size  (30  /um).  To  do  this,  the  criteria  of  the  appear¬ 
ances  of  the  microcellular  and  cellular  a-Al  are 
prerequisites.  In  the  unidirectional  solidification  for 
Al-6  wt  pet  Fe  alloy,  Hughes  and  Jones^”'  showed  that 
a-Al  cells  can  grow  as  a  primary  phase  at  the  growth 
velocity  higher  than  1  cm/s.  We  adopt  the  same  con¬ 
dition  as  a  criterion  of  the  appearance  of  a-Al  cellular 
structure  in  the  undercooled  Al-8  wt  pet  Fe  alloy,  as 
done  by  Boettinger  et  The  transition  condition  from 
cellular  to  microcellular  a-Al  has  not  been  determined. 
We  assume  simply  that  a  microcellular  a-Al  can  grow 
only  with  the  tip  radius  smaller  than  3  •  10“®  m.  (Note 
that  the  tip  radius  begins  to  increase  steeply  around  this 
value  in  Figure  7.)  The  corresponding  critical  growth  ve¬ 
locity  is  7.8  cm/s. 

Figure  14  shows  the  calculated  volume  fractions  of  the 
a-Al  (ga)  and  microcellular  regions  (g^),  where  the  a-Al 
region  is  the  sum  of  the  microcellular  and  cellular  re¬ 
gions.  There  are  two  distinct  regimes  which  are  domi¬ 
nated  by  h  and  AT,  respectively;  that  is,  g^  and 
depend  mainly  on  /z  for  /z  >  0.3  W/cm^  K  and  h  > 
2  W/cm^  K,  respectively,  as  far  as  AT  is  not  much  larger 
than  120  K.  Especially,  the  whole  droplet  can  be  solid¬ 
ified  only  with  a-Al  cells  as  a  primary  phase  for  h  > 
0.7  W/cm"  K  and  only  with  microcells  for  /z  >  4  W/cm^ 
K.  On  the  other  hand,  AT  can  play  a  major  role  in  g„ 
and  gA  only  for  low  h.  The  reported  values  of  h  in  the 
atomizing  processes  are  very  few,  but  they  are  believed 
to  be  in  the  range  of  0.1  to  1.0  W/cm^  K  in  cases  aimed 
at  rapid  solidification. In  this  range,  h  is  the  domi¬ 
nant  factor  on  g„  while,  AT  is  the  dominant  one  on  g„. 
In  this  way,  both  h  and  AT  have  similar  importance  in 
the  microstructural  control  of  Al-8  wt  pet  Fe  alloy 
through  an  atomizing  process.  As  shown  in  Section  D 
and  Figure  14,  however,  the  most  important  control 
factor  is  h  if  the  target  is  a  fully  microcellular 
microstructure. 


IV.  CONCLUSIONS 

A  numerical  analysis  of  the  growth  procedures  of  cel¬ 
lular  and  microcellular  a-Al  in  gas-atomized  Al-8  wt  pet 
Fe  droplets,  assuming  a  point  nucleation  on  the  droplet 
surface,  leads  to  following  conclusions. 

1.  The  initial  undercooling  before  the  onset  of  nucle¬ 
ation,  AT,  in  the  range  of  0  to  50  K  has  a  negligible 
effect  on  the  solidification  microstructure  for  h  = 


Heat  transfer  coefficient  (W/cm^  K) 

Fig.  14 — Predicted  volume  fractions  of  the  microcellular  region 
(thick  curves)  and  the  sum  of  the  microcellular  and  cellular  regions 
(thin  curves)  as  functions  of  the  initial  undercooling  and  the  heat- 
transfer  coefficient  for  a  droplet  (D  =  30  /rm). 


0.5  W/cm^  K,  which  is  a  typical  heat-transfer  coef¬ 
ficient  in  atomization  processes.  When  the  initial 
undercooling  is  larger  than  100  K,  there  is  an  abrupt 
transition  in  microstructural  scale.  The  predicted 
microstructural  evolutions  are  in  fairly  good  agree¬ 
ment  with  the  reported  experimental  results. 

2.  For  an  initial  undercooling  larger  than  100  K,  the  pre¬ 
dicted  volume  fraction  of  the  thermal  dendritic 
growth  region  is  large  enough  to  be  observed  ex¬ 
perimentally  in  a  droplet  smaller  than  10  /am. 

3.  A  large  heat-transfer  coefficient  greatly  increases  the 
bulk  undercooling  at  the  early  stage  of  solidification 
when  the  initial  undercooling  is  small,  and  a  fully 
microcellular  structure  can  be  obtained  for  a  heat- 
transfer  coefficient  larger  than  4  W/cm^  K,  irrespec¬ 
tive  of  the  initial  undercooling. 

4.  The  volume  fractions  of  the  microcellular  region,  g,,, 
and  the  sum  of  the  microcellular  and  cellular  region, 
ga,  were  calculated  as  functions  of  the  heat-transfer 
coefficient,  h,  and  the  initial  undercooling,  AT.  In 
the  range  of  /z  =  0.1  to  1.0  W/cm^  K,  which  is  typ¬ 
ical  in  the  gas-atomization  processes,  g^  and  are 
dominated  by  AT  and  h,  respectively.  The  most  im¬ 
portant  control  factor  for  obtaining  a  fully  micro¬ 
cellular  structure  is  h. 


APPENDIX 

Thermophysical  data  used  in  calculations 

AH  latent  heat  of  fusion  =  1044  i/err^ 

Ci^  specific  heat  of  liquid  =  2.6  J/cm^  K 

Cs  specific  heat  of  solid  =  3.0  i/cm'  K 

K[^  thermal  conductivity  of  liquid  =  0.9  J/cm  K  s 
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Ks  thermal  conductivity  of  solid  =  2.1  J/cm  K  s 

D  diffusion  coefficient  of  Fe  in  liquid  =  2.95  •  10“^ 

exp  (— 40,000/R7)  cm‘/s 
r  capillary  constant  =1.0-  10“^  K  cm 
Tf  melting  temperature  of  pure  A1  =  933.6  K 
wig  liquidus  slope  of  a-Al  in  Al-Fe  phase  diagram  = 
-3.7  K/wt  pet 

k(,  equilibrium  partition  coefficient  of  Fe  =  0.038 
Tg  atomization  gas  temperature  =  300  K 
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The  Chromium  Equivalents 
of  Ferrite  Stabilizers  in 
Commercial  Stainless  Steels 

V.  RAGHAVAN  and  DARA  P.  ANTI  A 

In  a  recent  article,"'  the  chromium  equivalents  of  X 
(X  =  Al,  Mo,  Nb,  Si,  Ti,  V,  or  W)  were  reported,  as 
derived  from  the  computed  quaternary  phase  equilibria 
in  Fe-Cr-Ni-X  systems.  Commercial  stainless  steels  usu¬ 
ally  contain  some  residual  alloying  elements  other  than 
the  ferrite  stabilizer  X.  In  order  to  take  into  account  their 
effect  on  the  derived  chromium  equivalents,  it  is  nec¬ 
essary  to  compute  the  phase  equilibria  in  multi- 
component  systems  containing  up  to  six  components.  We 
have  carried  out  these  calculations  for  four  types  of 
stainless  steels.  The  newly  derived  Cr  equivalents  are 
compared  with  those  obtained  earlier  from  quaternary 
phase  equilibria."' 

Four  types  of  commercial  austenitic  stainless  steels  were 
selected  for  study.  The  mean  values  of  the  composition 
ranges  as  per  specification'^'  are  listed  in  Table  I  for  304, 
316,  321 ,  and  347  types.  In  all  cases,  the  residual  carbon 
was  ignored  for  the  purpose  of  computation.  In  321  and 
347  types,  the  residual  Nb  or  Ti  in  solution  in  austenite 
was  assumed  arbitrarily  to  be  0.2  wt  pet.  Taking  a  smaller 
or  larger  residual  value  (0.1  or  0.3  wt  pet)  makes  little 
difference  to  the  results  reported. 

A  single-lattice  magnetic  solution  model  is  used.  The 
molar  Gibbs  energy  G,„  of  a  (ferrite)  or  y  (austenite) 
phase  is  defined  as  follows: 

C—  1  c 

G,„  =  2  +  RT  2  X,  In  X,-  +  ^ 

/  /  f=l  j=i+\ 

c~~2  r— 1  c 

+  2  S  E  X:XjX,Ly,  +  '"“G 

1=1  _/=/-bl  k=j+l 

where  /,  j,  and  k  stand  for  components  and  c  is  the  total 
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number  of  components  in  the  system.  The  term  X  is  atomic 
fraction,  and  L  is  the  thermodynamic  interaction  param¬ 
eter.  The  term  '""G  is  the  magnetic  contribution  to  the 
Gibbs  energy."'  The  binary  and  ternary  thermodynamic 
and  magnetic  interaction  parameters  given  in 
Reference  1  were  used  as  required.  Additional  binary 
interaction  parameters'^^^'  listed  in  Table  II  were  also  used. 
The  nonlinear  equations  obtained  by  equating  the  chem¬ 
ical  potentials  of  the  components  in  the  two  phases  were 
solved  by  the  Newton-Raphson  iterative  method. 

The  simulated  compositions  listed  in  Table  I  were  ob¬ 
tained  as  follows.  The  concentrations  of  all  other  alloy¬ 
ing  elements  (except  chromium  in  austenite)  were  fixed 
at  the  values  given  in  the  specification.  The  chromium 
concentration  in  austenite  and  the  concentration  of  all 
alloying  elements,  including  Cr  in  ferrite,  were  treated 
as  unknowns  and  provided  guess  values  to  set  up  the 
chemical  potential  equalities.  In  this  way,  the  number  of 
unknowns  to  be  determined  was  automatically  set  equal 
to  the  number  of  simultaneous  equations  to  be  solved  by 
iteration  in  any  multicomponent  system.  As  the  com¬ 
putation  was  to  be  done  in  atomic  fractions,  some  trial 
and  error  calculations  were  necessary  to  match  exactly 
the  weight  percents  of  elements  (except  Cr)  in  the  spec¬ 
ified  and  simulated  compositions  listed  in  Table  I.  The 
weight  percents  of  Cr  for  simulated  compositions  in 
Table  I  are  computed  values  corresponding  to  an  an¬ 
nealing  temperature  of  1100  °C. 

As  before,"'  the  Cr  equivalent  at  1100  °C  is  evaluated 
as  the  amount  of  Cr  substituted  by  1  wt  pet  of  the  ferrite 
stabilizer  at  the  (y/y  -I-  a)  phase  boundary.  To  derive 
this  value,  the  ferrite  stabilizing  element  in  the  simulated 
compositions  was  set  to  zero  and  the  computation  was 
repeated  for  a  system  with  one  component  less.  From 
the  difference  in  Cr  concentrations  in  austenite  between 
the  two  results,  the  equivalent  was  derived  as  an  average 
over  that  concentration  of  the  ferrite  stabilizer.  Where 
more  than  one  ferrite  stabilizer  was  present,  this  pro¬ 
cedure  was  repeated  separately  for  each  ferrite  stabilizer. 

Table  III  lists  the  chromium  equivalents  for  304,  316, 
321,  and  347  types  for  the  simulated  compositions  in 
Table  I.  These  are  compared  with  the  equivalents  de¬ 
rived  from  quaternary  phase  equilibria."'  To  rule  out  any 
effect  of  averaging  over  different  concentrations,  the 
equivalents  from  the  quaternary  phase  equilibria  were  re¬ 
computed  for  the  concentrations  given  in  Table  I.  How¬ 
ever,  there  was  a  negligible  difference  between  these  and 
the  equivalents  reported  earlier.'" 

As  seen  in  Table  III,  the  equivalents  obtained  from 


Table  I.  Specified  and  Simulated  Compositions  of  Stainless  Steels 


Type 

Composition,  Wt  Pet 

Fe 

Cr 

Mn 

Mo 

Nb 

Ni 

Si 

Ti 

304 

specification  (mean) 

bal 

19.0 

2.0 

— 

_ 

9.25 

1.0 

_ 

simulated 

bal 

17.3 

2.0 

— 

— 

9.25 

1.0 

— 

316 

specification  (mean) 

bal 

17.0 

2.0 

2.5 

— 

12.0 

1.0 

— 

simulated 

bal 

16.8 

2.0 

2.5 

— 

12.0 

1.0 

— 

321 

specification  (mean) 

bal 

18.0 

2.0 

— 

— 

10.5 

1.0 

0.2* 

simulated 

bal 

17.4 

2.0 

— 

— 

10.5 

1.0 

0.2 

347 

specification  (mean) 

bal 

18.0 

2.0 

— 

0.2* 

11.0 

1.0 

— 

simulated 

bal 

18.3 

2.0 

— 

0.2 

11.0 

1.0 

— 

*Assumed  amount  in  solution  in  austenite. 
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Table  II.  Additional  Thermodynamic  Interaction  Parameters 


1 .  Interaction  parameters  for  bcc  (a)  phase  Reference 

£.cr,Mn  =  -20,328  +  18.734  T  -  (9162  -  4.418  T)  (X^  -  XmJ  3 

f'Mn.Mo  —  “7500  4 

iM„Ni  =  -51,785  +  3.5  r  +  6270(Am„  -  X^,)  5 

iM„  Si  =  -137,000  +  80  r  6 

i-Mo^si  =  -70,900  8 

l^Nb.si  =  -41,907  9 

Ls.Ti  =  -248,596  +  45.07  T  8 

2.  Interaction  parameters  for  fee  (y)  phase 

icrMn  =  -19,088  +  17.542  T  3 

f-MnNi  =  -58,173  +  10.5  T  +  6300(Xm„  -  Xn,)  5 

Si  =  -100,000  +  51  r  6 

LMn.Ti  =  -2917  7 

Z-Mo.si  =  -70,900  8 

Z^Nb, Si  =  -41,907  9 

Ls,Ti  =  -248,596  +  45.07  T  8 

3.  Other  interaction  parameters  for  bcc  and  fee  phases''' 

4.  "T:  (Cr,  Mn)  =  -Xc,Xm„  [1325  +  1133  (Xc,  -  Xm„)"]  3 

"/S"  (Cr,  Mn)  =  Xc,Xm„  [0.486  -  0.720  (Xc,  -  Xm„)-]  3 


Table  III.  Chromium  Equivalents 
in  Austenitic  Stainless  Steels  Annealed  at  1100  “C 


Type 

Chromium  Equivalent  in  Weight  Percent 

from  Quaternary 
Phase  Equilibria 

from  Specification- 
Simulated 
Composition 

304 

Si:  2.16 

Si:  2.10 

316 

Mo:  0.93 

Mo:  0.98 

Si:  2.05 

Si:  2.11 

321 

Ti:  3.78 

Ti:  3.95 

Si:  2.10 

Si:  2.09 

347 

Nb:  0.95 

Nb:  0.97 

Si:  2.09 

Si:  2.05 

the  specification-simulated  compositions  are  only  slightly 
different  from  those  derived  from  quaternary  phase  equi¬ 
libria.  The  slight  shift  is  in  both  directions,  depending 
on  the  composition  the  alloy.  The  maximum  shift  is  about 
5  pet.  We  can  then  conclude  that  the  Cr  equivalents  de¬ 
rived  from  quaternary  phase  equilibria  are  by  and  large 
valid  for  commercial  stainless  steels. 
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The  Cause  of  Matrix  Penetration 
of  W/W  Grain  Bounidaries 
During  Heat  Treatment 
of  W-Ni-Fe  Heavy  Alloy 

JOON-WOONG  NOH,  MOON-HEE  HONG, 
GEUN-HONG  KIM,  SUK-JOONG  L.  KANG, 
and  DUK  YONG  YOON 

Recently,  it  has  been  observed  that  Ni-Fe-W  matrix 
phase  penetrated  into  W/W  grain  boundaries  during  a 
cyclic  heat  treatment  of  W-Ni-Fe  heavy  alloy  and  that 
the  amount  of  penetrated  matrix  increased  with  the  num¬ 
ber  of  cycles  at  the  heat-treatment  temperature  for  a  total 
of  1  hour.'"  The  result  of  the  matrix  penetration  was  a 
remarkable  increase  in  impact  energy  up  to  three  times; 
however,  the  cause  of  the  microstructure  change  with  the 
heat  treatment  was  not  clear.  For  this  communication, 
the  cause  of  matrix  penetration  has  been  studied  by  ob¬ 
serving  the  microstructures  of  bulk  and  penetrated  ma¬ 
trices  after  various  heat  treatments  and  by  measuring 
chemical  compositions. 

The  experimental  procedure  was  similar  to  that  in  the 
previous  investigation.'"  The  blended  powder  mixture  of 
93W-5.6Ni-l.4Fe  (wt  pet)  was  compacted  under 
100  MPa  into  rectangular  bars  and  sintered  at  1485  °C 
for  1  hour  in  flowing  H2.  Some  sintered  specimens  were 
cyclically  heat-treated  at  1150  °C  for  a  total  period  of 
1  hour  at  1150  °C  under  flowing  N,,  as  in  the  previous 
investigation.'"  Other  specimens  were  heat-treated  at 
1 150  °C  for  1  to  48  hours  and  water-quenched.  In  order 
to  observe  the  effect  of  additional  heat  treatment,  the 


JOON-WOONG  NOH,  formerly  with  the  Korea  Advanced  Institute 
of  Science  and  Technology,  MOON-HEE  HONG,  and  GEUN-HONG 
KIM,  Senior  Researchers,  are  with  the  Agency  for  Defense 
Development,  Taejon,  305-600,  Korea.  SUK-JOONG  L.  KANG  and 
DUK  YONG  YOON,  Professors,  are  with  the  Korea  Advanced  Institute 
of  Science  and  Technology,  Taejon,  305-701,  Korea. 

Manuscript  submitted  October  13,  1993. 

METALLURGICAL  AND  MATERIALS  TRANSACTIONS  A 


specimen  cyclically  heat-treated  for  20  times  was  heat- 
treated  again  at  1150  °C  for  48  hours,  and  the  specimen 
heat-treated  for  48  hours  was  reheat-treated  at  1150  °C 
for  1  hour.  The  fracture  surfaces  of  heat-treated  speci¬ 
mens  were  observed  under  a  scanning  electron  micro¬ 
scope  (SEM)  after  impact  tests.  The  chemical 
compositions  at  fresh  interfaces  were  determined  by  Auger 
electron  spectroscopy  (AES)  with  a  primary  electron  beam 
size  of  0.8  fxm.  A  transmission  electron  microscope 
(TEM)  observation  was  made  on  thin  foils,  prepared  by 
the  jet-polishing  technique,  in  a  solution  of  1  HCl-4 
H2SO4-IO  glycerol-85  ethanol  (vol  pet). 

Figure  1  shows  the  impact  fracture  surfaces  of  various 
specimens.  The  fractographs  of  the  as-sintered  and  the 
heat-treated  specimens  reveal  that  the  conventional  heat 
treatment  of  one  cycle  already  induces  the  formation  of 
the  matrix  phase  at  W/W  grain  boundaries,  in  agree¬ 
ment  with  the  previous  results. Such  a  formation  of 
matrix  at  W /W  grain  boundaries  after  the  heat  treatment 
of  one  cycle  was  attributed  to  the  precipitation  of  a  ma¬ 
trix  phase  from  supersaturated  W  grains  during  an  iso¬ 
thermal  holding  at  the  heat-treatment  temperature.'^'  With 
increasing  the  number  of  heat-treatment  cycles,  how¬ 
ever,  the  amount  of  matrix  at  W/W  grain  boundaries 
increases,  and  the  W/W  grain  boundaries  are  almost 
completely  covered  with  the  matrix  phase  after  20  cycles 
(Figure  1(d)),  as  shown  in  Reference  1.  Because  the  di¬ 
hedral  angle  of  the  alloy  is  greater  than  0  deg  (about 
50  deg),''*’  the  formation  of  such  a  considerable  amount 
of  matrix  phase  at  the  boundaries  could  not  be  expected 
previously.  The  increase  in  the  matrix  volume  at  W/W 
grain  boundaries  thus  implies  the  penetration  of  matrix 
into  the  boundaries  rather  than  the  matrix  precipitation. 


When  the  volume  of  the  penetrated  matrix  is  not  suffi¬ 
cient  to  completely  cover  the  grain  boundaries 
(Figures  1(b)  and  1(c)),  however,  the  matrix  forms  many 
droplets,  possibly  because  of  the  dihedral  angle  being 
greater  than  0  deg.  At  some  boundaries,  the  shape  of  the 
droplets  is  elongated,  as  shown,  for  example,  in 
Figures  1(b)  and  1(c),  possibly  because  of  an  effect  of 
W/W  grain-boundaries  orientation.  With  increasing  the 
volume  of  the  penetrated  matrix,  the  penetrated  matrix 
forms  a  continuous  phase. 

The  chemical  compositions  of  plane  W/W  grain 
boundary,  the  penetrated  matrix  at  W/W  grain  bound¬ 
ary,  and  the  bulk  matrix  were  measured  by  AES  and  are 
listed  in  Table  I.  The  chemical  composition  at  a  W/W 
grain  boundary  shows  considerable  segregations  of  Ni 
and  Fe  but  is  essentially  not  changed  by  the  heat  treat¬ 
ment,  except  by  an  overall  reduction  of  the  impurity  con¬ 
tents.  The  Ni  and  Fe  contents  in  the  penetrated  matrix 
are  much  higher  than  those  segregated  at  W/W  grain 
boundaries.  The  penetrated  matrix,  however,  contains 
more  W  than  the  bulk  matrix.  It  seems  that  the  chemical 
composition  of  the  penetrated  matrix  is  closer  to  an  equi¬ 
librium  composition  with  W  at  the  heat-treatment  tem¬ 
perature  than  the  bulk  matrix  composition,  which  may 
be  in  equilibrium  with  W  at  low  liquidus  temperature. 
In  this  respect,  the  difference  in  the  chemical  composi¬ 
tion  between  bulk  and  penetrated  matrices  may  imply 
that  the  penetration  occurs  by  the  diffusion  of  atoms. 

The  observed  matrix  penetration  with  the  cyclic  heat 
treatment  may  be  related  to  the  thermal  stresses  intro¬ 
duced  during  quenching  of  the  specimens.  The  thermal- 
expansion  coefficient  of  a  matrix  of  93W-5.6Ni-l.4Fe 
alloy  is  known  to  be  about  20  x  10“®/K'^'  and  that  of 


Fig.  1 — The  impact-fractured  surfaces  of  the  specimens  with  different  heat-treatment  cycles:  (a)  as-sintered,  {b)  1  cycle,  (c)  10  cycles,  and 
(d)  20  cycles.  The  W„.,  Wc,  and  indicate  W/w  grain  boundary,  W  cleavage,  and  penetrated  matrix,  respectively. 
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Table  I.  Measured  Chemical  Compositions 
of  W/W  Grain  Boundary,  Penetrated  Matrix, 
and  Bulk  Matrix  Atomic  Percent 


W 

Ni 

Fe 

P 

O 

C 

As-sintered 
Heat-treated  for 

IT,, 

60.0 

21.9 

6.8 

3.9 

5.0 

2.0 

1  cycle 

IT,,, 

63.8 

20.4 

7.2 

1.6 

3.9 

2.8 

Heat-treated  for 

F  M 

28.9 

45.6 

12.5 

1.4 

7.5 

3.7 

20  cycles 

Bm 

10.4 

65.3 

17.9 

0.8 

3.4 

2.2 

Wi,.:  W /W  grain  boundary; 
trix  at  W/W  boundary. 

bulk  matrix;  and  P,„;  penetrated  ma- 

pure  W  to  be  4.6  x  Therefore,  by  cooling  the 

specimen,  tensile  and  compressive  stresses  must  be  built 
in  at  W/matrix  interface  and  W/W  grain  boundary,  re¬ 
spectively. The  penetration  of  matrix  into  W/W  grain 
boundaries  may  also  be  understood  as  a  result  of  the  re¬ 
duction  of  the  stored  strain  energy.  The  stored  energy 
can  be  much  relieved  at  the  heat-treated  temperature; 
however,  the  cyclic  heat  treatment  would  provide  it  in 
repetition,  resulting  in  the  successive  penetration  of  ma¬ 
trix  with  the  cycles. 

Because  of  the  thermal  mismatch  at  W/bulk  matrix 
interface,  many  dislocations  are  observed  to  be  gener¬ 
ated  at  the  interface,  as  shown  in  Figure  2(a).  With  in¬ 
creasing  the  number  of  the  heat-treatment  cycles,  more 
dislocations  are  generated  and  the  dislocations  tend  to 
align  in  a  specific  direction  (Figure  2(b)).  After  20  cycles 
(Figure  2(c)),  the  bulk  matrix  is  recrystallized  into  many 
grains  of  an  order  of  1  /u,m  in  size.  These  changes  in 
matrix  microstructure  are  obviously  the  result  of  the  cyclic 
heat  treatment — repetitive  heatings,  annealings,  and  water 
quenchings.  The  dislocation  alignment  and  the  grain  re¬ 
crystallization  must  be  a  result  of  the  reduction  of  the 
strain  energy  stored  in  matrix  by  the  cyclic  heat  treatment. 

The  matrix  penetration  resulting  from  thermal  stresses 
can  further  be  confirmed  by  heat  treating  the  sintered 
specimens  for  various  times  and  also  by  reheat  treating 
the  cyclically  heat-treated  specimens.  Figure  3  shows  the 
fractographs  of  specimens  heat-treated  for  various  times. 
Compared  with  Figure  1(b),  the  size  of  matrix  droplets 
at  W/W  grain  boundaries  is  increased,  and  the  number 
of  the  droplets  decreased  with  the  heat-treatment  time 
(Figures  3(a)  and  (b)).  It  appears,  however,  that  the  ma¬ 
trix  droplets  are  depleted  at  edge  regions  of  grain  bound¬ 
aries  and  remains  at  center  regions.  This  result  suggests 
that  the  matrix  droplets  coarsened  with  the  heat-treatment 
time  and  that  the  droplets  near  the  edge  regions  diffused 
out.  The  diffusion-out  of  penetrated  matrix  during  pro¬ 
longed  heat  treatment  can  clearly  be  observed  when  re¬ 
heat  treating  the  cyclically  heat-treated  specimens  at 
1150  °C  for  48  hours,  as  shown  in  Figure  4.  The  matrix 
films  at  W/W  grain  boundaries  (Figure  1(d))  are  almost 
completely  eliminated  after  the  long  reheat  treatment,  and 
only  some  matrix  droplets  remain  at  some  grain  bound¬ 
aries.  In  contrast,  when  the  specimen  heat-treated  for 
48  hours  (Figure  3(b))  is  reheat-treated  for  1  hour  at 
1150  °C  (Figure  3(c)),  the  amount  of  matrix  at  the 
boundaries  increases  considerably,  indicating  again  that 
the  matrix  has  penetrated  into  the  boundaries  during  the 
reheat  treatment.  The  size  of  the  newly  formed  matrix 


Fig.  2  —  Transmission  electron  micrographs  showing  dislocations  and 
subgrain  structures  in  the  matrix  of  the  specimens  (a)  as-sintered, 
(b)  heat-treated  for  5  cycles,  and  (c)  heat-treated  for  20  cycles. 


droplets  at  edge  regions  appears  smaller  than  that  of  the 
pre-existing  ones  at  center  regions.  If  the  formation  of 
the  matrix  phase  is  a  result  of  the  precipitation  of  super¬ 
saturated  Ni  and  Fe  in  W  grains, the  size  and  volume 
of  the  matrix  at  W/W  grain  boundaries  must  remain 
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Fig.  4 — The  impact-fractured  surface  of  the  specimen  cyclically  heat- 
treated  for  20  times  and  reheat-treated  at  1150  “C  for  48  hours. 


unchanged  after  the  additional  heat  treatments,  in  con¬ 
trast  to  the  present  results. 

In  summary,  the  volume  of  the  penetrated  matrix  be¬ 
tween  W/W  grain  boundaries  increases  with  the  number 
of  heat-treatment  cycles  but  appears  to  decrease  with  the 
heat-treatment  time  up  to  48  hours.  Almost  complete 
elimination  of  the  penetrated  matrix  is  observed  after  re¬ 
heat  treating  the  cyclically  heat-treated  specimens  for 
longer  time.  An  additional  heat  treatment  of  specimens 
heat  treated  for  longer  time,  however,  again  causes  the 
matrix  penetration.  By  examining  the  microstructures  of 
variously  heat-treated  specimens,  the  thermal  stresses  in¬ 
troduced  during  the  cooling  of  the  alloy  are  indirectly 
found  to  be  responsible  for  a  continuous  penetration  of 
matrix  into  W/W  grain  boundaries. 
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Fig.  3  —  The  impact-fractured  surfaces  of  the  specimens  heat-treated 
at  1150  °C  for  (a)  8  hours,  {b)  48  hours,  and  (c)  48  hours  +  1  hour. 
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Elastic  Constants  of  SiCp/AI: 
Measurements  and  Modeling 


MING  LEI  and  HASSEL  LEDBETTER 

Using  dynamic  methods,  we  measured  Young  and  shear 
moduli  of  aluminum-matrix  particle-reinforced  compos¬ 
ites  containing  up  to  55  vol  pet  SiC  particles.  Using  a 
scattered-plane-wave  ensemble-average  model,  we  cal¬ 
culated  four  elastic  constants:  Young,  shear,  and  bulk 
moduli,  and  Poisson  ratio.  The  model  uses  four  pieces 
of  input  information:  matrix  elastic  constants,  particle 
elastic  constants,  particle  volume  fraction,  and  particle 
shape.  Between  measurement  and  calculation,  we  found 
good  agreement.  As  expected,  the  elastic  stiffnesses  fall 
well  below  a  rule-of-mixture  prediction;  the  Poisson  ra¬ 
tio  falls  above.  Also,  we  report  the  Young-modulus-mode 
internal  friction,  which,  against  expectation,  increases 
with  increasing  particle  content. 

Composite-material  elastic  constants,  such  as  Young 
modulus,  shear  modulus,  etc.  provide  a  subject  of  con¬ 
tinuing  interest.  The  Young  modulus,  for  example,  re¬ 
lates  directly  to  fundamental  interatomic  potentials.  Also, 
it  relates  to  a  variety  of  solid-state  phenomena  such  as 
the  Debye  temperature,  diffusion,  creep,  and  theoretical 
strength.**' 

Elastic  properties  of  a  composite  material  depend  mainly 
on  three  ingredients:  matrix  properties,  inclusion  prop¬ 
erties,  and  phase  geometry.  Phase  geometry  includes  many 
variables:  volume  fraction,  inclusion  shape,  inclusion 
orientation,  inclusion  size,  and  inclusion  distribution. 
Many  researchers  gave  different  models  to  predict  the 
macroscopic  composite  properties.  On  this  subject,  there 
are  several  reviews,  including  those  by  Hashin,*-’ 
Christensen,**’'  and  Watt  et  a/.*"*' 

Internal  friction  is  an  important  physical  property  of  a 
composite  material.  It  relates  to  many  physical  phenom¬ 
ena  and  it  is  a  powerful  technique  for  studying  a  solid’s 
internal  structure.  For  a  particle-reinforced  composite, 
SiC  in  aluminum,  the  present  study  focuses  on  effects 
of  volume  fraction  and  inclusion  geometry  on  elastic 
constants.  Also,  we  consider  internal  friction.  Espe¬ 
cially,  we  compare  model  predictions  with  observation. 

From  a  commercial  supplier,  we  obtained  materials 
with  five  SiC  volume  concentrations:  0,  20,  25,  30,  and 
55  pet,  in  the  form  of  1-cm  plates.  The  supplier  started 
with  commercially  available  Al-6061  and  SiC  particles. 
These  powders  were  blended,  compacted,  and  sintered 
to  produce  billets  measuring  25  x  30  x  4  cm.  Billets 
were  hot-rolled  at  700  to  783  K  with  a  reduction  per  pass 
ranging  from  10  to  50  pet.  Rolled  plates  were  subjected 
to  a  standard  T6  heat  treatment:  solution  treated  at  800  K 
for  2  hours,  water  quenched,  and  aged  at  436  K  for 
18  hours.  Figure  1  shows  a  typical  microstructure. 
Quantitative  metallography  suggested  that  the  particles 
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Fig.  1 — Typical  microstructure:  30  vol  pet  SiC  particles  in  an  Al- 
alloy  matrix.  Bar  equals  10  /xm. 


possess  an  aspect  ratio  of  approximately  3:1.  Dissolving 
the  aluminum  matrix,  collecting  the  particles,  and  ex¬ 
amining  them  in  an  optical  microscope  gave  2.7  ±  0.9. 

Using  a  three-component  Marx-oscillator*^’^'  reso¬ 
nance  method,  we  measured  the  Young  modulus,  E,  the 
torsional  modulus,  T,  and  the  associated  internal  fric¬ 
tion,  Q~\  For  the  Young  modulus,  we  used  the 
relationship 

E  =  pv]  =  ApfX  [1] 

Here,  p  denotes  mass  density,  v  denotes  sound  velocity, 
and  /  and  /  denote  resonance  frequency  and  length,  re¬ 
spectively.  Subscript  s  denotes  specimen.  In  extensional- 
mode  vibration,  we  found  the  resonance  frequency  of  the 
specimen  from 


=  fo  +  {fo  -  f,)-  [2] 

m. 

Here,  m  denotes  mass,  and  subscripts  o  and  q  denote  the 
complete  oscillator  and  quartz  crystals,  respectively.  For 
the  torsional  modulus,  we  used  a  similar  relationship: 

T  =  pv]  =  ApfX  [3] 


But  here  the  resonance  frequency  of  the  specimen, 
torsional  mode,  is  given  by 


fs  -fo  +  {fo  - 


in  a 


[4] 


Here,  d  denotes  diameter.  From  standard  sources, *’' 
we  know  that  for  a  transversely  isotropic  material,  the 
torsional  modulus  equals  the  shear  modulus,  G. 

For  a  sharp,  Lorentzean  resonance  peak,  we  obtain  the 
specimen’s  internal  friction  from  a  relationship  similar 
to  Eq.  [2]: 


Qs  =Qo+  (e; 


I 

q:')  — 


[5] 
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Table  I.  Properties  of  Constituent  Materials. 


P 

E 

P 

B 

k 

A 

(g/cm^) 

(GPa) 

(GPa) 

(GPa) 

(GPa) 

(GPa) 

V 

SiC 

3.181 

440.6 

188.1 

223.4 

286.1 

98 

0.1712 

A1 

2.688 

71.5 

26.7 

74.8 

83.7 

57 

0.3405 

Equations  [2],  [4],  and  [5]  apply  only  near  resonance 
when 


L  =fq=fo  [6] 


Table  I  shows  the  properties  of  the  composite’s  con¬ 
stituent  materials.  Figure  2  shows  the  measurements  of 
the  Young  and  torsional  moduli.  Figure  3  shows  the  de¬ 
rived  bulk  modulus  and  Poisson  ratio.  Figure  4  shows 
the  measurements  of  internal  friction  in  an  extensional 
(Young  modulus)  mode. 

In  the  following,  we  consider  principally  the  expla¬ 
nation  for  the  dependence  of  E,  T,  and  Q  '  on  volume 
percent  particle.  Also,  we  consider  particle  shape. 

Using  a  multiple-scattering  plane- wave  approach, 
Ledbetter  and  Dattai*'  studied  the  elastic  properties  of  a 
composite  material  containing  randomly  distributed  and 
randomly  oriented  ellipsoidal  particles.  They  calculated 
the  effective  wave  speeds  of  plane  waves,  both  longi¬ 
tudinal  and  shear.  In  the  long- wavelength  limit,  they  gave 
relationships  for  the  bulk  and  shear  moduli: 


[8] 

Here,  B  and  c  denote  the  bulk  modulus  and  the  volume 
fraction  of  particles,  and  A  is  a  Lame  constant.  Sub¬ 
scripts  m  and  p  denote  matrix  and  particle,  respectively. 
Also, 


2(1  -f  2USy,.y 


for  i,j  =  1,  2,  3  [9] 


[T^]  = 

Y  +  t/5,,n  +  VS,  f/s,,,, +  VS,  t/s„3, +  vs,T' 

us 22, 1  +  VS 2  1-1-  US2222  +  VS,  US22M  +  vs, 

US22,,  +  VS3  US], 22  +  vs,  1  -I-  us„„  -r  vs, 

[10] 

Gp 

U  =  —  -\  [11] 


VOLUME  FRACTION 

Fig.  2 — Upper.  The  Young  modulus  particle  volume  fraction,  c. 
Points  represent  measurements.  Dashed  line  indicates  linear  mle-of- 
mixture.  Curves  represent  model  predictions  for  two  particle  aspect 
ratios:  c/a  =  1  (spheres)  and  c/a  =  3  (prolate  spheroids).  Lower. 
Shear  modulus  particle  volume  fraction. 
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Fig.  3  —  Upper.  Bulk  modulus  vs  particle  volume  fraction.  See  figure 
legend  2.  Lower.  Poisson  ratio  vj  particle  volume  fraction. 


[12] 


3 

■5,  =  2%  [13] 

The  Sijj,i  were  defined  by  Eshelby*^'  and  apply  to  a  gen¬ 
eral  ellipsoid  and  thus  contain  the  particle-shape  factor. 


VOLUME  FRACTION 

Fig.  4 — Young-modulus-mode  internal  friction  vj  particle  volume 
fraction.  Line  represents  a  linear-least-squares  fit  to  measurements. 
At  c  =  0.2  and  0.3,  there  are  two  measurements  within  the  plate: 
rolling  and  transverse  directions. 


We  invoke  the  well-known  relationships  for  isotropic- 
material  Young  modulus  and  Poisson  ratio; 


E  = 


9BG 
3B  +  G 


[14] 


_  1 3g  -  2G 
2  3B  +  G 


[15] 


First,  we  consider  SiC  as  spherical  particles  distrib¬ 
uted  randomly  in  a  homogeneous  aluminum  matrix. 
Figure  2  shows  the  model  calculations  for  the  Young  and 
shear  (torsional)  moduli  for  spherical  particles 
(a  =  b  =  c).  These  results  agree,  both  numerically  and 
analytically,  with  Hashin’s’'®'  composite-sphere-model 
equations  for  elastic  moduli.  For  both  E  and  G,  the  the¬ 
oretical  calculations  predict  results  below  measurements. 

Second,  we  consider  SiC  particles  as  spheroids 
(a  =  b  c).  For  both  the  Young  and  shear  (torsional) 
moduli,  we  found  that  a  prolate-spheroid  model  best  fits 
observation.  From  metallographic  results,  we  took  an  as¬ 
pect  ratio  (c/a)  of  three.  If  the  real  aspect  ratio  is  near 
two  or  four,  the  calculation  results  would  change  only 
slightly.  Model  calculations  for  E  and  G  are  shown  in 
Figure  2.  Figure  3  shows  model  calculations  for  the  bulk 
modulus  and  Poisson  ratio  for  both  spherical  and  non- 
spherical  particles.  For  all  four  elastic  constants,  we  show 
straight  lines  representing  a  linear  rule-of-mixture. 

Now,  we  consider  the  internal  friction  associated  with 
Young  modulus  measurements.  Figure  4  shows  that  Q~' 
increases  with  increasing  SiC-particle  volume  fraction. 
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This  result  surprises  us  because  we  expected  a  high  stiff¬ 
ness  material  such  as  SiC  to  possess  a  low  internal 
friction.  Thus,  Q~‘  would  decrease  with  increasing  SiC- 
particle  volume  fraction.  A  possible  explanation  for  this 
phenomenon  lies  in  the  interfaces,  either  themselves,  or 
as  sources  of  structural  defects  such  as  dislocations  aris¬ 
ing  from  thermal-expansivity  mismatch.  Several  pre¬ 
vious  studies*"’  on  metal-matrix  composites  showed  that 
interfaces  contribute  negligibly  to  internal  friction.  Thus, 
understanding  this  phenomenon  requires  further  study. 

From  this  study  on  SiC  particle-reinforced  composite 
materials,  we  reached  four  conclusions. 

1.  Physical  properties  of  a  composite  material  depend 
strongly  on  the  volume  fraction  and  on  the  particle 
shape. 

2.  A  model  calculation  based  on  randomly  distributed 
spherical  particles  predicts  slightly  low  elastic 
stiffnesses. 

3.  Theoretical  calculations  suggest  that  the  studied  com¬ 
posite  materials  contain  prolate-spheroid-shaped  SiC 
particles.  Metallography  supports  this  prediction. 

4.  Against  expectation,  the  internal  friction  associated 
with  Young  modulus  measurements  increases  with 
increasing  inclusion  content.  For  this,  we  offer  a  ten¬ 
tative  explanation:  higher  mobile  dislocation  density 
caused  by  thermal-expansivity  mismatch. 
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Elastic  Compliance  and  Hill’s 
Quadratic  Yield  Function 
for  Weakly  Orthotropic  Sheets 
of  Cubic  Metals 
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Since  the  correlation  of  elastic  and  plastic  anisotropy 
in  textured  sheets  of  cubic  metals  was  first  demonstrated 
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by  Stickels  and  Mould'"  on  steel,  many  researchers  have 
reported  similar  findings  (well  documented  for  steel,  less 
so  for  copper  and  brass,  and  mixed  results  reported  for 
aluminum  alloys).  This  correlation  suggests  the  possi¬ 
bility  that  the  plastic  anisotropic  parameters  of  sheet  metals 
(the  average  strain  ratio  f,  the  planar  anisotropy  Ar,  per¬ 
cent  earing,  etc.),  which  are  usually  determined  by  de¬ 
structive  tests,  could  be  inferred  from  nondestructive 
measurements  of  elastic  anisotropic  parameters.  Indeed, 
much  work  has  been  done  lately  in  exploring  engineer¬ 
ing  applications  of  this  possibility,  e.g.,  the  on-line  de¬ 
termination  of  r  value  of  steel  sheets  by  ultrasonic 
techniques. 

Attempts  {cf.,  for  instance,  Davies  et  and  Tang'^') 
have  been  made  to  explain  the  aforementioned  correla¬ 
tion.  The  purpose  of  the  present  note,  however,  is  that 
of  (phenomenological)  constitutive  modeling.  As  a  gen¬ 
eralization  of  the  experimental  findings,  we  seek  a  sim¬ 
ple  yield  function  that  would  embody  correlation  of  elastic 
and  plastic  anisotropy  for  homogeneous,  weakly 
orthotropic  sheets  of  cubic  metals.  Here,  by  “weakly 
orthotropic”  is  meant  that  the  sheets  are  weakly  textured: 
the  material  points  of  the  sheets  are  orthotropic  but  nearly 
isotropic.  A  quantitative  characterization  of  what  we  mean 
by  “weak”  is  given  in  the  paragraph  containing  Eq.  [3] 
and  in  the  sentence  preceding  Eq.  [11]. 

The  elastic  properties  of  a  material  are  defined  by  its 
elasticity  tensor  C  (or,  equivalently,  by  its  compliance 
tensor  K,  the  inverse  of  C);  its  plastic  behavior  is  char¬ 
acterized  by  the  yield  function  /.  The  correlation  be¬ 
tween  elastic  and  plastic  anisotropy  indicates  that  for  sheet 
metals,  K  and  /  are  somehow  related.  In  this  note,  we 
investigate  this  relationship  for  homogeneous  sheets  of 
cubic  metals  that  are  weakly  orthotropic  and  whose  yield 
function  assumes  Hill’s  classical  quadratic  form.  Hence¬ 
forth,  we  choose  a  Cartesian  coordinate  system  whose 
X,  Y,  and  Z  axes  lie  in  the  rolling  direction,  the  trans¬ 
verse  direction  in  the  plane  of  the  sheet,  and  the  direc¬ 
tion  normal  to  this  plane,  respectively.  Under  this 
coordinate  system.  Hill’s  quadratic  yield  criterion  is'*' 

2/(T)  =  F(7-,2  -  +  G{T,,  -Tn? 

-F  H{Tu  -  T22f  +  2LT\2  +  2MTh  +  2NTh  =  1 

[1] 

where  Ty  are  the  components  of  the  stress  tensor  T,  and 
F,  G,  . . .,  N  are  “parameters  characteristic  of  the  current 
state  of  anisotropy.”  For  isotropic  sheets,  Hill’s  qua¬ 
dratic  yield  criterion  reduces  to  that  of  von  Mises,  which 
can  be  written  as 

1 

a  ■  K[o-]  =  —  it  [2] 

2/x 

here  tr  stands  for  “trace”;  a  T  -  ((tr  T)/3)I,  where 
I  is  the  identity  tensor,  denotes  the  deviatoric  stress;  pu 
is  the  shear  modulus;  >  0  is  a  material  parameter;  the 
dot  product  of  two  second-order  tensors  A  and  B  is  de¬ 
fined  as  A-B  =  tr(A^B),  where  A^  is  the  transpose  of 
A. 

For  orthotropic  sheets  of  cubic  metals,  we  can  express 
the  components  of  the  compliance  tensor  K  in  terms  of 
the  single-crystal  elastic  constants  and  the  texture 
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coefficients  W400,  W420,  and  W44Q.  To  first  order  with  re¬ 
spect  to  the  texture  coefficients,  the  Voigt,  Reuss,  and 
Hill  averaging  procedures  all  lead  to  the  same  formal 
expressions  for  the  components  of  K.  In  the  reduced  no¬ 
tation,  we  can  write  down  explicit  expressions  for  the 
nonzero  components  of  K  as  follows:'®' 

(if,,,  K22,  K„)  =  ^(1,  1,  1)  -  2k(5„  82,  S3) 

Eq 

(K22,  K,2,  Kn)  =  -^(1,1,1)  +  k{B4,  65,  S,) 

Eq 

{K44,  K,,,K,,)  =  -{\,\A)  +  4/<(S4,  65,  5,)  [3] 

Mo 

here  /Xq,  £0,  and  vq  are  the  shear  modulus.  Young’s  mod¬ 
ulus,  and  Poisson  ratio  in  the  isotropic  limit,  respec¬ 
tively;  K  is  an  anisotropic  factor  that  depends  on  the 
single-crystal  elastic  constants;  5,  =  (65  +  8(^/2,  82  = 
(54  +  8^)/2,  S3  =  (S4  +  8^)/2,  and 

54  =  -(16V27r2/35)  (VP400  +  W420) 

55  =  -(16V27r2/35)(lV4oo  -  VV^  1^420) 

8,  =  (4V27r^/35)(W4oo  -  VtO  IV440)  [4] 

The  Voigt,  Reuss,  and  Hill  averaging  procedures  result 
in  the  same  isotropic  bulk  modulus  but  different  values 
of  fXo  and  k.  For  our  subsequent  discussion,  however,  it 
is  the  form  of  the  expressions  in  Eq.  [3]  that  really  mat¬ 
ters;  the  specific  values  of  /Xq,  Eq,  Vq,  and  k  are  of  little 
consequence.  Henceforth,  we  shall  restrict  our  attention 
to  weakly  orthotropic  sheets  and  shall  use  Eq.  [3]  in  our 
calculations.  Indeed,  we  shall  assume  that  the  absolute 
value  of  the  products  KoVk4oo,  ^01^420.  and  are  much 

smaller  than  1  for  the  sheets  in  question  so  that  we  can, 
in  our  calculations,  drop  all  terms  quadratic  or  higher  in 
these  products.  A  glance  at  Eq.  [3]  reveals  that  it  is  nat¬ 
ural  to  write 


toric  part  of  the  stress  appears  in  Eq.  [6],  a  superimposed 
hydrostatic  pressure  will  have  no  effect  on  yielding. 
Equation  [6]  reduces  to  the  von  Mises  criterion  (see 
Eq.  [2])  in  the  isotropic  limit. 

From  Eqs.  [1],  [3],  [5],  and  [6],  we  obtain  the  fol¬ 
lowing  simple  expressions  for  the  material  parameters  in 
Hill’s  quadratic  yield  criterion: 


(£,  G,  H)  = 


(1,1,1)-  K:y(64,  S5,  Sg) 


(£,M,A)  =  ^(-^(1,  1,  l)  +  2Kr(54,  Sg,  5g)).  [9] 

k  \2jLio  / 

In  what  follows,  we  consider  a  batch  of  samples  that 
have  the  same  values  of  /Xq,  £0.  k,  and  y  but  possibly 
have  different  values.  Let  r{d)  and  E{6)  be  the  plastic 
strain  ratio  and  the  Young’s  modulus  measured  on  a  cou¬ 
pon  cut  at  an  angle  6  with  respect  to  the  rolling  direction, 
respectively.  We  assume  that  during  the  measurements 
the  sheets  in  question  are  in  plane  stress.  It  follows  that'*' 

H  +  {2N  -  F  -  G  -  4H)  sin^  6  cos^  d 

rid)  = - 1 - ^ -  [10] 

£  sin^  6  +  G  cos^  6 

Using  this  expression  and  Eqs.  [4],  [8],  and  [9]  we  find, 
after  dropping  all  terms  quadratic  or  higher  in  the  prod¬ 
ucts  ;Siy4oo,  161^420,  and  JSVT440  (where  P  =  3/</Xoy),  that 


f  =  -  r(0)  +  r\-\+2r\- 


1  -h  — ^ —  53 


24V2tPl 


r{0)  -f  r 


K  =  Ko  +  K'  [5]  =  -3fMoKy{82  +  456)  [13] 

where  Kq  is  the  isotropic  part  that  remains  when  the  tex-  _  9677^^oKy  ^  ^  ^ 

ture  coefficients  vanish,  and  the  anisotropic  part  K'  is 
linear  in  the  elastic  anisotropic  factor  k. 

We  seek  within  the  class  of  Hill’s  quadratic  yield  Thus,  under  the  present  modeling,  f  -  1  and  Ar  are  lin- 
functions  those  that  deliver  linear  correlation  of  elastic  early  correlated  to  the  texture  coefficients  W400  and  W440, 

and  plastic  anisotropy  for  weakly  orthotropic  sheets  of  respectively.  As  Ar  is  independent  of  W420,  one  may 

cubic  metals.  It  can  be  proved  that  all  such  quadratic  question  whether  it  is  adequate  to  represent  “planar  an- 

yield  criteria  necessarily  assume  the  form"®'  isotropy”  by  the  current  definition  of  Ar. 

,,,  ,  From  the  definition  of  Young’s  modulus,  we  deduce 

a-Ko[cr]  +  y(cT-K'[a])  =  [6]  jj^at 


or 

^tra^  +  i3(^CT~K'[CT]j  =75  [7] 

where  y  and  Ic  are  material  parameters,  P  =  ^K/Ji^y,  and 
YI  =  3^ok^.  Because  the  parameters  p  and  Tq  are  lo  be 
determined  empirically,  and  because  K'/k  depends  only 
on  the  texture  coefficients,  we  see  that  in  effect  the  same 
yield  criterion  will  result  from  Eq.  [6],  irrespective  of 
whether  we  choose  the  Voigt,  Reuss,  or  Hill  averaging 
procedure  for  the  evaluation  of  K.  Since  only  the  devia- 


£.l(£(0)  +  £(f 

3kEI 

=  £0  +  — -  S3 

4 


A£.A  £(o),£g 


(S3  +  4Sg) 


[15] 


[16] 
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From  Eqs.  [11]  and  [15],  we  observe  that 


[17] 


sheet  metal.  In  this  regard,  steel  clearly  is  the  most 
promising  candidate  for  further  study. 


f  =  1  + 


IOMoT 

El 


(E  -  £o) 


Similarly,  we  obtain  from  Eqs.  [13]  and  [16]  the  relation 


Ar  =  - 


[18] 


Hence,  in  addition  to  predicting  the  linear  correlations 
of  f  -  1  vs  E  -  Eq  and  of  Ar  against  AE,  the  present 
theory  dictates  also  that  the  slopes  of  these  two  straight 
lines  (dependent  variables:  r  -  1 ,  Ar;  independent  vari¬ 
ables:  E  -  Eo,  AE)  have  a  ratio  of  -5/3.  While  one 
would  expect  that  Eq.  [6]  and  the  assumption  of  weak 
anisotropy  would  lead  to  various  linear  correlations  be¬ 
tween  plastic  and  elastic  anisotropic  parameters,  this  slope 
ratio  of  -5/3,  universal  in  the  sense  that  it  is  indepen¬ 
dent  of  K,  y,  and  is  not  an  obvious  consequence. 

The  article  of  Shekels  and  Mould^'^  includes  data  by 
which  we  can  determine  whether  this  predicted  slope  ratio 
of  -5/3  is  corroborated  by  their  steel  samples.  The  35 
samples  of  Stickels  and  Mould  have  an  f  value  that  runs 
from  0.66  to  2.73.  Since  the  present  theory  pertains  to 
weakly  anisotropic  sheets,  we  consider  only  those  24 
samples  with  f  s  1.50.  Following  the  original  work,  we 
express  E  and  Af  in  10®  psi  (or  6.895  GPa).  For  the  24 
samples,  we  find  that  f  =  0.48  E  -  13.96;  the  un¬ 
certainty  in  the  slope  is  0.04,  and  the  correlation  co¬ 
efficient  is  0.93.  For  the  Ar  AE  plot,  we  seek  the 
slope  m  so  that  the  equation  Ar  =  mAE  best  fits  the  data. 
We  obtain  m  =  -0.30  ±  0.02,  and  the  correlation  co¬ 
efficient  is  -0.95.  The  predicted  slope  ratio  of  -5/3 
compares  favorably  with  the  empirically  determined  value 
of  -1.6  ±  0.2. 

From  Eqs.  [12]  and  [14],  we  observe  likewise  that  the 
two  straight  lines  which  relate  f  to  W400  and  Ar  to  VF440, 
respectively,  are  predicted  to  have  a  slope  ratio  of 
-  V70/28.  The  existence  of  such  “universal”  slope  ratios 
in  the  present  modeling  reflects  purely  the  effect  of  ma¬ 
terial  symmetry,  namely,  that  which  pertains  to  a  weakly 
orthotropic  sheet  texture  resulting  from  the  preferred  ori¬ 
entation  of  cubic  crystallites.  The  predicted  universal  slope 
ratios  could  serve  as  a  means  for  the  corroboration  or 
refutation  of  the  present  phenomenological  theory,  which 
is  based  on  Hill’s  quadratic  yield  criterion.  It  will  be 
interesting  to  see  whether  the  more  refined  micro¬ 
mechanical  theories  in  the  literature  {e.g.,  that  of  Davies 
et  a/.i'’')  also  predict  the  existence  of  such  universal  slope 
ratios  and,  if  they  do,  to  compute  the  predicted  values 
of  these  ratios. 

Hill’s  quadratic  yield  function  has  six  material  param¬ 
eters.  If  a  material  has  a  yield  function  that  assumes  the 
form  given  in  Eq.  [6]  or  [7],  plasticity  experiments  are 
required  for  the  determination  of  only  two  parameters, 
namely,  p  =  SKfMoj  and  Yl  =  3fiQk^.  Further  information 
required  for  the  evaluation  of  Hill’s  parameters  (cf. 
Eqs.  [8]  and  [9])  is  embodied  in  the  texture  coefficients 
W400,  W420,  and  W440,  which  can  be  ascertained  by  X-ray 
or  ultrasonic  techniques. 

It  would  be  interesting  to  see  whether  Eq.  [6]  could 
adequately  serve  as  the  initial  yield  criterion  for  some 
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Microstructural  Evolution 
of  an  Overlay 

Coating  on  a  Single-Crystal 
Nickel-Base  Superalloy 

T.C.  TOTEMEIER,  W.F.  GALE,  and  J.E.  KING 

High-temperature  overlay  coatings  of  the  MCrAlY  type 
(where  M  is  Ni,  Co,  or  Ni  -f  Co)  formed  via  physical 
vapor  deposition  or  plasma  spray  methods  are  finding 
increasing  use  in  turbine  blade  applications  because  of 
their  high-temperature  oxidation  and  sulfidation  resis¬ 
tance. Their  mechanical  behavior  and  resistance  to 
environmental  degradation  have  been  extensively  char- 
acterized,'^'’’  however,  little  attention  has  been  paid  either 
to  the  coating  microstructure  on  a  fine  scale  or  to  the 
evolution  of  the  microstructure  from  the  as-coated  con¬ 
dition  through  to  the  substrate  heat  treatment  and  sub¬ 
sequent  thermal  exposure.  This  communication  reports 
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on  a  transmission  electron  microscopy  (TEM)  and  scan¬ 
ning  electron  microscopy  (SEM)  based  microstructural 
study  of  a  low-pressure  plasma-sprayed  (EPPS) 
CoNiCrAlY  coating  on  a  single-crystal  nickel-base 
superalloy  substrate.  The  microstructure  of  the  coating 
was  characterized  after  each  of  the  following  stages  of 
treatment:  plasma  spraying,  a  diffusion  heat  treatment 
of  1  hour  at  1100  °C,  a  substrate  aging  treatment  of 
16  hours  at  870  °C,  and  140  hour  thermal  exposures  in 
laboratory  air  at  temperatures  of  850  °C  and  1100  °C. 

The  substrate  used  for  the  study  was  a  high  -y'  volume 
fraction  nickel-base  superalloy  with  principal  alloying 
additions  of  Co,  Cr,  Al,  and  Ti.  Examination  of  TEM 
specimens  prepared  using  the  “edge-on”  method^^^  was 
performed  using  a  PHILIPS*  400T  microscope  operating 

*PHILIPS  is  a  trademark  of  Philips  Electronic  Instruments  Corp., 
Mahwah,  NJ. 


at  an  accelerating  voltage  of  120  kV;  energy  dispersive 
X-ray  analysis  was  also  performed.  Metallographic  cross 
sections  of  the  coating  following  the  substrate  aging 
treatment  and  thermal  exposures  were  prepared  using 
standard  grinding  and  polishing  procedures. 

The  bulk  of  the  as-sprayed  coating  consisted  of  a  fine, 
randomly  oriented,  two-phase  mixture  of  /3-(Ni,  Co)Al 
(ordered  B2  structure)  and  y-(Ni,  Co)  (disordered  fee 
structure).  A  grain  size  of  0.5  to  1.0  /xm  was  observed; 
this  observation  and  the  random  grain  orientations  reflect 
the  high  cooling  rates  involved  in  splat  solidification. 
The  y  phase  was  extensively  twinned,  a  result  of  the 
depression  of  the  stacking  fault  energy  (SEE)  of  y  by  the 
presence  of  Co.  Tweed  contrast,  commonly  observed  with 
^  phase  in  bulk  aluminide,'**'  was  noted  for  ^  phase  in 
the  as-sprayed  coating.  A  number  of  M23C6  particles  were 
found  at  the  centers  of  y  grains,  the  presence  of  which 
can  be  attributed  to  residual  carbon  in  the  starting  pow¬ 
ders.  Oxide  deposits  were  visible  on  the  original  splat 
interfaces  in  some  areas. 

A  distinctly  different  microstructure  was  observed  im¬ 
mediately  adjacent  to  the  substrate  (in  a  band  of  width 
approximately  2  /xm),  which  consisted  of  flattened, 
pancake-shape  y  grains  about  8  /xm  in  length  and  the 
same  width  as  the  layer,  separated  from  each  other  and 
the  y/y'  substrate  by  high-angle  grain  boundaries.  These 
grains  contained  some  randomly  oriented  /3-phase  pre¬ 
cipitates  (Figure  1).  Again,  the  lack  of  an  orientation 
relationship  between  y  and  /3  suggests  that  the  micro¬ 
structure  evolved  strictly  during  solidification  and  not  in 
the  solid  state.  A  possible  mechanism  for  the  formation 
of  this  region  is  that  a  very  small  layer  of  the  substrate 
was  liquefied  by  the  impact  of  the  first  splat  of  the  coat¬ 
ing.  The  mixing  of  the  substrate  liquid  with  the  splat 
enriched  the  Ni  and  diluted  the  Al  content  of  the  splat, 
resulting  in  a  microstructure  with  less  /3  phase  than  the 
main  region  of  the  coating.  Compared  to  the  main  coat¬ 
ing,  a  lower  Co:Ni  ratio  was  observed  in  the  region  of 
the  coating  adjacent  to  the  substrate,  and  this  observation 
is  consistent  with  the  dilution  of  the  initial  splats  by  lo¬ 
calized  liquidation  of  the  substrate.  Further  evidence  for 
melting  was  provided  by  the  incorporation  of  small  NiO 
precipitates,  originally  present  just  below  the  surface  of 
the  substrate,  into  the  interfacial  layer  of  the  coating. 


1  lira 

Fig.  1 — Dark-field  (g  =  (020),,)  TEM  image  of  pancake-shaped  y 
grains  with  )3  precipitates  along  the  coating-substrate  interface  in  an 
as-sprayed  coating. 

This  could  only  have  occurred  during  mixing  of  the  sub¬ 
strate  and  coating  liquids. 

The  coating  microstructure  following  a  1-hour  diffu¬ 
sion  heat  treatment  at  1100  °C  was  generally  similar  to 
that  of  the  as-sprayed  coating.  However,  an  interesting 
contrast  event  was  observed  in  the  (3  phase,  which  was 
not  present  in  the  as-sprayed  condition.  This  consisted 
of  lamellar  features  distributed  throughout  the  jS  phase 
(Figure  2).  These  were  most  strongly  visible  in  weak- 
beam  images  and  did  not  produce  distinct  additional  re¬ 
flections.  The  lamellar  contrast  was  observed  with  {110}^ 
fundamental  reflections;  no  contrast  was  visible  with 
{llljp  superlattice,  {100}^  superlattice,  {112}^  funda¬ 
mental,  or  {200}^  fundamental  reflections  .(only  the  usual 


100  nm 

Fig.  2  — Weak-beam  dark-field  (g  =  (iTO);,)  TEM  image  of  lamellar 
contrast  as  observed  in  fi  grains  following  diffusion  heat  treatment. 
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tweed  contrast  was  observed).  The  origin  of  this  contrast 
is  not  currently  understood,  but  it  is  presumably  related 
to  the  inherent  instability  of  the  j8-NiAl  phase. 

The  bulk  of  the  coating  was  relatively  unaffected  by 
the  substrate  aging  treatment  of  16  hours  at  870  °C.  The 
microstructure  still  consisted  of  a  fine  two-phase  /S-y 
microstructure,  as  shown  in  Figure  3.  The  lower  tem¬ 
perature  aging  treatment  did  result  in  the  formation  of 
cr-phase  precipitates  in  the  ^  phase  (with  an  orientation 
relationship  [1 1  l]p|[l  lOJo-,  (1 10)^|(1 10)J  and  M23C6  pre¬ 
cipitates  in  y  (cube-cube  orientation  relationship).  How¬ 
ever,  there  were  significant  changes  in  the  microstructure 
at  the  coating-substrate  interface.  In  a  region  from  the 
coating-substrate  interface  to  5  p,m  into  the  coating,  the 
grain  size  increased  to  1.5  to  3  /am.  The  formation  of 
fine  (100  nm  in  diameter)  spherical  y'  precipitates  was 
observed  in  the  y  phase  in  this  region  of  the  coating 
(Figure  4),  which  correlated  with  a  reduction  in  the  Co 
to  Ni  ratio  due  to  interdiffusion  with  the  Ni-rich  sub¬ 
strate.  Replacement  of  Co  by  Ni  stabilizes  the  y'  phase 
at  the  expense  of  y.  Another  factor  contributing  to  the 
formation  of  y'  could  be  the  loss  of  chromium  to  the 
substrate  through  interdiffusion.  Chromium  favors 
the  formation  of  disordered  y  over  ordered  y' . 

Thermal  exposure  for  140  hours  at  850  °C  produced 
further  changes  in  the  microstructure,  although  for  the 
most  part,  the  two-phase  y-fi  structure  still  existed.  Alu¬ 
minum  loss  at  the  coating  surface  due  to  the  formation 
of  AI2O3  resulted  in  the  depletion  of  /3  phase  at  the  coat¬ 
ing  surface  and  at  surface-connected  pores.  Additional 
formation  of  M23C6  precipitates  in  the  y  coating  matrix 
near  the  substrate  was  also  observed. 

More  extreme  changes  in  the  microstructure  were  ob¬ 
served  following  exposure  for  140  hours  at  1 100  °C.  As 
shown  in  Figure  5,  the  loss  of  aluminum  at  the  surface 
resulted  in  a  large  /8-depleted  zone  (40  /xm  in  thickness). 
Only  a  small  region  in  the  center  of  the  coating  still  re- 


30  |im 

Fig.  3  —  SEM  microstructure  of  a  coating  following  substrate  aging 
treatment. 


200  nm 

Fig.  4 — Dark-field  (g  =  (1 10)y)  TEM  image  of  fine  spherical  y'  pre¬ 
cipitates  in  a  y  matrix  near  the  coating-substrate  interface  in  a  coating 
following  substrate  aging  treatment. 


tained  any  resemblance  to  the  original  y-/8  micro¬ 
structure.  Extensive  interdiffusion  with  the  substrate 
occurred,  the  result  being  a  30-/u,m-thick  region  of  y  with 
large,  elongated  precipitates  believed  to  be  (3  phase.  These 
precipitates  could  not  be  conclusively  identified  using 
TEM  because  of  their  tendency  to  be  removed  during 
the  ion-milling  phase  of  specimen  preparation,  but  their 
etching/staining  characteristics  are  those  of  /3  phase.  The 
coating  grew  considerably  in  thickness  at  the  expense  of 
the  substrate.  The  originally  95-jU.m-thick  coating  was 


30  jim 

Fig.  5  —  SEM  microstructure  of  a  coating  following  thermal  exposure 
for  140  hours  at  1 100  °C. 
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160  /j-m  after  exposure  at  1100  °C,  reflecting  the  extent 
to  which  interdiffusion  with  the  substrate  occurred. 
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Microsegregation  in  Cellular  Solidification. 
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Aluminum  base  alloys,  Cladding 

Transmission  Electron  Microscopy  Study  of  Martensites  in 
Laser-Clad  Ni — Al  Bronze  on  Aluminium  Alloy  AA333.  37-46A 

Processing.  Microstructure,  and  Properties  of  Laser-Clad 
Nickel  Alloy  FP-5  on  Al  Alloy  AA333.  426-434B 

Laser  Cladding  of  Nickel-Aluminum  Bronze  on  Al  Alloy 
AA333.  749-7598 


Aluminum  base  alloys,  Composite  materials 

Modeling  of  the  Incorporation  of  Ceramic  Particulates  in  Me¬ 
tallic  Droplets  During  Spray  Atomization  and  Coinjection. 

Characterization  of  Anisotropic  Elastic  Constants  of  Silicon- 
Carbide  Particulate  Reinforced  Aluminum  Metal  Matrix 
Composites.  I.  Experiment. 

Characterization  of  Anisotropic  Elastic  Constants  of  Silicon- 
Carbide  Particulate  Reinforced  Aluminum  Metal  Matrix 
Composites.  II.  Theory. 

Effect  of  Microstructure  (Particulate  Size  and  Volume  Frac¬ 
tion)  and  Counterface  Material  on  the  Sliding  Wear  Resis¬ 
tance  of  Particulate-Reinforced  Aluminum  Matrix 
Composites. 

Cubic  AINi  Compound  Dispersed  Magnesium-Based  Amor¬ 
phous  Matrix  Composites  Prepared  by  Rapid  Solidification. 

Role  of  AI2O3  Particulate  Reinforcements  on  Precipitation  in 
2014  Aluminum-Matrix  Composites. 

Forging  Limits  for  an  Aluminum  Matrix  Composite.  I.  Experi¬ 
mental  Results.  (Conference  Paper) 

Forging  Limit  for  an  Aluminum  Matrix  Composite.  11.  Analysis. 
(Conference  Paper) 

Stress-State  Dependence  of  Strain-Hardening  Behavior  in 
2014  AI/15  vol.%  AI2O3  Composite.  (Conference  Paper) 

Microstructural  Analysis  of  Fracture  Toughness  Variation  in 
2XXX-Series  Aluminum  Alloy  Composites  Reinforced  With 
SiC  Whiskers. 

Effect  of  Heat  Treatment  on  the  Microstructure,  Tensile  Prop¬ 
erties,  and  Fracture  Behavior  of  Permanent  Mold  AI-10 
vi4.%  Si-0.6  wt.%  Mg/SiC/10p  Composite  Castings. 

Low-Cycle  Fatigue  Properties  of  a  SiC  Whisker-Reinforced 
2124  Aluminum  Alloy. 

Micromechanical  Modelling  of  Reinforcement  Fracture  in 
Particle-Reinforced  Metal-Matrix  Composites. 

The  Influence  of  SiC  Particulates  on  Fatigue  Crack  Propaga¬ 
tion  in  a  Rapidly  Solidified  Al-Fe-V-Si  Alloy. 

Fracture  Toughness  of  Discontinuously  Reinforced  AI-4Cu- 
1.5Mg/TiB2  Composites. 

Kinetic  Study  of  Low-Temperature  Transient  Liquid  Phase 
Joining  of  an  Aluminum-SiC  Composite. 

Elastic  Constants  of  SiCp/AI:  Measurements  and  Modeling. 

Aluminum  base  alloys,  Diffusion 

A  History  of  the  Controversy  Over  the  Roles  of  Shear  and  Dif¬ 
fusion  in  Plate  Formation  Above  M^  and  a  Comparison  of 
the  Atomic  Mechanisms  of  These  Processes.  (Conference 
Paper,  Review) 
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Aluminum  base  alloys.  Heat  treatment 

Effect  of  Supereutectic  Homogenization  on  incidence  of  Po¬ 
rosity  in  Aluminum  Alloy  2014  Ingot.  111-122B 


Al2Ti  Precipitation  in  Al64Fe8Ti28  Alloy. 

The  Effect  of  Thermal  Exposure  on  Microstructural  Stability 
and  Creep  Resistance  of  a  Two-Phase  TiAl/TiaAl  Lamellar 
Alloy. 

Aluminum  base  alloys,  Mechanical  properties 

Discussion  of  “Grain  Growth  of  a  Superplastic  7475  Alumi¬ 
num  Alloy”. 

The  Tensile  Deformation  Behavior  of  AA  3004  Aluminum 
Alloy. 

Elevated  Temperature  Fracture  of  RS/PM  Alloy  8009. 1.  Frac¬ 
ture  Mechanics  Behavior. 

The  Orientation  Dependence  of  Fatigue-Crack  Growth  in 
8090  Aluminum — Lithium  Plate. 

The  Elastic  Strain  Energy  of  Growth  Ledges  on  Coherent  and 
Partially  Coherent  Precipitates. 

Fracture  Toughness  of  Quaternary  A!-Li-Cu-Mg  Alloy  Under 
Mode  I,  Mode  It.  and  Mode  III  Loading  Conditions. 

Aluminum  base  alloys.  Melting 

Local  Melting  in  Al — Mg — Zn — Alloys. 

An  Internal  Variable  Description  of  Solidification  Suitable  for 
Macrosegregation  Modeling. 

Aluminum  base  alloys,  Metal  working 

Anisotropic  Plastic  Potentials  for  Polycrystals  and  Application 
to  the  Design  of  Optimum  Blank  Shapes  in  Sheet  Forming. 

Relationships  of  Slip  Morphology,  Microcracking,  and  Frac¬ 
ture  Resistance  in  a  Lamellar  TiAl-Alloy. 

Superplastic  Behavior  of  Thermomechanically  Treated  P/M 
7091  Aluminum  Alloy. 

Effects  of  Texture  Gradients  on  Yield  Loci  and  Forming  Limit 
Diagrams  in  Various  Aluminum-Lithium  Sheet  Alloys. 

Aluminum  base  alloys.  Microstructure 

Crystallographic  Characteristics  of  the  Al — Co  Decagonal 
Quasicrystal  and  Its  Monoclinic  Approximant  r^-Ali3C04. 

Aluminum  base  alloys.  Phase  transformations 

Application  of  the  Theory  of  Martensite  Crystallography  to 
Displacive  Phase  Transformations  in  Substitutional  Nonfer- 
rous  Alloys.  (Conference  Paper,  Review) 

Atomic  Site  Correspondence  and  Surface  Relief  in  the  For¬ 
mation  of  Plate-Shaped  Transformation  Products.  (Confer¬ 
ence  Paper) 

Aluminum  base  alloys.  Phases  (state  of  matter) 

Supersaturation  of  the  AI2Y  Laves  Phase  by  Rapid  Solidifica¬ 
tion. 

Further  Discussions  on  the  Solute  Redistribution  During  Den¬ 
dritic  Solidification  of  Binary  Alloys. 

Crystallization  Behavior  of  Iron-Containing  Intermetallic 
Compounds  in  319  Aluminum  Alloy. 

X-Ray  Microscopic  Observations  of  Metal  Solidification  Dy¬ 
namics. 

Effects  of  Precursor  Matrix  Events  on  Subsequent  Nucle- 
ation.  (Conference  Paper) 

Aluminum  base  alloys,  Powder  technology 

Evolution  of  Interaction  Domain  Microstructure  During  Spray 
Deposition. 

Numerical  Analysis  of  the  Rapid  Solidification  of  Gas- 
Atomized  AI-8  wt.%  Iron  Droplets. 

Aluminum  base  alloys,  Reactions  (chemical) 

Solubility  and  Thermodynamic  Properties  of  Y2O3  in  LiF — YF3 
Melts. 

Interactions  Between  Drops  of  a  Molten  Aluminum  )Lithium 
Alloy  and  Liquid  Water. 

High-Temperature  Oxidation  of  Cathodicaliy  Hydrogen- 
Charged  Two-Phase  (TisAI,  TiAl)  Titanium  Aluminides. 

Aluminum  base  alloys,  Welding 

Characterization  of  a  Diffusion-Bonded  Al — Mg  Alloy/SiC  In¬ 
terface  by  High  Resolution  and  Analytical  Electron  Micros¬ 
copy. 

Aluminum  bronzes,  Claddings 

Transmission  Electron  Microscopy  Study  of  Martensites  in 
Laser-Clad  Ni — Al  Bronze  on  Aluminium  Alloy  AA333. 

Aluminum  compounds 

See  also  Aluminum  oxide 

Aluminum  compounds,  Composite  materials 

Fiber  Strength  and  Fiber/Matrix  Bond  Strength  in  Single 
Crystal  AI2O3  Fiber  Reinforced  NisAI  Based  Composites. 

A  Structural  Study  of  Oxidation  in  a  Zirconia-Toughened  Alu¬ 
mina  Fiber-Reinforced  NiAl  Composite. 

Development  and  Characterization  of  Interface  Coatings  in 
Molybdenum-Reinforced  NiAl  Matrix  Composites. 

Melt-Processed  NisAI  Matrix  Composites  Reinforced  With 
TiC  Particles. 

Aluminum  compounds,  Extrusion 

Discussion  of  "The  Role  of  Microstructure  on  Strength  and 
Ductility  of  Hot-Extruded  Mechanically  Alloyed  NiAl”  and 
Author's  Reply. 

Aluminum  compounds.  Forging 

Microstructure  Development  During  Conventional  and  Iso¬ 
thermal  Hot  Forging  of  a  Near-7  Titanium  Aluminide. 

Aluminum  compounds,  Mechanical  properties 

Tensile  Ductili^  of  Extrinsically  Toughened  Intermetallics. 

Low-Cycle  Fatigue  Behavior  of  Polycrystalline  NiAl  at  1000K. 

Environmental  Effect  on  Room-Temperature  Ductility  of  Iso- 
thermally  Forged  TiAI-Base  Alloys. 

Ordering  and  Mechanical  Strength  in  LI  2  Cubic  Titanium  Tri- 
aluminides. 

The  Effects  of  Hydrostatic  Pressure  on  the  Compressive  Me¬ 
chanical  Behavior  of  LI  2  AI3  Ti-Based  Intermetallic. 

Modeling  Creep  Deformation  of  a  Two-Phase  TiAI/Ti3AI  Alloy 
With  a  Lamellar  Microstructure. 
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Atomizing 


Low  Cycle  Fatigue  Behavior  of  Polycrystailine  NiaAl  Alloys  at 
Ambient  and  Elevated  Temperatures.  2469-2476A 

Creep  Characteristics  of  Single  Crystalline  Ni3AI(Ta.B).  2477-2482A 

Microstructures  and  Mechania!  Behavior  of  NiAI-Mo  and 
NiAi-Mo-Ti  Two-Phase  Alloys.  2769-2781A 


Aluminum  compounds,  Microstructure 

Discussion  of  "Crystallographic  Characterization  of  the  Al-Co 
Decagonal  Quasicrystal  and  Its  Monoclinic  Approximant 
AI,3Co4".  2535-2538A 


Aluminum  compounds,  Powder  technology 

Determination  of  Residual  Nickel  in  Mechanically  Alloyed 
NiAl.  871-874A 

High-Performance  NisAI  Synthesized  From  Composite  Pow¬ 
ders.  985-992A 

Evolution  of  Interaction  Domain  Microstructure  During  Spray 
Deposition.  2341-2355A 


Aluminum  compounds,  Rolling 

High-Temperature  Deformation  of  B2  NiAI-Base  Alloys.  (Con¬ 
ference  Paper)  2017-2026A 


Aluminum  killed  steels,  Coating 

Morphology  Development  in  Hot-Dip  Galvanneal  Coatings. 

Aluminum  killed  steels,  Steel  making 

Thermodynamics  of  Oxygen.  Nitrogen,  and  Sulfur  in  Liquid 
Iron  Equilibrated  With  CaO — AI2O3 — MgO  Slags. 


937-947A 

235-244B 


Aluminum  oxide,  Brazing 

Spreading  and  Interlayer  Formation  at  the  Copper-Copper 
Oxide/Polycrystalline  Alumina  Interface.  2497-2506A 


Aluminum  oxide,  Composite  materials 

Modeling  of  the  Incorporation  of  Ceramic  Particulates  in  Me¬ 
tallic  Droplets  During  Spray  Atomization  and  Coinjection. 

Effect  of  Microstructure  (Particulate  Size  and  Volume  Frac¬ 
tion)  and  Counterface  Material  on  the  Sliding  Wear  Resis¬ 
tance  of  Particulate-Reinforced  Aluminum  Matrix 
Composites. 

Fiber  Strength  and  Fiber/Matrix  Bond  Strength  in  Single 
Crystal  AI2O3  Fiber  Reinforced  NiaAl  Based  Composites. 

A  Structural  Study  of  Oxidation  in  a  Zirconia-Toughened  Alu¬ 
mina  Fiber-Reinforced  NiAl  Composite. 

Role  of  AI2O3  Particulate  Reinforcements  on  Precipitation  In 
2014  Aluminum-Matrix  Composites. 

Forging  Limits  for  an  Aluminum  Matrix  Composite.  I.  Experi¬ 
mental  Results.  (Conference  Paper) 

Forging  Limit  for  an  Aluminum  Matrix  Composite.  II.  Analysis. 
(Conference  Paper) 

Stress-State  Dependence  of  Strain-Hardening  Behavior  In 
2014  Ai/15  vol.%  AI2O3  Composite.  (Conference  Paper) 

Capiliarity  in  Isothermai  Infiitration  of  Alumina  Fiber  Preforms 
With  Aluminum. 

Low-Cycle  Fatigue  of  Dispersion-Strengthened  Copper. 
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Amorphous  structure 

Structure  of  As-Deposited  Iron— Zinc  Coatings  From  Chlo¬ 
ride  Bath.  249-255A 


Amorphous  structure,  Cooling  effects 

Cubic  AINi  Compound  Dispersed  Magnesium-Based  Amor¬ 
phous  Matrix  Composites  Prepared  by  Rapid  Solidification.  1323-1325A 


Anisotropy 

Characterization  of  Anisotropic  Elastic  Constants  of  Silicon- 
Carbide  Particulate  Reinforced  Aluminum  Metal  Matrix 
Composites.  II.  Theory.  811-819A 

Efficient  Measurement  of  Microstructural  Surface  Area  Using 
Trisector.  919-928A 

Eiastic  Compliance  and  Hill’s  Quadratic  Yield  Function  for 
Weakly  Orthotropic  Sheets  of  Cubic  Metals.  2835-2837A 


Annealing 

See  also  Homogenizing 
Spheroidizing 

Mechanism  of  Damping  Capacity  of  High-ChromIum  Steels 
and  a-lron  and  Its  Dependence  on  Some  External  Factors. 

Discussion  of  "Grain  Growth  of  a  Superplastic  7475  Alumi¬ 
num  Alloy". 

Computer  Algorithms  for  Radiometric  Measurement  of  Tem¬ 
perature  During  the  Galvanneal  Process. 

The  Effect  of  Phosphorus  Segregation  on  the  Intermediate- 
Temperature  Embrittlement  of  Ferritic,  Spheroidal  Graphite 
Cast  Iron. 

The  Effect  of  Steel  Chemistry  on  the  Formation  of  Fe-Zn  In- 
termetallic  Compounds  of  Galvanneal-Coated  Steel 
Sheets. 

Morphology  Development  in  Hot-Dip  Galvanneal  Coatings. 

Auger  Electron  Analysis  of  the  Initial  Oxidation  of  Titanium  Al- 
uminides  Based  on  Ti — 48AI. 

Microstructural  Study  of  the  Titanium  Alloy  Ti — 15Mo — 
2.7Nb— 3A1— 0.2Si  (TiMETAL  21 S). 

Interstitial  Precipitation  in  Fe — Cr — Al  Alloys. 

Formation  and  Stability  of  Metastable  Structures  and  Amor¬ 
phous  Phases  in  Pu — V,  Pu — TA,  and  Pu — Yb  Systems 
With  Positive  Heats  of  Mixing. 

Dynamic  Fracture  Behavior  of  Ti — 6Ai — 4V  Alloy  With  Vari¬ 
ous  Stabilities  of  0  Phase. 

Interfacial  Layer  Development  in  Hot-Dip  Galvanneal  Coat¬ 
ings  on  Interstitial  Free  (IF)  Steel. 

The  Effect  of  Thermal  Exposure  on  Microstructural  Stability 
and  Creep  Resistance  of  a  Two-Phase  TiAI/TisAI  Lamellar 
Alloy. 
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2101-2109A 
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Anodes 

Physical  Modeling  Studies  of  Electrolyte  Flow  Due  to  Gas 
Evolution  and  Some  Aspects  of  Bubble  Behavior  in  Ad¬ 
vanced  Hall  Cells,  li.  Flow  and  Interpolar  Resistance  in 
Cells  With  a  Grooved  Anode.  341-349B 


Antifriction  alloys 

See  Tin  base  alloys 

Antimony,  Ternary  systems 

Thermodynamic  Analysis  of  the  In-Ga-Sb  System. 

Antiphase  boundaries 

Long-Range  Ordering  in  the  Early  Stages  of  Precipitation  )a 
Brief  Review.  (Conference  Paper) 

Transformation  Characteristics  of  Plates  in  Cu-Zn-AI  Al¬ 
loys.  (Conference  Paper) 

Arc  spraying 

See  Plasma  spraying 

Arc  welds 

See  Welded  joints 

Argon  arc  welding 

See  Gas  tungsten  arc  welding 

Arrhenius  activation  energy 

See  Activation  energy 

Artificial  aging 

See  Aging  (artificial) 

Astroceram 

See  Ceramics 

Atomic  diffusion 

See  Diffusion 

Atomic  properties 

See  Atomic  structure 
Electronic  structure 

Atomic  structure 

The  Diffuse-Scattering  Method  for  Investigating  Locally  Or¬ 
dered  Binary  Solid  Solutions. 

Determination  of  the  Short-Range  Order  Structure  of  Au — 25 
at.%  Fe  Using  Wide-Angle  Diffuse  Synchrotron  X-Ray  Scat¬ 
tering. 

The  Phenomenological  Theory  of  Martensite  Crystallogra¬ 
phy:  Interrelationships.  (Conference  Paper) 

The  Role  of  Structural  Ledges  as  Misfit-Compensating  De¬ 
fects:  FCC-BCC  Interphase  Boundaries.  (Conference 
Paper) 

Intrinsic  Ledges  at  Interphase  Boundaries  and  the  Crystallog¬ 
raphy  of  Precipitate  Plates.  (Conference  Paper) 

Discussion  of  "Crystallographic  Characterization  of  the  Al-Co 
Decagonal  Quasicrystal  and  Its  Monoclinic  Approximant  A 
AI13C04". 

Atomic  structure.  Alloying  effects 

Compositional  and  Microstructural  Changes  Which  Attend 
Reheating  and  Grain  Coarsening  in  Steels  Containing  Nio¬ 
bium. 

Transmission  Electron  Microscopy  Crystal  Structure  Study  of 
the  Chromium-Rich  Phase  in  a  Laser-Clad  Nickel  Alloy. 

On  the  Prebainitic  Phenomenon  in  Some  Alloys.  (Conference 
Paper) 

Thermodynamics  and  Kinetics  of  the  Formation  of 
Widmanstatten  Ferrite  Plates  in  Ferrous  Alloys.  (Confer¬ 
ence  Paper) 

Atomic  structure,  Cooling  effects 

Chemical  Composition  and  Structural  Identification  of  Eutec¬ 
tic  Carbide  in  1%  Manganese  Ductile  Iron. 

Atomic  structure,  Diffusion  effects 

Multiphase  Binary  Diffusion  in  Infinite  and  Semi-Infinite 
Media.  II.  On  the  Numerical  Calculation  of  the  Rate  Con¬ 
stants  for  Formation  of  Product  Phases. 

Crystallographic  Theories,  Interface  Structures,  and  Trans¬ 
formation  Mechanisms.  (Conference  Paper) 

Application  of  the  Theory  of  Martensite  Crystallography  to 
Displacive  Phase  Transformations  in  Substitutional  Nonfer- 
rous  Alloys.  (Conference  Paper,  Review) 

Atomic  Site  Correspondence  and  Surface  Relief  in  the  For¬ 
mation  of  Plate-Shaped  Transformation  Products.  (Confer¬ 
ence  Paper) 

Formation  of  Invariant  Plane-Strain  and  Tent-Shaped  Surface 
Reliefs  by  the  Diffusional  Ledge  Mechanism.  (Conference 
Paper) 

Atomic  structure,  Heating  effects 

Atom  Probe  Field  Ion  Microscopy  Study  of  the  Partitioning  of 
Substitutional  Elements  During  Tempering  of  a  Low-Alloy 
Steel  Martensite. 

Aging  of  Freshly  Formed  Iron-Based  Martensites  at  Low 
Temperatures.  (Review) 

Formation  and  Stability  of  Metastable  Structures  and  Amor¬ 
phous  Phases  in  Pu — V,  Pu — TA,  and  Pu — Yb  Systems 
With  Positive  Heats  of  Mixing. 

Atomic  structure.  Stress  effects 

A  History  of  the  Controversy  Over  the  Roles  of  Shear  and  Dif¬ 
fusion  in  Plate  Formation  Above  M^  and  a  Comparison  of 
the  Atomic  Mechanisms  of  These  Processes.  (Conference 
Paper,  Review) 

Atomic  structure,  Temperature  effects 

The  Grand  Partition  Function  of  Dilute  Biregular  Solutions. 

Atomization 

See  Atomizing 

Atomizing 

Modeling  of  the  Incorporation  of  Ceramic  Particulates  in  Me¬ 
tallic  Droplets  During  Spray  Atomization  and  Coinjection. 

Surface  Characterization  and  Reactivity  of  a  Nitrogen  Atom¬ 
ized  304L  Stainiess  Steel  Powder. 

Fatigue  Crack  Growth  Rates  and  Fracture  Toughness  of 
Rapidly  Solidified  Al— 8.5Fe— 1.2V— 1.7Si  Alloys. 
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Atomizing 


Superplastic  Behavior  of  Two  Ultrahigh  Boron  Steels. 

Evolution  of  Interaction  Domain  Microstructure  During  Spray 
Deposition. 

Numerical  Analysis  of  the  Rapid  Solidification  of  Gas- 
Atomized  AI-8  wt.%  Iron  Droplets. 

Attaching 

See  Joining 

Attenuation 

See  Damping 

Attrition 

See  Wear 

Auger  electron  spectroscopy 

Auger  Electron  Analysis  of  the  Initial  Oxidation  of  Titanium  Al- 
uminides  Based  on  Ti — 48AI. 

Austenite 

The  Phenomenological  Theory  of  Martensite  Crystallogra¬ 
phy:  Interrelationships.  (Conference  Paper) 

The  Chromium  Equivalents  of  Ferrite  Stabilizers  in  Commer¬ 
cial  Stainless  Steels. 

Austenite,  Alloying  effects 

Effects  of  Carbon  Content  and  Ausaging  on  7  a’  Trans¬ 
formation  Behavior  and  Reverse-Transformed  Structure  in 
Fe— Ni— Co— Al— C  Alloys. 

Compositional  and  Microstructural  Changes  Which  Attend 
Reheating  and  Grain  Coarsening  in  Steels  Containing  Nio¬ 
bium. 

Morphological  Stability  of  y/a  Interface  Formed  by  Carburiza¬ 
tion  in  Fe — C — X  Alloys. 

Effects  of  Austenite  Grain  Size  and  Cooling  Rate  on 
Widmanstatten  Ferrite  Formation  in  Low-Alloy  Steels. 

The  Fine  Structure  and  Formation  Mechanism  of  Lower  Bai- 
nite.  (Conference  Paper) 

Austenite,  Cooling  effects 

Softening  and  Microstructural  Change  Following  the  Dynamic 
Recrystallization  of  Austenite. 

Intragranular  Ferrite  Nucleation  in  Medium-Carbon  Vanadium 
Steels. 

Austenite,  Deformation  effects 

Effects  of  Precursor  Matrix  Events  on  Subsequent  Nucle¬ 
ation.  (Conference  Paper) 

Austenite,  Diffusion  effects 

Diffusion  in  Growth  of  Bainite.  (Conference  Paper) 

Formation  Mechanism  of  Bainitic  Ferrite  in  an  Fe  )2%  Si 
)0.6%  C  Alloy.  (Conference  Paper) 

Austenite,  Heating  effects 

Heat  Treatment  of  Investment  Cast  PH  13-8  Molybdenum 
Stainless  Steel.  II.  Isothermal  Aging  Kinetics. 

Aging  of  Freshly  Formed  Iron-Based  Martensites  at  Low 
Temperatures.  (Review) 

Phosphorus  and  Carbon  Segregation:  Effects  on  Fatigue  and 
Fracture  of  Gas-Carburized  Modified  4320  Steel. 

Formation  Mechanism  of  Bainite  Ferrite  and  Carbide.  (Con¬ 
ference  Paper) 

Austenite,  Temperature  effects 

Thermodynamics  of  the  Iron  )Carbon  )Zinc  System. 

Fracture  and  the  Formation  of  Sigma  Phase.  M23C6.  and  Aus¬ 
tenite  From  Delta — Ferrite  in  an  AISI  304L  Stainless  Steel. 

Austenitic  stainless  steels,  Corrosion 

Influence  of  Near-Surface  Microstructures  on  the  Transient 
Current  Response  in  Fe — Cr — Ni  Alloys  During  Scratch 
Tests. 

Austenitic  stainless  steels.  Diffusion 

Interdiffusion  Between  Uranium — Zirconium  Fuel  vs.  Se¬ 
lected  Cladding  Steels. 

Austenitic  stainless  steels,  Heat  treatment 

Applicability  of  Bond  Percolation  Theory  to  Intergranular 
Stress-Corrosion  Cracking  of  Sensitized  AISI  304  Stainless 
Steel. 

Austenitic  stainless  steels.  Irradiation 

Helium  3  Precipitation  in  AISI  31 6L  Stainless  Steel  Induced  by 
Radioactive  Decay  of  Tritium;  Microstructural  Study  of  He¬ 
lium  Bubble  Precipitation. 

Helium  3  Precipitation  in  AISI  31 6L  Stainless  Steel  Induced  by 
Radioactive  Decay  of  Tritium:  Growth  Mechanism  of  He¬ 
lium  Bubbles. 

Austenitic  stainless  steels,  Mechanical  properties 

Some  Aspects  of  Thermomechanical  Fatigue  of  AISI  304L 
Stainless  Steel.  I.  Creep — Fatigue  Damage. 

Some  Aspects  of  Thermomechanical  Fatigue  of  AISI  304L 
Stainless  Steel,  II.  Dislocation  Arrangements. 

The  Effects  of  Hydrogen  on  the  Mechanical  Behavior  of  Aus¬ 
tenitic  Stainless  Steels  at  Room  Temperature. 

Fracture  and  the  Formation  of  Sigma  Phase,  M23C6,  and  Aus¬ 
tenite  From  Delta — Ferrite  in  an  AISI  304L  Stainless  Steel. 

Effect  of  Internal  Heating  During  Hot  Compression  on  the 
Stress-Strain  Behavior  of  Alloy  304L. 

Austenitic  stainless  steels,  Phases  (state  of  matter) 

The  Chromium  Equivalents  of  Selected  Elements  in  Austen¬ 
itic  Stainless  Steel. 

The  Chromium  Equivalents  of  Ferrite  Stabilizers  in  Commer¬ 
cial  Stainless  Steels. 

Austenitic  stainless  steels,  Powder  technology 

Surface  Characterization  and  Reactivity  of  a  Nitrogen  Atom¬ 
ized  304L  Stainless  Steel  Powder. 

Austenitizing 

Influence  of  Tempering  Temperature  on  Stability  of  Carbide 
Phases  in  2.6Cr — 0.7Mo — 0.3V  Steel  With  Various  Carbon 
Content. 


The  Effects  of  Double  Austenitization  on  the  Mechanical 
Properties  of  a  0.34C  Containing  Low-Allov  Ni — Cr — Mo — 
V  Steel. 

Effects  of  Widmanstatten  Ferrite  on  the  Mechanical  Proper¬ 
ties  of  a  0.2%  C — 0.7%  Mn  Steel. 

Intragranular  Ferrite  Nucleation  in  Medium-Carbon  Vanadium 
Steels. 

Auto  oxidation 
See  Oxidation 

Autodiffusion 
See  Diffusion 

Automatic  control 

See  Computer  control 

Automobile  components 

See  Automotive  components 

Automotive  bodies,  Coating 

Structure  of  As-Deposited  Iron — Zinc  Coatings  From  Chlo¬ 
ride  Bath. 

The  Effect  of  Steel  Chemistry  on  the  Formation  of  Fe-Zn  In- 
termetallic  Compounds  of  Galvanneal-Coated  Steel 
Sheets. 

ij  to  6  Phase  Transformation  in  Electrodeposited  Iron — Zinc 
Alloy  Coatings. 

Automotive  bodies.  Mechanical  properties 

The  Tensile  Deformation  Behavior  of  AA  3004  Aluminum 
Alloy. 

Automotive  components 

See  also  Automotive  bodies 

Automotive  components,  Welding 

Resistance  Spot  Welding  of  Precoated  Steel  Sheet:  Compu¬ 
tational  Heat-Transfer  Analysis. 

Axial  stress 

The  Effect  of  Triaxial  Stress  on  Ductility  and  Fracture  Mor¬ 
phology  of  Ferritic  Spheroidal  Graphite  Cast  Iron. 
Stress-State  Dependence  of  Strain-Hardening  Behavior  in 
2014  AI/15  vol.%  AI2O3  Composite.  (Conference  Paper) 
Flow  Instabilities  and  Fracture  in  Ti-6Ai-4V  Deformed  in  Com¬ 
pression  at  298-673K. 

Modeling  the  Effects  of  Stress  State  and  Crystal  Orientation 
on  the  Stress-Induced  Transformation  of  NiTi  Single  Crys¬ 
tals. 

Backscattering,  Diffusion  effects 

Formation  of  Invariant  Plane-Strain  and  Tent-Shaped  Surface 
Reliefs  by  the  Diffusional  Ledge  Mechanism.  (Conference 
Paper) 

Bacterial  leaching 

Observations  on  the  Effect  of  Medium  Density  and  Viscosity 
on  the  Rate  of  Induced  Aeration  in  Agitated  Vessels. 

Bainite 

Growth  Kinetics  and  High-Temperature  TEM  In  Situ  Observa¬ 
tion  of  Bainite  in  a  Cu-Zn  Alloy.  (Conference  Paper) 

A  Discussion  on  the  Formation  of  Bainite  and  Other  Precipi¬ 
tates  In  Copper-Zinc  and  Silver-Zinc  Alloys.  (Conference 
Paper) 

Bainitelike  Transformations  in  Some  Oxide  Ceramics.  (Con¬ 
ference  Paper) 

Bainite,  Alloying  effects 

On  the  Prebainitic  Phenomenon  in  Some  Alloys.  (Conference 
Paper) 

The  Fine  Structure  and  Formation  Mechanism  of  Lower  Bai¬ 
nite.  (Conference  Paper) 

Bainite,  Diffusion  effects 

Diffusion  in  Growth  of  Bainite.  (Conference  Paper) 

Formation  Mechanism  of  Bainitic  Ferrite  in  an  Fe  )2%  Si 
)0.6%  C  Alloy.  (Conference  Paper) 

Bainite,  Heating  effects 

Titanium-Rich  Mineral  Phases  and  the  Nucleation  of  Bainite. 
Formation  Mechanism  of  Bainite  Ferrite  and  Carbide.  (Con¬ 
ference  Paper) 

Bainite,  Stress  effects 

Short  Fatigue  Crack  Growth  Behavior  in  a  Ferritic-Bainitic 
Steel. 

Bainite,  Temperature  effects 

Morphology  of  Bainite  and  Widmanstatten  Ferrite.  (Confer¬ 
ence  Paper) 

Ball  milling 

Formation  of  Metastable  and  Equilibrium  Phases  During  Me¬ 
chanical  Alloying  of  Aluminum  and  Magnesium  Powders. 
Mechanical  Processing  of  Iron  Powders  in  Reactive  and  Non¬ 
reactive  Gas  Atmospheres. 

Barium,  Quaternary  systems 

Thermodynamic  Study  of  BaCu02  and  BaCu202. 

Batch  annealing 

See  Vacuum  annealing 

Bearing  alloys 

See  Bearing  steels 

Bearing  steels,  Mechanical  properties 

Effect  of  Microstructure  (Particulate  Size  and  Volume  Frac¬ 
tion)  and  Counterface  Material  on  the  Sliding  Wear  Resis¬ 
tance  of  Particulate-Reinforced  Aluminum  Matrix 
Composites. 

Bend  properties 
See  Bend  strength 
Bending  fatigue 
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Brittle  fracture 


Bend  strength,  Alloying  effects 

Microstructures  and  Mechanial  Behavior  of  NiAI-Mo  and 
NiAI-Mo-Ti  Two-Phase  Alloys.  2769-2781A 

Bend  tests 

Fracture  of  Glass  in  Tensile  and  Bending  Tests.  961-968A 

Evaluation  of  Static  and  Dynamic  Fracture  Toughness  in  Duc¬ 
tile  Cast  Iron.  2427-2437A 

Bendability 

See  Formability 


Blast  furnace  slags,  Phases  (state  of  matter) 

A  Thermodynamic  Study  of  BaO  +  BaCl2  +  Cr203  Fluxes 
Used  for  the  Removal  of  Phosphorus  From  Chromium- 
Containing  Iron  Melts. 

Blast  furnace  slags,  Reactions  (chemical) 

Kinetics  in  Muliticomponent  Metallic  )lonic  Systems. 

Blast  furnace  slags.  Recovering 

Vanadium  Distribution  in  Melts  Intermediate  to  Ferroalloy 
Production  From  Vanadiferous  Slag. 


Bending  fatigue,  Heating  effects 

Phosphorus  and  Carbon  Segregation:  Effects  on  Fatigue  and 
Fracture  of  Gas-Carburized  Modified  4320  Steel.  1229-1240A 

The  Role  of  Magnesium-Containing  Spheroidizer  and  Coun¬ 
teraction  of  Misch  Metal  in  the  Intermediate  Temperature 
Intergranular  Embrittlement  of  Ferritic  Nodular  Iron.  2305-2309A 

Bending  strength 

See  Bend  strength 

Bending  tests 

See  Bend  tests 

Beneficiation 

See  Flotation 

Bi-polar  cells 

Energy  Efficiency  Considerations  on  Monopolar  vs.  Bipolar 
Fused  Salt  Electrolysis  Cells.  661-668B 

Biaxial  stress 

See  Axial  stress 


Billet  casting 

On  the  Formation  of  Pipes  and  Centerline  Segregates  in  Con¬ 
tinuously  Cast  Billets.  123-133B 

Bimetals,  Phases  (state  of  matter) 

The  Morphological  Stability  of  Lateral  Growth  in  Solid — Solid 
Phase  Transformation  During  Thin-Film  Interdiffusion  in 
Aluminum/Copper  Bimetal  Films.  1613-1625A 


Binary  systems.  Phase  transformations 

Mg— Pb  Phase  Diagram  and  Phase  Transformations  in  the 
Intermetallic  Compounds  MggPb  and  /3'.  265-275B 

The  Invariant  Line  and  Precipitate  Morphology  in  FCC-BCC 
Systems.  (Conference  Paper)  1865-1874A 


Binary  systems,  Phases  (state  of  matter) 

Partition  of  Alloying  Elements  Between  y  (A1 ),  y'  (L1 2).  and  0 
(B2)  Phases  in  Ni — Al  Base  Systems.  473-485A 

Multiphase  Binary  Diffusion  in  Infinite  and  Semi-Infinite 
Media.  II.  On  the  Numerical  Calculation  of  the  Rate  Con¬ 
stants  for  Formation  of  Product  Phases.  753-761A 

Formation  and  Stability  of  Metastable  Structures  and  Amor¬ 
phous  Phases  in  Pu — V,  Pu — TA,  and  Pu — Yb  Systems 
With  Positive  Heats  of  Mixing.  1579-1590A 


Bioleaching 

See  Bacterial  leaching 


Bismuth,  Alloying  elements 

A  Process  for  Debismuthizing  Lead  With  Magnesium. 

Bismuth,  Ternary  systems 

Thermodynamic  Study  of  the  Bi — Ca — 0  System. 

Crystallization  Studies  of  the  i3‘  (Mg2Pb)  Phase  and  Its  Phase 
Boundaries  in  the  Pb — Mg — Bi  System. 

Blast  furnace  chemistry 

High-Temperature  Isopiestic  Studies  on  the  Ternary  Slag 
PbO— Si02— B2O3  at  1273K. 

Thermodynamics  of  Oxygen,  Nitrogen,  and  Sulfur  in  Liquid 
Iron  Equilibrated  With  CaO — AI2O3 — MgO  Slags. 

An  Alternative  Gibbs — Duhem  Method  for  the  Calculation  of 
Activities  From  the  Redox  Data  for  Iron  Oxide  in  Ternary 
Oxide  Systems. 

Chemical  Equilibria  Between  Silicon  and  Slag  Melts. 

Kinetics  in  Muliticomponent  Metallic  }lonic  Systems. 

A  Thermodynamic  Study  of  BaO  +  BaCl2  +  Cr203  Fluxes 
Used  for  the  Removal  of  Phosphorus  From  Chromium- 
Containing  Iron  Melts. 

Improvement  in  the  Reducibility  of  Wustite  Assisted  by  the  In¬ 
tensified  Surface  Segregation  of  Calcium  Ions  by  the  Dou¬ 
ble  Addition  of  CaO  and  Si02. 


379-384B 

97-1 01 B 
255-263B 

103-109B 

235-244B 

277-280B 

497-504B 

579-587B 

695-701 B 

741-748B 


Blast  furnace  practice 

The  Measurement  of  the  Heat-Transfer  Coefficient  Between 
High-Temperature  Liquids  and  Solid  Surfaces.  43-51B 


Blast  furnace  slags 

The  Measurement  of  the  Heat-Transfer  Coefficient  Between 
High-Temperature  Liquids  and  Solid  Surfaces. 

Thermodynamics  and  Phase  Relations  of  the  Fe — 0 — S — 
Si02(sat)  System  at  1200®C  and  the  Effect  of  Copper. 

High-Temperature  Isopiestic  Studies  on  the  Ternary  Slag 
PbO— Si02— B2O3  at  1273K. 

Thermodynamics  of  Oxygen,  Nitrogen,  and  Sulfur  in  Liquid 
Iron  Equilibrated  With  CaO — AI2O3 — MgO  Slags. 

An  Alternative  Gibbs — Duhem  Method  for  the  Calculation  of 
Activities  From  the  Redox  Data  for  Iron  Oxide  in  Ternary 
Oxide  Systems. 

Equilibrium  Oxygen  Pressures  of  Iron  Silicate  Slags. 

Chemical  Equilibria  Between  Silicon  and  Slag  Melts. 

A  Model  for  Estimation  of  Viscosities  of  Complex  Metallic  and 
Ionic  Melts. 

Improvement  in  the  Reducibility  of  Wustite  Assisted  by  the  In¬ 
tensified  Surface  Segregation  of  Calcium  Ions  by  the  Dou¬ 
ble  Addition  of  CaO  and  Si02. 

Measurements  of  High-Temperature  Viscosities  of  Liquid 
Boron  Trioxide. 


43-51 B 
79-89B 
103-109B 
235-244B 

277-280B 

463-465B 

497-504B 

519-525B 

741-748B 
876-881 A 


Blast  furnace  slags,  Reduction  (chemical) 

An  Analysis  of  Slag  Stratification  in  Nickel  Laterite  Smelting 
Furnaces  Due  to  Composition  and  Temperature  Gradients. 

Blast  furnaces 

Calcium  Deoxidation  Equilibrium  in  Liquid  iron. 

Blasts  (explosions) 

See  Explosions 

Blending 

See  Powder  blending 

Blunging 

See  Mixing 

Bohr  model 

See  Atomic  structure 

Bomb  reduction 

See  Reduction  (chemical) 

Bombs  (pressure  vessels) 

See  Pressure  vessels 

Bonding  strength,  Stress  effects 

Fiber  Strength  and  Fiber/Matrix  Bond  Strength  in  Single 
Crystal  AI2O3  Fiber  Reinforced  NisAi  Based  Composites. 

Borides,  Composite  materials 

Modeling  of  the  Incorporation  of  Ceramic  Particulates  in  Me¬ 
tallic  Droplets  During  Spray  Atomization  and  Coinjection. 

Room-Temperature  Strength  and  Deformation  of  TiB2' 
Reinforced  Near-7  Titanium  Aluminides. 

Thermal-Mechanical  Fatigue  of  Ti-48AI-2V  Alloy  and  Its  Com¬ 
posite. 

Fracture  Toughness  of  Discontinuously  Reinforced  AI-4Cu- 
1.5Mg/TiB2  Composites. 

Boron,  Dopants 

Effects  of  Simultaneous  Boron  and  Nitrogen  Implantation  on 
Microhardness  and  Fatigue  Properties  of  Fe — 13Cr — 15Ni 
Alloys. 

Boron,  Impurities 

Thermodynamics  of  Boron  in  a  Silicon  Melt. 

Boron  compounds 

See  Borides 

Boron  intensified  steels 

See  Boron  steels 

Boron  steels,  Powder  technology 

Superplastic  Behavior  of  Two  Ultrahigh  Boron  Steels. 

Boundaries 

See  Antiphase  boundaries 
Grain  boundaries 
Phase  boundary 

Brasses,  Mechanical  properties 

Elastic  Compliance  and  Hill’s  Quadratic  Yield  Function  for 
Weakly  Orthotropic  Sheets  of  Cubic  Metals. 

Brasses,  Microstructure 

Characterization  of  Inhomogeneous  Elastic  Deformation  With 
X-Ray  Diffraction. 

High-Resolution  Analytical  Electron  Microscopy  Study  of  Iso¬ 
thermal  Plate-Shaped  Products  in  Some  |8-Phase  Alloys. 
(Conference  Paper) 

Brasses,  Phase  transformations 

On  the  Prebainitic  Phenomenon  in  Some  Alloys.  (Conference 
Paper) 

Thermodynamic  Consideration  of  Formation  Mechanism  of 
ai  Plate  in  /3Cu-Base  Alloys.  (Conference  Paper) 

Transformation  Characteristics  of  ai  Plates  in  Cu-Zn-AI  Al¬ 
loys.  (Conference  Paper) 

The  Formation  Mechanism  of  Plate  in  /3  Cu-Zn  and  Cu-Zn-AI 
Alloys.  (Conference  Paper) 

Growth  Kinetics  and  High-Temperature  TEM  In  Situ  Observa¬ 
tion  of  Bainite  in  a  Cu-Zn  Alloy.  (Conference  Paper) 

Study  on  the  Transformation  Mechanism  of  ai  Plates  in  a 
Copper-Zinc-Aluminum  Alloy.  (Conference  Paper) 

A  Discussion  on  the  Formation  of  Bainite  and  Other  Precipi¬ 
tates  In  CopperrZinc  and  Silver-Zinc  Alloys.  (Conference 
Paper) 

Mechanism  of  the  Early  Stages  of  ai  Plate  Formation  in  a  Cu- 
39%  Zinc  Alloy.  (Conference  Paper) 

Braze 

See  Brazing 

Braze  bonding 

See  Brazing 

Brazing 

Spreading  and  Interlayer  Formation  at  the  Copper-Copper 
Oxide/Polycrystalline  Alumiria  Interface. 

Brittle  fracture,  Microstructural  effects 

Fracture  and  the  Formation  of  Sigma  Phase,  M23C6,  and  Aus¬ 
tenite  From  Delta — Ferrite  in  an  AISI  304L  Stainless  Steel. 


695-701 B 
579-587B 

27-32B 

491-496B 

33-42B 


1 259-1 265A 

135-147B 
2181-2197A 
2207-221 2A 
2461-2468A 

193-202A 

903-907B 

1241-1248A 

2835-2837A 

341-347A 

2569-2579A 

1941-1946A 
2555-2564A 
2581-2599A 
2601-2608A 
2609-261 4A 
261 5-261 9A 

262 1-2629 A 
2631-2637A 


2497-2506A 

1147-1158A 
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Brittle  fracture 


Brittle  fracture,  Stress  effects 

Coefficients  of  Thermal  Expansion  of  Metal-Matrix  Compos¬ 
ites  for  Electronic  Packaging.  839-850A 

Brittleness,  Coating  effects 

Processing,  Microstructure,  and  Properties  of  Laser-Clad 
Nickel  Alloy  FP-5  on  Al  Alloy  AA333.  425-434B 

Brittleness,  Environmental  effects 

Hydride  Embrittlement  in  Zircaloy-4  Plate.  I.  Influence  of  Mi¬ 
crostructure  on  the  Hydride  Embrittlement  in  Zircaloy-4  at 
20  and  350°C.  1185-1197A 

Brittleness,  Heating  effects 

Al2Ti  Precipitation  in  Al64Fe8Ti28  Alloy.  715-721A 

Brittleness,  Stress  effects 

Fracture  of  Glass  in  Tensile  and  Bending  Tests.  961-968A 

Brittleness,  Temperature  effects 

Comparison  of  Orthorhombic  and  Alpha-Two  Titanium  Alumi- 
nides  as  Matrices  for  Continuous  SiC-Reinforced  Compos¬ 
ites.  1267-1283A 

Bronzes 

See  also  Aluminum  bronzes 

Bronzes,  Claddings 

Laser  Cladding  of  Nickel-Aluminum  Bronze  on  Al  Alloy 
AA333.  749-759B 

Bubbles 

Helium  3  Precipitation  in  AISI  31 6L  Stainless  Steel  Induced  by 
Radioactive  Decay  of  Tritium:  Growth  Mechanism  of  He¬ 
lium  Bubbles.  2131-2143A 

Bubbles,  Radiation  effects 

Helium  3  Precipitation  in  AISI  31 6L  Stainless  Steel  Induced  by 
Radioactive  Decay  of  Tritium:  Microstructural  Study  of  He¬ 
lium  Bubble  Precipitation.  2117-2130A 

Bubbling 

Large-Scale  Measurements  of  the  Physical  Characteristics  of 
Round  Vertical  Bubble  Plumes  in  Liquids.  359-371 B 

Modeling  of  Metallurgical  Emulsions.  855-864B 

Bulk  modulus 

Elastic  Constants  of  SiCp/AI:  Measurements  and  Modeling.  2832-2835A 

Buoyancy 

Sticking  of  Solids  in  Liquids.  397-403B 

Burdening 

See  Blast  furnace  practice 

Burning 

See  Combustion 

Cakes  (metal) 

See  Ingots 

Calcining 
See  Roasting 

Calcium,  Alloying  elements 

Calcium  Deoxidation  Equilibrium  in  Liquid  Iron.  33-42B 

Calcium,  Steel  making 

Thermodynamics  of  Oxygen,  Nitrogen,  and  Sulfur  in  Liquid 
Iron  Equilibrated  With  CaO — AI2O3 — MgO  Slags.  235-244B 

Calcium,  Ternary  systems 

Thermodynamic  Study  of  the  Bi — Ca — O  System,  97-101B 

Calcium  base  alloys,  Reactions  (chemical) 

Thermodynamic  Estimation  of  AHp  for  CaGa2  Intermetallic.  151-154B 

Calculating 

See  Computation 

Computer  programs 
Numerical  analysis 

Calculation 

See  Computation 

Computer  programs 
Numerical  analysis 

Calorimetry 

Standard  Enthalpies  of  Formation  of  Some  Praseodymium 
Alloys  of  High-Temperature  Direct  Synthesis  Calorimetry.  73-77B 

Oxygen  Potentials  in  Nickel  +  NiO  and 
Nickel  +  Cr203  +  NiCr204  Systems.  373-378B 

Capillarity 

Capillarity  in  Isothermal  Infiltration  of  Alumina  Fiber  Preforms 
With  Aluminum.  2145-2152A 

Carbides 

See  also  Cemented  carbides 
Silicon  carbide 

Carbides,  Composite  materials 

Development  and  Characterization  of  Interface  Coatings  in 
Molybdenum-Reinforced  NiAl  Matrix  Composites.  2111-2116A 

Carbon 

See  also  Graphite 

Carbon,  Alloying  elements 

Effects  of  Carbon  Content  and  Ausaging  on  7  a’  Trans¬ 
formation  Behavior  and  Reverse-Transformed  Structure  in 
Fe— Ni— Co— Al— C  Alloys.  63-71A 

Influence  of  Tempering  Temperature  on  Stability  of  Carbide 
Phases  in  2.6Cr — 0.7Mo — 0.3V  Steel  With  Various  Carbon 
Content.  267-275A 

Compositional  and  Microstructural  Changes  Which  Attend 
Reheating  and  Grain  Coarsening  in  Steels  Containing  Nio¬ 
bium.  277-286A 

On  the  Prebainitic  Phenomenon  in  Some  Alloys.  (Conference 
Paper)  1941-1946A 


Thermodynamics  and  Kinetics  of  the  Formation  of 
Widmanstatten  Ferrite  Plates  in  Ferrous  Alloys.  (Confer¬ 
ence  Paper)  1 947-1 953A 

Tbe  Fine  Structure  and  Formation  Mechanism  of  Lower  Bai- 
nite.  (Conference  Paper)  1 967-1 980A 

Cai1)on,  Diffusion 

Diffusion  in  Growth  of  Bainite.  (Conference  Paper)  1 957-1 966A 

Carbon,  Dopants 

Effects  of  Simultaneous  Boron  and  Nitrogen  Implantation  on 
Microhardness  and  Fatigue  Properties  of  Fe — 13Cr — 15Ni 
Alloys.  193-202A 

Carbon,  Ternary  systems 

Thermodynamics  of  the  Iron  )Carbon  )Zinc  System.  569-578B 

Carbon  compounds 

See  Carbides 

Carbon  in  pulp  process 

Adsorption  Kinetics  of  Dicyanoaurate  and  Dicyanoargentate 
Ions  in  Activated  Carbon.  1 85-1 91 B 

The  Mechanism  of  Elution  of  Gold  Cyanide  From  Activated 
Carbon.  829-838B 

Carbon  manganese  steels,  Heat  treatment 

Effects  of  Widmanstatten  Ferrite  on  the  Mechanical  Proper¬ 
ties  of  a  0.2%  C— 0.7%  Mn  Steel.  763-773A 

Carbon  manganese  steels,  Mechanical  properties- 

Short  Fatigue  Crack  Growth  Behavior  in  a  Ferhtic-Bainitic 
Steel.  2421-2425A 

Carbon  manganese  steels,  Phases  (state  of  matter) 

Effects  of  Austenite  Grain  Size  and  Cooling  Rate  on 
Widmanstatten  Ferrite  Formation  in  Low-Alloy  Steels.  665-675A 

Catbon  steels 

See  also  Carbon  manganese  steels 
High  carbon  steels 
Low  carbon  steels 
Medium  carbon  steels 

Carbon  steels,  Casting 

Calculation  of  Thermophysical  Properties  of  Carbon  and  Low 
Alloyed  Steels  for  Modeling  of  Solidification  Processes.  909-91 6B 

Carbon  steels,  Phases  (state  of  matter) 

Formation  Mechanism  of  Bainite  Ferrite  and  Carbide.  (Con¬ 
ference  Paper)  2001-2007A 

Carbonizing  (combustion) 

See  Coking 

Carburization 
See  Carburizing 

Carburizing 

Morphological  Stability  of  y/a  Interface  Formed  by  Carburiza¬ 
tion  In  Fe — C — X  Alloys.  531‘537A 

Computer  Simulation  of  Diffusion  in  Multiphase  Systems.  1 1 27-1 1 34A 
Phosphorus  and  Carbon  Segregation:  Effects  on  Fatigue  and 
Fracture  of  Gas-Carburized  Modified  4320  Steel.  1229-1240A 

Development  and  Characterization  of  Interface  Coatings  in 
Molybdenum-Reinforced  NiAl  Matrix  Composites.  2111  -21 1 6A 

Case  carburizing 
See  Carburizing 

Case  hardening 

See  Carburizing 

Case  hardness 

See  Surface  hardness 

Cast  iron 

See  also  Gray  iron 

Cast  iron,  Heat  treatment 

The  Effect  of  Phosphorus  Segregation  on  the  Intermediate- 
Temperature  Embrittlement  of  Ferritic,  Spheroidal  Graphite 
Cast  Iron.  557-561 A 

Cast  iron,  Mechanical  properties 

The  Effect  of  Triaxial  Stress  on  Ductility  and  Fracture  Mor¬ 
phology  of  Ferritic  Spheroidal  Graphite  Cast  Iron.  821-825A 

Castaing  microprobes 

See  Electron  probes 

Casting 

See  Billet  casting 

Centrifugal  casting 
Chill  casting 
Continuous  casting 
Ingot  casting 
Melt  spinning 
Pressure  casting 
Rheocasting 
Slab  casting 

Casting  defects 

Water-Modeling  Study  of  the  Surface  Disturbances  in  Contin¬ 
uous  Slab  Caster.  227-233B 

Casting  defects,  Cooling  effects 

A  Note  on  the  Sensitivity  of  Solidification  Models  to  Thermo¬ 
physical  Properties.  154-157B 

Modeling  of  the  Formation  of  Under-Riser  Macrosegregation 
During  Solidification  of  Binary  Alloys.  1051-1062A 

Modeling  Microstructure  Development  in  Gray  Cast  Irons.  1 063-1 079A 
Microsegregation  in  Cellular  Solidification.  2295-2301 A 

Castings 

See  also  Centrifugal  castings 
Chill  castings 
Ingots 

Pressure  castings 
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Chromium  molybdenum  vanadium  steels 


Castings,  Heat  treatment 

The  Effect  of  Aging  on  Wear  Characteristics  of  Rheocast- 
Leaded  Aiuminum  Aiioys.  851-856A 

Effect  of  Heat  Treatment  on  the  Microstructure,  Tensile  Prop¬ 
erties,  and  Fracture  Behavior  of  Permanent  Mold  AI-10 
wt.%  Si-0.6  wt.%  Mg/SiC/lOp  Composite  Castings.  2247-2263A 

Castings,  Mechanical  properties 

Modeiing  the  Thin-Slab  Continuous-Casting  Mold.  443-457B 


Castings,  Phases  (state  of  matter) 

Crystallization  Behavior  of  Iron-Containing  Intermetallic 
Compounds  in  319  Aluminum  Alioy.  1761-1773A 


Chemical  equilibrium,  Deformation  effects 

Formation  of  Metastabie  and  Equilibrium  Phases  During  Me¬ 
chanical  Alloying  of  Aluminum  and  Magnesium  Powders. 

Chemical  equilibrium,  Diffusion  effects 

Multiphase  Binary  Diffusion  in  Infinite  and  Semi-Infinite 
Media.  II.  On  the  Numerical  Calculation  of  the  Rate  Con¬ 
stants  for  Formation  of  Product  Phases. 

Chemical  equilibrium,  pH  effects 

Simulation  of  In  Situ  Uraninite  Leaching.  I.  A  Partial  Equilib¬ 
rium  Model  of  the  NH4HCO3 — (NH4)2C03 — H2O2  Leaching 
System. 


Catalysts,  Recovering 

Processing  of  Spent  Hydrorefining  Catalysts  by  Selective 
Chlorination.  481-490B 

Catalytic  converters 

See  Automotive  components 

CCT  curves 

See  TTT  curves 

Ceils 

See  Electrolytic  cells 

Cemented  carbides,  Powder  technology 

Thermodynamics  of  Isolated  Pores  Filling  With  Liquid  in  Sin¬ 
tered  Composite  Materials.  733-740A 

Cementite,  Heating  effects 


Atom  Probe  Field  Ion  Microscopy  Study  of  the  Partitioning  of 
Substitutional  Elements  During  Tempering  of  a  Low-Alloy 


Steel  Martensite. 

Phosphorus  and  Carlion  Segregation;  Effects  on  Fatigue  and 
Fracture  of  Gas-Carburized  Modified  4320  Steel. 

499-508A 

1229- 1240 A 

Cementite,  Temperature  effects 

Morphology  of  Bainite  and  Widmanstatten  Ferrite.  (Confer¬ 
ence  Paper) 

1981-1989A 

Centrifugal  casting 

The  Cast  Structure  of  a  7075  Alloy  Produced  by  a  Water- 
Cooling  Centrifugal  Casting  Method. 

643-650A 

Centrifugal  castings,  Microstructure 

The  Cast  Structure  of  a  7075  Alloy  Produced  by  a  Water- 
Cooling  Centrifugal  Casting  Method. 

643-650A 

Centrifuging 

The  Effect  of  Enhanced  Gravity  Levels  on  Microstructural  De¬ 
velopment  in  Pb — 50  wt.%  Sn  Alloys  During  Controlled  Di¬ 
rectional  Solidification. 

865-870A 

Ceramic  mold  casting 

See  Investment  casting 

Ceramic  mold  castings 

See  Investment  castings 

Ceramics 

See  also  Aluminum  oxide 

Silicon  carbide 

Titanium  carbide 

Tungsten  carbide 

Ceramics,  Powder  technology 

Preparation  and  Properties  of  Fine  Hematite  Powders  by  Hy¬ 
drolysis  of  Iron  Carboxylate  Solutions. 

165-170B 

Cermets 

See  Cemented  carbides 

Charging 

High-Temperature  Oxidation  of  Cathodically  Hydrogen- 
Charged  Two-Phase  (TisAI,  TiAl)  Titanium  Aluminides. 

2491-2496A 

Charging,  Environmental  effects 

Modeiing  Hydrogen  Entry  and  Exit  in  Metals  Exposed  to  Mul¬ 
tiple  Charging  Processes. 

723-732A 

Chemical  equilibrium.  Pressure  effects 

Thermodynamic  Study  of  BaCu02  and  BaCu202. 

Chemical  equilibrium,  Temperature  effects 

Phase  Relations  in  the  Mo — Si — C  System  Relevant  to  the 
Processing  of  MoSi2 — SiC  Composites. 

High-Temperature  Phase  Relations  and  Thermodynamics  in 
the  Iron — Lead — Sulfur  System. 

Oxygen  Potentials  in  Nickel  +  NiO  and 
Nickel  +  Cr203  +  NiCr204  Systems. 

Partition  of  Alloying  Elements  Between  7  (A1),  7’  (LI  2),  and  /3 
(B2)  Phases  in  Ni — Al  Base  Systems. 

Local  Melting  in  Al — Mg — Zn — Alloys. 

Thermodynamics  of  the  Iron  )Carbon  )Zinc  System. 

Thermodynamics  of  the  Liquid  jxCu  +  yAu  +  (1 — x — y)Ge!, 
(0.75  <x<1,0<y<  0.125)  Alloys  at  1550K  by  Knud- 
sen  Effusion  Mass  Spectrometry. 

Chemical  kinetics 

See  Reaction  kinetics 

Chemical  metallurgy 

See  Process  metallurgy 

Chemical  processes 

See  Reactions  (chemical) 

Chemical  properties 

See  Activity  (chemical) 

Reactivity 

Chemical  reactions 

See  Reactions  (chemical) 

Chemical  reduction 

See  Reduction  (chemical) 

Chemistry 

See  Electrochemistry 
Physical  chemistry 
Surface  chemistry 
Thermochemistry 

Chill  casting 

See  also  Direct  chill  casting 

Modeling  of  the  Formation  of  Under-Riser  Macrosegregation 
During  Solidification  of  Binary  Alloys. 

Prediction  of  Columnar  to  Equiaxed  Transition  During 
Diffusion-Controlled  Dendritic  Alloy  Solidification. 

Chill  castings.  Microstructure 

Prediction  of  Columnar  to  Equiaxed  Transition  During 
Diffusion-Controlled  Dendritic  Alloy  Solidification. 

Chlorination 

See  Hydrochlorination 

Chromium,  Alloying  elements 

Influence  of  Tempering  Temperature  on  Stability  of  Carbide 
Phases  in  2.6Cr — 0.7Mo — 0.3V  Steel  With  Various  Carbon 
Content. 

Transmission  Electron  Microscopy  Crystal  Structure  Study  of 
the  Chromium-Rich  Phase  in  a  Laser-Clad  Nickel  Alloy. 

The  Influence  of  the  Alloying  Elements  Upon  the  Transforma¬ 
tion  Kinetics  and  Morphologies  of  Ferrite  Plates  in  Alloy 
Steels.  (Conference  Paper) 


Charpy  impact  tests 

See  Impact  tests 


Charring 

See  Combustion 


Chemical  analysis 

See  Qualitative  analysis 


Chemical  equilibrium 

Calcium  Deoxidation  Equilibrium  in  Liquid  Iron. 
Thermodynamics  of  Oxygen,  Nitrogen,  and  Sulfur  in  Liquid 
Iron  Equilibrated  With  CaO — AI2O3 — MgO  Slags. 

Chemical  Equilibria  Between  Silicon  and  Slag  Melts. 
Equilibrium  Distribution  of  Fe,  Ni,  Sb,  and  Sn  between  Liquid 
Cu  and  a  CaO-Rich  Slag. 

The  Shapes  of  the  Phase  Boundaries  of  Two  Ideal  Solution 
Phases  in  Ternary  and  Higher  Order  Systems. 

Spreading  and  Interlayer  Formation  at  the  Copper-Copper 
Oxide/Polycrystalline  Alumina  Interface. 


33-42B 

235-244B 

497-504B 

645-651 B 

656-658A 

2497-2506A 


Chemical  equilibrium,  Alloying  effects 

Thermodynamics  of  Oxygen  and  Nitrogen  in  Liquid  Nickel 
Equilibrated  With  CaO — TiOx  and  CaO — TiOx — AI2O3 
Melts.  5-13B 

Morphological  Stability  of  y/a  Interface  Formed  by  Carburiza¬ 
tion  in  Fe — C — X  Alloys.  531-537A 


Chemical  equilibrium,  Cooling  effects 

Crystallization  Studies  of  the  0  (Mg2Pb)  Phase  and  Its  Phase 
Boundaries  in  the  Pb — Mg — Bi  System.  255-263B 

Further  Discussions  on  the  Solute  Redistribution  During  Den¬ 
dritic  Solidification  of  Binary  Alloys.  731-739B 

Calorimetric  Evaluation  of  Nonequilibrium  State  in  As-Melt 
Spun  Al— 1.72  and  Al— 3.12  at.%  Cu  Alloys  and  Al— 6.74, 

Al— 8.48,  and  Al— 11.97  at.%  Si  Alloys.  '  1102-1104A 


Chromium,  Extraction 

A  Mathematical  Model  of  Ionic  Transport  in  a  Porous  Dia¬ 
phragm  of  a  Chrome — Alum  Cell. 

Chromium,  Ternary  systems 

Numerical  Modeling  of  Solidification  and  Subsequent  Trans¬ 
formation  of  Fe — Cr — Ni  Alloys. 

Chromium  base  alloys,  Phase  transformations 

The  Selection  of  Precipitate  Habit  Planes  in  Cr-32  wt.%  Ni. 
(Conference  Paper) 

Chromium  carbide,  Composite  materials 

Thermodynamics  of  Isolated  Pores  Filling  With  Liquid  in  Sin¬ 
tered  Composite  Materials. 

Chromium  compounds 

See  also  Chromium  carbide 

Chromium  compounds.  Mechanical  properties 

Elastic  Constants  of  Some  Transition-Metal-Disilicide  Single 
Crystals. 

Chromium  molybdenum  nickel  steels 

See  Nickel  chromium  molybdenum  steels 

Chromium  molybdenum  steels 

See  a/so  Chromium  molybdenum  vanadium  steels 
Nickel  chromium  molybdenum  steels 

Chromium  molybdenum  steels,  Phases  (state  of  matter) 

Precipitation  of  BCC  Phase  from  Nonequilibrium  Al  3-Type 
Phase  in  Rapidly  Solidified  High-Carbon  Fe-Cr-Mo  Alloy. 

Chromium  molybdenum  vanadium  steels,  Heat  treatment 

Influence  of  Tempering  Temperature  on  Stability  of  Carbide 
Phases  in  2.6Cr — 0.7Mo — 0.3V  Steel  With  Various  Carbon 
Content. 


73-79A 

753-761 A 

171-183B 

385-389B 

5-1 5A 

53-61 B 

373-378B 

473-485A 

521-530A 

569-578B 

857-864A 


1051-1062A 

1081-1093A 

1081-1093A 

267-275A 

487-497A 

1991-2000A 

351-358B 

1309-1321A 

2639-2646A 

733-740A 

331-340A 

2542-2546A 

267-275A 
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Chromium  nickel  molybdenum  steels 


Chromium  nickel  molybdenum  steels 

See  Nickel  chromium  molybdenum  steels 


Cold  working 
See  Cold  rolling 


Chromium  steels 

See  also  Chromium  molybdenum  steels 


Coiumbium 
See  Niobium 


Chromium  steels,  Heat  treatment 

Mechanism  of  Damping  Capacity  of  High-Chromium  Steels 
and  rt-lron  and  Its  Dependence  on  Some  External  Factors.  111-124A 

Chromium  vanadium  steels 

See  Chromium  molybdenum  vanadium  steels 

Cladding 

Multiphase  Binary  Diffusion  in  Infinite  and  Semi-Infinite 
Media.  I.  On  the  Determination  of  Interdiffusion  Coeffi¬ 
cients.  741-751A 

Claddings,  Diffusion 

Interdiffusion  Between  Uranium — Zirconium  Fuel  vs.  Se¬ 
lected  Cladding  Steels.  1 649-1 653A 


Coiumbium  compounds 

See  Niobium  compounds 

Columnar  structure,  Cooling  effects 

Prediction  of  Columnar  to  Equiaxed  Transition  During 
Diffusion-Controlled  Dendritic  Alloy  Solidification. 
Solidihcation  Macrostructures  and  Macrosegregation  in  Alu¬ 
minum  Alloys  Cooled  From  Above. 

Combustion 

Interactions  Between  Drops  of  a  Molten  Aluminum  }Lithium 
Alloy  and  Liquid  Water. 

Combustion,  Temperature  effects 

Thermodynamic  Estimation  of  AHP  for  CaGa2  Intermetallic. 


Claddings,  Microstructure 

Transmission  Electron  Microscopy  Crystal  Structure  Study  of 
the  Chromium-Rich  Phase  in  a  Laser-Clad  Nickel  Alloy. 

487-497A 

Cleaning 

See  Washing 

Cleavage,  Heating  effects 

Ai2Ti  Precipitation  in  Al64Fe8Ti28  Alloy. 

715-721A 

Close  packed  hexagon 

See  Hexagonal  lattice 

Clustering 

The  Diffuse-Scattering  Method  for  Investigating  Locally  Or¬ 
dered  Binary  Solid  Solutions. 

17-35A 

Clustering,  Heating  effects 

Aging  of  Freshly  Formed  Iron-Based  Martensites  at  Low 
Temperatures.  (Review) 

889-909A 

Coating 

See  Diffusion  coating 

Glazing 

Coatings 

See  Protective  coatings 

Sprayed  coatings 

Cobalt,  Composite  materials 

Thermodynamics  of  Isolated  Pores  Filling  With  Liquid  in  Sin¬ 
tered  Composite  Materials. 

733-740A 

Cobalt,  Recovering 

Processing  of  Spent  Hydrorefining  Catalysts  by  Selective 
Chlorination. 

481-490B 

Cobalt  base  alloys.  Cladding 

A  Simple  but  Realistic  Model  for  Laser  Cladding. 

281 -291 B 

Cobalt  base  alloys.  Mechanical  properties 

On  Morphologies.  Microsegregation,  and  Mechanical  Behav¬ 
ior  of  Directionally  Solidified  Cobalt-Base  Superalloy  at  Me¬ 
dium  Cooling  Rate. 

637-642A 

Compliance  (elasticity) 

See  Modulus  of  elasticity 

Components 

See  Aircraft  components 
Automotive  components 
Engine  components 
Nuclear  reactor  components 

Composite  materials 

See  Fiber  composites 

Particulate  composites 
Whisker  composites 

Compounds 

See  Aluminum  compounds 
Intermetallics 
Tin  compounds 

Compression  casting 

See  Pressure  casting 

Compression  strength 

See  Compressive  strength 

Compression  tests 

Precipitation  Effects  During  Hot  Deformation  of  a  Copper 
Alloy. 

Effect  of  Orientation  on  Crystallographic  Cracking  in  Notched 
Nickel-Base  Superalloy  Single  Crystal  Subjected  to  Far- 
Field  Cyclic  Compression. 

Textural  and  Microstructural  Gradient  Effects  on  the  Mechan¬ 
ical  Behavior  of  a  Tantalum  Plate. 

Evaluation  of  Homogeneous  Compression  Flow  Curves 
Using  Square  Cross-Sectioned  Specimens. 

Effect  of  Internal  Heating  During  Hot  Compression  on  the 
Stress-Strain  Behavior  of  Alloy  304L. 

Compressive  modulus 
See  Modulus  of  elasticity 

Compressive  properties 

See  also  Compressive  strength 


Cobalt  base  alloys,  Phase  transformations 

Atomic  Site  Correspondence  and  Surface  Relief  in  the  For¬ 
mation  of  Plate-Shaped  Transformation  Products.  (Confer¬ 
ence  Paper)  1 91 7-1 922A 

Cobalt  compounds,  Mechanical  properties 

Elastic  Constants  of  Some  Transition-Metal-Disilicide  Single 
Crystals.  331-340A 

Cobalt  compounds,  Microstructure 

Discussion  of  "Crystallographic  Characterization  of  the  Al-Co 
Decagonal  Quasicrystai  and  Its  Monoclinic  Approximant  r^- 
AI13C04".  2535-2538A 

COD 

See  Crack  opening  displacement 

Coefficient  of  expansion 

See  Thermal  expansion 

Coefficient  of  thermal  expansion 

See  Thermal  expansion 

Coking 

Study  of  Nonisothermai  Reduction  of  Iron  Ore — Coal/Char 
Composite  Pellet.  15-26B 

Thermodynamic  Stability  of  Metallurgical  Coke  Relative  to 
Graphite.  149-151B 

Cold  aging 

See  Aging  (natural) 

Cold  cracking  (welds) 

See  Weld  defects 

Cold  deformation 

See  Deformation 

Cold  ductility 

See  Ductility 

Cold  formability 

See  Formability 

Cold  rolling 

Alligatoring  and  Damage  in  the  Cold  Rolling  of  Spheroidized 
Steels.  589-598A 

Cold  shortness 

See  Brittleness 

Cold  stretching 

See  Stretching 


Compressive  properties,  Microstructural  effects 

Temperature  and  Microstructural  Dependence  of  the  Defor¬ 
mation  of  a  High  Niobium.  Titanium — Aluminum  Alloy. 

Compressive  properties,  Pressure  effects 

The  Effects  of  Hydrostatic  Pressure  on  the  Compressive  Me¬ 
chanical  Behavior  of  LI2  AI3  Ti-Based  Intermetallic. 

Compressive  properties,  Stress  effects 

Characteristics  of  the  Martensitic  Transformation  and  the  In¬ 
duced  Two-Way  Shape  Memory  Effect  After  Training  by 
Compressive  Pseudoelastic  Cycling  in  Cu — Zn — Al  Single 
Crystals. 

Flow  Instabilities  and  Fracture  in  Ti-6AI-4V  Deformed  in  Com¬ 
pression  at  298-673K. 

Compressive  strength 

Study  of  Nonisothermai  Reduction  of  Iron  Ore — Coal/Char 
Composite  Pellet. 

Compressive  strength.  Deformation  effects 

Alligatoring  and  Damage  in  the  Cold  Rolling  of  Spheroidized 
Steels. 

Compressive  yield  strength 

See  Compressive  strength 

Computation 

The  Chromium  Equivalents  of  Selected  Elements  in  Austen¬ 
itic  Stainless  Steel. 

The  Chromium  Equivalents  of  Ferrite  Stabilizers  in  Commer¬ 
cial  Stainless  Steels. 

Computer  control 

A  Simple  but  Realistic  Model  for  Laser  Cladding. 

Computer  programs 

Calculation  of  Thermophysical  Properties  of  Carbon  and  Low 
Alloyed  Steels  for  Modeling  of  Solidification  Processes. 

Computer  simulation 

A  Comparison  of  Three  Mathematical  Modeling  Procedures 
for  Simulating  Fluid  Flow  Phenomena  in  Bubble-Stirred  La¬ 
dles. 

Computer  Algorithms  for  Radiometric  Measurement  of  Tem¬ 
perature  During  the  Galvanneal  Process. 

Thermodynamic  Simulation  Model  of  the  Isasmelt  Process 
for  Copper  Matte. 

Gas  Trapping  and  Release  in  Polycrystalline  Nickel  Preim¬ 
planted  With  Helium. 

Computer  Simulation  of  Diffusion  in  Multiphase  Systems. 


1081-1093A 
1 097-1 102A 

623-625B 

151-154B 


257-266A 

287-297A 
1025-1031A 
1 095-1 097A 
2737-2752A 


1 667-1 679A 

1703-1711A 

687-695A 
21 73-21 79A 

15-26B 

589-598A 

2675-2681 A 
2827-2828A 

281-291B 

909-91 6B 

308-312B 

449-462B 

839-853B 

949-959A 

1127-1134A 


Corrosion 


Numerical  Modeling  of  Solidification  and  Subsequent  Trans¬ 
formation  of  Fe — Cr — Ni  Alloys. 

Numerical  Modeling  of  7  Precipitate  Growth  During  Fe — NI 
Martensite  Decomposition  at  Low  Temperatures  (<  400®C). 

Transformation.  Microcrack,  and  Thermal  Residual  Stress  as 
Interactive  Processes  in  Zr02*Toughened  AI2O3,  Simulated 
by  the  Finite  Element  Method. 

Diffusional  Boundary  Conditions  During  Coarsening  of  Elasti¬ 
cally  Interacting  Precipitates. 


1309-1321A 
1 639-1 648A 

1725-1 731 A 
2695-2703A 


Computing 

See  Computation 


Physical  and  Mathematical  Modeling  of  Pyrometallurgical 
Channel  Reactors  With  Bottom  Gas  Injection.  Residence 
Time  Distribution  Analysis  and  Ideal-Reactor-Network 
Model. 

An  Electrochemical  Study  on  the  Dissolution  of  Gold  and 
Copper  from  Gold/Copper  Alloys. 

Thermodynamic  Simulation  Model  of  the  Isasmeit  Process 
for  Copper  Matte. 

Copper,  Mechanical  properties 

Elastic  Compliance  and  Hill's  Quadratic  Yield  Function  for 
Weakly  Orthotropic  Sheets  of  Cubic  Metals. 


Concast 

See  Continuous  casting 

Concentration  (stress) 

See  Stress  concentration 

Conducting  sheet  analog 

See  Heat  transmission 

Conductivity 

See  Resistivity 

Thermal  conductivity 

Conductivity  (electrical) 

See  Resistivity 

Connecting 

See  Joining 

Contact  testing 

See  Ultrasonic  testing 

Continuous  casting 

See  also  Direct  chill  casting 

On  the  Formation  of  Pipes  and  Centerline  Segregates  in  Con¬ 
tinuously  Cast  Billets. 

Water-Modeling  Study  of  the  Surface  Disturbances  in  Contin¬ 
uous  Slab  Caster. 

Modeling  the  Thin-Slab  Continuous-Casting  Mold. 

Simulation  of  Argon  Gas  Flow  Effects  in  a  Continuous  Slab 
Caster. 

Mathematical  and  Physical  Modeling  Studies  of  Molten  Alu¬ 
minum  Flow  in  a  Tundish. 

Contraction 

See  Shrinkage 

Control 

See  Process  control 

Convection 

Natural  Convection  in  an  Aluminum  Ingot:  a  Mathematical 
Model. 

Three-Dimensional  Finite  Element  Modeling  of  Gas  Metal-Arc 
Welding. 

Cooling 

See  Supercooling 
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293-302B 
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Copper,  Metallography 

Efficient  Measurement  of  Microstructural  Surface  Area  Using 
Trisector. 

Copper,  Physical  properties 

Sticking  of  Solids  in  Liquids. 

Copper,  Powder  technology 

Determination  of  Pore  Mobility  During  Sintering. 

Copper,  Quaternary  systems 

Thermodynamic  Study  of  BaCuOg  and  BaCu202. 

Copper,  Recovering 

Equilibrium  Values  for  the  Dissolution  of  Solid  Copper  Into 
FeS — Na2S  Mattes. 

Copper,  Reduction  (chemical) 

Equilibrium  Oxygen  Pressures  of  Iron  Silicate  Slags. 

Copper,  Refining 

Equilibrium  Distribution  of  Fe.  Ni,  Sb.  and  Sn  between  Liquid 
Cu  and  a  CaO-Rich  Slag. 

Copper,  Soldering 

The  Effect  of  Substrate  on  the  Microstructure  and  Creep  of 
Eutectic  Indium-Tin. 

Copper,  Ternary  systems 

Thermodynamic  Properties  of  Ternary  Liquid  Cu — Mg — Ni 
Alloys. 

The  Grand  Partition  Function  of  Dilute  Biregular  Solutions. 

Thermodynamics  of  the  Liquid  jxCu  +  yAu  +  (1 — x — y)Gei, 
(0.75  <  X  <  1.  0  <  y  <  0.125)  Alloys  at  1550K  by  Knud- 
sen  Effusion  Mass  Spectrometry. 

Copper  base  alloys 

See  also  Brasses 
Bronzes 

Copper  base  alloys.  Atomic  properties 

The  Diffuse-Scattering  Method  for  Investigating  Locally  Or¬ 
dered  Binary  Solid  Solutions. 

Copper  base  alloys,  Casting 

Nonequilibrium  Solidification  of  Undercooled  Melt  of  Ag-Cu 
Alloy  Entrained  in  the  Primary  Phase. 


Cooling  rate 

A  Note  on  the  Sensitivity  of  Solidification  Models  to  Thermo¬ 
physical  Properties. 

Effect  of  Alloying  Elements  on  the  Solidification  Characteris¬ 
tics  and  Microstructure  of  Al — Si — Cu — Mg — Fe  380  Alloy. 

Local  Melting  in  Al — Mg — 2n — Alloys. 

On  Morphologies,  Microsegregation,  and  Mechanical  Behav¬ 
ior  of  Directionally  Solidified  Cobalt-Base  Superaltoy  at  Me¬ 
dium  Cooling  Rate. 

The  Cast  Structure  of  a  7075  Alloy  Produced  by  a  Water- 
Cooling  Centrifugal  Casting  Method. 

Effects  of  Austenite  Grain  Size  and  Cooling  Rate  on 
Widmanstatten  Ferrite  Formation  in  Low-Alloy  Steels. 

Effects  of  Widmanstatten  Ferrite  on  the  Mechanical  Proper¬ 
ties  of  a  0.2%  C — 0.7%  Mn  Steel. 

Chemical  Composition  and  Structural  Identification  of  Eutec¬ 
tic  Carbide  in  1%  Manganese  Ductile  Iron. 

Modeling  of  the  Formation  of  Under-Riser  Macrosegregation 
During  Solidification  of  Binary  Alloys. 

The  Velocity  of  Solidification  of  Highly  Undercooled  Nickel. 

Crystallization  Behavior  of  Iron-Containing  Intermetallic 
Compounds  in  319  Aluminum  Alloy. 

Evolution  of  Interaction  Domain  Microstructure  During  Spray 
Deposition. 

Undercooling-Induced  Macrosegregation  in  Directional  Solid¬ 
ification. 


154-157B 

437-448A 

521-530A 

637-642A 

643-650A 

665-675A 

763-773A 

911-918A 

1051-1062A 
1301 -1308 A 

1761-1773A 

2341-2355A 

2507-251 6A 


Copper,  Alloying  elements 

Effect  of  Alloying  Elements  on  the  Solidification  Characteris¬ 
tics  and  Microstructure  of  Al — Si — Cu — Mg — Fe  380  Alloy.  437-448A 

Copper,  Binary  systems 

Multiphase  Binary  Diffusion  in  Infinite  and  Semi-Infinite 
Media.  II.  On  the  Numerical  Calculation  of  the  Rate  Con¬ 
stants  for  Formation  of  Product  Phases.  753-761A 


Copper,  Brazing 

Spreading  and  Interlayer  Formation  at  the  Copper-Copper 
Oxide/Polycrystalline  Alumina  Interface.  2497-2506A 

Copper,  Composite  materials 

Thermodynamics  of  Isolated  Pores  Filling  With  Liquid  in  Sin¬ 
tered  Composite  Materials. 

The  Morphological  Stability  of  Lateral  Growth  in  Solid— Solid 
Phase  Transformation  During  Thin-Film  Interdiffusion  in 
Aluminum/Copper  Bimetal  Films. 

Copper,  Extraction 

Thermodynamics  and  Phase  Relations  of  the  Fe — O — S — 

Si02(sat)  System  at  1200°C  and  the  Effect  of  Copper.  79-89B 

Thermal  Treatment  of  Complex  Sulfide  Ores  in  N2  and  H2  At¬ 
mospheres:  a  New  Approach  for  the  Extraction  of  Their 
Valuable  Elements.  (Review)  193-205B 


733-740A 

161 3-1 625 A 


Copper  base  alloys,  Composite  materials 

Low-Cycle  Fatigue  of  Dispersion-Strengthened  Copper. 

Copper  base  alloys,  Diffusion 

A  History  of  the  Controversy  Over  the  Roles  of  Shear  and  Dif¬ 
fusion  in  Plate  Formation  Above  M^  and  a  Comparison  of 
the  Atomic  Mechanisms  of  These  Processes.  (Conference 
Paper.  Review) 

Copper  base  alloys,  Mechanical  properties 

Precipitation  Effects  During  Hot  Deformation  of  a  Copper 
Alloy. 

Characteristics  of  the  Martensitic  Transformation  and  the  In¬ 
duced  Two-Way  Shape  Memory  Effect  After  Training  by 
Compressive  Pseudoelastic  Cycling  in  Cu — Zn — Al  Single 
Crystals. 

Copper  base  alloys.  Phase  transformations 

Application  of  the  Theory  of  Martensite  Crystallography  to 
Displacive  Phase  Transformations  in  Substitutional  Nonfer- 
rous  Alloys.  (Conference  Paper,  Review) 

A  Comparison  Between  Three  Simple  Crystallographic  Prin¬ 
ciples  of  Precipitate  Morphology.  (Conference  Paper) 

Thermodynamic  Consideration  of  Formation  Mechanism  of 
ai  Plate  in  /3Cu-Base  Alloys.  (Conference  Paper) 

Copper  base  alloys,  Pov/der  technology 

Elevated-Temperature  Stability  of  Mechanically  Alloyed 
Copper-Niobium  Powders. 

Copper  base  alloys.  Reactions  (chemical) 

Experimental  Study  of  the  influence  of  Interfacial  Energies 
and  Reactivity  on  Wetting  in  Metal/Oxide  Systems. 

Kinetics  of  Interlayer  Formation  on  Polycrystalline  a-Al203/ 
Copper-Titanium. Alloy  Interface. 

Copper  base  alloys,  Welding 

Effect  of  Welding  Variables  and  Solidification  Substructure  on 
Weld  Metal  Porosity. 

Copper  mattes,  Synthesis 

Thermodynamic  Simulation  Model  of  the  Isasmeit  Process 
for  Copper  Matte. 

Core  hardness 

See  Hardness 

Corex  process 

See  Ironmaking 

Corrodents 

See  Corrosion  environments 

Corrosion 

See  also  Stress  corrosion  cracking 
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Corrosion 


Corrosion,  Environmental  effects 

On  Low-Temperature  Environment-Assisted  Fatigue  Crack 
Propagation.  658-659 A 

Corrosion,  Microstructurai  effects 

Influence  of  Near-Surface  Microstructures  on  the  Transient 
Current  Response  in  Fe — Cr — Ni  Alloys  During  Scratch 
Tests.  1325-1331A 

Corrosion  cracking 

See  Stress  corrosion  cracking 

Corrosion  environments 

On  Low-Temperature  Environment-Assisted  Fatigue  Crack 
Propagation.  658-659A 

Corrosion  potential.  Diffusion  effects 

Tritium  Distribution  at  the  Crack  Tip  of  High-Strength  Steels 
Submitted  to  Stress  Corrosion  Cracking.  1159-1167A 

Corrosion  prevention 

See  also  Passivation 


Corrosion  prevention,  Coating  effects 

Structure  of  As-Deposited  Iron — Zinc  Coatings  From  Chlo¬ 
ride  Bath.  249-255A 

Corrosion  resistance,  Coating  effects 

Morphology  Development  in  Hot-Dip  Galvanneal  Coatings.  937-947A 

Corrosion  resistance.  Heating  effects 

Interstitial  Precipitation  in  Fe — Cr — A1  Alloys.  1135-1146A 

Corrosion  resistant  steels 

See  Stainless  steels 


Coupling  (process) 

See  Joining 

C02  arc  welding 

See  Gas  metal  arc  welding 

Crack  growth 

See  Crack  propagation 

Crack  initiation 

Efficient  Measurement  of  Microstructurai  Surface  Area  Using 
Trisector.  919-928A 


Crack  initiation.  Coating  effects 

The  Influence  of  Laser  Glazing  on  Fatigue  Crack  Growth  in 
Ti— 24AI— lINb.  183-192A 

Processing,  Microstructure,  and  Properties  of  Laser-Clad 
Nickel  Alloy  FP-5  on  Al  Alloy  AA333.  425-434B 

Crack  initiation,  Composition  effects 

The  Effect  of  Niobium  Morphology  on  the  Cyclic  Oxidation 
Resistance  of  MoSi2/20  vol.%  Niobium  Composites.  1033-1040A 


Crack  initiation,  Cooling  effects 

On  Morphologies.  Microsegregation,  and  Mechanical  Behav¬ 
ior  of  Directionally  Solidified  Cobalt-Base  Superalloy  at  Me¬ 
dium  Cooling  Rate. 

Fatigue  Crack  Growth  Rates  and  Fracture  Toughness  of 
Rapidly  Solidified  Al — 8.5Fe — 1.2V — 1.7Si  Alloys. 

Crack  initiation,  Deformation  effects 

Modeling  the  Thin-Slab  Continuous-Casting  Mold. 

Alllgatoring  and  Damage  in  the  Cold  Rolling  of  Spheroidized 
Steels. 

Relationships  of  Slip  Morphology,  Microcracking,  and  Frac¬ 
ture  Resistance  in  a  Lamellar  TiAt-Alloy. 

Hot  Deformation  Characteristics  of  INCONEL  Alloy  MA  754 
and  Development  of  a  Processing  Map. 

High-Temperature  Deformation  of  B2  NiAI-Base  Alloys.  (Con¬ 
ference  Paper) 

Microstructurai  Control  in  Hot  Working  of  lN-718  Superalloy 
Using  Processing  Map. 


637-642A 
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589-598A 
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Crack  initiation.  Diffusion  effects 

Tritium  Distribution  at  the  Crack  Tip  of  High-Strength  Steels 
Submitted  to  Stress  Corrosion  Cracking,  1159-1167A 


Crack  initiation.  Environmental  effects 

Hydride  Embrittlement  in  Zircaloy-4  Plate.  I.  Influence  of  Mi¬ 
crostructure  on  the  Hydride  Embrittlement  in  Zircaloy-4  at 
20  and  SSO^C.  1185-1 197A 


Crack  initiation.  Heating  effects 

Al2Ti  Precipitation  in  Al64Fe8Ti28  Alloy. 

Effect  of  Heat  Treatment  on  the  Microstructure,  Tensile  Prop¬ 
erties,  and  Fracture  Behavior  of  Permanent  Mold  At-10 
wt.%  Si-0.6  wt.%  Mg/SiC/lOp  Composite  Castings. 

Crack  initiation.  High  temperature  effects 

Effect  of  Strain  Rate  on  the  High-Temperature  Low-Cycle  Fa¬ 
tigue  Properties  of  a  Nimonic  PE-16  Superalloy. 

Elevated  Temperature  Fracture  of  RS/PM  Alloy  8009. 1.  Frac¬ 
ture  Mechanics  Behavior. 

The  Workability  of  Commercial  and  Experimental  0.6%  Car¬ 
bon  Low  Alloy  Steels  in  the  Temperature  Range  of  650- 
870°C. 


715-721A 

2247-2263A 

159-171A 

365-379A 

827-837A 


Crack  initiation,  Microstructurai  effects 

Effect  of  Microstructure  (Particulate  Size  and  Volume  Frac¬ 
tion)  and  Counterface  Material  on  the  Sliding  Wear  Resis¬ 
tance  of  Particulate-Reinforced  Aluminum  Matrix 
Composites.  969-983A 

The  Study  of  Adiabatic  Shear  Band  Instability  in  a  Pearlitic 
4340  Steel  Using  a  Dynamic  Punch  Test.  2483-2489A 

Crack  initiation.  Pressure  effects 

The  Effects  of  Hydrostatic  Pressure  on  the  Compressive  Me¬ 
chanical  Behavior  of  LI2  AI3  Ti-Based  Intermetallic.  1703-1711A 

Crack  initiation.  Radiation  effects 

Effects  of  Simultaneous  Boron  and  Nitrogen  Implantation  on 
Microhardness  and  Fatigue  Properties  of  Fe — 13Cr — 15Ni 
Alloys.  193-202A 


Crack  initiation,  Stress  effects 

Behavior  of  Nickel-Base  Superalloy  Single  Crystals  Under 
Thermal — Mechanical  Fatigue. 

Effect  of  Orientation  on  Crystallographic  Cracking  in  Notched 
Nickel-Base  Superalloy  Single  Crystal  Subjected  to  Far- 
Field  Cyclic  Compression. 

Tensile  Ductility  of  Extrinsically  Toughened  Intermetallics. 

Some  Aspects  of  Thermomechanical  Fatigue  of  AISI  304L 
Stainless  Steel.  I.  Creep — Fatigue  Damage. 

Cleavage  Initiation  in  the  Intercritically  Reheated  Coarse- 
Grained  Heat-Affected  Zone:  I.  Fractographic  Evidence. 

Crack  initiation  at  Long  Radial  Hydrides  in  Zr — 2.5Nb  Pres¬ 
sure  Tube  Material  at  Elevated  Temperatures. 

Mixed-Mode  I  and  II  Fatigue  Threshold  and  Crack  Closure  in 
Dual-Phase  Steels. 

Transformation,  Microcrack,  and  Thermal  Residual  Stress  as 
Interactive  Processes  in  Zr02-Toughened  AI2O3,  Simulated 
by  the  Finite  Element  Method. 

Forging  Limits  for  an  Aluminum  Matrix  Composite.  I.  Experi¬ 
mental  Results.  (Conference  Paper) 

Low-Cycle  Fatigue  of  Dispersion-Strengthened  Copper. 

Low-Cycle  Fatigue  Properties  of  a  SiC  Whisker-Reinforced 
2124  Aluminum  Alloy. 

Micromechanical  Modelling  of  Reinforcement  Fracture  in 
Particle-Reinforced  Metal-Matrix  Composites. 

Short  Fatigue  Crack  Growth  Behavior  in  a  Ferritic-Bainitic 
Steel. 

Evaluation  of  Static  and  Dynamic  Fracture  Toughness  in  Duc¬ 
tile  Cast  Iron. 

Low  Cycle  Fatigue  Behavior  of  Polycrystalline  NisAI  Alloys  at 
Ambient  and  Elevated  Temperatures. 

Crack  opening  displacement.  Stress  effects 

Cleavage  Initiation  in  the  Intercritically  Reheated  Coarse- 
Grained  Heat-Affected  Zone:  I.  Fractographic  Evidence. 

Crack  propagation,  Coating  effects 

The  Influence  of  Laser  Glazing  on  Fatigue  Crack  Growth  in 
Ti— 24AI— lINb. 

The  Effect  of  Low  Gold  Concentrations  on  the  Creep  of  Eu¬ 
tectic  Tin — Lead  Joints. 

Crack  propagation,  Composition  effects 

The  Effect  of  Niobium  Morphology  on  the  Cyclic  Oxidation 
Resistance  of  MoSi2/20  vol.%  Niobium  Composites. 

Crack  propagation,  Cooling  effects 

On  Morphologies.  Microsegregation,  and  Mechanical  Behav¬ 
ior  of  Directionally  Solidified  Cobalt-Base  Superalloy  at  Me¬ 
dium  Cooling  Rate. 

Fatigue  Crack  Growth  Rates  and  Fracture  Toughness  of 
Rapidly  Solidified  Al — 8.5Fe — 1.2V — 1.7Si  Alloys. 

Crack  propagation,  Environmental  effects 

On  Low-Temperature  Environment-Assisted  Fatigue  Crack 
Propagation. 

Embrittlement  of  B2  Iron  Aluminide  by  Water  Vapor  and  by 
Hydrogen. 

Crack  propagation,  Heating  effects 

The  Effect  of  Phosphorus  Segregation  on  the  Intermediate- 
Temperature  Embrittlement  of  Ferritic,  Spheroidal  Graphite 
Cast  Iron. 

Applicability  of  Bond  Percolation  Theory  to  Intergranular 
Stress-Corrosion  Cracking  of  Sensitized  AISI  304  Stainless 
Steel. 

Dynamic  Fracture  Behavior  of  Ti — 6AI — 4V  Alloy  With  Vari¬ 
ous  Stabilities  of  Phase. 

Fracture  Toughness  of  Quaternary  Al-Li-Cu-Mg  Alloy  Under 
Mode  I.  Mode  II.  and  Mode  III  Loading  Conditions. 

Crack  propagation,  High  temperature  effects 

Low-Cycle  Fatigue  Behavior  of  Polycrystalline  NiAl  at  1000K. 

Crack  propagation,  Microstructurai  effects 

The  Orientation  Dependence  of  Fatigue-Crack  Growth  in 
8090  Aluminum — Lithium  Plate. 

Crack  propagation.  Radiation  effects 

Effects  of  Simultaneous  Boron  and  Nitrogen  Implantation  on 
Microhardness  and  Fatigue  Properties  of  Fe — 13Cr — 15Ni 
Alloys. 

Crack  propagation,  Stress  effects 

Effect  of  Orientation  on  Crystallographic  Cracking  in  Notched 
Nickel-Base  Superalloy  Single  Crystal  Subjected  to  Far- 
Field  Cyclic  Compression.  ‘ 

Mixed-Mode  I  and  II  Fatigue  Threshold  and  Crack  Closure  in 
Dual-Phase  Steels. 

Forging  Limits  for  an  Aluminum  Matrix  Composite.  I.  Experi¬ 
mental  Results.  (Conference  Paper) 

Low-Cycle  Fatigue  Properties  of  a  SiC  Whisker-Reinforced 
2124  Aluminum  Alloy. 

Micromechanical  Modelling  of  Reinforcement  Fracture  in 
Particle-Reinforced  Metal-Matrix  Composites. 

Short  Fatigue  Crack  Growth  Behavior  in  a  Ferritic-Bainitic 
Steel. 

The  Influence  of  SIC  Particulates  on  Fatigue  Crack  Propaga¬ 
tion  in  a  Rapidly  Solidified  Al-Fe-V-Si  Alloy. 

Crack  resistance 

See  Crack  propagation 

Cracking  (fracturing) 

See  Crack  initiation 
Crack  propagation 
Stress  corrosion  cracking 

Cratering  (wear) 

See  Wear 

Cratering  (welding) 

See  Weld  defects 
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Curie  temperature 


Creep  (materials) 

See  also  Creep  rate 

Creep  rupture  strength 

The  Effect  of  Substrate  on  the  Microstructure  and  Creep  of 
Eutectic  Indium-Tin.  2715-2722A 

Creep  (materials),  Composition  effects 

The  Effects  of  Hydrogen  on  the  Mechanicai  Behavior  of  Aus¬ 
tenitic  Stainiess  Steels  at  Room  Temperature.  1015-1023A 

Creep  (materials),  Deformation  effects 

Superpiastic  Behavior  of  Two  Ultrahigh  Boron  Steels.  1241-1248A 

Creep  (materials),  High  temperature  effects 

Low-Cycle  Fatigue  Behavior  of  Polycrystaiiine  NiAl  at  1000K.  309-319A 

Creep  (materials),  Microstructural  effects 

Some  Aspects  of  Thermomechanical  Fatigue  of  AISI  304L 
Stainless  Steel.  II.  Dislocation  Arrangements.  407-413A 

Creep  (materials),  Stress  effects 

Some  Aspects  of  Thermomechanical  Fatigue  of  AISI  304L 
Stainless  Steel.  I.  Creep — Fatigue  Damage.  401-406A 

Creep  (materials),  Temperature  effects 

Comparison  of  Orthorhombic  and  Alpha-Two  Titanium  Alumi- 
nides  as  Matrices  for  Continuous  SiC-Reinforced  Compos¬ 
ites.  1 267-1 283A 

Creep  limit 

See  Creep  (materials) 

Creep  properties 

See  Creep  (materials) 

Creep  rate.  Heating  effects 

The  Effect  of  Thermal  Exposure  on  Microstructural  Stability 
and  Creep  Resistance  of  a  Two-Phase  TiAi/TisAt  Lamellar 
Alloy.  2371-2381A 

Creep  rate,  Microstructural  effects 

Modeling  Creep  Deformation  of  a  Two-Phase  TiAI/TisAI  Alloy 
With  a  Lamellar  Microstructure.  2161-2171A 

Creep  rate,  Stress  effects 

Creep  and  Intergranular  Cracking  of  Ni — Cr — Fe — C  in 
360*C  Argon.  1169-1183A 

Effect  of  Iron  on  the  Superpiastic  Deformation  of  Zn-22%AI.  2391 -2401 A 

Creep  Characteristics  of  Single  Crystalline  Ni3AI(Ta.B).  2477-2482A 

Creep  rupture  strength,  Cooling  effects 

On  Morphologies,  Microsegregation,  and  Mechanical  Behav¬ 
ior  of  Directionally  Solidified  Cobalt-Base  Superalloy  at  Me¬ 
dium  Cooling  Rate.  637-642A 

Creeping 

See  Creep  (materials) 

Critical  current  (superconductivity),  Alloying  effects 

Effect  of  Oxygen  and  Zirconium  on  the  Growth  and  Super¬ 
conducting  Properties  of  NbaSn.  203-212A 

The  Role  of  Oxygen  and  Zirconium  in  the  Formation  and 
Growth  of  NbaSn  Grains.  213-219A 

Critical  current  (superconductivity),  Microstructural 
effects 

Directional  Phase  Formation  on  Melting  via  Peritectic  Reac¬ 
tion.  1747-1760A 

Cross  tension  test 

See  Tension  tests 

Crushing  strength 

See  Compressive  strength 

Crystal  defects 

See  also  Disiocations 

Displacements  (lattice) 

Stacking  faults 

The  Role  of  Structural  Ledges  as  Misfit-Compensating  De¬ 
fects:  FCC-BCC  tnterphase  Boundaries.  (Conference 
Paper)  1895-1903A 

Crystal  lattices 

See  also  Hexagonal  lattice 

Thermodynamics  and  Long-Range  Order  of  Interstitials  in  a 
Hexagonal  Close-Packed  Lattice.  2797-2814A 

Crystal  orientation 

See  Crystal  structure 

Crystal  structure 

See  also  Quasicrystalline  structure 

Transmission  Electron  Microscopy  Study  of  Martensites  in 
Laser-Clad  Ni — Al  Bronze  on  Aluminium  Alloy  AA333. 

Triclinic  Ni2AI  Phase  in  63.1  at.%  NiAl. 

Structure  of  As-Deposited  Iron — Zinc  Coatings  From  Chlo¬ 
ride  Bath. 

Ordering  and  Mechanical  Strength  in  LI  2  Cubic  Titanium  Tri- 
aluminides. 

Surface  Characterization  and  Reactivity  of  a  Nitrogen  Atom¬ 
ized  304L  Stainless  Steel  Powder. 

Nanocrystalline  Iron  Sintering  Behavior  and  Microstructural 
Development. 

The  Effect  of  Steel  Chemistry  on  the  Formation  of  Fe-Zn  In- 
termetallic  Compounds  of  Galvanneal-Coated  Steel 
Sheets. 

The  Phenomenological  Theory  of  Martensite  Crystallogra¬ 
phy:  Interrelationships.  (Conference  Paper) 

Ledges  and  Dislocations  in  Phase  Transformations.  (Confer¬ 
ence  Paper) 

intrinsic  Ledges  at  Interphase  Boundaries  and  the  Crystallog¬ 
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minum  Alloys  Cooled  From  Above. 
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Deformability 

See  Formability 


Deformation 

See  also  Plastic  deformation 
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Dislocation  density,  Stress  effects 

A  Simplified  Method  of  Calculating  the  Stress  Field  at  the  Tip 
of  a  Discrete  Dislocation  Pileup  in  a  Finite  Crystal. 

Low-Cycle  Fatigue  of  Dispersion-Strengthened  Copper. 

Low  Cycle  Fatigue  Behavior  of  Polycrystalline  NisAl  Alloys  at 
Ambient  and  Elevated  Temperatures. 

Dislocation  loops.  Diffusion  effects 

A  Comparison  Between  Three  Simple  Crystallographic  Prin¬ 
ciples  of  Precipitate  Morphology.  (Conference  Paper) 

On  the  Role  of  Interphase-Boundary  Structure  in  Plate 
Growth  by  Diffusional  Mechanisms.  (Conference  Paper) 

Dislocation  mobility.  Composition  effects 

The  Effects  of  Hydrogen  on  the  Mechanical  Behavior  of  Aus¬ 
tenitic  Stainless  Steels  at  Room  Temperature. 

Dislocation  mobility,  Deformation  effects 

The  Tensile  Deformation  Behavior  of  AA  3004  Aluminum 
Alloy. 

Dislocation  mobility.  Diffusion  effects 

Crystallc^raphic  Theories,  Interface  Structures,  and  Trans¬ 
formation  Mechanisms.  (Conference  Paper) 

On  the  Role  of  In’terphase-Boundary  Structure  in  Plate 
Growth  by  Diffusional  Mechanisms.  (Conference  Paper) 

Dislocation  mobility.  Stress  effects 

A  History  of  the  Controversy  Over  the  Roles  of  Shear  and  Dif¬ 
fusion  in  Plate  Formation  Above  M^j  and  a  Comparison  of 
the  Atomic  Mechanisms  of  These  Processes.  (Conference 
Paper,  Review) 

Effect  of  Iron  on  the  Superptastic  Deformation  of  Zn-22%AI. 

Creep  Characteristics  of  Single  Crystalline  Ni3AI(Ta,B). 

Dislocations 

See  also  Dislocation  loops 
Edge  dislocations 
Screw  dislocations 
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Dislocations 


Ledges  and  Dislocations  in  Phase  Transformations.  {Confer¬ 
ence  Paper)  1 885-1 894A 

The  Role  of  Structural  Ledges  as  Misfit-Compensating  De¬ 
fects:  FCC-BCC  Interphase  Boundaries.  (Conference 
Paper)  1 895-1 903A 

Intrinsic  Ledges  at  Interphase  Boundaries  and  the  Crystallog¬ 
raphy  of  Precipitate  Plates.  (Conference  Paper)  1905-1915A 

Dislocations,  Alloying  effects 

Effects  of  Carbon  Content  and  Ausaging  on  y  a  Trans¬ 
formation  Behavior  and  Reverse-Transformed  Structure  in 
Fe— Ni— Co— Ai— C  Alloys.  63-71A 


Dislocations,  Deformation  effects 

Effects  of  Precursor  Matrix  Events  on  Subsequent  Nucle- 
ation.  (Conference  Paper)  1933-1939A 


Dislocations,  Diffusion  effects 

Application  of  the  Theory  of  Martensite  Crystallography  to 
Displacive  Phase  Transformations  in  Substitutional  Nonfer- 
rous  Alloys.  (Conference  Paper,  Review)  1841-1856A 

The  Invariant  Line  and  Precipitate  Morphology  in  FCC-BCC 
Systems.  (Conference  Paper)  1865-1874A 


Dislocations,  Heating  effects 

Mechanism  of  Damping  Capacity  of  High-Chromium  Steels 
and  (v-lron  and  Its  Dependence  on  Some  External  Factors.  111-124A 
Aging  of  Freshly  Formed  Iron-Based  Martensites  at  Low 
Temperatures.  (Review)  889-909A 

Interstitial  Precipitation  in  Fe — Cr — Al  Alloys.  1135-1146A 


Dislocations,  Radiation  effects 

Deformation  Behavior  of  Irradiated  Zr — 2.5Nb  Pressure  Tube 
Material.  135-145A 

Helium  3  Precipitation  in  AISI  31 6L  Stainless  Steel  Induced  by 
Radioactive  Decay  of  Tritium;  Growth  Mechanism  of  He¬ 
lium  Bubbles.  2131-2143A 


Thermal  Treatment  of  Complex  Sulfide  Ores  in  N2  and  H2  At¬ 
mospheres:  a  New  Approach  for  the  Extraction  of  Their 
Valuable  Elements.  (Review) 

Dissolving 

See  Dissolution 

Drawing  (heat  treatment) 

See  Tempering 

Drop  tests 

See  Impact  tests 

Dual  phase  steels,  Mechanical  properties 

Mixed-Mode  I  and  11  Fatigue  Threshold  and  Crack  Closure  in 
Dual-Phase  Steels. 

Ductile  brittle  transition,  Heating  effects 

Dynamic  Fracture  Behavior  of  Ti — 6AI — 4V  Alloy  With  Vari¬ 
ous  Stabilities  of  /3  Phase. 

Ductile  fracture.  Heating  effects 

Fracture  Toughness  of  Quaternary  Al-Li-Cu-Mg  Alloy  Under 
Mode  I,  Mode  II,  and  Mode  III  Loading  Conditions. 

Ductile  fracture,  Microstructural  effects 

The  Study  of  Adiabatic  Shear  Band  Instability  in  a  Pearlitic 
4340  Steel  Using  a  Dynamic  Punch  Test. 

Ductile  fracture.  Stress  effects 

Evaluation  of  Static  and  Dynamic  Fracture  Toughness  in  Duc¬ 
tile  Cast  Iron. 

Ductile  iron 

See  Nodular  iron 

Ductility 

Factors  Influencing  the  Exceptional  Ductility  of  a  Superplastic 
Pb-62%  Sn  Alloy. 

The  Effect  of  Inertia  on  Tensile  Ductility. 


Dispersing 

See  Emulsification 


Dispersion  hardening,  Cooling  effects 

Characterization  of  Mechanically  Alloyed  Oxide  Dispersion- 
Strengthened  Nickel-Base  Superalloy  MA760.  705-714A 

Displacement  spikes 

See  Displacements  (lattice) 

Displacements  (lattice) 

Intrinsic  Ledges  at  Interphase  Boundaries  and  the  Crystallog¬ 
raphy  of  Precipitate  Plates.  (Conference  Paper)  1905-1915A 

Displacements  (lattice),  Diffusion  effects 

Crystallographic  Theories,  Interface  Structures,  and  Trans¬ 
formation  Mechanisms.  (Conference  Paper)  1821-1839A 


Dissimilar  materials,  Brazing 

Spreading  and  Interlayer  Formation  at  the  Copper-Copper 
Oxide/Polycrystalline  Alumina  Interface.  2497-2506A 

Dissimilar  materials,  Welding 

Characterization  of  a  Diffusion-Bonded  Al — Mg  Alloy/SiC  In¬ 
terface  by  High  Resolution  and  Analytical  Electron  Micros¬ 
copy.  617-627A 

Dissimilar  metals,  Soldering 

The  Effect  of  Low  Gold  Concentrations  on  the  Creep  of  Eu¬ 
tectic  Tin — Lead  Joints.  1249-1257A 


Dissimilar  metals,  Welding 

Effect  of  Welding  Variables  and  Solidification  Substructure  on 
Weld  Meta!  Porosity.  2285-2294A 

Dissociated  ammonia  brazing 

See  Brazing 

Dissociation  energy 

See  Free  energy 

Heat  of  formation 


Dissolution 

Equilibrium  Values  for  the  Dissolution  of  Solid  Copper  Into 
FeS — Na2S  Mattes.  306-308B 

Small  Cell  Experiments  for  Electrolytic  Reduction  of  Uranium 
Oxides  to  Uranium  Metal  Using  Fluoride  Salts.  505-518B 

Local  Melting  in  Al — Mg — Zn — Alloys.  521-530A 

An  Electrochemical  Study  on  the  Dissolution  of  Gold  and 
Copper  from  Gold/Copper  Alloys.  817-827B 

Dissolution,  Alloying  effects 

The  Role  of  Oxygen  and  Zirconium  in  the  Formation  and 
Growth  of  NbaSn  Grains.  213-219A 


Dissolution,  Cooling  effects 

Characterization  of  Mechanically  Alloyed  Oxide  Dispersion- 
Strengthened  Nickel-Base  Superalloy  MA760.  705-714A 

Dissolution,  Environmental  effects 

On  Low-Temperature  Environment-Assisted  Fatigue  Crack 
Propagation.  658-659A 

Dissolution,  Heating  effects 

Computer  Simulation  of  Diffusion  in  Multiphase  Systems.  1127-1134A 
Interstitial  Precipitation  in  Fe — Cr — Al  Alloys.  1135-1146A 


Dissolution,  pH  effects 

Simulation  of  In  Situ  Uraninite  Leaching.  I.  A  Partial  Equilib¬ 
rium  Model  of  the  NH4HCO3 — {NH4)2C03 — H2O2  Leaching 
System.  171-183B 

Dissolution,  Stress  effects 

Fiber  Strength  and  Fiber/Matrix  Bond  Strength  in  Single 
Crystal  AI2O3  Fiber  Reinforced  NisAI  Based  Composites.  1259-1265A 

Dissolution,  Temperature  effects 

Solubility  and  Thermodynamic  Properties  of  Y2O3  in  LiF — YF3 
Melts.  91-96B 


Ductility,  Alloying  effects 

Elevated-Temperature  Stability  of  Mechanically  Alloyed 
Copper-Niobium  Powders. 

Ductility,  Composition  effects 

The  Effect  of  Niobium  Morphology  on  the  Cyclic  Oxidation 
Resistance  of  MoSi2/20  vol.%  Niobium  Composites. 

Room-Temperature  Strength  and  Deformation  of  TiB2- 
Reinforced  Near-y  Titanium  Aluminides. 

Ductility,  Deformation  effects 

High-Temperature  Deformation  of  B2  NiAI-Base  Alloys.  (Con¬ 
ference  Paper) 

Superplastic  Behavior  of  Thermomechanically  Treated  P/M 
7091  Aluminum  Alloy. 

Discussion  of  "The  Role  of  Microstructure  on  Strength  and 
Ductility  of  Hot-Extruded  Mechanically  Alloyed  NiAl"  and 
Author’s  Reply. 

Ductility,  Environmental  effects 

Environmental  Effect  on  Room-Temperature  Ductility  of  Iso- 
thermally  Forged  TiAl-Base  Alloys. 

Embrittlement  of  B2  Iron  Aluminide  by  Water  Vapor  and  by 
Hydrogen. 

Ductility,  Heating  effects 

The  Effects  of  Double  Austenitization  on  the  Mechanical 
Properties  of  a  0.34C  Containing  Low-Alloy  Ni — Cr — Mo — 
V  Steel. 

Heat  Treatment  of  Investment  Cast  PH  13-8Mo  Stainless 
Steel.  I.  Mechanical  Properties  and  Microstructure. 

Effect  of  Heat  Treatment  on  the  Microstructure,  Tensile  Prop¬ 
erties,  and  Fracture  Behavior  of  Permanent  Mold  AI-10 
wt.%  Si-0.6  wt.%  Mg/SiC/10p  Composite  Castings. 

The  Role  of  Magnesium-Containing  Spheroidizer  and  Coun¬ 
teraction  of  Misch  Metal  in  the  Intermediate  Temperature 
Intergranular  Embrittlement  of  Ferritic  Nodular  Iron. 

Ductility,  High  temperature  effects 

The  Workability  of  Commercial  and  Experimental  0.6%  Car¬ 
bon  Low  Alloy  Steels  In  the  Temperature  Range  of  650- 
870°C. 

Ductility,  Microstructural  effects 

Microstructure  and  Mechanical  Properties  of  Ti — 40  wt.%  Ta 
(Ti— 15  at.%  Ta). 

Microstructural  Analysis  of  Fracture  Toughness  Variation  in 
2XXX-Series  Aluminum  Alloy  Composites  Reinforced  With 
SiC  Whiskers. 

Ductility,  Stress  effects 

Tensile  Ductility  of  Extrinsically  Toughened  Intermetallics. 

The  Effect  of  Triaxiai  Stress  on  Ductility  and  Fracture  Mor¬ 
phology  of  Ferritic  Spheroidal  Graphite  Cast  Iron. 

Coefficients  of  Thermal  Expansion  of  Metal-Matrix  Compos¬ 
ites  for  Electronic  Packaging. 

Creep  and  Intergranular  Cracking  of  Ni — Cr — Fe — C  in 
360°C  Argon. 

Fiber  Strength  and  Fiber/Matrix  Bond  Strength  in  Single 
Crystal  AI2O3  Fiber  Reinforced  NisAI  Based  Composites. 

Evaluation  of  Static  and  Dynamic  Fracture  Toughness  in  Duc¬ 
tile  Cast  Iron. 

Fracture  Toughness  of  Discontinuously  Reinforced  AI-4Cu- 
1.5Mg/TiB2  Composites. 

Ductility,  Temperature  effects 

Behavior  of  Steels  Near  the  Incipient  Melting  Temperature. 

Dynamic  loads 

See  Loads  (forces) 

Dynamic  tests 

See  Impact  tests 

Dynamics 

See  Kinetics 
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Elongation 


Edge  dislocations,  Diffusion  effects 

On  the  Role  of  Interphase-Boundary  Structure  in  Plate 
Growth  by  Diffusional  Mechanisms.  (Conference  Paper)  1875-1883A 


Electrolytes,  Phases  (state  of  matter) 

Gradient  Solid  Electrolytes  for  Thermodynamic  Measure¬ 
ments:  System  Na2C03 — Na2S04. 


Edge  dislocations,  Stress  effects 

A  Simplified  Method  of  Calculating  the  Stress  Field  at  the  Tip 
of  a  Discrete  Dislocation  Pileup  in  a  Finite  Crystal.  223-225A 

Elastic  constants 

See  also  Magnetoelastic  effect 
Modulus  of  elasticity 
Poissons  ratio 

The  Role  of  Structural  Ledges  as  Misfit-Compensating  De¬ 
fects:  FCC-BCC  Interphase  Boundaries.  (Conference 
Paper)  1 895-1 903A 

Elastic  Constants  of  SiCp/AI:  Measurements  and  Modeling.  2832-2835A 

Elastic  modulus 

See  Modulus  of  elasticity 

Elastic  properties 

See  Elastic  constants 


Elasticity 

See  also  Pseudoelasticity 

Elasticity,  Composition  effects 

The  Effects  of  Hydrogen  on  the  Mechanical  Behavior  of  Aus¬ 
tenitic  Stainless  Steels  at  Room  Temperature.  1015-1023A 

Elasticity,  Deformation  effects 

Modeling  of  Mechanical  Alloying.  I.  Deformation,  Coales¬ 
cence,  and  Fragmentation  Mechanisms.  147-158A 

Modeling  the  Thin-Slab  Continuous-Casting  Mold.  443-457B 

Elasticity,  Diffusion  effects 

The  Invariant  Line  and  Precipitate  Morphology  in  FCC-BCC 
Systems.  (Conference  Paper)  1865-1874A 


Elasticity,  Microstructure 

The  Elastic  Strain  Energy  of  Growth  Ledges  on  Coherent  and 
Partially  Coherent  Precipitates.  2073-2082A 

Elasticity,  Stress  effects 

Characterization  of  Inhomogeneous  Elastic  Deformation  With 
X-Ray  Diffraction.  341-347A 

Analysis  of  Thermally  Induced  Stress  and  Strain  in  Continu¬ 
ous  Fiber-Reinforced  Composites.  415-425A 

Electric  conductors  (materials) 

See  Electrolytes 
Superconductors 


Electric  generators 

See  Solar  generators 

Electric  potential.  Temperature  effects 

Oxygen  Potentials  in  Nickel  +  NiO  and 
Nickel  +  Cr203  +  NiCr204  Systems.  373-378B 

Electrical  conductivity 

See  Resistivity 

Electrical  phenomena 

See  Electric  potential 


Electrical  properties 

See  Critical  current  (superconductivity) 
Current  density 
Resistivity 

Electrical  resistivity 
See  Resistivity 

Electroceramics 

See  Ceramics 


Electrochemistry 

Sulfur  Determination  in  Carbon-Saturated  Iron  by  Solid-State 
Electrochemical  Sensor.  561-568B 

Kinetics  in  Muliticomponent  Metallic  )lonic  Systems.  579-587B 

An  Electrochemical  Study  on  the  Dissolution  of  Gold  and 
Copper  from  Gold/Copper  Alloys.  817-827B 


Electrochemistry,  Diffusion  effects 

Tritium  Distribution  at  the  Crack  Tip  of  High-Strength  Steels 
Submitted  to  Stress  Corrosion  Cracking.  1159-1167A 

Electrochemistry,  Environmental  effects 

Modeling  Hydrogen  Entry  and  Exit  in  Metals  Exposed  to  Mul¬ 
tiple  Charging  Processes.  723-732A 

Electrode  potentials 

See  Corrosion  potential 


Electrodeposition 

Structure  of  As-Deposited  Iron — Zinc  Coatings  From  Chlo¬ 
ride  Bath.  249-255A 

7?  to  G  Phase  Transformation  in  Electrodeposited  Iron — Zinc 
Alloy  Coatings.  1119-1125A 


Electrodes 

See  Anodes 


Electrogas  welding 

See  Gas  metal  arc  welding 

Electrolysis 

See  also  Reduction  (electrolytic) 

Thermodynamic  Stability  of  Metallurgical  Coke  Relative  to 
Graphite.  149-151B 

Physical  Modeling  Studies  of  Electrolyte  Flow  Due  to  Gas 
Evolution  and  Some  Aspects  of  Bubble  Behavior  in  Ad¬ 
vanced  Hall  Cells.  I.  Flow  in  Cells  With  a  Flat  Anode.  333-340B 

Physical  Modeling  Studies  of  Electrolyte  Flow  Due  to  Gas 
Evolution  and  Some  Aspects  of  Bubble  Behavior  in  Ad¬ 
vanced  Hall  Cells.  II.  Flow  and  Interpolar  Resistance  in 
Cells  With  a  Grooved  Anode.  341-349B 


Electrolytic  cells 

See  also  Bi-polar  cells 

Oxygen  Potentials  in  Nickel  +  NiO  and 
Nickel  +  Cr203  +  NiCr204  Systems. 

Small  Cel!  Experiments  for  Electrolytic  Reduction  of  Uranium 
Oxides  to  Uranium  Metal  Using  Fluoride  Salts. 

Electrolytic  deposition 

See  Electrodeposition  • 

Electrolytic  reduction 

See  Reduction  (electrolytic) 

Electromagnetic  stirring 

Measurements  of  the  Electrical  Conductivity  of  Wood’s  Alloy 
and  Other  Low  Melting  Point  Alloys. 

Electrometallurgy 

Physical  Modeling  Studies  of  Electrolyte  Flow  Due  to  Gas 
Evolution  and  Some  Aspects  of  Bubble  Behavior  in  Ad¬ 
vanced  Hal!  Cells.  I.  Flow  in  Cells  With  a  Flat  Anode. 

Physical  Modeling  Studies  of  Electrolyte  Flow  Due  to  Gas 
Evolution  and  Some  Aspects  of  Bubble  Behavior  in  Ad¬ 
vanced  Hall  Cells.  II.  Flow  and  Interpolar  Resistance  in 
Cells  With  a  Grooved  Anode. 

A  Mathematical  Model  of  Ionic  Transport  in  a  Porous  Dia¬ 
phragm  of  a  Chrome — Alum  Cell. 

Energy  Efficiency  Considerations  on  Monopolar  vs.  Bipolar 
Fused  Salt  Electrolysis  Cells. 

Electromotive  force 

See  Electric  potential 

Electron  beam  processing 

See  Electron  beam  welding 

Electron  beam  welding 

The  Influence  of  Electron-Beam  Welding  Parameters  on 
Heat-Affected-Zone  Microfissuring  in  Incoloy  903. 

Electron  diffraction 

Crystallographic  Characteristics  of  the  A1 — Co  Decagonal 
Quasicrystai  and  Its  Monoclinic  Approximant  r2-Ali3C04. 

Triclinic  Ni2Ai  Phase  in  63.1  at.%  NiAI. 

Electron  microprobes 

See  Electron  probes 

Electron  microscopy 

See  a/so  Transmission  electron  microscopy 

Characterization  of  a  Diffusion-Bonded  Al — Mg  Alloy/SiC  In¬ 
terface  by  High  Resolution  and  Analytical  Electron  Micros¬ 
copy. 

Electron  probes 

Kinetics  in  Muliticomponent  Metallic  )lonic  Systems. 

Electron  spectroscopy 

See  Auger  electron  spectroscopy 
Photoelectron  spectroscopy 

Electron  structure 

See  Electronic  structure 

Electronic  structure 

Triclinic  Ni2AI  Phase  in  63.1  at.%  NiAi. 

The  Effect  of  Steel  Chemistry  on  the  Formation  of  Fe-Zn  In- 
termetallic  Compounds  of  Galvanneal-Coated  Steel 
Sheets. 

Discussion  of  "Crystallographic  Characterization  of  the  Al-Co 
Decagonal  Quasicrystai  and  Its  Monoclinic  Approximant  r^- 
AI13C04”. 

Electronic  structure,  Diffusion  effects 

Formation  of  Invariant  Plane-Strain  and  Tent-Shaped  Surface 
Reliefs  by  the  Diffusional  Ledge  Mechanism.  (Conference 
Paper) 

Electropotential 

See  Electric  potential 

Eiectroreduction 

See  Electrowinning 

Electrorefining 

Physicochemical  Properties  of  Nickel  Electrolytes. 

Eiectrowinning 

See  also  Hall  Heroult  process 

Thermodynamic  Stability  of  Metallurgical  Coke  Relative  to 
Graphite. 

A  Mathematical  Model  of  Ionic  Transport  in  a  Porous  Dia¬ 
phragm  of  a  Chrome — Alum  Cell. 

Physicochemical  Properties  of  Nickel  Electrolytes. 

Elevated  temperature 

See  High  temperature 

Elongation 

High-Performance  NisAI  Synthesized  From  Composite  Pow¬ 
ders. 

Factors  Influencing  the  Exceptional  Ductility  of  a  Superpiastic 
Pb-62%  Sn  Alloy. 

Elongation,  Composition  effects 

Melt-Processed  NiaAl  Matrix  Composites  Reinforced  With 
TiC  Particles. 

Elongation,  Cooling  effects 

On  Morphologies,  Microsegregation,  and  Mechanical  Behav¬ 
ior  of  Directionally  Solidified  Cobalt-Base  Superalloy  at  Me¬ 
dium  Cooling  Rate. 

Elongation,  Deformation  effects 

Superpiastic  Behavior  of  Two  Ultrahigh  Boron  Steels. 
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Elongation 


Superplastic  Behavior  of  Thermomechanicatly  Treated  P/M 
7091  Aluminum  Alloy.  2153'2160A 

Elongation,  Environmental  effects 

Environmental  Effect  on  Room-Temperature  Ductility  of  Iso- 
thermally  Forged  TiAI-Base  Alloys.  321-330A 

Hydride  Embrittlement  in  Zircaloy-4  Plate.  I.  Influence  of  Mi¬ 
crostructure  on  the  Hydride  Embrittlement  in  Zircaloy-4  at 
20and350°C.  1185-1197A 

Elongation,  Heating  effects 

Effect  of  Heat  Treatment  on  the  Microstructure.  Tensile  Prop¬ 
erties,  and  Fracture  Behavior  of  Permanent  Mold  AI-10 
wt.%  Si-0.6  wt.%  Mg/SiC/lOp  Composite  Castings.  2247-2263A 

Elongation,  Microstructural  effects 

Precipitation  Effects  During  Hot  Deformation  of  a  Copper 
Alloy.  257-266A 

Embrittlement 

See  also  Hydrogen  embrittlement 

Embrittlement,  Heating  effects 

The  Effect  of  Phosphorus  Segregation  on  the  Intermediate- 
Temperature  Embrittlement  of  Ferritic,  Spheroidal  Graphite 
Cast  Iron.  557-561 A 

The  Role  of  Magnesium-Containing  Spheroidizer  and  Coun¬ 
teraction  of  Misch  Metal  in  the  Intermediate  Temperature 
Intergranular  Embrittlement  of  Ferritic  Nodular  Iron.  2305-2309A 

Embrittlement,  Stress  effects 

Low  Cycle  Fatigue  Behavior  of  Polycrystalline  NisAI  Alloys  at 
Ambient  and  Elevated  Temperatures.  2469-2476A 

Emissivity,  Heating  effects 

Computer  Algorithms  for  Radiometric  Measurement  of  Tem¬ 
perature  During  the  Galvanneal  Process.  449-462B 

Emulsification 

Modeling  of  Metallurgical  Emulsions.  855-864B 

Densities  of  Liquid  Fe-Ni  and  Fe-Cr  Alloys.  939-942B 

Energy 

See  Free  energy 
Surface  energy 

Energy  of  activation 

See  Activation  energy 

Energy  of  dissociation 
See  Free  energy 

Heat  of  formation 

Energy  of  formation 
See  Free  energy 

Heat  of  formation 

Energy  of  fracture 

See  Toughness 

Energy  of  solution 
See  Free  energy 
Heat  of  solution 

Engine  components 
See  also  T urbine  blades 

Engine  components,  Fabrication 

Microstructural  Control  in  Hot  Working  of  lN-718  Superalloy 
Using  Processing  Map.  2275-2284A 

Engines 

See  Gas  turbine  engines 
Turbojet  engines 

Enthalpy 

Standard  Enthalpies  of  Formation  of  Some  Praseodymium 
Alloys  of  High-Temperature  Direct  Synthesis  Calorimetry.  73-77B 

Solubility  and  Thermodynamic  Properties  of  Y2O3  in  LiF — YF3 
Melts.  91-96B 

Surface  Segregation  of  Calcium  Oxide  in  Wustite  and  Its  Ef¬ 
fects  on  the  Reduction.  405-413B 

Entropy 

Solubility  and  Thermodynamic  Properties  of  Y2O3  in  LiF — YF3 
Melts.  91-96B 

Entropy  of  activation 

See  Activation  energy 
Entropy 

Entropy  of  formation 

See  Entropy 

Heat  of  formation 

Entropy  of  reaction 

See  Entropy 

Entropy  of  solution 

See  Entropy 

Heat  of  solution 

Entropy  of  transformation 

See  Entropy 

Environment 

See  Corrosion  environments 

Equilibrium 

See  Chemical  equilibrium 

Equilibrium  constants 

See  Chemical  equilibrium 

Esso  Little  process 

See  Fluidized  bed  reduction 

Eutectic  reactions,  Temperature  effects 

Mg — Pb  Phase  Diagram  and  Phase  Transformations  in  the 
tntermetallic  Compounds  Mg2Pb  and  0'.  265-275B 


Eutectic  reactions.  Welding  effects 

The  Influence  of  Electron-Beam  Welding  Parameters  on 
Heat-Affected-Zone  Microfissuring  in  Incoloy  903.  1733-1745A 

Eutectics,  High  temperature  effects 

Density  Measurements  of  the  Lithium  Fluoride/Lithium  Sul¬ 
fide  Eutectic  at  High  Temperature.  773-778B 

Eutectoid  reactions.  Diffusion  effects 

Decomposition  of  Iron — Nickel  Martensite:  Implications  for 
the  Low-Temperature  (<  500®C)  Fe — Nl  Phase  Diagram.  1627-1637A 

Expansion 

See  Thermal  expansion 

Explosions 

Interactions  Between  Drops  of  a  Molten  Aluminum  )Lithium 
Alloy  and  Liquid  Water.  623-625B 

Extraction 

See  Carbon  in  pulp  process 
Cyanidation 

Extractive  metallurgy 

See  also  Electrometallurgy 
Hydrometallurgy 
Pyrometallurgy 

Solid-Solution  Formation  Between  Arsenic  and  Antimony  Ox¬ 
ides.  865-871 B 

Thermal  Separation  of  Arsenic  and  Antimony  Oxides.  873-884B 

A  Thermodynamic  Study  of  the  Molybdenum-Oxygen  Sys¬ 
tem.  885-891 B 

Extrusion 

See  Hot  extrusion 

Extrusion  casting 

See  Pressure  casting 

Extrusions,  Microstructure 

Discussion  of  “The  Distribution  of  Dispersoid  Phases  in  the 
Extruded  ODS  Superalloy  MA-957  and  Reply.  651-653A 

Failure 

See  Delaminating 
Fatigue  failure 

Fatigue  (materials) 

See  also  Bending  fatigue 
Fatigue  life 
Fatigue  strength 
Low  cycle  fatigue 
Thermal  fatigue 

Fatigue  (materials),  Coating  effects 

The  Influence  of  Laser  Glazing  on  Fatigue  Crack  Growth  in 
Ti— 24AI— lINb.  183-192A 

Fatigue  (materials),  Cooling  effects 

Fatigue  Crack  Growth  Rates  and  Fracture  Toughness  of 
Rapidly  Solidified  Al— 8.5Fe— 1.2V— 1.7Si  Alloys.  1005-1014A 

Fatigue  (materials),  Environmental  effects 

On  Low-Temperature  Environment-Assisted  Fatigue  Crack 
Propagation .  658-659A 

Fatigue  (materials),  Microstructural  effects 

Some  Aspects  of  Thermomechanical  Fatigue  of  AISI  304L 
Stainless  Steel.  II.  Dislocation  Arrangements.  407-41 3A 

Fatigue  (materials).  Stress  effects 

Behavior  of  Nickel-Base  Superalloy  Single  Crystals  Under 
Thermal — Mechanical  Fatigue.  99-1 09A 

Effect  of  Orientation  on  Crystallographic  Cracking  in  Notched 
Nickel-Base  Superalloy  Single  Crystal  Subjected  to  Far- 
Field  Cyclic  Compression.  287-297A 

Some  Aspects  of  Thermomechanicat  Fatigue  of  AISI  304L 
Stainless  Steel.  I.  Creep — Fatigue  Damage.  401-406A 

Mixed-Mode  I  and  H  Fatigue  Threshold  and  Crack  Closure  in 
Dual-Phase  Steels.  1713-1723A 

Short  Fatigue  Crack  Growth  Behavior  in  a  Ferritic-Bainitic 
Steel.  2421-2425A 

The  Influence  of  SiC  Particulates  on  Fatigue  Crack  Propaga¬ 
tion  in  a  Rapidly  Solidified  Al-Fe-V-Si  Alloy.  2453-2460A 

Fatigue  cracking 

See  Fatigue  (materials) 

Fatigue  failure 

Fatigue  failure,  Microstructural  effects 

The  Orientation  Dependence  of  Fatigue-Crack  Growth  in 
8090  Aluminum — Lithium  Plate.  575-588A 

Fatigue  fracture 

See  Fatigue  failure 

Fatigue  life.  High  temperature  effects 

Effect  of  Strain  Rate  on  the  High-Temperature  Low-Cycle  Fa¬ 
tigue  Properties  of  a  Nimonic  PE-16  Superalloy.  159-171 A 

Low-Cycle  Fatigue  Behavior  of  Polycrystalline  NiAl  at  1000K.  309-31 9A 

Fatigue  life.  Radiation  effects 

Effects  of  Simultaneous  Boron  and  Nitrogen  Implantation  on 
Microhardness  and  Fatigue  Properties  of  Fe — 13Cr — 15Ni 
Alloys.  193-202A 

Fatigue  life.  Stress  effects 

Low-Cycle  Fatigue  of  Dispersion-Strengthened  Copper.  2235-2245A 

Fatigue  properties 

See  Fatigue  (materials) 

Fatigue  strength.  Cooling  effects 

Modeling  Microstructure  Development  in  Gray  Cast  Irons.  1063-1079A 

Fatigue  strength.  Stress  effects 

Low  Cycle  Fatigue  Behavior  of  Polycrystalline  Ni3AI  Alloys  at 
Ambient  and  Elevated  Temperatures.  2469-2476A 
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Fluid  flow 


Ferric  compounds 

See  iron  compounds 

Ferrite 

The  Chromium  Equivalents  of  Ferrite  Stabilizers  in  Commer¬ 
cial  Stainless  Steels.  2827-2828A 

Ferrite,  Alloying  effects 

Morphological  Stability  of  yla  Interface  Formed  by  Carburiza¬ 
tion  in  Fe — C — X  Alloys. 

Effects  of  Austenite  Grain  Size  and  Cooling  Rate  on 
Widmanstatten  Ferrite  Formation  in  Lovi/-Alloy  Steels. 

Thermodynamics  and  Kinetics  of  the  Formation  of 
Widmanstatten  Ferrite  Plates  in  Ferrous  Alloys.  (Confer¬ 
ence  Paper) 

The  Fine  Structure  and  Formation  Mechanism  of  Lower  Bai- 
nite.  (Conference  Paper) 

The  Influence  of  the  Alloying  Elements  Upon  the  Transforma¬ 
tion  Kinetics  and  Morphologies  of  Ferrite  Plates  in  Alloy 
Steels.  (Conference  Paper) 

Ferrite,  Cooling  effects 

Effects  of  Widmanstatten  Ferrite  on  the  Mechanical  Proper¬ 
ties  of  a  0,2%  C — 0.7%  Mn  Steel. 

Intragranular  Ferrite  Nucleation  in  Medium-Carbon  Vanadium 
Steels. 

Modeling  Microstructure  Development  in  Gray  Cast  Irons. 

Precipitation  of  BCC  Phase  from  Nonequilibrium  A13-Type 
Phase  in  Rapidly  Solidified  High-Carbon  Fe-Cr-Mo  Alloy. 

Ferrite,  Deformation  effects 

Effects  of  Precursor  Matrix  Events  on  Subsequent  Nucle¬ 
ation.  (Conference  Paper)  1933-1939A 

Ferrite,  Diffusion  effects 

Diffusion  in  Growth  of  Bainite.  (Conference  Paper)  1957-1966A 

Formation  Mechanism  of  Bainitic  Ferrite  in  an  Fe  )2%  Si 
)0.6%  C  Alloy.  (Conference  Paper)  2009-201 6A 

Ferrite,  Heating  effects 

Formation  Mechanism  of  Bainite  Ferrite  and  Carbide.  (Con¬ 
ference  Paper)  2001-2007A 

Ferrite,  Stress  effects 

Short  Fatigue  Crack  Growth  Behavior  in  a  Ferritic-Bainitic 
Steel.  2421-2425A 

Ferrite,  Temperature  effects 

Thermodynamics  of  the  Iron  )Carbon  )Zinc  System. 

Fracture  and  the  Formation  of  Sigma  Phase,  MgsCg.  and  Aus 
tenite  From  Delta — Ferrite  in  an  AISI  304L  Stainless  Steel 

Morphology  of  Bainite  and  Widmanstatten  Ferrite.  (Confer 
ence  Paper) 

Ferritic  stainless  steels,  Heat  treatment 

Interstitial  Precipitation  in  Fe — Cr — A1  Alloys.  1135-1146A 
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Ferrous  alloys,  Phases  (state  of  matter) 

Effects  of  Precursor  Matrix  Events  on  Subsequent  Nucie- 
ation.  (Conference  Paper) 

The  Fine  Structure  and  Formation  Mechanism  of  Lower  Bai¬ 
nite.  (Conference  Paper) 

Formation  Mechanism  of  Bainitic  Ferrite  in  an  Fe  )2%  Si 
)0.6%  C  Alloy.  (Conference  Paper) 

Ferrous  alloys,  Powder  technology 

Mechanical  Processing  of  Iron  Powders  In  Reactive  and  Non¬ 
reactive  Gas  Atmospheres. 

Ferrous  compounds 

See  Iron  compounds 

Ferrous  metals 

See  Ferrous  alloys 

Fiber  composites,  Heat  treatment 

Microstructurai  Study  of  the  Titanium  Alloy  Ti — 15Mo — 
2.7Nb— 3AI— 0.2Si  (TIMETAL  21 S). 

Development  and  Characterization  of  Interface  Coatings  in 
Molybdenum-Reinforced  NiAl  Matrix  Composites. 

Fiber  composites.  Mechanical  properties 

Analysis  of  Thermally  Induced  Stress  and  Strain  in  Continu¬ 
ous  Fiber-Reinforced  Composites. 

Fiber  Strength  and  Fiber/Matrix  Bond  Strength  in  Single 
Crystal  AI2O3  Fiber  Reinforced  NiaAl  Based  Composites. 

Comparison  of  Orthorhombic  and  Alpha-Two  Titanium  Alumi- 
nides  as  Matrices  for  Continuous  SiC-Reinforced  Compos¬ 
ites. 

Fiber  composites,  Oxidation 

The  Effect  of  Niobium  Morphology  on  the  Cyclic  Oxidation 
Resistance  of  MoSi2/20  vol.%  Niobium  Composites. 

A  Structural  Study  of  Oxidation  in  a  Zirconia-Toughened  Alu¬ 
mina  Fiber-Reinforced  NiAl  Composite. 

Fiber  composites,  Phases  (state  of  matter) 

Phase  Relations  in  the  Mo — Si — C  System  Relevant  to  the 
Processing  of  MoSi2 — SiC  Composites. 

Fiber  composites,  Physical  properties 

Capillarity  in  Isothermal  Infiltration  of  Alumina  Fiber  Preforms 
With  Aluminum. 

Fiber  composites,  Synthesis 

Investigation  of  the  Kinetics  of  Reduction  of  Nickel  Tungstate 
by  Hydrogen. 

Thermofluid  Analysis  and  Design  of  a  Low-Temperature  Pre¬ 
forming  Process. 

Fiber  metal  brazing 

See  Brazing 

Fields  (physics) 

See  Magnetic  fields 


Ferroalloys 

See  Ferronickel 


Ferromagnetism,  Alloying  effects 

Determination  of  Residual  Nickel  in  Mechanically  Alloyed 
NiAl.  871-874A 


Ferronickel,  Reduction  (chemical) 

An  Analysis  of  Slag  Stratification  in  Nickel  Laterite  Smelting 
Furnaces  Due  to  Composition  and  Temperature  Gradients.  491-496B 

Ferrous  alloys 

See  also  Cast  iron 
Steels 


Ferrous  alloys,  Coatings 

Structure  of  As-Deposited  Iron — Zinc  Coatings  From  Chlo¬ 
ride  Bath.  249-255A 

T?  to  G  Phase  Transformation  in  Electrodeposited  Iron — Zinc 
Alloy  Coatings.  1119-1125A 

Ferrous  alloys,  Diffusion 

A  History  of  the  Controversy  Over  the  Roles  of  Shear  and  Dif¬ 
fusion  in  Plate  Formation  Above  Md  and  a  Comparison  of 
the  Atomic  Mechanisms  of  These  Processes.  (Conference 
Paper,  Review)  1797-1819A 


Ferrous  alloys.  Heat  treatment 

Effects  of  Simultaneous  Boron  and  Nitrogen  Implantation  on 
Microhardness  and  Fatigue  Properties  of  Fe — 13Cr — 15Ni 
Alloys.  193-202A 

Multiphase  Precipitation  of  Carbides  in  Fe-C  Systems.  I. 

Mode!  Based  Upon  Simple  Kinetic  Reactions.  917-925B 

Multiphase  Precipitation  of  Carbides  in  Fe-C  System.  II. 

Model  Based  on  Kinetics  of  Complex  Reactions.  927-935B 


Ferrous  alloys,  Mechanical  properties 

Effects  of  Carbon  Content  and  Ausaging  on  7  a’  Trans¬ 
formation  Behavior  and  Reverse-Transformed  Structure  in 
Fe~Ni— Co~Al~C  Alloys.  63-71A 

Effect  of  Strain  Rate  on  the  High-Temperature  Low-Cycle  Fa¬ 
tigue  Properties  of  a  Nimonic  PE-1 6  Superalloy.  159-171 A 

Embrittlement  of  B2  iron  Aluminide  by  Water  Vapor  and  by 
Hydrogen.  1 285-1 290A 

The  Elastic  Strain  Energy  of  Growth  Ledges  on  Coherent  and 
Partially  Coherent  Precipitates.  2073-2082A 


Filler  metal 

See  also  Solders 

Kinetic  Study  of  Low-Temperature  Transient  Liquid  Phase 
Joining  of  an  Aluminum-SiC  Composite. 

Films 

See  Thin  films 

Finite  element  method 

Resistance  Spot  Welding  of  Precoated  Steel  Sheet:  Compu¬ 
tational  Heat-Transfer  Analysis. 

Depth  of  Melt-Pool  and  Heat-Affected  Zone  in  Laser  Surface 
Treatments. 

Three-Dimensional  Finite  Element  Modeling  of  Gas  Metal-Arc 
Welding. 

Modeling  theThin-Slab  Continuous-Casting  Mold. 

Simulation  of  Argon  Gas  Flow  Effects  in  a  Continuous  Slab 
Caster. 

Mathematical  and  Physical  Modeling  Studies  of  Molten  Alu¬ 
minum  Flow  in  a  Tundish. 

Coefficients  of  Thermal  Expansion  of  Metal-Matrix  Compos¬ 
ites  for  Electronic  Packaging. 

Modeling  Microstructure  Development  in  Gray  Cast  Irons. 

Anisotropic  Plastic  Potentials  for  Polycrystals  and  Application 
to  the  Design  of  Optimum  Blank  Shapes  in  Sheet  Forming. 

Transformation,  Microcrack,  and  Thermal  Residual  Stress  as 
Interactive  Processes  in  Zr02-Toughened  AI203,  Simulated 
by  the  Finite  Element  Method. 

Fissile  materials 

See  Nuclear  fuels 

Flexural  vibration 

See  Fatigue  (materials) 

Flotation 

Observations  on  the  Effect  of  Medium  Density  and  Viscosity 
on  the  Rate  of  Induced  Aeration  in  Agitated  Vessels. 

Flow 

See  Fluid  flow 

Flow  stress 

See  Yield  strength 

Fluid  bed  reduction 

See  Fluidized  bed  reduction 


Ferrous  alloys.  Phase  transformations 

On  the  Prebainitic  Phenomenon  in  Some  Alloys.  (Conference 
Paper)  1941-1946A 

Thermodynamics  and  Kinetics  of  the  Formation  of 
Widmanstatten  Ferrite  Plqtes  in  Ferrous  Alloys.  (Confer¬ 
ence  Paper)  1947-1953A 

The  Influence  of  the  Alloying  Elements  Upon  the  Transforma¬ 
tion  Kinetics  and  Morphologies  of  Ferrite  Plates  in  Alloy 
Steels.  (Conference  Paper)  1991-2000A 


Fluid  flow 

See  also  Gas  flow 

The  Measurement  of  the  Heat-Transfer  Coefficient  Between 
High-Temperature  Liquids  and  Solid  Surfaces. 
Mathematical  and  Physical  Modeling  Studies  of  Molten  Alu¬ 
minum  Flow  in  a  Tundish. 

Critical  Fluid-Flow  Phenomenon  in  a  Gas-Stirred  Ladle. 
Modeling  of  the  Formation  of  Under-Riser  Macrosegregation 
During  Solidification  of  Binary  Alloys. 
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415-425A 
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761 -771 B 
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1725-1731A 


303-306B 


43-51 B 

669-680B 

681-693B 

1051-1062A 


S-17 


Fluid  mechanics 


Fluid  mechanics 

Sticking  of  Solids  in  Liquids.  397-403B 

Fluid  mold  casting 

See  Centrifugal  casting 

Fluidity 

See  Viscosity 

Fluidized  bed  reduction 

Effect  of  Cobalt  Addition  on  the  Liquid-Phase  Sintering  of 
Tungsten — Copper  Prepared  by  the  Fluidized  Bed  Reduc¬ 
tion  Method.  1575-1578A 

Focussons 

See  Displacements  (lattice) 

Foil,  Welding 

The  «//?  Interface  Phase  in  Titanium  Alloys:  Artifact  or  Real 
Phase  Contribution  to  Problem  Resolution.  241-248A 

Foil  (metal) 

See  Foil 

Foil  brazing 

See  Brazing 

Foils  (structural  shapes) 

See  Foil 

Force 

See  Loads  (forces) 

Forging 

See  Hot  forging 

Forgings,  Mechanical  properties 

Environmental  Effect  on  Room-Temperature  Ductility  of  Iso- 
thermally  Forged  TiAl-Base  Alioys.  321-330A 

Formability 

A  Plane  Strain  Punch  Stretching  Test  for  Evaluating  Stamping 
Formability  of  Steel  Sheets.  2199-2205A 

Formability,  Deformation  effects 

The  Tensile  Deformation  Behavior  of  AA  3004  Aluminum 
Alloy.  357-364A 

Formability,  Microstructural  effects 

Effects  of  Texture  Gradients  on  Yield  Loci  and  Forming  Limit 
Diagrams  in  Various  Aluminum-Lithium  Sheet  Alloys.  2783-2795A 

Formation  entropy 
See  Entropy 

Heat  of  formation 

Forming 

See  Punching 
Stamping 
Stretching 

Superplastic  forming 

Forming  limit 

See  Formability 

Fracture  mechanics 

See  Crack  opening  displacement 

Fracture  strength,  Alloying  effects 

Microstructures  and  Mechanial  Behavior  of  NiAI-Mo  and 
NiAI-Mo-Ti  Two-Phase  Alloys.  2769-2781 A 

Fracture  strength,  Heating  effects 

Effect  of  Heat  Treatment  on  the  Microstructure.  Tensile  Prop¬ 
erties.  and  Fracture  Behavior  of  Permanent  Mold  AI-10 
wt.%  Si-0.6  wt.%  Mg/SiC/lOp  Composite  Castings.  2247-2263A 

Fracture  strength,  Stress  effects 

The  Effect  of  Triaxial  Stress  on  Ductility  and  Fracture  Mor¬ 
phology  of  Ferritic  Spheroidal  Graphite  Cast  Iron.  821-825A 

Flow  Instabilities  and  Fracture  in  Ti-6AI-4V  Deformed  in  Com¬ 
pression  at  298-673K.  2173-2179A 

Fracture  toughness,  Cooling  effects 

Fatigue  Crack  Growth  Rates  and  Fracture  Toughness  of 
Rapidly  Solidified  Al— 8.5Fe— 1.2V— 1.7Si  Alloys.  1005-1014A 

Fracture  toughness,  Deformation  effects 

Relationships  of  Slip  Morphology,  Microcracking,  and  Frac¬ 
ture  Resistance  in  a  Lamellar  TiAI-Alloy.  1217-1228A 

Fracture  toughness.  Heating  effects 

Phosphorus  and  Carbon  Segregation:  Effects  on  Fatigue  and 
Fracture  of  Gas-Carburized  Modified  4320  Steel.  1229-1240A 

Dynamic  Fracture  Behavior  of  Ti — 6A1 — 4V  Alloy  With  Vari¬ 
ous  Stabilities  of  p  Phase.  1 655-1 666A 

Isothermal  Formation  of  Quasicrystalline  Precipitates  and 
Their  Effect  on  Strength  in  a  1 2Cr-9Ni-4Mo  Maraging  Stain¬ 
less  Steel.  2225-2233A 

Fracture  Toughness  of  Quaternary  Al-Li-Cu-Mg  Alloy  Under 
Mode  I,  Mode  II,  and  Mode  III  Loading  Conditions.  2439-2452A 

Fracture  toughness,  High  temperature  effects 

Elevated  Temperature  Fracture  of  RS/PM  Alloy  8009. 1.  Frac¬ 
ture  Mechanics  Behavior.  365-379A 

Fracture  toughness,  Microstructural  effects 

Microstructural  Analysis  of  Fracture  Toughness  Variation  in 
2XXX-Series  Aluminum  Alloy  Composites  Reinforced  With 
SiC  Whiskers.  2213-2223A 

Fracture  toughness,  Radiation  effects 

Deformation  Behavior  of  Irradiated  Zr — 2.5Nb  Pressure  Tube 
Material.  135-145A 

Fracture  toughness,  Stress  effects 

Tensile  Ductility  of  Extrinsically  Toughened  Intermetallics.  299-308A 

Transformation,  Microcrack,  and  Thermal  Residual  Stress  as 
Interactive  Processes  in  Zr02-Toughened  AI2O3,  Simulated 
by  the  Finite  Element  Method.  1725-1731A 


Evaluation  of  Static  and  Dynamic  Fracture  T oughness  in  Duc¬ 
tile  Cast  Iron.  2427-2437A 

The  Influence  of  SiC  Particulates  on  Fatigue  Crack  Propaga¬ 
tion  in  a  Rapidly  Solidified  Al-Fe-V-Si  Alloy.  2453-2460A 

Fracture  Toughness  of  Discontinuously  Reinforced  AI-4Cu- 
1 .5Mg/TiB2  Composites.  2461 -2468A 

Fracturing 

See  Brittle  fracture 
Ductile  fracture 
Intergranular  fracture 
Transgranular  fracture 

Free  energy 

See  also  Activation  energy 

Thermodynamics  of  Oxygen  and  Nitrogen  in  Liquid  Nickel 
Equilibrated  With  CaO — TiO^  and  CaO — TiO* — Ai203 
Melts.  5-1 3B 

Phase  Relations  in  the  Mo — Si — C  System  Relevant  to  the 
Processing  of  MoSi2 — SiC  Composites.  5-1 5A 

Thermodynamic  Properties  of  Ternary  Liquid  Cu — Mg — Ni 
Alloys.  63-72B 

Solubility  and  Thermodynamic  Properties  of  Y2O3  in  LiF — YF3 
Melts.  91-96B 

Thermodynamic  Study  of  the  Bi — Ca — O  System.  97-1018 

Thermodynamic  Stability  of  Metallurgical  Coke  Relative  to 
Graphite.  149-1 51 B 

Gradient  Solid  Electrolytes  for  Thermodynamic  Measure¬ 
ments:  System  Na2C03 — Na2S04.  173-180A 

An  Alternative  Gibbs — Duhem  Method  for  the  Calculation  of 
Activities  From  the  Redox  Data  for  Iron  Oxide  in  Ternary 
Oxide  Systems.  277-280B 

Oxygen  Potentials  in  Nickel  +  NiO  and 
Nickel  +  Cr203  +  NiCr204  Systems.  373-378B 

Thermodynamic  Study  of  BaCu02  and  BaCu202.  385-389B 

Estimation  of  the  Viscosities  of  Binary  Metallic  Melts  Using 
Gibbs  Energies  of  Mixing.  589-595B 

Solid-State  Wetting  of  Graphite  by  Lead  and  Pb — Ni  Alloys.  607-61 5A 
The  Shapes  of  the  Phase  Boundaries  of  Two  Ideal  Solution 
Phases  in  Ternary  and  Higher  Order  Systems.  656-658A 

The  Grand  Partition  Function  of  Dilute  Biregular  Solutions.  703-71 1 B 

Thermodynamics  of  the  Liquid  |xCu  +  yAu  +  (1 — x — y)Gei, 

(0.75  <  X  <  1, 0  <  y  <  0.125)  Alloys  at  1550K  by  Knud- 
sen  Effusion  Mass  Spectrometry.  857-864A 

Thermodynamic  Analysis  of  the  tn-Ga-Sb  System.  2331-2340A 

Free  energy  of  activation 

See  Activation  energy 

Free  energy  of  dissociation 
See  Free  energy 
Heat  of  formation 

Free  energy  of  formation 
See  Free  energy 
Heat  of  formation 

Free  energy  of  reaction 
See  Free  energy 

Free  energy  of  solution 
See  Free  energy 
Heat  of  solution 

Free  energy  of  transformation 
See  Free  energy 

Freezing  points 

See  Melting  points 

Friction 

See  Sliding  friction 

Frictional  wear,  Microstructural  effects 

Effect  of  Microstructure  (Particulate  Size  and  Volume  Frac¬ 
tion)  and  Counterface  Material  on  the  Sliding  Wear  Resis¬ 
tance  of  Particulate-Reinforced  Aluminum  Matrix 
Composites.  969-983A 

Fuels 

See  Nuclear  fuels 

Furnaces 

See  Blast  furnaces 

Fused  salt  electrolysis 
See  Hall  Heroult  process 

Fusion  (melting) 

See  Melting 

Fusion  welding 

See  Electron  beam  welding 

Gallium,  Ternary  systems 

Thermodynamic  Analysis  of  the  In-Ga-Sb  System.  2331-2340A 

Gallium  base  alloys,  Reactions  (chemical) 

Thermodynamic  Estimation  of  AHP  for  CaGa2  Intermetallic.  151-154B 

Galvanic  cells 

See  Electrolytic  cells 

Galvanized  steels,  Heat  treatment 

Interfacial  Layer  Development  in  Hot-Dip  Galvanneal  Coat¬ 
ings  on  Interstitial  Free  (IF)  Steel.  2101-2109A 

Galvanizing 

See  also  Hot  dip  galvanizing 

The  Effect  of  Steel  Chemistry  on  the  Formation  of  Fe-Zn  In¬ 
termetallic  Compounds  of  Galvanneal-Coated  Steel 
Sheets.  721-730B 

Galvannealing 
See  Annealing 

Gamma  ray  photoelectron  spectroscopy 
See  Photoelectron  spectroscopy 
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Grain  structure 


Gas  flow 

Critical  Fluid-Flow  Phenomenon  in  a  Gas-Stirred  Ladle. 

Gas  metal  arc  welding 

Three-Dimensional  Finite  Element  Modeling  of  Gas  Metal-Arc 
Welding. 

Gas  permeability 

See  Permeability 

Gas  tungsten  arc  welding 

The  alfS  Interface  Phase  in  Titanium  Alloys:  Artifact  or  Real 
Phase  Contribution  to  Problem  Resolution. 

Effect  of  Welding  Variables  and  Solidification  Substructure  on 
Weld  Metal  Porosity. 

Gas  turbine  engines,  Fabrication 

Microstructural  Control  in  Hot  Working  of  IN-718  Superalloy 
Using  Processing  Map. 

Gas  turbines 

See  Gas  turbine  engines 

Gases 

See  Air 

Germanium,  Ternary  systems 

Thermodynamics  of  the  Liquid  |xCu  +  yAu  +  (1 — x — y)Ge). 
(0.75  <  X  <  1,0  <  y  <  0.125)  Alloys  at  1550K  by  Knud- 
sen  Effusion  Mass  Spectrometry. 

Gibbs  free  energy 

See  Free  energy 

Glazing 

The  Influence  of  Laser  Glazing  on  Fatigue  Crack  Growth  in 
Ti— 24AI— lINb. 

GMAW 

See  Gas  metal  arc  welding 

Gold,  Coatings 

The  Effect  of  Low  Gold  Concentrations  on  the  Creep  of  Eu¬ 
tectic  Tin — Lead  Joints. 

Gold,  Extraction 

Adsorption  Kinetics  of  Dicyanoaurate  and  Dicyanoargentate 
Ions  in  Activated  Carbon. 

An  Electrochemical  Study  on  the  Dissolution  of  Gold  and 
Copper  from  Gold/Copper  Alloys. 

The  Mechanism  of  Elution  of  Gold  Cyanide  From  Activated 
Carbon. 

Gold,  Ternary  systems 

Thermodynamics  of  the  Liquid  jxCu  +  yAu  +  (1 — x — y}Ge|. 
(0.75  <x<1,0<y<  0.125)  Alloys  at  1550K  by  Knud- 
sen  Effusion  Mass  Spectrometry. 

Gold  base  alloys,  Atomic  properties 

Determination  of  the  Short-Range  Order  Structure  of  Au — 25 
at,%  Fe  Using  Wide-Angle  Diffuse  Synchrotron  X-Ray  Scat¬ 
tering. 

Gold  base  alloys,  Phase  transformations 

Application  of  the  Theory  of  Martensite  Crystallography  to 
Displacive  Phase  Transformations  in  Substitutional  Nonfer- 
rous  Alloys.  (Conference  Paper,  Review) 

Grain  boundaries 

Precipitation  Effects  During  Hot  Deformation  of  a  Copper 
Alloy. 

Efficient  Measurement  of  Microstructural  Surface  Area  Using 
Trisector. 

Ledges  and  Dislocations  in  Phase  Transformations.  (Confer¬ 
ence  Paper) 

Grain  boundaries.  Coating  effects 

The  Effect  of  Low  Gold  Concentrations  on  the  Creep  of  Eu¬ 
tectic  Tin — Lead  Joints. 

Grain  boundaries,  Deformation  effects 

Microstructure  and  Sound  Velocity  of  Ti-N-0  Synthetic  Inclu¬ 
sions  in  Ti-6AI-4V. 

Grain  boundaries,  Diffusion  effects 

Determination  of  Pore  Mobility  During  Sintering. 

Grain  boundaries,  Heating  effects 

The  Effect  of  Phosphorus  Segregation  on  the  Intermediate- 
Temperature  Embrittlement  of  Ferritic,  Spheroidal  Graphite 
Cast  Iron. 

Applicability  of  Bond  Percolation  Theory  to  Intergranular 
Stress-Corrosion  Cracking  of  Sensitized  AISI  304  Stainless 
Steel. 

The  Cause  of  Matrix  Penetration  of  WA/V  Grain  Boundaries 
During  Heat  Treatment  of  W-Ni-Fe  Heavy  Alloy. 

Grain  boundaries,  Radiation  effects 

Effects  of  Simultaneous  Boron  and  Nitrogen  Implantation  on 
Microhardness  and  Fatigue  Properties  of  Fe — 13Cr — 15Ni 
Alloys. 

Grain  boundaries,  Stress  effects 

Creep  and  Intergranular  Cracking  of  Ni — Cr — Fe — C  in 
360°C  Argon. 

Grain  boundaries.  Temperature  effects 

Morphology  of  Bainite  and  Widmanstatten  Ferrite.  (Confer¬ 
ence  Paper) 

Grain  boundaries,  Welding  effects 

The  Influence  of  Electron-Beam  Welding  Parameters  on 
Heat-Affected-Zone  Microfissuring  in  Incoloy  903. 

Grain  boundary  migration.  Stress  effects 

Effect  of  Iron  on  the  Superplastic  Deformation  of  Zn-22%AI. 

Grain  boundary  sliding.  Deformation  effects 

Superplastic  Behavior  of  Two  Ultrahigh  Boron  Steels. 


Grain  growth 

Mechanical  Processing  of  Iron  Powders  in  Reactive  and  Non- 
reactive  Gas  Atmospheres. 

Grain  growth,  Alloying  effects 

Effect  of  Oxygen  and  Zirconium  on  the  Growth  and  Super¬ 
conducting  Properties  of  NbsSn. 

The  Role  of  Oxygen  and  Zirconium  in  the  Formation  and 
Growth  of  NbaSn  Grains. 

Grain  growth,  Cooling  effects 

Three-Dimensional  Simulation  of  the  Grain  Formation  in  In¬ 
vestment  Castings. 

Prediction  of  Columnar  to  Equiaxed  Transition  During 
Diffusion-Controlled  Dendritic  Alloy  Solidification. 

Grain  growth.  Heating  effects 

Discussion  of  “Grain  Growth  of  a  Superplastic  7475  Alumi¬ 
num  Alloy". 

Grain  growth,  Radiation  effects 

Helium  3  Precipitation  in  AISI  31 6L  Stainless  Steel  Induced  by 
Radioactive  Decay  of  Tritium:  Microstructural  Study  of  He¬ 
lium  Bubble  Precipitation. 

Grain  refinement,  Composition  effects 

Room-Temperature  Strength  and  Deformation  of  TiB2- 
Reinforced  Near-7  Titanium  Aluminides. 

Grain  size 

Structure  of  As-Deposited  Iron — Zinc  Coatings  From  Chlo¬ 
ride  Bath. 

Mechanical  Processing  of  Iron  Powders  in  Reactive  and  Non¬ 
reactive  Gas  Atmospheres. 

Nanocrystalline  Iron  Sintering  Behavior  and  Microstructural 
Development. 

Textural  and  Microstructural  Gradient  Effects  on  the  Mechan¬ 
ical  Behavior  of  a  Tantalum  Plate. 

Influence  of  Near-Surface  Microstructures  on  the  Transient 
Current  Response  in  Fe — Cr — Ni  Alloys  During  Scratch 
Tests. 

Grain  size.  Alloying  effects 

Effect  of  Oxygen  and  Zirconium  on  the  Growth  and  Super¬ 
conducting  Properties  of  NbsSn. 

The  Role  of  Oxygen  and  Zirconium  in  the  Formation  and 
Growth  of  NbsSn  Grains. 

Compositional  and  Microstructural  Changes  Which  Attend 
Reheating  and  Grain  Coarsening  in  Steels  Containing  Nio¬ 
bium. 

Effects  of  Austenite  Grain  Size  and  Cooling  Rate  on 
Widmanstatten  Ferrite  Formation  in  Low-Alloy  Steels. 

Grain  size,  Coating  effects 

The  Effect  of  Low  Gold  Concentrations  on  the  Creep  of  Eu¬ 
tectic  Tin — Lead  Joints. 

Grain  size,  Cooling  effects 

Softening  and  Microstructural  Change  Following  the  Dynamic 
Recrystallization  of  Austenite. 

The  Cast  Structure  of  a  7075  Alloy  Produced  by  a  Water- 
Cooling  Centrifugal  Casting  Method. 

Effects  of  Widmanstatten  Ferrite  on  the  Mechanical  Proper¬ 
ties  of  a  0.2%  C — 0.7%  Mn  Steel. 

Modeling  Microstructure  Development  in  Gray  Cast  Irons. 

Grain  size.  Deformation  effects 

Hot  Deformation  Characteristics  of  INCONEL  Alloy  MA  754 
and  Development  of  a  Processing  Map. 

Superplastic  Behavior  of  Thermomechanically  Treated  P/M 
7091  Aluminum  Alloy. 

Grain  size,  Diffusion  effects 

Crystallographic  Theories,  Interface  Structures,  and  Trans¬ 
formation  Mechanisms.  (Conference  Paper) 

Grain  size.  Heating  effects 

Discussion  of  "Grain  Growth  of  a  Superpiastic  7475  Alumi¬ 
num  Alloy". 

Influence  of  Tempering  Temperature  on  Stability  of  Carbide 
Phases  in  2.6Cr — 0.7Mo — 0.3V  Steel  With  Various  Carbon 
Content. 

The  Effects  of  Double  Austenitization  on  the  Mechanical 
Properties  of  a  0.34C  Containing  Low-Alloy  Ni — Cr — Mo — 
V  Steel. 

Grain  size,  Stress  effects 

Cleavage  Initiation  in  the  Intercritically  Reheated  Coarse- 
Grained  Heat-Affected  Zone:  I.  Fractographic  Evidence. 

Low-Cycle  Fatigue  of  Dispersion-Strengthened  Copper. 

Effect  of  Iron  on  the  Superpiastic  Deformation  of  Zn-22%AI. 

Grain  size  stress  effects 

Forging  Limit  for  an  Aluminum  Matrix  Composite.  II.  Analysis. 
(Conference  Paper) 

Grain  structure 

See  also  Dendritic  structure 

Some  Aspects  of  Thermomechanical  Fatigue  of  AISI  304L 
Stainless  Steel.  II.  Dislocation  Arrangements. 

The  Effect  of  Steel  Chemistry  on  the  Formation  of  Fe-Zn  In- 
termetallic  Compounds  of  Galvanneal-Coated  Steel 
Sheets. 

17  to  G  Phase  Transformation  in  Electrodeposited  Iron — Zinc 
Alloy  Coatings. 

Factors  Influencing  the  Exceptional  Ductility  of  a  Superpiastic 
Pb-62%  Sn  Alloy. 

Grain  structure,  Alloying  effects 

Compositional  and  Microstructural  Changes  Which  Attend 
Reheating  and  Grain  Coarsening  in  Steels  Containing  Nio¬ 
bium. 

Grain  structure.  Cooling  effects 

Three-Dimensional  Simulation  of  the  Grain  Formation  in  In¬ 
vestment  Castings. 


763-773A 
1 063-1 079A 


563-573A 
2235-2245A 
2391 -2401 A 
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Grain  structure 


The  Cast  Structure  of  a  7075  Alloy  Produced  by  a  Water- 
Cooling  Centrifugal  Casting  Method. 

Characterization  of  Mechanically  Alloyed  Oxide  Dispersion- 
Strengthened  Nickel-Base  Superalloy  MA760. 

Intragranular  Ferrite  Nucleation  in  Medium-Carbon  Vanadium 
Steels. 

Solidification  Macrostructures  and  Macrosegregation  in  Alu¬ 
minum  Alloys  Cooled  From  Above. 

Evolution  of  Interaction  Domain  Microstructure  During  Spray 
Deposition. 


643-650A 
705-71 4A 
929-936A 
1 097-1 102A 
2341-2355A 


Grain  structure,  Deformation  effects 

Superplastic  Behavior  of  Two  Ultrahigh  Boron  Steels.  1241-1248A 

Microstructural  Control  in  Hot  Working  of  IN-718  Superalloy 
Using  Processing  Map.  2275-2284A 

Discussion  of  "The  Role  of  Microstructure  on  Strength  and 
Ductility  of  Hot-Extruded  Mechanically  Alloyed  NiAl"  and 
Author’s  Reply.  2303-2305A 

Microstructure  and  Sound  Velocity  of  Ti-N-0  Synthetic  Inclu¬ 
sions  in  Ti-6AI-4V.  2321-2329A 


Grain  structure,  Diffusion  effects 

Formation  of  Invariant  Plane-Strain  and  Tent-Shaped  Surface 
Reliefs  by  the  Diffusional  Ledge  Mechanism.  (Conference 
Paper)  1923-1931A 

Grain  structure,  Environmental  effects 

Environmental  Effect  on  Room-Temperature  Ductility  of  Iso- 
thermally  Forged  TiAI-Base  Alloys.  321-330A 

Grain  structure,  Heating  effects 

Auger  Electron  Analysis  of  the  Initial  Oxidation  of  Titanium  Al- 
uminides  Based  on  Ti — 48AI.  1041-1050A 

Development  and  Characterization  of  Interface  Coatings  in 
Molybdenum-Reinforced  NiAl  Matrix  Composites.  2111-2116A 


Hardening,  Heating  effects 

Heat  Treatment  of  Investment  Cast  PH  13-8  Molybdenum 
Stainless  Steel.  II.  Isothermal  Aging  Kinetics. 

Hardmetals 

See  Cemented  carbides 

Hardness 

See  also  Diamond  pyramid  hardness 
Microhardness 
Surface  hardness 

Hardness,  Coating  effects 

The  Influence  of  Laser  Glazing  on  Fatigue  Crack  Growth  in 
Ti— 24AI— lINb. 

Hardness,  Deformation  effects 

Modeling  of  Mechanical  Alloying.  I.  Deformation,  Coales¬ 
cence,  and  Fragmentation  Mechanisms. 

Hardness,  Heating  effects 

Heat  Treatment  of  Investment  Cast  PH  13-8  Molybdenum 
Stainless  Steel.  II.  Isothermal  Aging  Kinetics. 

Heat  Treatment  of  Investment  Cast  PH  13-8Mo  Stainless 
Steel.  I.  Mechanical  Properties  and  Microstructure. 

The  Effect  of  Aging  on  Wear  Characteristics  of  Rheocast- 
Leaded  Aluminum  Alloys. 

Isothermal  Formation  of  Quasicrystalline  Precipitates  and 
Their  Effect  on  Strength  in  a  12Cr-9Ni-4Mo  Maraging  Stain¬ 
less  Steel. 


HAZ 

See  Heat  affected  zone 


Hazelett  process 

See  Continuous  casting 


Grain  structure.  High  temperature  effects 

Effect  of  Strain  Rate  on  the  High-Temperature  Low-Cycle  Fa¬ 
tigue  Properties  of  a  Nimonic  PE-16  Superalloy. 

Grain  structure.  Radiation  effects 

Deformation  Behavior  of  Irradiated  Zr — 2.5Nb  Pressure  Tube 
Material. 

Grain  structure,  Stress  effects 

Characterization  of  Inhomogeneous  Elastic  Deformation  With 
X-Ray  Diffraction. 

Thermal-Mechanical  Fatigue  of  Ti-48AI-2V  Alloy  and  Its  Com¬ 
posite. 

Low-Cycle  Fatigue  of  Dispersion-Strengthened  Copper. 

Grain  structure,  Temperature  effects 

Temperature  and  Microstructural  Dependence  of  the  Defor¬ 
mation  of  a  High  Niobium,  Titanium — Aluminum  Alloy. 

Graphite,  Reactions  (chemical) 

Solid-State  Wetting  of  Graphite  by  Lead  and  Pb — Ni  Alloys. 

Graphitic  structure 

See  also  Nodular  graphitic  structure 

Graphitic  structure.  Heating  effects 

The  Effect  of  Phosphorus  Segregation  on  the  Intermediate- 
Temperature  Embrittlement  of  Ferritic,  Spheroidal  Graphite 
Cast  Iron, 


159-1 71 A 

135-145A 

341-347A 

2207-221 2A 
2235-2245A 

1 667-1 679A 
607-61 5A 


557-561 A 


Gravitation 

The  Effect  of  Enhanced  Gravity  Levels  on  Microstructural  De¬ 
velopment  in  Pb — 50  wt.%  Sn  Alloys  During  Controlled  Di¬ 
rectional  Solidification,  865-870A 


Gravity 

See  Gravitation 


Gray  cast  iron 

See  Gray  iron 


Gray  iron 

See  also  Nodular  iron 


Gray  iron.  Casting 

Modeling  Microstructure  Development  in  Gray  Cast  Irons. 

Green  sand  casting 

A  Note  on  the  Sensitivity  of  Solidification  Models  to  Thermo¬ 
physical  Properties. 

Grey  Iron 

See  Gray  iron 

Growth 

See  Grain  growth 

GTAW 

See  Gas  tungsten  arc  welding 

Hall  Heroult  process 

Physical  Modeling  Studies  of  Electrolyte  Flow  Due  to  Gas 
Evolution  and  Some  Aspects  of  Bubble  Behavior  in  Ad¬ 
vanced  Hall  Cells.  I.  Flow  in  Cells  With  a  Flat  Anode. 

Physical  Modeling  Studies  of  Electrolyte  Flow  Due  to  Gas 
Evolution  and  Some  Aspects  of  Bubble  Behavior  in  Ad¬ 
vanced  Hall  Cells.  II.  Flow  and  Interpolar  Resistance  in 
Cells  With  a  Grooved  Anode. 

Energy  Efficiency  Considerations  on  Monopolar  vs.  Bipolar 
Fused  Salt  Electrolysis  Cells. 

Measurements  of  the  Electrical  Conductivity  of  Wood’s  Alloy 
and  Other  Low  Melting  Point  Alloys. 

Hard  metals 

See  Cemented  carbides 


1 063-1 079A 

154-157B 


333-340B 

341-349B 

661-668B 

937-939B 


Hard  soldering 

See  Brazing 


Hardening 

See  also  Surface  hardeni 


ng 


Heat  affected  zone 

Depth  of  Melt-Pool  and  Heat-Affected  Zone  in  Laser  Surface 
Treatments. 

Cleavage  Initiation  in  the  Intercritically  Reheated  Coarse- 
Grained  Heat-Affected  Zone;  i.  Fractographic  Evidence. 
The  Influence  of  Electron-Beam  Welding  Parameters  on 
Heat-Affected-Zone  Microfissuring  in  Incoloy  903. 

Heat  capacity 

See  Specific  heat 

Heat  checking 

See  Thermal  fatigue 

Heat  conductivity 

See  Thermal  conductivity 

Heat  content 
See  Enthalpy 

Heat  flow 

See  Heat  transmission 
Heat  flux 

See  Heat  transmission 

Heat  measurement 

See  Calorimetry 

Heat  of  activation 
See  Activation  energy 

Heat  of  condensation 
See  Heat  of  vaporization 

Heat  of  decomposition 
See  Heat  of  formation 

Heat  of  dissociation 
See  Heat  of  formation 

Heat  of  dissolution 
See  Heat  of  solution 

Heat  of  formation 

Oxygen  Potentials  in  Nickel  +  NiO  and 
Nickel  +  Cr203  +  NiCr204  Systems. 

Thermodynamic  Analysts  of  the  In-Ga-Sb  System. 

Heat  of  mixing 

See  also  Heat  of  solution 

Estimation  of  the  Viscosities  of  Binary  Metallic  Melts  Using 
Gibbs  Energies  of  Mixing. 

Formation  and  Stability  of  Metastable  Structures  and  Amor¬ 
phous  Phases  in  Pu — V,  Pu — TA,  and  Pu — Yb  Systems 
With  Positive  Heats  of  Mixing. 

Thermodynamic  Analysis  of  the  In-Ga-Sb  System. 

Heat  of  reaction 

See  Heat  of  formation 

Heat  of  solution 

The  Grand  Partition  Function  of  Dilute  Biregular  Solutions. 

Heat  of  transformation 

See  Heat  of  vaporization 

Heat  of  vaporization 

Thermodynamic  Predictions  for  Material  Processing  in  a 
Plasma  Reactor  Using  Solid  Oxide  Feed  Materials. 

Heat  resistant  alloys 
See  Superalloys 

Heat  transfer 

The  Measurement  of  the  Heat-Transfer  Coefficient  Between 
High-Temperature  Liquids  and  Solid  Surfaces. 
Thermodynamic  Predictions  for  Material  Processing  in  a 
Plasma  Reactor  Using  Solid  Oxide  Feed  Materials. 
Calculation  of  Thermophysica!  Properties  of  Carbon  and  Low 
Alloyed  Steels  for  Modeling  of  Solidification  Processes. 


697-704A 


183-192A 

147-158A 

697-704A 

789-798A 

851-856A 

2225-2233A 


427-435A 
563-573A 
1733- 1745 A 


373-378B 

2331-2340A 

589-595B 

1 579-1 590A 
2331-2340A 

703-71  IB 


713-720B 


43-51 B 
713-720B 
909-91 6B 
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Hydrogen 


Heat  transmission 

Modeling  Microstructure  Development  in  Gray  Cast  Irons.  1063-1079A 

Heat  treatment 

See  also  Annealing 

Austenitizing 
Isothermal  treatment 
Quenching  (cooling) 

Solution  heat  treatment 
Tempering 

The  Cause  of  Matrix  Penetration  of  W/W  Grain  Boundaries 
During  Heat  Treatment  of  W-Ni-Fe  Heavy  Alloy.  2828-2831A 

Heating 

See  Roasting 

Heats  (energies) 

See  Heat  of  mixing 

Heavy  metal  alloys 

See  Lead  base  alloys 
Tin  base  alloys 

Heavy  metals 

See  Antimony 
Bismuth 
Lead  (metal) 

Tin 

Heliarc  welding 

See  Gas  tungsten  arc  welding 

Helium,  Dopants 

Gas  Trapping  and  Release  in  Polycrystalline  Nickel  Preim¬ 
planted  With  Helium,  949-959A 

Helium  3  Precipitation  in  AISI 31 6L  Stainless  Steel  Induced  by 
Radioactive  Decay  of  T ritium:  Microstructural  Study  of  He¬ 
lium  Bubble  Precipitation.  2117-2130A 

Helmholtz  free  energy 

See  Free  energy 

Heterogeneous  structure 

Textural  and  Microstructural  Gradient  Effects  on  the  Mechan¬ 
ical  Behavior  of  a  Tantalum  Plate.  1025-1031A 

Heterogeneous  structure,  Alloying  effects 

Effect  of  Oxygen  and  Zirconium  on  the  Growth  and  Super¬ 
conducting  Properties  of  NbsSn.  203-212A 

Heterogeneous  structure,  Cooling  effects 

Characterization  of  Mechanically  Alloyed  Oxide  Dispersion- 
Strengthened  Nickel-Base  Superalloy  MA760.  705-714A 

Heterogeneous  structure,  Deformation  effects 

Discussion  of  “The  Distribution  of  Dispersoid  Phases  in  the 
Extruded  ODS  Superalloy  MA-957  and  Reply.  651-653A 

Heterogeneous  structure,  Heating  effects 

Mechanism  of  Damping  Capacity  of  High-Chromium  Steels 
and  cv-lron  and  Its  Dependence  on  Some  External  Factors.  111-124A 

Heterogeneous  structure.  Stress  effects 

Characterization  of  Inhomogeneous  Elastic  Deformation  With 
X-Ray  Diffraction.  341-347A 

Short  Fatigue  Crack  Growth  Behavior  in  a  Ferritic-Bainitic 
Steel,  2421-2425A 

Heterogeneous  structure  stress  effects 

Forging  Limit  for  an  Aluminum  Matrix  Composite,  II.  Analysis. 

(Conference  Paper)  2039-2048A 

Hexagonal  close  packed  lattice 

See  Hexagonal  lattice 

Hexagonal  lattice 

Thermodynamics  and  Long-Range  Order  of  Interstitials  in  a 
Hexagonal  Close-Packed  Lattice.  2797-2814A 

High  alloy  steels 

See  Maraging  steels 
Stainless  steels 


Homogenizing 

Effect  of  Supereutectic  Homogenization  on  Incidence  of  Po¬ 
rosity  in  Aluminum  Alloy  201 4  Ingot.  111-1 22B 

Al2Ti  Precipitation  in  Al64Fe8Ti28  Alloy.  715-721A 

Heat  Treatment  of  Investment  Cast  PH  13-8Mo  Stainless 
Steel.  I.  Mechanical  Properties  and  Microstructure.  789-798A 

The  Effect  of  Aging  on  Wear  Characteristics  of  Rheocast- 
Leaded  Aluminum  Alloys.  851-856A 

Aging  of  Freshly  Formed  Iron-Based  Martensites  at  Low 
Temperatures.  (Review)  889-909A 

Effect  of  Heat  Treatment  on  the  Microstructure,  Tensile  Prop¬ 
erties,  and  Fracture  Behavior  of  Permanent  Mold  AI-10 
wt.%  Si-0.6  wt.%  Mg/SiC/1  Op  Composite  Castings.  2247-2263A 


Hot  brittleness 

See  Brittleness 

Hot  cracking  (welds) 

See  Weld  defects 

Hot  deformation 

See  Deformation 

Hot  dip  coating 

See  Hot  dip  galvanizing 

Hot  dip  galvanizing 

Morphology  Development  in  Hot-Dip  Galvanneal  Coatings.  937-947A 
Interfacial  Layer  Development  in  Hot-Dip  Galvanneal  Coat¬ 
ings  on  interstitial  Free  (IF)  Steel.  2101-2109A 

Hot  ductility 
See  Ductility 

Hot  extrusion 

Discussion  of  "The  Role  of  Microstructure  on  Strength  and 
Ductility  of  Hot-Extruded  Mechanically  Alloyed  NiAl"  and 
Author’s  Reply.  2303-2305A 

Hot  forging 

Microstructural  Control  in  Hot  Working  of  lN-718  Superaltoy 
Using  Processing  Map.  2275-2284A 

Microstructure  Development  During  Conventional  and  iso¬ 
thermal  Hot  Forging  of  a  Near-7  Titanium  Aluminide.  2753-2768A 

Hot  forming 

See  Hot  forging 

Hot  hardness 
See  Hardness 


Hot  isostatic  pressing 

Modeling  of  Mechanical  Alloying.  I.  Deformation,  Coales¬ 
cence.  and  Fragmentation  Mechanisms.  147-158A 

Mechanical  Processing  of  Iron  Powders  in  Reactive  and  Non¬ 
reactive  Gas  Atmospheres.  381-388A 

High-Performance  NisAI  Synthesized  From  Composite  Pow¬ 
ders.  985-992A 

Superplastic  Behavior  of  Two  Ultrahigh  Boron  Steels.  1 241  -1 248A 

Microstructure  and  Sound  Velocity  of  Ti-N-0  Synthetic  Inclu¬ 
sions  in  Ti-6AI-4V.  2321-2329A 


Hot  pressing 

See  Hot  isoslatic  pressing 

Hot  reduction 
See  Hot  working 

Hot  rolling 

See  also  Pack  rolling 

Effects  of  Austenite  Grain  Size  and  Cooling  Rate  on 
Widmanstatten  Ferrite  Formation  in  Low-Alloy  Steels.  665-675A 

A  Simple  Model  for  Conventional  Hot  Rolling  of  Sheet  Materi¬ 
als.  1681-1692A 

High-Temperature  Deformation  of  B2  NiAI-Base  Alloys.  (Con¬ 
ference  Paper)  2017-2026A 

Hot  roughing 

See  Hot  rolling 

Hot  shortness 

See  Brittleness 


High  carbon  steels,  Mechanical  properties 

The  Workability  of  Commercial  and  Experimental  0.6%  Car¬ 
bon  Low  Alloy  Steels  in  the  Temperature  Range  of  650- 
870°C.  827-837A 

High  carbon  steels,  Rolling 

Alligatoring  and  Damage  in  the  Cold  Rolling  of  Spheroidized 
Steels.  589-598A 

High  energy  electron  diffraction 

See  Electron  diffraction 

High  energy  milling 

See  Mechanical  alloying 

High  strength  steels,  Corrosion 

Tritium  Distribution  at  the  Crack  Tip  of  High-Strength  Steels 
Submitted  to  Stress  Corrosion  Cracking.  1159-1167A 

High  strength  steels,  Mechanical  properties 

The  Study  of  Adiabatic  Shear  Band  instability  in  a  Pearlitic 
4340  Steel  Using  a  Dynamic  Punch  Test.  2483-2489A 

High  temperature 

Effect  of  Internal  Heating  During  Hot  Compression  on  the 
Stress-Strain  Behavior  of  Alloy  304L.  2737-2752A 


See  Hot  isostatic  pressing 

Homogeneous  structure 

Thermodynamics  of  Isolated  Pores  Filling  With  Liquid  in  Sin¬ 
tered  Composite  Materials.  733-740A 

Efficient  Measurement  of  Microstructural  Surface  Area  Using 
Trisector.  919-928A 


Hot  strength 

See  Tensile  strength 

Hot  tensile  strength 

See  Tensile  strength 

Hot  torsion  tests 

See  Torsion  tests 

Hot  working 

See  also  Hot  extrusion 
Hot  rolling 

Microstructural  Control  in  Hot  Working  of  IN-718  Superalloy 
Using  Processing  Map.  2275-2284A 

Hydrides,  Environment 

Hydride  Embrittlement  in  Zircaloy-4  Plate.  I.  Influence  of  Mi¬ 
crostructure  on  the  Hydride  Embrittlement  in  Zircaioy-4  at 
20and350°C.  1185-1197A 

Hydrochloric  acid  leaching 

Slurry  Filtration  and  Cake  Washing  After  the  HCI-Leach  of 
Magnesite  and  Serpentine — Continuous  Washing  Model.  321 -331 B 

Hydrochlorination 

Processing  of  Spent  Hydrorefining  Catalysts  by  Selective 
Chlorination.  481 -490B 

Hydrogen 

See  also  Deuterium 
Tritium 

Hydrogen,  Alloying  elements 

High-Temperature  Oxidation  of  Cathodically  Hydrogen- 
Charged  Two-Phase  (TisAI,  TiAl)  Titanium  Aluminides.  2491-2496A 
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Hydrogen 


Hydrogen,  Dopants 

The  Effects  of  Hydrogen  on  the  Mechanical  Behavior  of  Aus¬ 
tenitic  Stainless  Steels  at  Room  Temperature.  1015-1023A 

Hydrogen,  Environment 

Embrittlement  of  B2  Iron  Aluminide  by  Water  Vapor  and  by 
Hydrogen.  1285-1290A 

Hydrogen,  Sorption 

Barrier-Layer  Formation  and  Its  Control  During  Hydrogen 
Permeation  Through  Ti — 24Ai — 1 1  Nb  Alloy.  89-97A 

Hydrogen  compounds 

See  Hydrides 


Hydrogen  embrittlement,  Diffusion  effects 

Tritium  Distribution  at  the  Crack  Tip  of  High-Strength  Steels 
Submitted  to  Stress  Corrosion  Cracking.  1159-1167A 

Hydrogen  embrittlement,  Environmental  effects 

Hydride  Embrittlement  in  Zircaioy-4  Plate.  I.  Influence  of  Mi¬ 
crostructure  on  the  Hydride  Embrittlement  in  Zircaloy-4  at 
20  and  350®C. 

Embrittlement  of  B2  Iron  Aluminide  by  Water  Vapor  and  by 
Hydrogen. 

Hydrogen  embrittlement,  Heating  effects 

Hydrogen  Permeation  Behavior  in  IN718  and  GH761  Superai- 
loys.  539-544 A 


1185-1197A 
1 285-1 290A 


Hydrogenation 

Investigation  of  the  Kinetics  of  Reduction  of  Nickel  Tungstate 
by  Hydrogen.  391-396B 

Hydrogenation,  Environmental  effects 

Modeling  Hydrogen  Entry  and  Exit  in  Metals  Exposed  to  Mul¬ 
tiple  Charging  Processes.  723-732A 

Hydrogenation,  Heating  effects 

Hydrogen  Permeation  Behavior  in  IN718  and  GH761  Superal¬ 
loys.  539-544 A 


Hydrolysis 

Preparation  and  Properties  of  Fine  Hematite  Powders  by  Hy¬ 
drolysis  of  Iron  Carboxylate  Solutions.  165-1708 

Hydrolytic  resistance 
See  Corrosion  resistance 


Hydrometallurgy 

Thermal  Treatment  of  Complex  Sulfide  Ores  in  Ng  and  At¬ 
mospheres:  a  New  Approach  for  the  Extraction  of  Their 
Valuable  Elements.  (Review) 

Slurry  Filtration  and  Cake  Washing  After  the  HCI-Leach  of 
Magnesite  and  Serpentine — Continuous  Washing  Model. 

The  Ferric  Fiuosilicate  Leaching  of  Lead  Concentrates.  I.  Ki¬ 
netic  Studies. 

An  Electrochemical  Study  on  the  Dissolution  of  Gold  and 
Copper  from  Gold/Copper  Alloys. 

The  Mechanism  of  Elution  of  Gold  Cyanide  From  Activated 
Carbon. 


1 93-2058 
321-3318 
473-4808 
817-8278 
829-8388 


Hydrostatic  pressure 

The  Effect  of  Triaxial  Stress  on  Ductility  and  Fracture  Mor¬ 
phology  of  Ferritic  Spheroidal  Graphite  Cast  Iron.  821-825A 

The  Effects  of  Hydrostatic  Pressure  on  the  Compressive  Me¬ 
chanical  Behavior  of  LI2  Als  Ti-Based  Intermetallic.  1703-1711A 

I  R  drop 

See  Electric  potential 


Immersion  testing  (ultrasonic) 

See  Ultrasonic  testing 

Impact  strength,  Heating  effects 

The  Effects  of  Double  Austenitization  on  the  Mechanical 
Properties  of  a  0.34C  Containing  Low-Alloy  Ni — Cr — Mo — 

V  Steel.  545-555A 

Impact  strength.  Stress  effects 

Cleavage  Initiation  in  the  Intercritically  Reheated  Coarse- 
Grained  Heat-Affected  Zone:  I.  Fractographic  Evidence.  563-573A 

Impact  tests 

The  Study  of  Adiabatic  Shear  Band  Instability  in  a  Pearlitic 
4340  Steel  Using  a  Dynamic  Punch  Test.  2483-2489A 

impact  toughness 

See  Impact  strength 


Impermeability 

See  Permeability 


Impurities 

See  also  Interstitial  impurities 


Impurities,  Diffusion 

Anomalous  Diffusion  of  Aluminum  in  /3-Titanium. 


873-876A 


In  situ  leaching,  pH  effects 

Simulation  of  In  Situ  Uraninite  Leaching.  I.  A  Partial  Equilib¬ 
rium  Model  of  the  NH4HCO3 — (NH4)2C03 — H2O2  Leaching 
System.  171-183B 

Incineration 

See  Combustion 


Inclusions,  Deformation  effects 

Microstructure  and  Sound  Velocity  of  Ti-N-0  Synthetic  Inclu¬ 
sions  in  Ti-6AI-4V.  2321-2329A 

Indium,  Ternary  systems 

Thermodynamic  Analysis  of  the  In-Ga-Sb  System.  2331-2340A 

Inelasticity 

See  Elasticity 

Inert  gas  welding 

See  Gas  tungsten  arc  welding 


Ingot  casting 

See  also  Direct  chill  casting 

Natural  Convection  in  an  Aluminum  Ingot:  a  Mathematical 
Model. 

The  Cast  Structure  of  a  7075  Alloy  Produced  by  a  Water- 
Cooling  Centrifugal  Casting  Method. 

Modeling  of  the  Formation  of  Under-Riser  Macrosegregation 
During  Solidification  of  Binary  Alloys. 

Ingots,  Microstructure 

The  Cast  Structure  of  a  7075  Alloy  Produced  by  a  Water- 
Cooling  Centrifugal  Casting  Method. 

Solidification  Macrostructures  and  Macrosegregation  in  Alu¬ 
minum  Alloys  Cooled  From  Above. 

initiation 

See  Crack  initiation 

Injection  casting 

See  Die  casting 

Injection  molding 

Thermofluid  Analysis  and  Design  of  a  Low-Temperature  Pre¬ 
forming  Process. 

Inorganic  compounds 

See  Ceramics 

Intensity 

See  Stress  intensity 

interface  reactions 

Kinetics  in  Muliticomponent  Metallic  )!onic  Systems. 

Experimental  Study  of  the  Influence  of  Interfacial  Energies 
and  Reactivity  on  Wetting  in  Metal/Oxide  Systems. 

Spreading  and  Interlayer  Formation  at  the  Copper-Copper 
Oxide/Polycrystalline  Alumina  Interface. 

Interface  reactions.  Alloying  effects 

The  Role  of  Oxygen  and  Zirconium  in  the  Formation  and 
Growth  of  NbaSn  Grains. 

Solid-State  Wetting  of  Graphite  by  Lead  and  Pb — Ni  Alloys. 

Interface  reactions.  Diffusion  effects 

Decomposition  of  Iron — Nickel  Martensite:  Implications  for 
the  Low-Temperature  {<  500®C)  Fe — NI  Phase  Diagram. 

Interface  reactions,  Heating  effects 

Interfacial  Layer  Development  in  Hot-Dip  Galvanneal  Coat¬ 
ings  on  Interstitial  Free  (IF)  Steel. 

Development  and  Characterization  of  Interface  Coatings  in 
Molybdenum-Reinforced  NiAl  Matrix  Composites. 

Interface  reactions.  Low  temperature  effects 

Numerical  Modeling  of  7  Precipitate  Growth  During  Fe — Ni 
Martensite  Decomposition  at  Low  Temperatures  (<  400®C). 

Interface  reactions,  Temperature  effects 

Kinetics  of  Interlayer  Formation  on  Polycrystalline  a-AlgOa/ 
Copper-Titanium  Alloy  Interface. 

Interfaces 

Diffuslonal  Boundary  Conditions  During  Coarsening  of  Elasti¬ 
cally  Interacting  Precipitates. 

Numerical  Analysis  of  the  Rapid  Solidification  of  Gas- 
Atomized  AI-8  vvt.%  Iron  Droplets. 

Interfacial  energy 

See  Surface  energy 

Interfacial  surface  tension 

See  Surface  tension 

Intergranular  corrosion,  Heating  effects 

Applicability  of  Bond  Percolation  Theory  to  Intergranular 
Stress-Corrosion  Cracking  of  Sensitized  AISI 304  Stainless 
Steel- 

Intergranular  corrosion,  Stress  effects 

Creep  and  Intergranular  Cracking  of  Ni — Cr — Fe — C  in 
SSO^C  Argon. 

Intergranular  fracture,  Heating  effects 

The  Role  of  Magnesium-Containing  Spheroidizer  and  Coun¬ 
teraction  of  Mtsch  Metal  in  the  Intermediate  Temperature 
Intergranular  Embrittlement  of  Ferritic  Nodular  Iron. 

Fracture  Toughness  of  Quaternary  Al-Li-Cu-Mg  Alloy  Under 
Mode  I.  Mode  II,  and  Mode  III  Loading  Conditions. 

Intergranular  fracture,  Stress  effects 

Thermal-Mechanical  Fatigue  of.Ti-48AI-2V  Alloy  and  Its  Com¬ 
posite. 

Intergranular  precipitation,  Diffusion  effects 

Decomposition  of  Iron — Nickel  Martensite:  Implications  for 
the  Low-Temperature  (<  500®C)  Fe — NI  Phase  Diagram. 

Interlayers 

The  Effect  of  Substrate  on  the  Microstructure  and  Creep  of 
Eutectic  Indium-Tin. 

Intermetallic  compounds 

See  Intermetaltics 

Intermetallic  phases 

The  Diffuse-Scattering  Method  for  Investigating  Locally  Or¬ 
dered  Binary  Solid  Solutions. 

Crystallographic  Characteristics  of  the  A1 — Co  Decagonal 
Quasicrystal  and  Its  Monociinic  Approximant  r^-Ali3Co4. 

Triclinic  Ni2Al  Phase  in  63.1  at.%  NiAl. 

Precipitation  Effects  During  Hot  Deformation  of  a  Copper 
Alloy. 

Effect  of  Cobalt  Addition  on  the  Liquid-Phase  Sintering  of 
Tungsten — Copper  Prepared  by  the  Fluidized  Bed  Reduc¬ 
tion  Method. 

Microstructural  Analysis  of  Fracture  Toughness  Variation  in 
2XXX-Series  Aluminum  Alloy  Composites  Reinforced  With 
SiC  Whiskers. 


293-3028 

643-650A 

1051-1062A 

643-650A 
1 097-1 102A 


761-7718 


579-5878 

599-605A 

2497-2506A 

213-219A 
607-61 5A 

1 627-1 637A 

2101-2109A 

2111-2116A 

1 639-1 648A 

2083-2090A 

2695-2703A 

2815-2826A 


775-787A 

1169-1183A 

2305-2309A 

2439-2452A 

2207-221 2A 

1627-1 637A 

2715-2722A 


17-35A 

47-56A 
57-61 A 

257-266A 

1 575-1 578A 

2213-2223A 
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Iron  constituents 


Intermetallic  phases,  Alloying  effects 

A  Process  for  Debismuthizing  Lead  With  Magnesium.  379-384B 

Intermetallic  phases,  Composition  effects 

Supersaturation  of  the  AI2Y  Laves  Phase  by  Rapid  Solidifica¬ 
tion  230-233A 

High-Temperature  Oxidation  of  Cathodically  Hydrogen- 
Charged  Two-Phase  (TisAI,  TiAl)  Titanium  Aluminides.  2491-2496A 

Intermetallic  phases,  Cooling  effects 

Crystallization  Studies  of  the  /?’  (Mg2Pb)  Phase  and  Its  Phase 
Boundaries  in  the  Pb — Mg — Bi  System.  255-263B 

Cubic  AINi  Compound  Dispersed  Magnesium-Based  Amor¬ 
phous  Matrix  Composites  Prepared  by  Rapid  Solidification.  1323-1325A 
Crystallization  Behavior  of  Iron-Containing  Intermetallic 
Compounds  in  319  Aluminum  Alloy.  1761-1773A 

Intermetallic  phases.  Deformation  effects 

Relationships  of  Slip  Morphology,  Microcracking,  and  Frac¬ 
ture  Resistance  in  a  Lamellar  TiAI-Alloy.  1217-1228A 

Intermetallic  phases,  Diffusion  effects 

Interdiffusion  Between  Uranium — Zirconium  Fuel  vs.  Se¬ 
lected  Cladding  Steels.  1649-1653A 

Application  of  the  Theory  of  Martensite  Crystallography  to 
Displacive  Phase  Transformations  in  Substitutional  Nonfer- 
rous  Alloys.  (Conference  Paper.  Review)  1841-1856A 

Formation  of  Invariant  Plane-Strain  and  Tent-Shaped  Surface 
Reliefs  by  the  Diffusional  Ledge  Mechanism.  (Conference 
Paper)  1923-1931A 

Intermetallic  phases,  Environmental  effects 

Embrittlement  of  B2  iron  Aluminide  by  Water  Vapor  and  by 
Hydrogen.  1285-1290A 

Intermetallic  phases.  Heating  effects 

Influence  of  Tempering  Temperature  on  Stability  of  Carbide 
Phases  in  2.6Cr — 0.7Mo — 0.3V  Steel  With  Various  Carbon 
Content.  267-275A 

Heat  Treatment  of  investment  Cast  PH  13-8  Molybdenum 
Stainless  Steel.  II.  isothermal  Aging  Kinetics.  697-704A 

Al2Ti  Precipitation  in  Al64Fe8Ti28  Alloy.  715-721A 

Heat  Treatment  of  Investment  Cast  PH  l3-8Mo  Stainless 
Steel.  I.  Mechanical  Properties  and  Microstructure.  789-798A 

Auger  Electron  Analysis  of  the  Initial  Oxidation  of  Titanium  Al¬ 
uminides  Based  on  Ti — 48AI,  1041-1050A 

A  Structural  Study  of  Oxidation  in  a  Zirconia-Toughened  Alu¬ 
mina  Fiber-Reinforced  NiAl  Composite.  1291-1299A 

The  Effect  of  Thermal  Exposure  on  Microstructural  Stability 
and  Creep  Resistance  of  a  Two-Phase  TiAI/TiaAl  Lamellar 
Alloy.  2371-2381A 

Intermetallic  phases,  Stress  effects 

A  History  of  the  Controversy  Over  the  Roles  of  Shear  and  Dif¬ 
fusion  in  Plate  Formation  Above  M<j  and  a  Comparison  of 
the  Atomic  Mechanisms  of  These  Processes.  (Conference 
Paper,  Review)  1797-1819A 

Intermetallic  phases,  Temperature  effects 

Phase  Relations  in  the  Mo— Si — C  System  Relevant  to  the 
Processing  of  MoSi2 — SiC  Composites.  5-1 5A 

Standard  Enthalpies  of  Formation  of  Some  Praseodymium 
Alloys  of  High-Temperature  Direct  Synthesis  Calorimetry.  73-77B 

Thermodynamic  Estimation  of  AHp  for  CaGa2  Intermetallic.  151-154B 

Mg — Pb  Phase  Diagram  and  Phase  Transformations  in  the 
Intermetallic  Compounds  Mg2Pb  and  /3’.  265-275B 

Comparison  of  Orthorhombic  and  Alpha-Two  Titanium  Alumi¬ 
nides  as  Matrices  for  Continuous  SiC-Reinforced  Compos¬ 
ites.  1267-1283A 

Improved  Thermochemical  Calculations  for  Maraging  Steels 
and  Comparison  With  Atom  Probe  Measurement  of  Phase 
Composition.  2538-2539A 

Intermetallic  phases.  Welding  effects 

Characterization  of  a  Diffusion-Bonded  Al — Mg  Alloy/SiC  In¬ 
terface  by  High  Resolution  and  Analytical  Electron  Micros¬ 
copy.  617-627A 

intermetallics.  Coatings 

The  Effect  of  Steel  Chemistry  on  the  Formation  of  Fe-Zn  In¬ 
termetallic  Compounds  of  Galvanneal-Coated  Steel 
Sheets.  721-730B 

Intermetallics,  Composite  materials 

Phase  Relations  in  the  Mo — Si — C  System  Relevant  to  the 
Processing  of  MoSi2 — SiC  Composites.  5-15A 

Fiber  Strength  and  Fiber/Matrix  Bond  Strength  in  Single 
Crystal  AI2O3  Fiber  Reinforced  NisAI  Based  Composites.  1259-1265A 
A  Structural  Study  of  Oxidation  in  a  Zirconia-Toughened  Alu¬ 
mina  Fiber-Reinforced  NiAl  Composite.  1291-1299A 

Development  and  Characterization  of  interface  Coatings  In 
Molybdenum-Reinforced  NiAl  Matrix  Composites.  2111-2116A 

Melt-Processed  NisAI  Matrix  Composites  Reinforced  With 
TiC  Particles.  2525-2534A 

Intermetallics,  Extrusion 

Discussion  of  "The  Role  of  Microstructure  on  Strength  and 
Ductility  of  Hot-Extruded  Mechanically  Alloyed  NiAl"  and 
Author's  Reply.  2303-2305A 

Intermetallics,  Forging 

Microstructure  Development  During  Conventional  and  Iso¬ 
thermal  Hot  Forging  of  a  Near-7  Titanium  Aluminide.  2753-2768A 

Intermetallics,  Mechanical  properties 

Tensile  Ductility  of  Extrinsically  Toughened  Intermetallics.  299-308A 

Low-Cycle  Fatigue  Behavior  of  Polycrystalline  NiAl  at  1000K.  309-319A 

Environmental  Effect  on  Room-Temperature  Ductility  of  Iso- 
thermally  Forged  TiAl-Base  Alloys.  321-330A 

Elastic  Constants  of  Some  Transition-Metal-Disilicide  Single 
Crystals.  331-340A 

Ordering  and  Mechanical  Strength  in  LI2  Cubic  Titanium  Tri- 
aluminides.  449-451 A 


The  Effects  of  Hydrostatic  Pressure  on  the  Compressive  Me¬ 
chanical  Behavior  of  LI  2  AI3  Ti-Based  Intermetallic. 

Modeling  Creep  Deformation  of  a  Two-Phase  TiAI/TiaAl  Alloy 
With  a  Lamellar  Microstructure. 

Low  Cycle  Fatigue  Behavior  of  Polycrystalline  NisAI  Alloys  at 
Ambient  and  Elevated  Temperatures. 

Creep  Characteristics  of  Single  Crystalline  Ni3AI(Ta,B). 

Microstructures  and  Mechanial  Behavior  of  NiAI-Mo  and 
NiAI-Mo-Tt  Two-Phase  Alloys. 

Intermetallics,  Microstructure 

Discussion  of  "Crystallographic  Characterization  of  the  Al-Co 
Decagonal  Quasicrystal  and  Its  Monoclinic  Approximant  t^- 
AI13C04". 

Intermetallics,  Powder  technology 

Determination  of  Residual  Nickel  in  Mechanically  Alloyed 
NiAl. 

High-Performance  NisAI  Synthesized  From  Composite  Pow¬ 
ders. 

Evolution  of  Interaction  Domain  Microstructure  During  Spray 
Deposition. 

intermetallics.  Rolling 

High-Temperature  Deformation  of  B2  NiAI-Base  Alloys.  (Con¬ 
ference  Paper) 

Intermetallics,  Superconductivity 

Effect  of  Oxygen  and  Zirconium  on  the  Growth  and  Super¬ 
conducting  Properties  of  NbsSn. 

The  Role  of  Oxygen  and  Zirconium  in  the  Formation  and 
Growth  of  NbsSn  Grains. 

Internal  combustion  engines 

See  Gas  turbine  engines 

Internal  stress 

See  Residual  stress 

Interstitial  impurities 

Thermodynamics  and  Long-Range  Order  of  Interstitials  in  a 
Hexagonal  Close-Packed  Lattice. 

Investment  casting 

Three-Dimensional  Simulation  of  the  Grain  Formation  in  In¬ 
vestment  Castings. 

Investment  casting,  Microstructure 

Three-Dimensional  Simulation  of  the  Grain  Formation  in  In¬ 
vestment  Castings. 

Investment  castings,  Heat  treatment 

Heat  Treatment  of  investment  Cast  PH  13-8  Molybdenum 
Stainless  Steel.  II.  Isothermal  Aging  Kinetics. 

Heat  Treatment  of  Investment  Cast  PH  13-8Mo  Stainless 
Steel.  I.  Mechanical  Properties  and  Microstructure. 

Investment  castings,  Mechanical  properties 

Room-Temperature  Strength  and  Deformation  of  TiB2- 
Reinforced  Near-7  Titanium  Aluminides. 

Investment  molding 

See  Investment  casting 

Ion  implantation 

Effects  of  Simultaneous  Boron  and  Nitrogen  Implantation  on 
Microhardness  and  Fatigue  Properties  of  Fe — 13Cr — 15Ni 
Alloys. 

Gas  Trapping  and  Release  in  Polycrystalline  Nickel  Preim¬ 
planted  With  Helium. 

IR  drop 

See  Electric  potential 

Iron,  Alloying  elements 

Effect  of  Alloying  Elements  on  the  Solidification  Characteris¬ 
tics  and  Microstructure  of  Al — Si — Cu — Mg — Fe  380  Alloy. 

Effect  of  Iron  on  the  Superplastic  Deformation  of  Zn-22%AI. 

Iron,  Extraction 

Thermal  Treatment  of  Complex  Sulfide  Ores  in  N2  and  H2  At¬ 
mospheres:  a  New  Approach  for  the  Extraction  of  Their 
Valuable  Elements.  (Review) 

Surface  Segregation  of  Calcium  Oxide  in  Wustite  and  Its  Ef¬ 
fects  on  the  Reduction. 

Iron,  Powder  technology 

Nanocrystalline  Iron  Sintering  Behavior  and  Microstructural 
Development. 

Iron,  Reduction  (chemical) 

Kinetics  of  the  Reaction  of  H2O  Gas  With  Liquid  Iron. 

Iron,  Steel  making 

Sulfur  Determination  in  Carbon-Saturated  Iron  by  Solid-State 
Electrochemical  Sensor. 

Iron,  Ternary  systems 

High-Temperature  Phase  Relations  and  Thermodynamics  in 
the  Iron — Lead — Sulfur  System. 

Thermodynamics  of  the  Iron  )Carbon  )Zinc  System. 

Numerical  Modeling  of  Solidification  and  Subsequent  Trans¬ 
formation  of  Fe — Cr — Ni  Alloys. 

Iron  and  steel  making 

See  Ironmaking 
Steel  making 

Iron  base  alloys 

See  Ferrous  alloys 

Iron  compounds,  Coatings 

The  Effect  of  Steel  Chemistry  on  the  Formation  of  Fe-Zn  In¬ 
termetallic  Compounds  of  Galvanneal-Coated  Steel 
Sheets. 

Iron  constituents 

See  Alpha  iron 
Delta  iron 
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Iron  ores 


Iron  ores,  Reduction  (chemical) 

Study  of  Nonisothermal  Reduction  of  Iron  Ore — Coal/Char 
Composite  Pellet. 

Iron  oxides 

See  Wustite 

iron  powder 

See  Iron 

Ironmaking 

Study  of  Nonisothermal  Reduction  of  Iron  Ore — Coal/Char 
Composite  Pellet. 

Vanadium  Distribution  in  Melts  Intermediate  to  Ferroalloy 
Production  From  Vanadiferous  Slag. 

An  Alternative  Gibbs — Duhem  Method  for  the  Calculation  of 
Activities  From  the  Redox  Data  for  Iron  Oxide  in  Ternary 
Oxide  Systems. 

Improvement  in  the  Reducibility  of  Wustite  Assisted  by  the  In¬ 
tensified  Surface  Segregation  of  Calcium  Ions  by  the  Dou¬ 
ble  Addition  of  CaO  and  Si02. 

Measurements  of  High-Temperature  Viscosities  of  Liquid 
Boron  Trioxide. 

A  Thermodynamic  Study  of  the  Molybdenum-Oxygen  Sys¬ 
tem. 

Irradiation  damage 

See  Radiation  damage 

Isostatic  pressing 

See  Hot  isostatic  pressing 

Isothermal  treatment 

Heat  Treatment  of  Investment  Cast  PH  13-8  Molybdenum 
Stainless  Steel.  II.  Isothermal  Aging  Kinetics. 

Applicability  of  Bond  Percolation  Theory  to  Intergranular 
Stress-Corrosion  Cracking  of  Sensitized  AISI  304  Stainless 
Steel. 

Izod  impact  tests 

See  Impact  tests 

Jet  engines 

See  Gas  turbine  engines 

Joining 

See  also  Brazing 

Kinetic  Study  of  Low-Temperature  Transient  Liquid  Phase 
Joining  of  an  Aluminum-SiC  Composite. 

Joints 

See  Soldered  joints 
Welded  joints 

Junghans  Rossi  casting 

See  Continuous  casting 

Killed  steels 

See  Aluminum  killed  steels 

Kinetics 

See  also  Reaction  kinetics 

Multiphase  Precipitation  of  Carbides  in  Fe-C  Systems,  i. 
Model  Based  Upon' Simple  Kinetic  Reactions. 

Multiphase  Precipitation  of  Carbides  in  Fe-C  System.  II. 
Model  Based  on  Kinetics  of  Complex  Reactions. 

Growth  Kinetics  and  High-Temperature  TEM  In  Situ  Observa¬ 
tion  of  Bainite  in  a  Cu-Zn  Alloy.  (Conference  Paper) 

Koid  casting 

See  Investment  casting 

Ladle  metallurgy 

A  Comparison  of  Three  Mathematical  Modeling  Procedures 
for  Simulating  Fluid  Flow  Phenomena  in  Bubble-Stirred  La¬ 
dles. 

Critical  Fluid-Flow  Phenomenon  in  a  Gas-Stirred  Ladle- 

Lamellar  structure,  Alloying  effects 

Elevated-Temperature  Stability  of  Mechanically  Alloyed 
Copper-Niobium  Powders. 

Lamellar  structure,  Deformation  effects 

Relationships  of  Slip  Morphology,  Microcracking,  and  Frac¬ 
ture  Resistance  in  a  Lamellar  TiAI-Alloy. 

Lamellar  structure.  Heating  effects 

The  Effect  of  Thermal  Exposure  on  Microstructural  Stability 
and  Creep  Resistance  of  a  Two-Phase  TiAI/TisAI  Lamellar 
Alloy. 

Lamellar  structure,  High  temperature  effects 

The  Workability  of  Commercial  and  Experimental  0.6%  Car¬ 
bon  Low  Alloy  Steels  in  the  Temperature  Range  of  650- 
870°C. 

Lamellar  structure.  Stress  effects 

Thermal-Mechanical  Fatigue  of  Ti-48AI-2V  Alloy  and  Its  Com¬ 
posite. 

Lamellar  structure,  Temperature  effects 

Temperature  and  Microstructural  Dependence  of  the  Defor¬ 
mation  of  a  High  Niobium,  Titanium — Aluminum  Alloy. 

Modeling  Creep  Deformation  of  a  Two-Phase  TiAI/TisAI  Alloy 
With  a  Lamellar  Microstructure. 

Laminates 

See  Bimetals 

Laser  beam  hardening 

Depth  of  Melt-Pool  and  Heat-Affected  Zone  in  Laser  Surface 
Treatments. 

Laser  beam  melting 

A  Simple  but  Realistic  Model  for  Laser  Cladding. 

Depth  of  Melt-Pool  and  Heat-Affected  Zone  in  Laser  Surface 
Treatments. 


308-31 2B 
681-693B 


Laser  processing 

See  also  Laser  beam  hardening 
Laser  beam  melting 

Transmission  Electron  Microscopy  Study  of  Martensites  in 
Laser-Clad  Ni — Al  Bronze  on  Aluminium  Alloy  AA333. 

The  Influence  of  Laser  Glazing  on  Fatigue  Crack  Grovirth  in 
Ti— 24A1— lINb. 

Processing,  Microstructure,  and  Properties  of  Laser-Clad 
Nickel  Alloy  FP-5  on  Al  Alloy  AA333. 

Laser  Cladding  of  Nickel-Aluminum  Bronze  on  Al  Alloy 
AA333. 

Lattice  constant 

See  Lattice  parameters 

Lattice  defects 

See  Crystal  defects 

Lattice  displacements 

See  Displacements  (lattice) 

Lattice  parameters 

Surface  Segregation  of  Calcium  Oxide  in  Wustite  and  Its  Ef¬ 
fects  on  the  Reduction. 

The  Shapes  of  the  Phase  Boundaries  of  Two  Ideal  Solution 
Phases  in  Ternary  and  Higher  Order  Systems. 

Improvement  in  the  Reducibility  of  Wustite  Assisted  by  the  In¬ 
tensified  Surface  Segregation  of  Calcium  ions  by  the  Dou¬ 
ble  Addition  of  CaO  and  Si02. 

Textural  and  Microstructural  Gradient  Effects  on  the  Mechan¬ 
ical  Behavior  of  a  Tantalum  Plate. 

The  Phenomenological  Theory  of  Martensite  Crystallogra¬ 
phy:  Interrelationships.  (Conference  Paper) 

Ledges  and  Dislocations  in  Phase  Transformations.  (Confer¬ 
ence  Paper) 

The  Role  of  Structural  Ledges  as  Misfit-Compensating  De¬ 
fects:  FCC-BCC  Interphase  Boundaries.  (Conference 
Paper) 

The  Elastic  Strain  Energy  of  Growth  Ledges  on  Coherent  and 
Partially  Coherent  Precipitates. 

Mechanism  of  the  Early  Stages  of  «i  Plate  Formation  in  a  Cu- 
39%  Zinc  Alloy.  (Conference  Paper) 

Lattice  parameters,  Alloying  effects 

Transmission  Electron  Microscopy  Crystal  Structure  Study  of 
the  Chromium-Rich  Phase  in  a  Laser-Clad  Nickel  Alloy. 

Lattice  parameters,  Composition  effects 

Supersaturation  of  the  AI2Y  Laves  Phase  by  Rapid  Solidifica¬ 
tion. 

Lattice  parameters,  Cooling  effects 

Chemical  Composition  and  Structural  Identification  of  Eutec¬ 
tic  Carbide  in  1%  Manganese  Ductile  Iron. 

Lattice  parameters,  Diffusion  effects 

Determination  of  Pore  Mobility  During  Sintering. 

Crystallographic  Theories,  Interface  Structures,  and  Trans¬ 
formation  Mechanisms.  (Conference  Paper) 

The  Invariant  Line  and  Precipitate  Morphology  in  FCC-BCC 
Systems.  (Conference  Paper) 

On  the  Role  of  Interphase-Boundary  Structure  in  Plate 
Growth  by  Diffusional  Mechanisms.  (Conference  Paper) 

Lattice  parameters,  Heating  effects 

Formation  and  Stability  of  Metastable  Structures  and  Amor¬ 
phous  Phases  in  Pu — V,  Pu — TA,  and  Pu— Yb  Systems 
With  Positive  Heats  of  Mixing. 

Dynamic  Fracture  Behavior  of  Ti — 6AI — 4V  Alloy  With  Vari¬ 
ous  Stabilities  of  Phase. 

Lattice  parameters,  Radiation  effects 

Gas  Trapping  and  Release  in  Polycrystatline  Nickel  Preim¬ 
planted  With  Helium. 

Lattice  parameters,  Welding  effects 

The  Interface  Phase  in  Titanium  Alloys:  Artifact  or  Real 
Phase  Contribution  to  Problem  Resolution. 

Lattice  vacancies 

Role  of  AI2O3  Particulate  Reinforcements  on  Precipitation  in 
2014  Aluminum-Matrix  Composites. 

Lattice  vacancies,  Radiation  effects 

Helium  3  Precipitation  in  AISI  31 6L  Stainless  Steel  Induced  by 
Radioactive  Decay  of  Tritium;  Growth  Mechanism  of  He¬ 
lium  Bubbles. 

Lattices 

See  Crystal  lattices 

Laundering 

See  Washing 

Laves  phase.  Composition  effects 

Supersaturation  of  the  AI2Y  Laves  Phase  by  Rapid  Solidifica¬ 
tion. 

Laves  phase.  Temperature  effects 

Improved  Thermochemical  Calculations  for  Maraging  Steels 
and  Comparison  With  Atom  Probe  Measurement  of  Phase 
Composition. 

Layers 

See  Interlayers 

Leaching 

See  also  Bacterial  leaching 
In  situ  leaching 

The  Ferric  Fluosilicate  Leaching  of  Lead  Concentrates.  I.  Ki¬ 
netic  Studies. 

Lead  (metal),  Alloying  elements 

A  Process  for  Debismuthizing  Lead  With  Magnesium. 
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Low  alloy  steels 


Lead  (metal),  Binary  systems 

Mg — Pb  Phase  Diagram  and  Phase  Transformations  in  the 
Intermetallic  Compounds  Mg2Pb  and  0'.  265-275B 

Lead  (metal),  Extraction 

Physical  and  Mathematical  Modeling  of  Pyrometallurgical 
Channel  Reactors  With  Bottom  Gas  Injection.  Residence 
Time  Distribution  Analysis  and  Ideal-Reactor-Network 
Model.  207-219B 

The  Ferric  Fluosilicate  Leaching  of  Lead  Concentrates.  I.  Ki¬ 
netic  Studies.  473-480B 


Lead  (metal),  Microstructure 

Characterization  of  Inhomogeneous  Elastic  Deformation  With 
X-Ray  Diffraction.  341-347A 

Lead  (metal).  Physical  properties 

Sticking  of  Solids  in  Liquids.  397-403B 

Lead  (metal).  Soldering 

The  Effect  of  Low  Gold  Concentrations  on  the  Creep  of  Eu¬ 
tectic  Tin — Lead  Joints.  1249-1257A 


Lead  (metal),  Ternary  systems 

High-Temperature  Phase  Relations  and  Thermodynamics  in 
the  Iron — Lead — Sulfur  System.  53-61 B 

Crystallization  Studies  of  the  0'  (Mg2Pb)  Phase  and  Its  Phase 
Boundaries  in  the  Pb — Mg — Bi  System.  255-263B 

The  Grand  Partition  Function  of  Dilute  Biregular  Solutions.  703-711 B 

Lead  base  alloys,  Casting 

Undercooling-Induced  Macrosegregation  in  Directional  Solid¬ 
ification.  2507-251 6A 


Lead  base  alloys.  Microstructure 

The  Effect  of  Enhanced  Gravity  Levels  on  Microstructural  De¬ 
velopment  in  Pb — 50  wt.%  Sn  Alloys  During  Controlled  Di¬ 
rectional  Solidification.  865-870A 

Lead  base  alloys.  Reactions  (chemical) 

Solid-State  Wetting  of  Graphite  by  Lead  and  Pb — Nl  Alloys.  607-615A 

Life 

See  Fatigue  life 

Light  metal  alloys 

See  Aluminum  base  alloys 
Magnesium  base  alloys 
Titanium  base  alloys 

Light  metals 

See  Aluminum 
Magnesium 
Titanium 


Line  defects 

See  Dislocations 


Linking 
See  Joining 

Liquefaction 
See  Melting 

Liquid  metals,  Physical  properties 

Densities  of  Liquid  Fe-Ni  and  Fe-Cr  Alloys. 

Liquid  phase  diffusion 

See  Diffusion 


939-942B 


Liquid  phase  sintering 

Preparation  and  Properties  of  Fine  Hematite  Powders  by  Hy¬ 
drolysis  of  Iron  Carboxylate  Solutions.  165-170B 

Effect  of  Cobalt  Addition  on  the  Liquid-Phase  Sintering  of 
Tungsten — Copper  Prepared  by  the  Fluidized  Bed  Reduc¬ 
tion  Method.  1575-1578A 


Liquid  phases 

The  Measurement  of  the  Heat-Transfer  Coefficient  Between 
High-Temperature  Liquids  and  Solid  Surfaces. 

An  Empirical  Correlation  Between  Contact  Angles  and  Sur¬ 
face  Tension  in  Some  Ceramic — Metal  Systems. 

Large-Scale  Measurements  of  the  Physical  Characteristics  of 
Round  Vertical  Bubble  Plumes  in  Liquids. 

Sticking  of  Solids  in  Liquids. 

Experimental  Study  of  the  Influence  of  Interfaciaf  Energies 
and  Reactivity  on  Wetting  in  Metal/Oxide  Systems. 

A  Two-Phase  Flow  Model  of  the  Stirring  of  A1  )SiC  Composite 
Melt. 

Backmixing  in  Channel  Reactors  With  High-Strength  Bottom 
Gas  Injection. 

Surface  Tensions  of  Liquid  Fe-Cr  and  Fe-Cr-N  Alloys. 

The  Shapes  of  the  Phase  Boundaries  of  Two  Ideal  Solution 
Phases  in  Ternary  and  Higher  Order  Systems. 

Thermodynamics  of  Isolated  Pores  Filling  With  Liquid  in  Sin¬ 
tered  Composite  Materials. 

X-Ray  Microscopic  Observations  of  Metal  Solidification  Dy¬ 
namics. 

Kinetic  Study  of  Low-Temperature  Transient  Liquid  Phase 
Joining  of  an  Aluminum-SiC  Composite. 


43-51 B 

225-230A 

359-371 B 
397-403B 

599-605A 

607-61 8B 

619-623B 

626-628B 

656-658A 

733-740A 

1 775-1 777A 

2705-271 4A 


Liquid  phases.  Alloying  effects 

Thermodynamics  of  Oxygen  and  Nitrogen  in  Liquid  Nickel 
Equilibrated  With  CaO — TiOx  and  CaO — TiO* — AI2O3 
Melts.  5-13B 

The  Role  of  Oxygen  and  Zirconium  in  the  Formation  and 
Growth  of  NbaSn  Grains.  213-219A 


Liquid  phases,  Cooling  effects 

Crystallization  Studies  of  the  0’  (Mg2Pb)  Phase  and  Its  Phase 
Boundaries  in  the  Pb — Mg — Bi  System.  255-263B 

Further  Discussions  on  the  Solute  Redistribution  During  Den¬ 
dritic  Solidification  of  Binary  Alloys.  731-739B 

The  Velocity  of  Solidification  of  Highly  Undercooled  Nickel.'  1301-1308A 
Crystallization  Behavior  of  Iron-Containing  Intermetallic 
Compounds  in  319  Aluminum  Alloy.  1761-1773A 


Microsegregation  in  Cellular  Solidification. 

Undercooling-Induced  Macrosegregation  in  Directional  Solid¬ 
ification. 

Nonequilibrium  Solidification  of  Undercooled  Melt  of  Ag-Cu 
Alloy  Entrained  in  the  Primary  Phase. 

Liquid  phases,  Diffusion  effects 

The  Morphological  Stability  of  Lateral  Growth  in  Solid — Solid 
Phase  Transformation  During  Thin-Film  Interdiffusion  in 
Aluminum/Copper  Bimetal  Films. 

Liquid  phases,  High  temperature  effects 

Density  Measurements  of  the  Lithium  Fluoride/Lithium  Sul¬ 
fide  Eutectic  at  High  Temperature. 

Liquid  phases.  Temperature  effects 

High-Temperature  Phase  Relations  and  Thermodynamics  in 
the  Iron — Lead — Sulfur  System. 

Thermodynamic  Properties  of  Ternary  Liquid  Cu — Mg — Ni 
Alloys. 

Gradient  Solid  Electrolytes  for  Thermodynamic  Measure¬ 
ments:  System  Na2C03 — Na2S04. 

Mg — Pb  Phase  Diagram  and  Phase  Transformations  in  the 
Intermetallic  Compounds  Mg2Pb  and  0'. 

Thermodynamics  of  the  Iron  )Carbon  )Zinc  System. 

An  Interna]  Variable  Description  of  Solidification  Suitable  for 
Macrosegregation  Modeling. 

Thermodynamics  of  the  Liquid  {xCu  +  yAu  +  (1 — x — y)Ge!, 
(0.75  <x<1,0<y<  0.125)  Alloys  at  1550K  by  Knud- 
sen  Effusion  Mass  Spectrometry. 

Thermodynamic  Analysis  of  the  In-Ga-Sb  System. 

Liquid  phases.  Welding  effects 

The  Influence  of  Electron-Beam  Welding  Parameters  on 
Heat-Affected-Zone  Microfissuring  in  Incoloy  903. 

Liquids 

See  Liquid  metals 
Melts 

Liquidus,  Temperature  effects 

Thermodynamic  Analysis  of  the  In-Ga-Sb  System. 

Lithium,  Physical  properties 

Density  Measurements  of  the  Lithium  Fluoride/Lithium  Sul¬ 
fide  Eutectic  at  High  Temperature. 

Live  loads 

See  Cyclic  loads 

Lixiviation 

See  Leaching 

Load  distribution 

See  Loads  (forces) 

Loads  (forces) 

Tensile  Ductility  of  Extrinsicaliy  Toughened  Intermetallics, 

Elevated  Temperature  Fracture  of  RS/PM  Alloy  8009. 1.  Frac¬ 
ture  Mechanics  Behavior. 

Some  Aspects  of  Thermomechanical  Fatigue  of  AISI  304L 
Stainless  Steel.  I.  Creep — Fatigue  Damage. 

Effect  of  Microstructure  (Particulate  Size  and  Volume  Frac¬ 
tion)  and  Counterface  Material  on  the  Sliding  Wear  Resis¬ 
tance  of  Particulate-Reinforced  Aluminum  Matrix 
Composites. 

Creep  and  Intergranular  Cracking  of  Ni — Cr — Fe — C  in 
SSO^C  Argon. 

Embrittlement  of  B2  Iron  Aluminide  by  Water  Vapor  and  by 
Hydrogen. 

Mixed-Mode  I  and  II  Fatigue  Threshold  and  Crack  Closure  in 
Dual-Phase  Steels. 

Evaluation  of  Static  and  Dynamic  Fracture  Toughness  in  Duc¬ 
tile  Cast  Iron. 

Load-Signature  Analysis  for  Pack  Rolling  of  Near-Gamm'a  Ti¬ 
tanium  Aluminide  Alloys. 

Long  range  order 

Ordering  and  Mechanical  Strength  in  LI2  Cubic  Titanium  Tri- 
aluminides. 

Long-Range  Ordering  in  the  Early  Stages  of  Precipitation  )a 
Brief  Review.  (Conference  Paper) 

Thermodynamics  and  Long-Range  Order  of  Interstitials  in  a 
Hexagonal  Close-Packed  Lattice. 

Long  range  order.  Diffusion  effects 

Formation  of  Invariant  Plane-Strain  and  Tent-Shaped  Surface 
Reliefs  by  the  Diffusional  Ledge  Mechanism.  (Conference 
Paper) 

Long  range  order,  Stress  effects 

A  History  of  the  Controversy  Over  the  Roles  of  Shear  and  Dif¬ 
fusion  in  Plate  Formation  Above  M^  and  a  Comparison  of 
the  Atomic  Mechanisms  of  These  Processes.  (Conference 
Paper,  Review) 

Loops  (dislocation) 

See  Dislocation  loops 

Lost  wax  investment  casting 

See  Investment  casting 

Lost  wax  process 

See  Investment  casting 

Low  alloy  steels 

See  also  Boron  steels 

Low  alloy  steels,  Casting 

Calculation  of  Thermophysical  Properties  of  Carbon  and  Low 
Alloyed  Steels  for  Modeling  of  Solidification  Processes. 

Low  alloy  steels.  Heat  treatment 

Atom  Probe  Field  Ion  Microscopy  Study  of  the  Partitioning  of 
Substitutional  Elements  During  Tempering  of  a  Low-Alloy 
Steel  Martensite. 
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Low  alloy  steels 


Low  alloy  steels,  Mechanical  properties 

The  Workability  of  Commercial  and  Experimental  0.6%  Car¬ 
bon  Low  Alloy  Steels  in  the  Temperature  Range  of  650- 
870°C.  827-837A 

Low  alloy  steels,  Microstructure 

Compositional  and  Microstructural  Changes  Which  Attend 
Reheating  and  Grain  Coarsening  in  Steels  Containing  Nio¬ 
bium.  277-286A 

Formation  of  Invariant  Plane-Strain  and  Tent-Shaped  Surface 
Reliefs  by  the  Diffusional  Ledge  Mechanism.  (Conference 
Paper)  1923-1931A 

Low  alloy  steels,  Phases  (state  of  matter) 

Effects  of  Austenite  Grain  Size  and  Cooling  Rate  on 
Widmanstatten  Ferrite  Formation  in  Low-Alloy  Steels.  665-675A 

Titanium-Rich  Mineral  Phases  and  the  Nucleation  of  Bainite.  1603-1611A 
Diffusion  in  Growth  of  Bainite.  (Conference  Paper)  1957-1966A 

Low  carbon  steels,  Coating 

The  Effect  of  Steel  Chemistry  on  the  Formation  of  Fe-Zn  In- 
termetallic  Compounds  of  Galvanneal-Coated  Steel 
Sheets.  721-730B 

Low  carbon  steels,  Mechanical  properties 

Behavior  of  Steels  Near  the  Incipient  Melting  Temperature.  125-133A 

Low  carbon  steels,  Reactions  (chemical) 

Modeling  Hydrogen  Entry  and  Exit  in  Metals  Exposed  to  Mul¬ 
tiple  Charging  Processes.  723-732A 

Low  carbon  steels.  Rolling 

Alliqatorinq  and  Damaqe  in  the  Cold  Rollinq  of  Spheroidized 
Steels.  589-598A 

Low  cycle  fatigue,  Heating  effects 

The  Role  of  Magnesium-Containing  Spheroidizer  and  Coun¬ 
teraction  of  Misch  Metal  in  the  Intermediate  Temperature 
Intergranular  Embrittlement  of  Ferritic  Nodular  Iron.  2305-2309A 

Low  cycle  fatigue,  High  temperature  effects 

Effect  of  Strain  Rate  on  the  High-Temperature  Low-Cycle  Fa¬ 
tigue  Properties  of  a  Nimonic  PE-16  Superalloy.  159-171A 

Low-Cycle  Fatigue  Behavior  of  Polycrystalline  NiAl  at  1000K.  309-319A 

Low  cycle  fatigue,  Stress  effects 

Low-Cycle  Fatigue  of  Dispersion-Strengthened  Copper.  2235-2245A 

Low-Cycle  Fatigue  Properties  of  a  SiC  Whisker-Reinforced 
2124  Aluminum  Alloy.  2265-2274A 

Low  Cycle  Fatigue  Behavior  of  Polycrystalline  NiaAl  Alloys  at 
Ambient  and  Elevated  Temperatures.  2469-2476A 

Macrostructure,  Temperature  effects 

An  Internal  Variable  Description  of  Solidification  Suitable  for 
Macrosegregation  Modeling.  597-605B 

Magnesium,  Alloying  elements 

Effect  of  Alloying  Elements  on  the  Solidification  Characteris¬ 
tics  and  Microstructure  of  Al — Si — Cu — Mg — Fe  380  Alloy.  437-448A 

Magnesium,  Binary  systems 

Mg — Pb  Phase  Diagram  and  Phase  Transformations  in  the 
Intermetallic  Compounds  MgsPb  and  265-275B 

Magnesium,  Powder  technology 

Formation  of  Metastable  and  Equilibrium  Phases  During  Me¬ 
chanical  Alloying  of  Aluminum  and  Magnesium  Powders.  73-79A 

Magnesium,  Steel  making 

Thermodynamics  of  Oxygen.  Nitrogen,  and  Sulfur  in  Liquid 
Iron  Equilibrated  With  CaO — AI2O3 — MgO  Slags.  235-244B 

Magnesium,  Ternary  systems 

Thermodynamic  Properties  of  Ternary  Liquid  Cu — Mg — Ni 
Alloys.  ^  63-72B 

Crystallization  Studies  of  the  (Mg2Pb)  Phase  and  Its  Phase 
Boundaries  in  the  Pb — Mg — Bi  System.  255-263B 

Magnesium  base  alloys,  Composite  materials 

Cubic  AINi  Compound  Dispersed  Magnesium-Based  Amor¬ 
phous  Matrix  Composites  Prepared  by  Rapid  Solidification.  1323-1325A 

Magnesium  base  alloys,  Phases  (state  of  matter) 

A  Process  for  Debismuthizing  Lead  With  Magnesium.  379-384B 

Magnetic  fields 

Mechanism  of  Damping  Capacity  of  High-Chromium  Steels 
and  a-lron  and  Its  Dependence  on  Some  External  Factors.  111-124A 

Determination  of  Residual  Nickel  in  Mechanically  Alloyed 
NiAl.  871-874A 

Magnetic  flux  welding 

See  Gas  metal  arc  welding 

Magnetic  force 

See  Magnetic  fields 

Magnetic  permeability,  Heating  effects 

Aging  of  Freshly  Formed  Iron-Based  Martensites  at  Low 
Temperatures.  (Review)  889-909A 

Magnetic  properties 

See  Curie  temperature 
Magnetic  permeability 
Magnetoelastic  effect 

Magnetic  susceptibility 

See  Magnetic  permeability 

Magnetism 

See  Ferromagnetism 

Magnetoacoustic  effect 

See  Magnetoelastic  effect 

Magnetoeiastic  effect 

Mechanism  of  Damping  Capacity  of  High-Chromium  Steels 
and  tv-lron  and  Its  Dependence  on  Some  External  Factors.  111-124A 


Magnetomechanical  properties 

See  Magnetoeiastic  effect 

Manganese,  Alloying  elements 

Behavior  of  Steels  Near  the  Incipient  Melting  Temperature.  125-133A 
Effect  of  Alloying  Elements  on  the  Solidification  Characteris¬ 
tics  and  Microstructure  of  A! — Si — Cu — Mg — Fe  380  Alloy.  437-448A 
Thermodynamics  and  Kinetics  of  the  Formation  of 
Widmanstatten  Ferrite  Plates  in  Ferrous  Alloys.  (Confer¬ 
ence  Paper)  1 947-1 953A 

The  Influence  of  the  Alloying  Elements  Upon  the  Transforma¬ 
tion  Kinetics  and  Morphologies  of  Ferrite  Plates  in  Alloy 
Steels.  (Conference  Paper)  1991-2000A 

Manganese  steels.  Mechanical  properties 

Cleavage  Initiation  in  the  Intercritically  Reheated  Coarse- 
Grained  Heat-Affected  Zone:  I.  Fractographic  Evidence.  563-573A 

Maraging  steels,  Heat  treatment 

Isothermal  Formation  of  Quasicrystalline  Precipitates  and 
Their  Effect  on  Strength  in  a  1 2Cr-9Ni-4Mo  Maraging  Stain¬ 
less  Steel.  2225-2233A 

Maraging  steels.  Phases  (state  of  matter) 

Improved  Thermochemical  Calculations  for  Maraging  Steels 
and  Comparison  With  Atom  Probe  Measurement  of  Phase 
Composition.  2538-2539A 

Martensite 

Transmission  Electron  Microscopy  Study  of  Martensites  in 
Laser-Clad  Ni — Al  Bronze  on  Aluminium  Alloy  AA333.  37-46A 

The  Phenomenological  Theory  of  Martensite  Crystallogra¬ 
phy:  Interrelationships.  (Conference  Paper)  1 787-1 795A 

Intrinsic  Ledges  at  Interphase  Boundaries  and  the  Crystallog¬ 
raphy  of  Precipitate  Plates.  (Conference  Paper)  1905-1 91 5A 

Martensite,  Deformation  effects 

Effects  of  Precursor  Matrix  Events  on  Subsequent  Nucle¬ 
ation.  (Conference  Paper)  1 933-1 939A 

Martensite,  Diffusion  effects 

Decomposition  of  Iron — Nickel  Martensite:  Implications  for 
the  Low-Temperature  (<  500®C)  Fe — NI  Phase  Diagram.  1 627-1 637A 

Martensite,  Heating  effects 

Mechanism  of  Damping  Capacity  of  High-Chromium  Steels 
and  cr-lron  and  Its  Dependence  on  Some  External  Factors.  111-1 24A 
Atom  Probe  Field  Ion  Microscopy  Study  of  the  Partitioning  of 
Substitutional  Elements  During  Tempering  of  a  Low-Alloy 
Steel  Martensite.  499-508A 

Aging  of  Freshly  Formed  Iron-Based  Martensites  at  Low 
Temperatures.  (Review)  889-909 A 

Martensite,  Low  temperature  effects 

Numerical  Modeling  of  y  Precipitate  Growth  During  Fe — Ni 
Martensite  Decomposition  at  Low  Temperatures  (<  400'’C).  1 639-1 648A 

Martensitic  stainless  steels,  Diffusion 

Interdiffusion  Between  Uranium — Zirconium  Fuel  vs.  Se¬ 
lected  Cladding  Steels,  1 649-1 653A 

Martensitic  stainless  steels,  Heat  treatment 

Aging  of  Freshly  Formed  Iron-Based  Martensites  at  Low 
Temperatures.  (Review)  889-909A 

Martensitic  transformations 

High-Resolution  Analytical  Electron  Microscopy  Study  of  iso¬ 
thermal  Plate-Shaped  Products  in  Some  ^-Phase  Alloys. 

(Conference  Paper)  2569-2579A 

Martensitic  transformations.  Alloying  effects 

Effects  of  Carbon  Content  and  Ausaging  on  7  ?=  «’  Trans¬ 
formation  Behavior  and  Reverse-Transformed  Structure  in 
Fe — Ni — Co — Al — C  Alloys.  63-7 1 A 

Martensitic  transformations,  Cooling  effects 

Microstructure  and  Mechanical  Properties  of  Ti — 40  wt.%  Ta 
(Ti— 15  at.%  Ta).  461-472A 

Martensitic  transformations,  Diffusion  effects 

The  Invariant  Line  and  Precipitate  Morphology  in  FCC-BCC 
Systems.  (Conference  Paper)  1 865-1 874A 

Atomic  Site  Correspondence  and  Surface  Relief  in  the  For¬ 
mation  of  Plate-Shaped  Transformation  Products.  (Confer¬ 
ence  Paper)  1917-1922A 

Martensitic  transformations.  Stress  effects 

Characteristics  of  the  Martensitic  Transformation  and  the  In¬ 
duced  Two-Way  Shape  Memory  Effect  After  Training  by 
Compressive  Pseudoelastic  Cycling  in  Cu — Zn — Al  Single 
Crystals.  687-695A 

Modeling  the  Effects  of  Stress  State  and  Crystal  Orientation 
on  the  Stress-Induced  Transformation  of  NiTi  Single  Crys¬ 
tals.  2383-2389A 

Materials 

See  Ceramics 

Dissimilar  materials 

Mathematical  analysis 
See  Numerical  analysis 


Mathematical  models 

Thermodynamics  of  Oxygen  and  Nitrogen  in  Liquid  Nickel 
Equilibrated  With  CaO — TiO*  and  CaO — TiOx — AI2O3 
Melts.  5-13B 

The  Diffuse-Scattering  Method  for  Investigating  Locally  Or¬ 
dered  Binary  Solid  Solutions.  17-35A 

The  Measurement  of  the  Heat-Transfer  Coefficient  Between 
High-Temperature  Liquids  and  Solid  Surfaces.  43-51 B 

High-Temperature  Phase  Relations  and  Thermodynamics  in 
the  Iron — Lead — Sulfur  System.  53-61 B 

Standard  Enthalpies  of  Formation  of  Some  Praseodymium 
Alloys  of  High-Temperature  Direct  Synthesis  Calorimetry.  73-77B 

Determination  of  Pore  Mobility  During  Sintering.  81-87A 
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Mathematical  models 


Barrier-Layer  Formation  and  Its  Control  During  Hydrogen 
Permeation  Through  Ti — 24AI — 1 1  Nb  Alloy. 

Solubility  and  Thermodynamic  Properties  of  Y2O3  in  LiF — YF3 
Melts. 

High-Temperature  Isopiestic  Studies  on  the  Ternary  Slag 
PbO— Si02— B2O3  at  1273K. 

Modeling  of  the  Incorporation  of  Ceramic  Particulates  in  Me¬ 
tallic  Droplets  During  Spray  Atomization  and  Coinjection. 

Modeling  of  Mechanical  Alloying.  I.  Deformation,  Coales¬ 
cence,  and  Fragmentation  Mechanisms. 

A  Note  on  the  Sensitivity  of  Solidification  Models  to  Thermo¬ 
physical  Properties. 

Simulation  of  in  Situ  Uraninite  Leaching.  I.  A  Partial  Equilib¬ 
rium  Model  of  the  NH4HCO3 — (NH4)2C03 — H2O2  Leaching 
System. 

Adsorption  Kinetics  of  Dicyanoaurate  and  Dicyanoargentate 
Ions  in  Activated  Carbon. 

Physical  and  Mathematical  Modeling  of  Pyrometailurgical 
Channel  Reactors  With  Bottom  Gas  Injection.  Residence 
Time  Distribution  Analysis  and  Ideal-Reactor-Network 
Model. 

Discussion  of  “Grain  Growth  of  a  Superptastic  7475  Alumi¬ 
num  Alloy”. 

A  Simplified  Method  of  Calculating  the  Stress  Field  at  the  Tip 
of  a  Discrete  Dislocation  Pileup  in  a  Finite  Crystal. 

Thermodynamics  of  Oxygen,  Nitrogen,  and  Sulfur  in  Liquid 
Iron  Equilibrated  With  CaO — AI2O3 — MgO  Slags. 

Kinetics  of  the  Reaction  of  H2O  Gas  With  Liquid  Iron. 

An  Alternative  Gibbs — Duhem  Method  for  the  Calculation  of 
Activities  From  the  Redox  Data  for  Iron  Oxide  in  Ternary 
Oxide  Systems. 

A  Simple  but  Realistic  Model  for  Laser  Cladding. 

Effect  of  Orientation  on  Crystallographic  Cracking  in  Notched 
Nickel-Base  Superalloy  Single  Crystal  Subjected  to  Far- 
Field  Cyclic  Compression. 

Natural  Convection  in  an  Aluminum  Ingot:  a  Mathematical 
Model. 

Tensile  Ductility  of  Extrinsically  Toughened  Intermetallics. 

Equilibrium  Values  for  the  Dissolution  of  Solid  Copper  Into 
FeS — Na2S  Mattes. 

A  Comparison  of  Three  Mathematical  Modeling  Procedures 
for  Simulating  Fluid  Flow  Phenomena  in  Bubble-Stirred  La¬ 
dles. 

Slurry  Filtration  and  Cake  Washing  After  the  HCI-Leach  of 
Magnesite  and  Serpentine — Continuous  Washing  Model. 

Characterization  of  Inhomogeneous  Elastic  Deformation  With 
X-Ray  Diffraction. 

Estimation  of  Interfacial  Shear  Strength  Between  Supercon¬ 
ducting  Oxides  and  Silver  Sheath  From  Multiple-Fracture 
Phenomenon  of  the  Oxide. 

A  Mathematical  Model  of  Ionic  Transport  in  a  Porous  Dia¬ 
phragm  of  a  Chrome — Alum  Cell. 

The  Tensile  Deformation  Behavior  of  AA  3004  Aluminum 
Alloy. 

Large-Scale  Measurements  of  the  Physical  Characteristics  of 
Round  Vertical  Bubble  Plumes  in  Liquids. 

Oxygen  Potentials  in  Nickel  +  NiO  and 
Nickel  +  Cr203  +  NiCr204  Systems. 

Softening  and  Microstructural  Change  Following  the  Dynamic 
Recrystallization  of  Austenite. 

Sticking  of  Solids  in  Liquids. 

Analysis  of  Thermally  Induced  Stress  and  Strain  in  Continu¬ 
ous  Fiber-Reinforced  Composites. 

Modeling  the  Thin-Slab  Continuous-Casting  Mold. 

Equilibrium  Oxygen  Pressures  of  Iron  Silicate  Slags. 

An  Analysis  of  Slag  Stratification  in  Nickel  Laterite  Smelting 
Furnaces  Due  to  Composition  and  Temperature  Gradients. 

Small  Cell  Experiments  for  Electrolytic  Reduction  of  Uranium 
Oxides  to  Uranium  Metal  Using  Fluoride  Salts. 

Surface  Characterization  and  Reactivity  of  a  Nitrogen  Atom¬ 
ized  304L  Stainless  Steel  Powder. 

A  Model  for  Estimation  of  Viscosities  of  Complex  Metallic  and 
Ionic  Melts. 

Local  Melting  in  Al — Mg — Zn — Alloys, 

Morphological  Stability  of  7/a  Interface  Formed  by  Carburiza¬ 
tion  in  Fe — C — X  Alloys. 

Hydrogen  Permeation  Behavior  in  IN718  and  GH761  Superal¬ 
loys. 

Sulfur  Determination  in  Carbon-Saturated  Iron  by  Solid-State 
Electrochemical  Sensor. 

Thermodynamics  of  the  Iron  )Carbon  )Zinc  System. 

The  Orientation  Dependence  of  Fatigue-Crack  Growth  in 
8090  Aluminum — Lithium  Plate. 

Kinetics  in  Muliticomponent  Metallic  )lonic  Systems. 

Estimation  of  the  Viscosities  of  Binary  Metallic  Melts  Using 
Gibbs  Energies  of  Mixing. 

Alligatoring  and  Damage  in  the  Cold  Rolling  of  Spheroidized 
Steels. 

An  Internal  Variable  Description  of  Solidification  Suitable  for 
Macrosegregation  Modeling. 

Experimental  Study  of  the  Influence  of  Interfacial  Energies 
and  Reactivity  on  Wetting  in  Metal/Oxide  Systems. 

Solid-State  Wetting  of  Graphite  by  Lead  and  Pb — Ni  Alloys. 

A  Two-Phase  Flow  Model  of  the  Stirring  of  Al  )SiC  Composite 
Melt. 

Three-Dimensional  Simulation  of  the  Grain  Formation  in  In¬ 
vestment  Castings. 

Equilibrium  Distribution  of  Fe,  Ni,  Sb,  and  Sn  between  Liquid 
Cu  and  a  CaO-Rich  Slag. 

Discussion  of  ‘The  Distribution  of  Dispersoid  Phases  in  the 
Extruded  CDS  Superalloy  MA-957  and  Reply. 

The  Shapes  of  the  Phase  Boundaries  of  Two  Ideal  Solution 
Phases  in  Ternary  and  Higher  Order  Systems. 

Energy  Efficiency  Considerations  on  Monopolar  vs.  Bipolar 
Fused  Salt  Electrolysis  Cells. 

Critical  Fluid-Flow  Phenomenon  in  a  Gas-Stirred  Ladle. 

Heat  Treatment  of  Investment  Cast  PH  13-8  Molybdenum 
Stainless  Steel.  II.  Isothermal  Aging  Kinetics. 
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The  Grand  Partition  Function  of  Dilute  Biregular  Solutions. 

Modeling  Hydrogen  Entry  and  Exit  in  Metals  Exposed  to  Mul¬ 
tiple  Charging  Processes. 

Further  Discussions  on  the  Solute  Redistribution  During  Den¬ 
dritic  Solidification  of  Binary  Alloys. 

TTiermodynamics  of  Isolated  Pores  Filling  With  Liquid  in  Sin¬ 
tered  Composite  Materials. 

Multiphase  Binary  Diffusion  in  Infinite  and  Semi-Infinite 
Media.  I.  On  the  Determination  of  Interdiffusion  Coeffi¬ 
cients. 

Multiphase  Binary  Diffusion  in  Infinite  and  Semi-infinite 
Media.  II.  On  the  Numerical  Calculation  of  the  Rate  Con¬ 
stants  for  Formation  of  Product  Phases. 

Thermofluid  Analysis  and  Design  of  a  Low-Temperature  Pre¬ 
forming  Process. 

Density  Measurements  of  the  Lithium  Fluoride/Lithium  Sul¬ 
fide  Eutectic  at  High  Temperature. 

Characterization  of  Anisotropic  Elastic  Constants  of  Silicon- 
Carbide  Particulate  Reinforced  Aluminum  Metal  Matrix 
Composites.  I.  Experiment. 

Characterization  of  Anisotropic  Elastic  Constants  of  Silicon- 
Carbide  Particulate  Reinforced  Aluminum  Metal  Matrix 
Composites.  II.  Theory. 

The  Workability  of  Commercial  and  Experimental  0.6%  Car¬ 
bon  Low  Alloy  Steels  in  the  Temperature  Range  of  650- 
870°C. 

Modeling  of  Metallurgical  Emulsions. 

Thermodynamics  of  the  Liquid  jxCu  +  yAu  +  (1 — x — y)Gei, 
(0.75  <  X  <  1,  0  <  y  <  0.125)  Alloys  at  1550K  by  Knud- 
sen  Effusion  Mass  Spectrometry. 

The  Effect  of  Enhanced  Gravity  Levels  on  Microstructural  De¬ 
velopment  in  Pb— 50  wt.%  Sn  Alloys  During  Controlled  Di¬ 
rectional  Solidification. 

Anomalous  Diffusion  of  Aluminum  in  /3-Titanium. 

Calculation  of  Thermophysical  Properties  of  Carbon  and  Low 
Alloyed  Steels  for  Modeling  of  Solidification  Processes. 

Intragranular  Ferrite  Nucleation  in  Medium-Carbon  Vanadium 
Steels. 

Fracture  of  Glass  in  Tensile  and  Bending  Tests. 

Modeling  of  the  Formation  of  Under-Riser  Macrosegregation 
During  Solidification  of  Binary  Alloys. 

Modeling  Microstructure  Development  in  Gray  Cast  Irons. 

Prediction  of  Columnar  to  Equiaxed  Transition  During 
Diffusion-Controlled  Dendritic  Alloy  Solidification. 

Calorimetric  Evaluation  of  Nonequilibrium  State  in  As-Melt 
Spun  Al — 1.72  and  Al— 3.12  at.%  Cu  Alloys  and  Al — 6.74, 
Al— 8.48,  and  Al— 11.97  at.%  Si  Alloys. 

Computer  Simulation  of  Diffusion  in  Multiphase  Systems. 

Anisotropic  Plastic  Potentials  for  Polycrystals  and  Application 
to  the  Design  of  Optimum  Blank  Shapes  in  Sheet  Forming. 

Numerical  Modeling  of  Solidification  and  Subsequent  Trans¬ 
formation  of  Fe — Cr — Ni  Alloys. 

The  Morphological  Stability  of  Lateral  Growth  in  Solid — Solid 
Phase  Transformation  During  Thin-Film  Interdiffusion  in 
Aluminum/Copper  Bimetal  Films. 

Numerical  Modeling  of  7  Precipitate  Growth  During  Fe — Ni 
Martensite  Decomposition  at  Low  Temperatures  {<  400®C). 

A  Simple  Model  for  Conventional  Hot  Rolling  of  Sheet  Materi¬ 
als. 

Directional  Phase  Formation  on  Melting  via  Peritectic  Reac¬ 
tion. 

The  Phenomenological  Theory  of  Martensite  Crystallogra¬ 
phy:  Interrelationships.  (Conference  Paper) 

The  Invariant  Line  and  Precipitate  Morphology  in  FCC-BCC 
Systems.  (Conference  Paper) 

Ledges  and  Dislocations  in  Phase  Transformations.  (Confer¬ 
ence  Paper) 

The  Role  of  Structural  Ledges  as  Misfit-Compensating  De¬ 
fects:  FCC-BCC  Interphase  Boundaries.  (Conference 
Paper) 

The  Influence  of  the  Alloying  Elements  Upon  the  Transforma¬ 
tion  Kinetics  and  Morphologies  of  Ferrite  Plates  in  Alloy 
Steels.  (Conference  Paper) 

The  Elastic  Strain  Energy  of  Growth  Ledges  on  Coherent  and 
Partially  Coherent  Precipitates. 

Elevated-Temperature  Stability  of  Mechanically  Alloyed 
Copper-Niobium  Powders. 

Helium  3  Precipitation  in  AISI 31 6L  Stainless  Steel  Induced  by 
Radioactive  Decay  of  Tritium:  Growth  Mechanism  of  He¬ 
lium  Bubbles. 

Capillarity  in  Isothermal  Infiltration  of  Alumina  Fiber  Preforms 
With  Aluminum. 

Modeling  Creep  Deformation  of  a  Two-Phase  TiAI/TisAI  Alloy 
With  a  Lamellar  Microstructure. 

Microstructural  Control  in  Hot  Working  of  IN-718  Superalloy 
Using  Processing  Map. 

Microsegregation  in  Cellular  Solidification. 

Thermodynamic  Analysis  of  the  In-Ga-Sb  System. 

Modelling  the  Infiltration  Kinetics  of  Molten  Aluminum  Into 
Porous  Titanium  Carbide. 

Modeling  the  Effects  of  Stress  State  and  Crystal  Orientation 
on  the  Stress-Induced  Transformation  of  NiTi  Single  Crys¬ 
tals. 

Effect  of  Iron  on  the  Superplastic  Deformation  of  Zn-22%AI. 

Micromechanical  Modelling  of  Reinforcement  Fracture  in 
Particle-Reinforced  Metal-Matrix  Composites. 

Short  Fatigue  Crack  Growth  Behavior  in  a  Ferritic-Bainitic 
Steel. 

Evaluation  of  Static  and  Dynamic  Fracture  Toughness  in  Duc¬ 
tile  Cast  Iron. 

Undercooling-Induced  Macrosegregation  in  Directional  Solid¬ 
ification. 

Elastic  Constants  of  SiCp/AI:  Measurements  and  Modeling. 

Mathematical  models,  Cooling  effects 

On  Morphologies,  Microsegregation,  and  Mechanical  Behav¬ 
ior  of  Directionally  Solidified  Cobalt-Base  Superalloy  at  Me¬ 
dium  Cooling  Rate. 
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Mathematical  models 


Mathematical  models,  Deformation  effects 

Hot  Deformation  Characteristics  of  INCONEL  Alloy  MA  754 
and  Development  of  a. Processing  Map.  1693-1702A 

Mathematics 

See  Finite  element  method 
Mathematical  models 

Mattes 

See  Copper  mattes 

Measurement 

See  Mechanical  measurements 

Mechanical  alloying 

Formation  of  Metastable  and  Equilibrium  Phases  During  Me¬ 
chanical  Alloying  of  Aluminum  and  Magnesium  Powders. 

Modeling  of  Mechanical  Alloying.  I.  Deformation,  Coales¬ 
cence.  and  Fragmentation  Mechanisms. 

Mechanical  Processing  of  Iron  Powders  in  Reactive  and  Non¬ 
reactive  Gas  Atmospheres. 

Characterization  of  Mechanically  Alloyed  Oxide  Dispersion- 
Strengthened  Nickel-Base  Superalloy  MA760. 

Determination  of  Residual  Nickel  in  Mechanically  Alloyed 
NiAl. 

Elevated-Temperature  Stability  of  Mechanically  Alloyed 
Copper-Niobium  Powders. 

Mechanical  measurements 

Elastic  Constants  of  SiCp/AI:  Measurements  and  Modeling.  2832-2835A 

Mechanical  properties 

See  Bonding  strength 
Brittleness 

Compressive  properties 
Creep  (materials) 

Ductile  brittle  transition 
Ductility 

Elastic  constants 
Elasticity 

Fatigue  (materials) 

Fracture  strength 

Hardness 

Impact  strength 

Plasticity 

Shear  properties 

Stiffness 

Strain 

Tear  strength 
Thermoelastic  properties 
Toughness 
Wear 

Wear  resistance 

Mechanical  tests 
See  Bend  tests 

Compression  tests 
Scratch  tests 
Tension  tests 
Torsion  tests 


73-79A 
147-158A 
381-388A 
705-71 4A 
871 -874 A 
2091-2099A 


Gradient  Solid  Electrolytes  for  Thermodynamic  Measure¬ 
ments:  System  Na2C03 — Na2S04. 

Melting  points,  Alloying  effects 

Behavior  of  Steels  Near  the  Incipient  Melting  Temperature. 

Melting  points,  Temperature  effects 

Thermodynamic  Analysis  of  the  In-Ga-Sb  System. 

Melts 

See  also  Liquid  metals 

Melts,  Physical  properties 

Estimation  of  the  Viscosities  of  Binary  Metallic  Melts  Using 
Gibbs  Energies  of  Mixing. 

A  Two-Phase  Flow  Model  of  the  Stirring  of  Al  )SiC  Composite 
Melt. 

Memory  (shape) 

See  Shape  memory 

Metal  carbides 

See  Chromium  carbide 
Titanium  carbide 
Tungsten  carbide 

Metal  inert  gas  welding 

See  Gas  metal  arc  welding 

Metal  powders 

See  Alloy  powders 

Metal  scrap,  Recovering 

Equilibrium  Values  for  the  Dissolution  of  Solid  Copper  Into 
FeS — Na2S  Mattes. 

Metal  working 

See  Hot  working 

Thermomechanical  treatment 

Metallic  compounds 
See  Intermetallics 

Metallographic  structures 

See  Microstructure 

Metallography 

See  Crystallography 

Metalloids 
See  Boron 
Carbon 
Germanium 
Silicon 

Metallurgical  analysis 

See  Qualitative  analysis 
Sampling 

Metallurgical  constituents 
See  Ferrite 

Laves  phase 


Mechanical  wear 
See  Wear 


Mechanics 

See  Fluid  mechanics 


Mechanisms 

Thermodynamic  Consideration  of  Formation  Mechanism  of 
cvi  Plate  in  /iCu-Base  Alloys.  (Conference  Paper) 
Transformation  Characteristics  of  Plates  in  Cu-2n-Al  Al¬ 
loys.  (Conference  Paper) 

The  Formation  Mechanism  of  Plate  in  #:JCu-Zn  and  Cu-2n-Al 
Alloys.  (Conference  Paper) 

Growth  Kinetics  and  High-Temperature  TEM  In  Situ  Observa¬ 
tion  of  Bainite  in  a  Cu-2n  Alloy.  (Conference  Paper) 

Study  on  the  Transformation  Mechanism  of  Plates  in  a 
Copper-Zinc-Aluminum  Alloy.  (Conference  Paper) 
Mechanism  of  the  Early  Stages  of  a-\  Plate  Formation  in  a  Cu- 
39%  Zinc  Alloy.  (Conference  Paper) 

The  Selection  of  Precipitate  Habit  Planes  in  Cr-32  wt.%  Ni. 
(Conference  Paper) 


2555-2564A 
2581-2599A 
2601-2608A 
2609-261 4A 
261 5-261 9A 
2631-2637A 
2639-2646A 


Medium  carbon  steels,  Heat  treatment 

Intragranular  Ferrite  Nucleation  in  Medium-Carbon  Vanadium 
Steels.  929-936A 


Medium  carbon  steels,  Mechanical  properties 

Behavior  of  Steels  Near  the  Incipient  Melting  Temperature.  125-133A 

Medium  carbon  steels,  Rolling 

Alligatoring  and  Damage  in  the  Cold  Rolling  of  Spheroidized 
Steels,  589-598A 


Melt  spinning 

Calorimetric  Evaluation  of  Nonequilibrium  State  in  As-Melt 
Spun  Al — 1.72  and  Al — 3.12  at.%  Cu  Alloys  and  Al — 6.74, 

Al— 8.48.  and  Al— 11.97  at.%  Si  Alloys.  1 102-1 104A 

Cubic  AINi  Compound  Dispersed  Magnesium-Based  Amor¬ 
phous  Matrix  Composites  Prepared  by  Rapid  Solidification.  1323-1325A 
Modelling  the  Infiltration  Kinetics  of  Molten  A.Iuminum  Into 
Porous  Titanium  Carbide.  2357-2370A 

Melt-Processed  Ni3AI  Matrix  Composites  Reinforced  With 
TiC  Particles.  2525-2534A 


Melting 

See  also  Laser  beam  melting 

Surface  Tensions  of  Liquid  Fe-Cr  and  Fe-Cr-N  Alloys.  626-628B 

Melting,  Welding  effects 

The  Influence  of  Electron-Beam  Welding  Parameters  on 
Heat-Affected-Zone  Microfissuring  in  Incoloy  903.  1733-1745A 

Melting  points 

Solubility  and  Thermodynamic  Properties  of  in  LiF — YF-? 

Melts.  91-96B 


Metallurgy 

See  Powder  metallurgy 
Process  metallurgy 

Metals 

See  Dissimilar  metals 
Filler  metal 
Liquid  metals 

Metastabte  phases 

The  Selection  of  Precipitate  Habit  Planes  in  Cr-32  wt.%  Ni. 
(Conference  Paper) 

Metastabie  phases,  Composition  effects 

Supersaluration  of  the  AI2Y  Laves  Phase  by  Rapid  Solidifica¬ 
tion. 

Metastable  phases,  Cooling  effects 

Microstructure  and  Mechanical  Properties  of  Ti — 40  wt.%  Ta 
(Ti — 15  at.%  Ta). 

Nonequilibrium  Solidification  of  Undercooled  Melt  of  Ag-Cu 
Alloy  Entrained  in  the  Primary  Phase. 

Precipitation  of  BCC  Phase  from  Nonequilibrium  Al  3-Type 
Phase  in  Rapidly  Solidified  High-Carbon  Fe-Cr-Mo  Alloy. 

Metastable  phases,  Deformation  effects 

Formation  of  Metastable  and  Equilibrium  Phases  During  Me¬ 
chanical  Alloying  of  Aluminum  and  Magnesium  Powders. 

A  Simple  Model  for  Conventional  Hot  Roiling  of  Sheet  Materi¬ 
als. 

Metastabie  phases.  Diffusion  effects 

Application  of  the  Theory  of  Martensite  Crystallography  to 
Displacive  Phase  Transformations  in  Substitutional  Nonfer- 
rous  Alloys.  (Conference  Paper,  Review) 

Metastabie  phases,  Heating  effects 

Microstructural  Study  of  the  Titanium  Alloy  Ti — 15Mo — 
2.7Nb— 3AI— 0.2Si  (TIMETAL  21 S). 

Formation  and  Stability  of  Metastabie  Structures  and  Amor¬ 
phous  Phases  in  Pu — V,  Pu — TA,  and  Pu — Yb  Systems 
With  Positive  Heats  of  Mixing. 

Metastabie  phases.  Temperature  effects 

Partition  of  Alloying  Elements  Between  7  (Al),  7’  (LI 2).  and  0 
(B2)  Phases  in  Ni — A!  Base  Systems. 

Metathesis 

See  Decomposition  reactions 

Microbial  leaching 

See  Bacterial  leaching 

Microcracking 

See  Crack  initiation 


173-180A 
125-133A 
233 1-2340 A 

589-595B 
607-61 8B 


306-308B 


2639-2646A 

230-233A 

461-472A 

2517-2523A 

2542-2546A 

73-79A 

1681-1692A 

1841-1856A 

1109-1118A 

1 579-1 590A 

473-485A 
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Nickel  base  alloys 


Microhardness,  Cooling  effects 

Characterization  of  Mechanically  Alloyed  Oxide  Dispersion- 
Strengthened  Nickel-Base  Superalloy  MA760. 

705-71 4A 

Microhardness,  Microstructural  effects 

Precipitation  Effects  During  Hot  Deformation  of  a  Copper 
Alloy. 

Role  of  AI2O3  Particulate  Reinforcements  on  Precipitation  in 
2014  Aluminum-Matrix  Composites. 

257-266A 

1591 -1602 A 

Microhardness,  Pressure  effects 

The  Effects  of  Hydrostatic  Pressure  on  the  Compressive  Me¬ 
chanical  Behavior  of  LI  2  AI3  Ti-Based  Intermetallic. 

1703-1 711 A 

Microhardness,  Radiation  effects 

Effects  of  Simultaneous  Boron  and  Nitrogen  Implantation  on 
Microhardness  and  Fatigue  Properties  of  Fe — 13Cr — 15Ni 
Alloys. 

193-202A 

Microprobes 

See  Electron  probes 

Microscopy 

See  Electron  microscopy 

Microshrinkage 

See  Shrinkage 

Microstructure 

See  also  Amorphous  structure 

Crystal  structure 

Dislocation  density 

Grain  size 

Grain  structure 

Graphitic  structure 

Heterogeneous  structure 

Homogeneous  structure 

Lamellar  structure 

Spheroidal  structure 

Texture 

Microstructure,  Alloying  effects 

Microstructures  and  Mechanial  Behavior  of  NiAl-Mo  and 
NiAi-Mo-Ti  Two-Phase  Alloys. 

2769-2781 A 

Microstructure,  Composition  effects 

High-Temperature  Oxidation  of  Cathodically  Hydrogen- 
Charged  Two-Phase  (TiaAl,  TiAl)  Titanium  Aluminides. 

2491-2496A 

Microstructure,  Cooling  effects 

Fatigue  Crack  Growth  Rates  and  Fracture  Toughness  of 
Rapidly  Solidified  Al— 8.5Fe— 1 ,2V— 1 .7Si  Alloys. 

1005-1 01 4 A 

Microstructure,  Deformation  effects 

A  Simple  Model  for  Conventional  Hot  Rolling  of  Sheet  Materi¬ 
als. 

1681-1692A 

Microstructure,  Heating  effects 

Morphology  Development  in  Hot-Dip  Galvanneal  Coatings. 

937-947A 

Mig  arc  welding 

See  Gas  metal  arc  welding 

MIG  welding 

See  Gas  metal  arc  welding 

Migration 

See  Diffusion 

Mild  carbon  steels 

See  Lo\y  carbon  steels 

Mild  steels 

See  Carbon  steels 

Mixing 

See  also  Mechanical  alloying 

Backmixing  in  Channel  Reactors  With  High-Strength  Bottom 
Gas  Injection. 

619-623B 

Mobility 

See  Dislocation  mobility 

Modulus  of  elasticity 

Elastic  Constants  of  SiCp/AI:  Measurements  and  Modeling. 

2832-2835A 

Modulus  of  elasticity.  Composition  effects 

Room-Temperature  Strength  and  Deformation  of  TiB2- 
Reinforced  Near-7  Titanium  Aluminides. 

Melt-Processed  NiaAl  Matrix  Composites  Reinforced  With 
TiC  Particles. 

2181-2197A 

2525-2534A 

Modulus  of  elasticity,  Microstructural  effects 

Characterization  of  Anisotropic  Elastic  Constants  of  Silicon- 
Carbide  Particulate  Reinforced  Aluminum  Metal  Matrix 
Composites.  1.  Experiment. 

799-809A 

Modulus  of  elasticity,  Stress  effects 

Behavior  of  Nickel-Base  Superalloy  Single  Crystals  Under 
Thermal — Mechanical  Fatigue. 

Characterization  of  Anisotropic  Elastic  Constants  of  Silicon- 
Carbide  Particulate  Reinforced  Aluminum  Metal  Matrix 
Composites.  II.  Theory. 

99-1 09A 

81 1-81 9 A 

Modulus  of  elasticity.  Temperature  effects 

Elastic  Constants  of  Some  Transition-Metal-Disilicrde  Single 
Crystals. 

331-340A 

Modulus  of  rigidity 

See  Shear  modulus 


Modulus  of  shear 

See  Shear  modulus 

Modulus  of  torsion 

See  Shear  modulus 

Moistening 

See  Wetting 


Moisture 

See  Water 

Molten  metals 

See  Liquid  metals 

Molybdenum,  Alloying  elements 

Influence  of  Tempering  Temperature  on  Stability  of  Carbide 
Phases  in  2.6Cr — 0.7Mo — 0.3V  Steel  With  Various  Carbon 
Content. 

The  Influence  of  the  Alloying  Elements  Upon  the  Transforma¬ 
tion  Kinetics  and  Morphologies  of  Ferrite  Plates  in  Alloy 
Steels.  (Conference  Paper) 

Microstructures  and  Mechanial  Behavior  of  NiAI-Mo  and 
NiAI-Mo-Ti  Two-Phase  Alloys. 

Molybdenum,  Composite  materials 

Development  and  Characterization  of  Interface  Coatings  in 
Molybdenum-Reinforced  NiAl  Matrix  Composites. 

Molybdenum,  Recovering 

Processing  of  Spent  Hydrorefining  Catalysts  by  Selective 
Chlorination. 

Molybdenum  chromium  nickel  steels 

See  Nickel  chromium  molybdenum  steels 

Molybdenum  chromium  steels 

See  Chromium  molybdenum  steels 

Molybdenum  compounds,  Composite  materials 

Phase  Relations  in  the  Mo — Si — C  System  Relevant  to  the 
Processing  of  MoSi2 — SiC  Composites. 

The  Effect  of  Niobium  Morphology  on  the  Cyclic  Oxidation 
Resistance  of  MoSi2/20  vol.%  Niobium  Composites. 

Molybdenum  nickel  chromium  steels 

See  Nickel  chromium  molybdenum  steels 

Molybdenum  steels 

See  also  Chromium  molybdenum  steels 

Molybdenum  steels.  Heat  treatment 

Softening  and  Microstructural  Change  Following  the  Dynamic 
Recrystallization  of  Austenite. 

Monel 

See  Nickel  base  alloys 

Monocrystals 

See  Single  crystals 

Multiaxiai  stress 

See  Axial  stress 

Natural  aging 

See  Aging  (natural) 

Near  net  shaping 

Modeling  the  Thin-Slab  Continuous-Casting  Mold. 

Modelling  the  Infiltration  Kinetics  of  Molten  Aluminum  Into 
Porous  Titanium  Carbide. 

Necking,  Stress  effects 

Crack  Initiation  at  Long  Radial  Hydrides  in  Zr — 2.5Nb  Pres¬ 
sure  Tube  Material  at  Elevated  Temperatures. 

Nickel,  Alloying  elements 

Solid-State  Wetting  of  Graphite  by  Lead  and  Pb — Ni  Alloys. 

Thermodynamics  and  Kinetics  of  the  Formation  of 
Widmanstatten  Ferrite  Plates  in  Ferrous  Alloys.  (Confer¬ 
ence  Paper) 

Nickel,  Binary  systems 

Partition  of  Alloying  Elements  Between  y  (A1),  7’  (LI  2),  and  0 
(B2)  Phases  in  Ni — Al  Base  Systems. 

Nickel,  Composite  materials 

Thermodynamics  of  Isolated  Pores  Filling  With  Liquid  in  Sin¬ 
tered  Composite  Materials. 

Nickel,  Microstructure 

Characterization  of  Inhomogeneous  Elastic  Deformation  With 
X-Ray  Diffraction. 

Nickel,  Phases  (state  of  matter) 

The  Velocity  of  Solidification  of  Highly  Undercooled  Nickel. 

Nickel,  Physical  properties 

Sticking  of  Solids  in  Liquids. 

Nickel,  Recovering 

Processing  of  Spent  Hydrorefining  Catalysts  by  Selective 
Chlorination. 

Nickel,  Refining 

Physicochemical  Properties  of  Nickel  Electrolytes. 

Nickel,  Sorption 

Gas  Trapping  and  Release  in  Polycrystalline  Nickel  Preim¬ 
planted  With  Helium. 

Nickel,  Structural  hardening 

Diffusional  Boundary  Conditions  During  Coarsening  of  Elasti¬ 
cally  Interacting  Precipitates. 

Nickel,  Ternary  systems 

Thermodynamic  Properties  of  Ternary  Liquid  Cu — Mg — Ni 
Alloys. 

Numerical  Modeling  of  Solidification  and  Subsequent  Trans¬ 
formation  of  Fe — Cr — Ni  Alloys. 

Nickel  base  alloys,  Atomic  properties 

The  Diffuse-Scattering  Method  for  Investigating  Locally  Or¬ 
dered  Binary  Solid  Solutions. 

Nickel  base  alloys,  Casting 

Three-Dimensional  Simulation  of  the  Grain  Formation  in  in¬ 
vestment  Castings. 


267-275A 

1991-2000A 
2769-2781 A 

2111-2116A 

481-490B 

5-15A 
1 033-1 040A 

389-400A 


443-457B 

2357-2370A 

993-1 004A 
607-61 5A 

1 947-1 953A 

473-485A 

733-740A 

341-347A 

1301-1308A 

397-403B 

481-490B 

637-644B 

949-959A 

2695-2703A 

63-72B 

1309-1321A 

17-35A 

629-635A 
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Nickel  base  alloys 


Nickel  base  alloys,  Claddings 

Processing,  Microstructure,  and  Properties  of  Laser-Ciad 
Nickel  Alloy  FP-5  on  Al  Alloy  AA333.  425-434B 

Nickel  base  alloys,  Coating 

Microstructural  Evolution  of  an  Overlay  Coating  on  a  Single- 
Crystal  Nickel-Base  Superatloy.  2837-2840A 

Nickel  base  alloys.  Composite  materials 

Investigation  of  the  Kinetics  of  Reduction  of  Nickel  Tungstate 
by  Hydrogen,  391-396B 

Nickel  base  alloys.  Corrosion 

Creep  and  Intergranular  Cracking  of  Ni — Cr — Fe — C  in 
360°C  Argon .  1 1 69-1 1 83A 

Nickel  base  alloys.  Extrusion 

Discussion  of  “The  Distribution  of  Dispersoid  Phases  in  the 
Extruded  ODS  Superalloy  MA-957  and  Reply.  651-653A 

Nickel  base  alloys.  Heat  treatment 

Hydrogen  Permeation  Behavior  in  IN718  and  GH761  Superal¬ 
loys.  539-544A 

Computer  Simulation  of  Diffusion  in  Multiphase  Systems.  1127-1134A 

Nickel  base  alloys.  Mechanical  properties 

Behavior  of  Nickel-Base  Superalloy  Single  Crystals  Under 
Thermal — Mechanical  Fatigue.  99-1 09A 

Effect  of  Orientation  on  Crystallographic  Cracking  in  Notched 
Nickel-Base  Superalloy  Single  Crystal  Subjected  to  Far- 
Field  Cyclic  Compression.  287-297A 

Characterization  of  Mechanically  Alloyed  Oxide  Dispersion- 
Strengthened  Nickel-Base  Superalloy  MA760.  705-714A 

Hot  Deformation  Characteristics  of  INCONEL  Alloy  MA  754 
and  Development  of  a  Processing  Map.  1693-1702A 

Modeling  the  Effects  of  Stress  State  and  Crystal  Orientation 
on  the  Stress-Induced  Transformation  of  NiTi  Single  Crys¬ 
tals,  2383-2389A 

Nickel  base  alloys,  Metal  working 

Microstructural  Control  in  Hot  Working  of  IN-718  Superalloy 
Using  Processing  Map.  2275-2284A 

Nickel  base  alloys,  Microstructure 

Transmission  Electron  Microscopy  Crystal  Structure  Study  of 
the  Chromium-Rich  Phase  in  a  Laser-Clad  Nickel  Alloy.  487-497A 

Nickel  base  alloys.  Oxidation 

Oxygen  Potentials  in  Nickel  +  NiO  and 
Nickel  +  Cr203  +  NiCrgOA  Systems.  373-378B 

Nickel  base  alloys.  Phases  (state  of  matter) 

Triclinic  Ni2AI  Phase  in  63.1  at.%  NiAI.  57-61A 

Nickel  base  alloys,  Reactions  (chemical) 

Thermodynamics  of  Oxygen  and  Nitrogen  in  Liquid  Nickel 
Equilibrated  With  CaO — TiO*  and  CaO — TiO* — AI2O3 
Melts.  5-13B 

Nickel  base  alloys,  Structural  hardening 

Strain  Hardening  in  Underaged  Inconel  718.  653-656A 

Nickel  base  alloys,  Welding 

The  Influence  of  Electron-Beam  Welding  Parameters  on 
Heat-Affected-Zone  Microfissuring  in  Incoloy  903.  1733-1745A 

Effect  of  Welding  Variables  and  Solidification  Substructure  on 
Weld  Metal  Porosity.  2285-2294A 

Nickel  chromium  molybdenum  steels.  Heat  treatment 

The  Effects  of  Double  Austenitization  on  the  Mechanical 
Properties  of  a  0.34C  Containing  Low-Alloy  Ni — Cr — Mo — 

V  Steel.  545-555A 

Phosphorus  and  Carbon  Segregation:  Effects  on  Fatigue  and 
Fracture  of  Gas-Carburized  Modified  4320  Steel.  T229-1240A 

Nickel  chromium  steels 

See  Nickel  chromium  molybdenum  steels 

Nickel  compounds.  Composite  materials 

Fiber  Strength  and  Fiber/Matrix  Bond  Strength  in  Single 
Crystal  AI2O3  Fiber  Reinforced  NiaAl  Based  Composites.  1 259-1 265A 
A  Structural  Study  of  Oxidation  in  a  Zirconia-Toughened  Alu¬ 
mina  Fiber-Reinforced  NiAI  Composite.  1291-1299A 

Development  and  Characterization  of  Interface  Coatings  in 
Molybdenum-Reinforced  NiAI  Matrix  Composites.  2111-2116A 

Melt-Processed  NisAl  Matrix  Composites  Reinforced  With 
TiC  Particles.  2525-2534A 

Nickel  compounds,  Extrusion 

Discussion  of  "The  Role  of  Microstructure  on  Strength  and 
Ductility  of  Hot-Extruded  Mechanically  Alloyed  NiAI"  and 
Author’s  Reply.  2303-2305A 

Nickel  compounds,  Mechanical  properties 

Low-Cycle  Fatigue  Behavior  of  Polycrystalline  NiAI  at  1000K.  309-319A 

Low  Cycle  Fatigue  Behavior  of  Polycrystalline  NisAI  Alloys  at 
Ambient  and  Elevated  Temperatures.  2469-2476A 

Creep  Characteristics  of  Single  Crystalline  Ni3AI{Ta,B),  2477-2482A 

Microstructures  and  Mechanial  Behavior  of  NiAI-Mo  and 
NiAI-Mo-Ti  Two-Phase  Alloys.  2769-2781A 

Nickel  compounds,  Powder  technology 

Determination  of  Residual  Nickel  in  Mechanically  Alloyed 
NiAI.  871-874A 

High-Performance  NisAI  Synthesized  From  Composite  Pow¬ 
ders.  985-992A 

Nickel  compounds.  Rolling 

High-Temperature  Deformation  of  B2  NiAI-Base  Alloys.  (Con¬ 
ference  Paper)  2017-2026A 

Nickel  molybdenum  chromium  steels 

See  Nickel  chromium  molybdenum  steels 

Nickel  molybdenum  steels 

See  Nickel  chromium  molybdenum  steels 


Nickel  steels,  Phases  (state  of  matter) 

Decomposition  of  Iron — Nickel  Martensite:  Implications  for 
the  Low-Temperature  (<  500®C)  Fe — NI  Phase  Diagram.  1 627-1 637A 
Numerical  Modeling  of  y  Precipitate  Growth  During  Fe — Ni 
Martensite  Decomposition  at  Low  Temperatures  {<  400®C).  1 639-1 648A 

Niobium,  Alloying  elements 

Compositional  and  Microstructural  Changes  Which  Attend 
Reheating  and  Grain  Coarsening  in  Steels  Containing  Nio¬ 
bium.  277-286A 

Effects  of  Austenite  Grain  Size  and  Cooling  Rate  on 
Widmanstatten  Ferrite  Formation  in  Low-Alloy  Steels.  665-675A 

Niobium,  Composite  materials 

The  Effect  of  Niobium  Morphology  on  the  Cyclic  Oxidation 
Resistance  of  MoSi2/20  vol.%  Niobium  Composites.  1 033-1 040A 

Niobium  compounds,  Superconductivity 

Effect  of  Oxygen  and  Zirconium  on  the  Growth  and  Super¬ 
conducting  Properties  of  NbsSn.  203-21 2A 

The  Role  of  Oxygen  and  Zirconium  in  the  Formation  and 
Growth  of  Nb3Sn  Grains.  213-219A 

Nitrogen,  Alloying  elements 

Compositional  and  Microstructural  Changes  Which  Attend 
Reheating  and  Grain  Coarsening  in  Steels  Containing  Nio¬ 
bium.  277-286A 

Nitrogen,  Dopants 

Effects  of  Simultaneous  Boron  and  Nitrogen  Implantation  on 
Microhardness  and  Fatigue  Properties  of  Fe — 13Cr — 15Ni 
Alloys.  193-202A 

Nodular  graphitic  structure,  Stress  effects 

The  Effect  of  Triaxial  Stress  on  Ductility  and  Fracture  Mor¬ 
phology  of  Ferritic  Spheroidal  Graphite  Cast  Iron.  821-825A 

Nodular  iron,  Heat  treatment 

The  Role  of  Magnesium-Containing  Spheroidizer  and  Coun¬ 
teraction  of  Misch  Metal  in  the  Intermediate  Temperature 
Intergranular  Embrittlement  of  Ferritic  Nodular  Iron.  2305-2309A 

Nodular  iron.  Mechanical  properties 

Evaluation  of  Static  and  Dynamic  Fracture  Toughness  in  Duc¬ 
tile  Cast  Iron.  2427-2437A 

Nodular  iron,  Microstructure 

Chemical  Composition  and  Structural  Identification  of  Eutec¬ 
tic  Carbide  in  1%  Manganese  Ductile  Iron.  911-918A 

Nodules  (graphite) 

See  Nodular  graphitic  structure 

Nondestructive  testing 
See  Ultrasonic  testing 

Nonferrous  alloys 

See  Cobalt  base  alloys 
Nickel  base  alloys 
Zinc  base  alloys 
Zirconium  base  alloys 

Nonferrous  metals 
See  Cobalt 
Copper 
Gallium 
Indium 
Manganese 
Nickel 
Yttrium 
Zinc 

Zirconium 

Nonferrous  smelting 

See  Smelting 

Notch  brittleness 

See  Brittleness 

Notch  ductility 

See  Ductility 

Notch  impact  strength 
See  Impact  strength 

Notch  impact  tests 

See  Impact  tests 

Notched  bar  tensile  test 

See  Tension  tests 

Notched  bend  test 

See  Bend  tests 

Nuclear  fuels,  Diffusion 

Interdiffusion  Between  Uranium — Zirconium  Fuel  vs.  Se¬ 
lected  Cladding  Steels.  1 649-1 653A 

Nuclear  reactor  components,  Irradiation 

Deformation  Behavior  of  Irradiated  Zr — 2.5Nb  Pressure  Tube 
Material.  135-145A 

Nuclear  reactor  components,  Materials  selection 

Hydride  Embrittlement  in  Zircaioy-4  Plate.  II.  Interaction  Be¬ 
tween  the  Tensile  Stress  and  the  Hydride  Morphology.  1199-1208A 

Nuclear  reactor  components,  Mechanical  properties 
Hydride  Embrittlement  in  Zircaloy-4  Plate.  I.  Influence  of  Mi¬ 
crostructure  on  the  Hydride  Embrittlement  in  Zircaloy-4  at 
ZOandSSO^C.  1185-1197A 

Nucleation 

High-Resolution  Analytical  Electron  Microscopy  Study  of  Iso¬ 
thermal  Plate-Shaped  Products  in  Some  (f-Phase  Alloys. 

(Conference  Paper)  2569-2579A 

The  Formation  Mechanism  of  Plate  in  0  Cu-Zn  and  Cu-Zn-AI 
Alloys.  (Conference  Paper)  2601-2608A 
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Particulate  composites 


Nucleation,  Alloying  effects 

Effects  of  Carbon  Content  and  Ausaging  on  -y  «'  Trans¬ 
formation  Behavior  and  Reverse-Transformed  Structure  in 
Fe— Ni— Co— Al— C  Alloys.  63-71A 

Effects  of  Austenite  Grain  Size  and  Cooling  Rate  on 
Widmanstatten  Ferrite  Formation  in  Lo\A/-Alloy  Steels.  665-675A 

On  the  Prebainitic  Phenomenon  in  Some  Alloys.  (Conference 
Paper)  1941-1946A 


Nucleation,  Cooling  effects 

Intragranular  Ferrite  Nucleation  in  Medium-Carbon  Vanadium 
Steels. 

Modeling  Microstructure  Development  in  Gray  Cast  Irons. 
The  Velocity  of  Solidification  of  Highly  Undercooled  Nickel. 
Undercooling-induced  Macrosegregation  in  Directional  Solid¬ 
ification. 


929-936A 
1063- 1079 A 
1301-1308A 

2507-251 6A 


Oxidation,  Stress  effects 

Behavior  of  Nickel-Base  Superalloy  Single  Crystals  Under 
Thermal — Mechanical  Fatigue. 

Oxidation,  Temperature  effects 

Kinetics  of  Interlayer  Formation  on  Polycrystalline  «-Al203/ 
Copper-Titanium  Alloy  Interface. 

Oxidation  resistance,  Composition  effects 

The  Effect  of  Niobium  Morphology  on  the  Cyclic  Oxidation 
Resistance  of  MoSi2/20  vol.%  Niobium  Composites. 
Melt-Processed  NisAI  Matrix  Composites  Reinforced  With 
TiC  Particles. 

Oxidation  resistance.  Temperature  effects 

Oxygen  Potentials  in  Nickel  +  NiO  and 
Nickel  +  Cr203  +  NiCr204  Systems. 


Nucleation,  Deformation  effects 

Effects  of  Precursor  Matrix  Events  on  Subsequent  Nucle¬ 
ation.  (Conference  Paper)  1933-1939A 

Nucleation,  Heating  effects 

Titanium-Rich  Mineral  Phases  and  the  Nucleation  of  Bainite.  1603-1611A 
Formation  Mechanism  of  Bainite  Ferrite  and  Carbide.  (Con¬ 
ference  Paper)  2001-2007A 


Nucleation,  Radiation  effects 

Helium  3  Precipitation  in  AISl  31 6L  Stainless  Steel  Induced  by 
Radioactive  Decay  of  Tritium:  Grov/th  Mechanism  of  He¬ 
lium  Bubbles.  2131-2143A 


Nucleation,  Temperature  effects 

Morphology  of  Bainite  and  Widmanstatten  Ferrite.  (Confer¬ 
ence  Paper)  1981-1989A 

Nuclei  (transformation) 

See  Nucleation 

Numerical  analysis 

Diffusion-Controlled  Grov/th  in  Ternary  Systems.  2683-2694A 

Numerical  Analysis  of  the  Rapid  Solidification  of  Gas- 
Atomized  AI-8  wt.%  Iron  Droplets.  2815-2826A 


Order  disorder 

See  also  Long  range  order 
Short  range  order 

The  Diffuse-Scattering  Method  for  Investigating  Locally  Or¬ 
dered  Binary  Solid  Solutions. 

Transmission  Electron  Microscopy  Study  of  Martensites  in 
Laser-Clad  Ni — Al  Bronze  on  Aluminium  Alloy  AA333. 
Transformation  Characteristics  of  Plates  in  Cu-2n-AI  Al¬ 
loys.  (Conference  Paper) 


17-35A 

37-46A 

2581-2599A 


Order  disorder,  Composition  effects 

Supersaturation  of  the  AI2Y  Laves  Phase  by  Rapid  Solidifica¬ 
tion.  230-233A 

Order  disorder,  Deformation  effects 

Relationships  of  Slip  Morphology,  Microcracking,  and  Frac¬ 
ture  Resistance  in  a  Lamellar  TiAl-Alloy.  1217-1228A 


Order  disorder,  Heating  effects 

Al2Ti  Precipitation  in  Al64pe8Ti2s  Alloy. 


715-721A 


Order  disorder,  Temperature  effects 

Comparison  of  Orthorhombic  and  Alpha-Two  Titanium  Alumi- 
nides  as  Matrices  for  Continuous  SiC-Reinforced  Compos¬ 
ites.  1267-1283A 


Ordered  alloys 

See  Intermetallics 


Ordering 

See  Order  disorder 


Ores 

See  iron  ores 


Orientation 

See  Orientation  relationships 

Orientation  relationships 

The  Orientation  Dependence  of  Fatigue-Crack  Growth  in 
8090  Aluminum — Lithium  Plate.  575-588A 

Mechanism  of  the  Early  Stages  of  a-\  Plate  Formation  in  a  Cu- 
39%  Zinc  Alloy.  (Conference  Paper)  2631-2637A 

The  Selection  of  Precipitate  Habit  Planes  in  Cr-32  wt.%  Ni. 

(Conference  Paper)  2639-2646A 


Oxidation 

Physical  Modeling  Studies  of  Electrolyte  Flow  Due  to  Gas 
Evolution  and  Some  Aspects  of  Bubble  Behavior  in  Ad¬ 
vanced  Hall  Cells.  II.  Flow  and  interpolar  Resistance  in 
Celts  With  a  Grooved  Anode. 

A  Mathematical  Model  of  Ionic  Transport  in  a  Porous  Dia¬ 
phragm  of  a  Chrome — Alum  Cell. 

Surface  Characterization  and  Reactivity  of  a  Nitrogen  Atom¬ 
ized  304L  Stainless  Steel  Powder. 

Interactions  Between  Drops  of  a  Molten  Aluminum  )Lithjum 
Alloy  and  Liquid  Water. 

High-Performance  Ni3AI  Synthesized  From  Composite  Pow¬ 
ders. 


341-349B 

351-358B 

509-520A 

623-625B 

985-992A 


Oxidation,  Composition  effects 

High-Temperature  Oxidation  of  Cathodically  Hydrogen- 
Charged  Two-Phase  (TisAI,  TiAl)  Titanium  Aluminides.  2491-2496A 

Oxidation,  Heating  effects 

Auger  Electron  Analysis  of  the  Initial  Oxidation  of  Titanium  Al¬ 
uminides  Based  on  Ti — 48AI.  1041-1050A 

A  Structural  Study  of  Oxidation  in  a  Zirconia-Toughened  Alu¬ 
mina  Fiber-Reinforced  NiAl  Composite.  1291-1299A 

Oxidation,  Pressure  effects 

Kinetics  of  the  Reaction  of  H2O  Gas  With  Liquid  Iron.  245-253B 


Oxides 

See  also  Aluminum  oxide 

Oxides,  Phase  transformations 

Bainitelike  Transformations  in  Some  Oxide  Ceramics.  (Con¬ 
ference  Paper) 

Oxidizing 

See  Oxidation 

Oxygen,  Alloying  elements 

Effect  of  Oxygen  and  Zirconium  on  the  Growth  and  Super¬ 
conducting  Properties  of  NbsSn. 

The  Role  of  Oxygen  and  Zirconium  in  the  Formation  and 
Growth  of  NbsSn  Grains. 

Oxygen,  Quaternary  systems 

Thermodynamic  Study  of  BaCu02  and  BaCu202. 

Oxygen,  Ternary  systems 

Thermodynamic  Study  of  the  Bi — Ca — 0  System. 

Oxygen  compounds 

See  Oxides 

Pack  rolling,  Pressure  effects 

Load-Signature  Analysis  for  Pack  Rolling  of  Near-Gamma  Ti¬ 
tanium  Aluminide  Alloys. 

Packet  rolling 

See  Pack  rolling 

Packing  (amorphous  structure) 

See  Amorphous  structure 

Packing  (crystal  density) 

See  Crystal  structure 

Packing  (liquid  structure) 

See  Atomic  structure 

Parameters 

See  Lattice  parameters 
Welding  parameters 

Partial  pressure 

Thermodynamic  Study  of  BaCu02  and  BaCu202. 

Thermodynamics  of  the  Liquid  {xCu  +  yAu  -i-  (1 — x — y)Gej, 
(0.75  <x<1.0<y<  0.125)  Alloys  at  1550K  by  Knud- 
sen  Effusion  Mass  Spectrometry. 

Particulate  composites.  Casting 

Cubic  AINi  Compound  Dispersed  Magnesium-Based  Amor¬ 
phous  Matrix  Composites  Prepared  by  Rapid  Solidification. 

Particulate  composites,  Fabrication 

Modelling  the  Infiltration  Kinetics  of  Molten  Aluminum  Into 
Porous  Titanium  Carbide. 

Melt-Processed  NisAI  Matrix  Composites  Reinforced  With 
TiC  Particles. 

Particulate  composites.  Forging 

Forging  Limits  for  an  Aluminum  Matrix  Composite.  I.  Experi¬ 
mental  Results.  (Conference  Paper) 

Forging  Limit  for  an  Aluminum  Matrix  Composite.  II.  Analysis. 
(Conference  Paper) 

Particulate  composites,  Heat  treatment 

Effect  of  Heat  Treatment  on  the  Microstructure,  Tensile  Prop¬ 
erties,  and  Fracture  Behavior  of  Permanent  Mold  AI-10 
wt.%  SI-0.6  wt.%  Mg/SiC/lOp  Composite  Castings, 

Particulate  composites,  Joining 

Kinetic  Study  of  Low-Temperature  Transient  Liquid  Phase 
Joining  of  an  Aluminum-SiC  Composite. 

Particulate  composites,  Mechanical  properties 

Characterization  of  Anisotropic  Elastic  Constants  of  Silicon- 
Carbide  Particulate  Reinforced  Aluminum  Metal  Matrix 
Composites.  II.  Theory. 

Coefficients  of  Thermal  Expansion  of  Metal-Matrix  Compos¬ 
ites  for  Electronic  Packaging. 

Effect  of  Microstructure  (Particulate  Size  and  Volume  Frac¬ 
tion)  and  Counterface  Material  on  the  Sliding  Wear  Resis¬ 
tance  of  Particulate-Reinforced  Aluminum  Matrix 
Composites. 

Transformation,  Microcrack,  and  Thermal  Residual  Stress  as 
Interactive  Processes  in  Zr02-Toughened  AI2O3,  Simulated 
by  the  Finite  Element  Method. 

Room-Temperature  Strength  and  Deformation  of  TiB2- 
Reinforced  Near-7  Titanium  Aluminides. 

Thermal-Mechanical  Fatigue  of  Ti-48AI-2V  Alloy  and  Its  Com¬ 
posite. 

Low-Cycle  Fatigue  of  Dispersion-Strengthened  Copper. 

Micromechanical  Modelling  of  Reinforcement  Fracture  in 
Particle-Reinforced  Metal-Matrix  Composites. 

The-  Influence  of  SiC  Particulates  on  Fatigue  Crack  Propaga¬ 
tion  in  a  Rapidly  Solidified  Al-Fe-V-Si  Alloy. 


99-1 09A 

2083-2090A 

1 033-1 040A 
2525-2534A 

373-378B 


2647-2653A 

203-21 2A 
21 3-21 9A 

385-389B 
97-101  B 

2539-2542A 


385-389B 

857-864A 

1323-1325A 

2357-2370A 

2525-2534A 

2027-2038A 

2039-2048A 

2247-2263A 

2705-2714A 

811-819A 

839-850A 

969-983A 

1725-1731A 

2181-2197A 

2207-2212A 

2235-2245A 

2403-2420A 

2453-2460A 
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Particulate  composites 


Fracture  Toughness  of  Discontinuously  Reinforced  AI-4Cu- 
1 .5Mg/TiB2  Composites.  2461-2468A 

Elastic  Constants  of  SiCp/AI:  Measurements  and  Modeling.  2832-2835A 

Particulate  composites,  Oxidation 

The  Effect  of  Niobium  Morphology  on  the  Cyclic  Oxidation 
Resistance  of  MoSi2/20  vol.%  Niobium  Composites.  1033-1040A 

Particulate  composites,  Phases  (state  of  matter) 

A  Two-Phase  Flow  Model  of  the  Stirring  of  Al  )SiC  Composite 
Melt.  607-61 8B 

Particulate  composites,  Powder  technology 

Modeling  of  the  Incorporation  of  Ceramic  Particulates  in  Me¬ 
tallic  Droplets  During  Spray  Atomization  and  Coinjection.  135-147B 

Characterization  of  Anisotropic  Elastic  Constants  of  Silicon- 
Carbide  Particulate  Reinforced  Aluminum  Metal  Matrix 
Composites.  I.  Experiment.  799-809A 

Microstructural  Analysis  of  Fracture  Toughness  Variation  in 
2XXX-Series  Aluminum  Alloy  Composites  Reinforced  With 
SiC  Whiskers.  2213-2223A 

Particulate  composites,  Structural  hardening 

Stress-State  Dependence  of  Strain-Hardening  Behavior  in 
2014  AI/15  vol.%  AI2O3  Composite.  {Conference  Paper)  2049-2061A 

Particulate  composites  Structural  hardening 

Role  of  AI2O3  Particulate  Reinforcements  on  Precipitation  in 
2014  Aluminum-Matrix  Composites.  1591-1602A 

Passivation,  Microstructural  effects 

Influence  of  Near-Surface  Microstructures  on  the  Transient 
Current  Response  in  Fe — Cr — Ni  Alloys  During  Scratch 
Tests.  1325-1331A 

Peariite 

The  Study  of  Adiabatic  Shear  Band  Instability  in  a  Pearlitic 
4340  Steel  Using  a  Dynamic  Punch  Test.  2483-2489A 

Peariite,  Cooling  effects 

Effects  of  Widmanstatten  Ferrite  on  the  Mechanical  Proper¬ 
ties  of  a  0.2%  C— 0.7%  Mn  Steel.  763-773A 

Modeling  Microstructure  Development  in  Gray  Cast  Irons.  1063-1079A 

Peariite,  Stress  effects 

Evaluation  of  Static  and  Dynamic  Fracture  Toughness  in  Duc¬ 
tile  Cast  Iron.  2427-2437A 

Penetration,  Temperature  effects 

Barrier-Layer  Formation  and  Its  Control  During  Hydrogen 
Permeation  Through  Ti — 24AI — 1 1  Nb  Alloy.  89-97A 

Penrose  tiling 

See  Quasicrystalline  structure 

Percolation 

Applicability  of  Bond  Percolation  Theory  to  Intergranular 
Stress-Corrosion  Cracking  of  Sensitized  AISI 304  Stainless 
Steel.  775-787A 

Peritectic  reactions 

Directional  Phase  Formation  on  Melting  via  Peritectic  Reac¬ 
tion.  1747-1760A 

Peritectic  reactions.  Cooling  effects 

Crystallization  Studies  of  the  (i‘  (Mg2Pb)  Phase  and  Its  Phase 
Boundaries  in  the  Pb — Mg — Bi  System.  255-263B 

Permanent  mold  casting 

See  Die  casting 

Permeability,  Heating  effects 

Hydrogen  Permeation  Behavior  in  IN71 8  and  GH761  Superal¬ 
loys.  539-544A 


Multiphase  Precipitation  of  Carbides  in  Fe-C  Systems.  I. 

Mode!  Based  Upon  Simple  Kinetic  Reactions.  917-925B 

Multiphase  Precipitation  of  Carbides  in  Fe-C  System.  II. 

Model  Based  on  Kinetics  of  Complex  Reactions.  927-935B 

Phase  decomposition,  Alloying  effects 

The  Influence  of  the  Alloying  Elements  Upon  the  Transforma¬ 
tion  Kinetics  and  Morphologies  of  Ferrite  Plates  in  Alloy 
Steels.  (Conference  Paper)  1991-2000A 

Phase  decomposition,  Diffusion  effects 

Decomposition  of  Iron — Nickel  Martensite:  Implications  for 
the  Low-Temperature  {<  500®C)  Fe — NI  Phase  Diagram.  1627-1637A 

Phase  decomposition,  Low  temperature  effects 

Numerical  Modeling  of  7  Precipitate  Growth  During  Fe — Ni 
Martensite  Decomposition  at  Low  Temperatures  (<  400°C).  1 639-1 648A 

Phase  diagram  reactions 

See  also  Eutectic  reactions 
Eutectoid  reactions 
Martensitic  transformations 
Peritectic  reactions 
Phase  decomposition 

Phase  diagram  reactions,  Deformation  effects 

Microstructure  and  Sound  Velocity  of  Ti-N-0  Synthetic  Inclu¬ 
sions  in  Ti-6AI-4V.  2321 -2329A 

Phase  diagram  reactions,  Heating  effects 

Interfacial  Layer  Development  in  Hot-Dip  Galvanneal  Coat¬ 
ings  on  Interstitial  Free  (IF)  Steel.  2101-2109A 

Phase  stability 

Experimental  Study  of  the  Influence  of  Interfacial  Energies 
and  Reactivity  on  Wetting  in  Metal/Oxide  Systems.  599-605A 

Spreading  and  Interlayer  Formation  at  the  Copper-Copper 
Oxide/Polycrystalline  Alumina  Interface.  2497-2506A 

Phase  stability,  Alloying  effects 

Morphological  Stability  of  yla  Interface  Formed  by  Carburiza¬ 
tion  in  Fe — C — X  Alloys.  531-537A 

Phase  stability.  Deformation  effects 

Microstructure  and  Sound  Velocity  of  Ti-N-0  Synthetic  Inclu¬ 
sions  in  Ti-6AI-4V.  2321 -2329A 

Phase  stability.  Diffusion  effects 

The  Morphological  Stability  of  Lateral  Groswth  in  Solid — Solid 
Phase  Transformation  During  Thin-Film  interdiffusion  in 
Aluminum/Copper  Bimetal  Films.  1613-1625A 

Phase  stability.  Heating  effects 

Influence  of  Tempering  Temperature  on  Stability  of  Carbide 
Phases  In  2.6Cr — 0.7Mo — 0.3V  Steel  With  Various  Carbon 
Content.  267-275A 

The  Effect  of  Phosphorus  Segregation  on  the  Intermediate- 
Temperature  Embrittlement  of  Ferritic,  Spheroidal  Graphite 
Cast  Iron.  557-561 A 

Microstructural  Study  of  the  Titanium  Alloy  Ti — 15Mo — 

2.7Nb--3AI— 0.2Si  (TIMETAL  21S).  1109-1118A 

Dynamic  Fracture  Behavior  of  Ti — 6AI — 4V  Alloy  With  Vari¬ 
ous  Stabilities  of  0  Phase.  1 655-1 666A 

The  Effect  of  Thermal  Exposure  on  Microstructural  Stability 
and  Creep  Resistance  of  a  Two-Phase  TiAI/TisAI  Lamellar 
Alloy.  2371-2381A 

Phase  stability,  Temperature  effects 

Partition  of  Alloying  Elements  Between  y  (Al),  y'  (LI 2),  and  0 
(B2)  Phases  in  Ni — Al  Base  Systems.  473-485A 

Improved  Thermochemical  Calculations  for  Maraging  Steels 
and  Comparison  With  Atom  Probe  Measurement  of  Phase 
Composition.  2538-2539A 


Permeability,  Temperature  effects 

Barrier-Layer  Formation  and  Its  Control  During  Hydrogen 
Permeation  Through  Ti — 24Af — 1 1  Nb  Alloy.  89-97A 

Permeability  (magnetic) 

See  Magnetic  permeability 

Permeation 

See  Penetration 

Phase  boundary 

The  Shapes  of  the  Phase  Boundaries  of  Two  Ideal  Solution 
Phases  in  Ternary  and  Higher  Order  Systems.  656-658A 

The  Role  of  Structural  Ledges  as  Misfit-Compensating  De¬ 
fects:  FCC-BCC  Interphase  Boundaries.  (Conference 
Paper)  1 895-1 903A 

Intrinsic  Ledges  at  Interphase  Boundaries  and  the  Crystallog¬ 
raphy  of  Precipitate  Plates.  (Conference  Paper)  1905-1915A 

Phase  boundary,  Alloying  effects 

The  Fine  Structure  and  Formation  Mechanism  of  Lower  Bai- 
nite.  (Conference  Paper)  1967-1980A 

The  Influence  of  the  Alloying  Elements  Upon  the  Transforma¬ 
tion  Kinetics  and  Morphologies  of  Ferrite  Plates  in  Alloy 
Steels.  (Conference  Paper)  1991-2000A 

Phase  boundary,  Diffusion  effects 

Multiphase  Binary  Diffusion  in  Infinite  and  Semi-Infinite 
Media.  II.  On  the  Numerical  Calculation  of  the  Rate  Con¬ 
stants  for  Formation  of  Product  Phases.  753-761A 

On  the  Role  of  Interphase-Boundary  Structure  in  Plate 
Growth  by  Diffusional  Mechanisms.  (Conference  Paper)  1875-1883A 

Phase  boundary,  Heating  effects 

Formation  Mechanism  of  Bainite  Ferrite  and  Carbide.  (Con¬ 
ference  Paper)  2001-2007A 

Phase  boundary,  Temperature  effects 

High-Temperature  Phase  Relations  and  Thermodynamics  in 
the  Iron — Lead — Sulfur  System.  53-61 B 

Phase  decomposition 

See  also  Spinodal  decomposition 


Phase  structure 

See  Solid  phases 

Phase  transformations 

See  also  Allotropic  transformation 

Martensitic  transformations 

Crystallographic  Characteristics  of  the  Al — Co  Decagonal 
Quasicrystal  and  Its  Monoclinic  Approximant  t^-AIi3Co4.  47-56A 

77  to  G  Phase  Transformation  in  Electrodeposited  Iron — Zinc 
Alloy  Coatings.  1119-1125A 

Titanium-Rich  Mineral  Phases  and  the  Nucleation  of  Bainite.  1603-1 611 A 
Ledges  and  Dislocations  in  Phase  Transformations.  (Confer¬ 
ence  Paper)  1 885-1 894A 

Thermodynamic  Consideration  of  Formation  Mechanism  of 

Plate  in  j8Cu-Base  Alloys.  (Conference  Paper)  2555-2564A 

Transformation  Characteristics  of  Plates  in  Cu-Zn-Al  Al¬ 
loys.  (Conference  Paper)  2581-2599A 

The  Formation  Mechanism  of  Plate  in  0  Cu-Zn  and  Cu-Zn-AI 
Alloys.  (Conference  Paper)  2601-2608A 

Growth  Kinetics  and  High-Temperature  TEM  In  Situ  Observa¬ 
tion  of  Bainite  in  a  Cu-Zn  Alloy.  (Conference  Paper)  2609-261 4A 

Study  on  Wie  Transformation  Mechanism  of  «i  Plates  in  a 
Copper-Zinc-Aluminum  Alloy.  (Conference  Paper)  261 5-261 9A 

A  Discussion  on  the  Formation  of  Bainite  and  Other  Precipi¬ 
tates  in  Copper-Zinc  and  Silver-Zinc  Alloys.  (Conference 
Paper)  2621-2629A 

Mechanism  of  the  Early  Stages  of  «i  Plate  Formation  in  a  Cu- 
39%  Zinc  Alloy.  (Conference  Paper)  2631-2637A 

The  Selection  of  Precipitate  Habit  Planes  in  Cr-32  wt.%  Ni. 

(Conference  Paper)  2639-2646A 

Bainitelike  Transformations  in  Some  Oxide  Ceramics.  (Con¬ 
ference  Paper)  2647-2653A 

General  Discussion  Session  of  the  Pacific  Rim  Conference 
on  the  Roles  of  Shear  and  Diffusion  in  the  Formation  of 
Plate-Shaped  Transformation  Products.  (Conference 
Paper)  2655-2673A 

Diffusion-Controlled  Growth  in  Ternary  Systems.  2683-2694A 

Phase  transformations,  Alloying  effects 

Effects  of  Austenite  Grain  Size  and  Cooling  Rate  on 
Widmanstatten  Ferrite  Formation  in  Low-Alloy  Steels.  665-675A 
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Plate  metal 


On  the  Prebainitic  Phenomenon  in  Some  Alloys.  {Conference 
Paper)  1941-1946A 

Thermodynamics  and  Kinetics  of  the  Formation  of 
Widmanstatten  Ferrite  Plates  in  Ferrous  Alloys.  (Confer¬ 
ence  Paper)  1 947-1 953A 

The  Fine  Structure  and  Formation  Mechanism  of  Lower  Bai- 
nite.  (Conference  Paper)  1967-1980A 

The  Influence  of  the  Alloying  Elements  Upon  the  Transforma¬ 
tion  Kinetics  and  Morphologies  of  Ferrite  Plates  in  Alloy 
Steels.  (Conference  Paper)  1991-2000A 

Phase  transformations,  Cooling  effects 

Intragranular  Ferrite  Nucleation  in  Medium-Carbon  Vanadium 
Steels.  929-936A 

Calorimetric  Evaluation  of  Nonequilibrium  State  in  As-Melt 
Spun  Ai — 1.72  and  Ai — 3.12  at.%  Cu  Alloys  and  Al — 6.74, 

Ai— 8.48,  and  AI— 11.97  at.%  Si  Alloys.  1102-1 104A 

Microsegregation  in  Cellular  Solidification.  2295-2301A 

Phase  transformations,  Deformation  effects 

A  Simple  Model  for  Conventional  Hot  Rolling  of  Sheet  Materi¬ 
als  1681-1692A 

Effects  of  Precursor  Matrix  Events  on  Subsequent  Nucle¬ 
ation.  (Conference  Paper)  1933-1939A 

Phase  transformations,  Diffusion  effects 

The  Morphological  Stability  of  Lateral  Growth  in  Solid — Solid 
Phase  Transformation  During  Thin-Film  Interdiffusion  In 
Aiuminum/Copper  Bimetal  Films.  1613-1625A 

Crystallographic  Theories,  Interface  Structures,  and  Trans¬ 
formation  Mechanisms.  (Conference  Paper)  1821-1839A 

Application  of  the  Theory  of  Martensite  Crystallography  to 
Displacive  Phase  Transformations  in  Substitutional  Nonfer- 
rous  Alloys.  (Conference  Paper,  Review)  1841-1856A 

A  Comparison  Between  Three  Simple  Crystallographic  Prin¬ 
ciples  of  Precipitate  Morphology.  (Conference  Paper)  1857-1863A 

On  the  Role  of  Interphase-Boundary  Structure  in  Plate 
Growth  by  Diffusional  Mechanisms.  (Conference  Paper)  1875-1883A 

Diffusion  in  Growth  of  Bainite.  (Conference  Paper)  1957-1966A 

Formation  Mechanism  of  Bainitic  Ferrite  in  an  Fe  )2%  Si 
)0.6%  C  Alloy.  (Conference  Paper)  2009-201 6A 

Phase  transformations,  Stress  effects 

Transformation,  Microcrack,  and  Thermal  Residual  Stress  as 
Interactive  Processes  in  Zr02'Toughened  AI2O3.  Simulated 
by  the  Finite  Element  Method.  1725-1731A 

A  History  of  the  Controversy  Over  the  Roles  of  Shear  and  Dif¬ 
fusion  in  Plate  Formation  Above  M^i  and  a  Comparison  of 
the  Atomic  Mechanisms  of  These  Processes.  (Conference 
Paper,  Review)  1797-1819A 

Phase  transformations,  Temperature  effects 

Behavior  of  Steels  Near  the  Incipient  Melting  Temperature.  125-133A 
Thermodynamic  Predictions  for  Material  Processing  in  a 
Plasma  Reactor  Using  Solid  Oxide  Feed  Materials.  713-720B 

Fracture  and  the  Formation  of  Sigma  Phase,  MgsCg,  and  Aus¬ 
tenite  From  Delta — Ferrite  in  an  AISI  304L  Stainless  Steel.  1147-1158A 
Numerical  Modeling  of  Solidification  and  Subsequent  Trans¬ 
formation  of  Fe — Cr — Ni  Alloys.  1309-1321A 

Phases  (state  of  matter) 

See  also  Intermetallic  phases 
Liquid  phases 
Metastable  phases 
Solid  phases 
Vapor  phases 

Structure  of  As-Deposited  Iron — Zinc  Coatings  From  Chlo¬ 
ride  Bath.  249-255A 

Kinetics  in  Muliticomponent  Metallic  )(onic  Systems.  579-587B 

Multiphase  Binary  Diffusion  in  Infinite  and  Semi-infinite 
Media.  1.  On  the  Determination  of  Interdiffusion  Coeffi¬ 
cients.  741-751A 

Directional  Phase  Formation  on  Melting  via  Peritectic  Reac¬ 
tion.  1747-1760A 

The  Chromium  Equivalents  of  Selected  Elements  in  Austen¬ 
itic  Stainless  Steel.  2675-2681A 

Phases  (state  of  matter),  Alloying  effects 

Transmission  Electron  Microscopy  Crystal  Structure  Study  of 
the  Chromium-Rich  Phase  in  a  Laser-Clad  Nickel  Alloy.  487-497A 

Phases  (state  of  matter).  Heating  effects 

Computer  Simulation  of  Diffusion  in  Multiphase  Systems.  1 127-1 134A 

Phases  (state  of  matter),  Pressure  effects 

Thermodynamic  Study  of  BaCu02  and  BaCu202.  385-389B 

Phases  (state  of  matter).  Temperature  effects 

Thermodynamic  Study  of  the  Bi — Ca — O  System.  97-101B 

Local  Melting  in  AI — Mg — Zn — Alloys.  521-530A 

The  Grand  Partition  Function  of  Dilute  Biregular  Solutions.  703-71  IB 
Kinetics  of  Interlayer  Formation  on  Polycrystalline  a-Al203/ 
Copper-Titanium  Alloy  Interface.  2083-2090A 

Modeling  Creep  Deformation  of  a  Two-Phase  TiAI/TisAI  Alloy 
With  a  Lamellar  Microstructure.  2161-2171A 

Phases  (state  of  matter).  Welding  effects 

The  o7d  interface  Phase  in  Titanium  Alloys:  Artifact  or  Real 
Phase  Contribution  to  Problem  Resolution.  241-248A 

Photo  oxidation 

See  Oxidation 

Photodecomposition 

See  Decomposition  reactions 

Photoelectron  spectroscopy 

Surface  Characterization  and  Reactivity  of  a  Nitrogen  Atom¬ 
ized  304L  Stainless  Steel  Powder.  509-520A 

Photoemission  spectroscopy 

See  Photoeiectron  spectroscopy 


Physical  chemistry 

Solid-Solution  Formation  Between  Arsenic  and  Antimony  Ox¬ 
ides.  865-871 B 

Thermal  Separation  of  Arsenic  and  Antimony  Oxides.  873-884B 

Physical  properties 

See  Anisotropy 
Buoyancy 
Capillarity 
Density 
Diffusivity 
Permeability 
Porosity 
Solubility 
Surface  tension 

Pipe,  Casting 

On  the  Formation  of  Pipes  and  Centerline  Segregates  in  Con¬ 
tinuously  Cast  Billets.  123-133B 

Pitting  potential 

See  Corrosion  potential 

Plasma  arc  plating 

See  Plasma  spraying 

Plasma  arc  spraying 

See  Plasma  spraying 

Plasma  jet  spraying 

See  Plasma  spraying 

Plasma  processing 

See  also  Plasma  spraying 

Thermodynamic  Predictions  for  Material  Processing  in  a 
Plasma  Reactor  Using  Solid  Oxide  Feed  Materials.  713-720B 

Plasma  spraying 

Microstructural  Evolution  of  an  Overlay  Coating  on  a  Single- 
Crystal  Nickel-Base  Superalloy.  2837-2840A 

Plastic  deformation 

Alliqatoring  and  Damage  in  the  Cold  Rolling  of  Spheroidized 
Steels.  589-598A 

Relationships  of  Slip  Morphology.  Microcracking,  and  Frac¬ 
ture  Resistance  in  a  Lamellar  TiAI-Alloy.  1217-1228A 

Effects  of  Precursor  Matrix  Events  on  Subsequent  Nucle¬ 
ation.  (Conference  Paper)  1 933-1 939A 

Plastic  deformation,  Environmental  effects 

On  Low-Temperature  Environment-Assisted  Fatigue  Crack 
Propagation.  658-659A 

Plastic  deformation,  Pressure  effects 

The  Effects  of  Hydrostatic  Pressure  on  the  Compressive  Me¬ 
chanical  Behavior  of  LI2  AlsTi-Based  Intermetallic.  1703-1711A 

Plastic  deformation,  Stress  effects 

Analysis  of  Thermally  Induced  Stress  and  Strain  in  Continu¬ 
ous  Fiber-Reinforced  Composites.  415-425A 

Coefficients  of  Thermal  Expansion  of  Metal-Matrix  Compos¬ 
ites  for  Electronic  Packaging.  839-850A 

Crack  Initiation  at  Long  Radial  Hydrides  in  Zr — 2.5Nb  Pres¬ 
sure  Tube  Material  at  Elevated  Temperatures.  993-1 004A 

Flow  Instabilities  and  Fracture  in  Ti-6AI-4V  Deformed  in  Com¬ 
pression  at  298-673K.  2173-21 79A 

Low-Cycle  Fatigue  of  Dispersion-Strengthened  Copper.  2235-2245A 

Effect  of  Iron  on  the  Superplastic  Deformation  of  Zn-22%AI.  2391-2401A 

Plastic  strain 

See  Plastic  deformation 

Plasticity 

See  also  Superplasticity 

Plasticity,  Composition  effects 

Room-Temperature  Strength  and  Deformation  of  TiB2- 
Reinforced  Near-7  Titanium  Aluminides.  21 81  -21 97A 

Plasticity,  Deformation  effects 

Anisotropic  Plastic  Potentials  for  Polycrystals  and  Application 
to  the  Design  of  Cptimum  Blank  Shapes  in  Sheet  Forming.  1 209-1 21 6A 

Plasticity,  High  temperature  effects 

Low-Cycle  Fatigue  Behavior  of  Polycrystalline  NiAl  at  1000K.  309-31 9A 

Plasticity,  Microstructural  effects 

Microstructure  and  Mechanical  Properties  of  Ti — 40  wt.%  Ta 
(Ti— 15  at.%  Ta).  461-472A 

Textural  and  Microstructural  Gradient  Effects  on  the  Mechan¬ 
ical  Behavior  of  a  Tantalum  Plate.  1 025-1 031 A 

Plasticity,  Stress  effects 

Crack  Initiation  at  Long  Radial  Hydrides  in  Zr — 2.5Nb  Pres¬ 
sure  Tube  Material  at  Elevated  Temperatures.  993-1 004A 

Hydride  Embrittlement  in  Zircaloy-4  Plate.  II.  Interaction  Be¬ 
tween  the  Tensile  Stress  and  the  Hydride  Morphology.  1 199-1 208A 
Modeling  the  Effects  of  Stress  State  and  Crystal  Orientation 
on  the  Stress-Induced  Transformation  of  NiTi  Single  Crys¬ 
tals.  2383-2389A 

Plasticity  stress  effects 

Forging  Limit  for  an  Aluminum  Matrix  Composite.  II.  Analysis. 

(Conference  Paper)  2039-2048A 

Plate  metal,  Casting 

A  Note  on  the  Sensitivity  of  Solidification  Models  to  Thermo¬ 
physical  Properties.  154-157B 

Plate  metal,  Heat  treatment 

Effects  of  Widmanstatten  Ferrite  on  the  Mechanical  Proper¬ 
ties  of  a  0.2%  C — 0.7%  Mn  Steel.  763-773A 

Plate  metal,  Mechanical  properties 

Textural  and  Microstructural  Gradient  Effects  on  the  Mechan¬ 
ical  Behavior  of  a  Tantalum  Plate.  1025-1031 A 
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Plate  metal 


Fracture  and  the  Formation  of  Sigma  Phase,  M23C6,  and  Aus¬ 
tenite  From  Delta— Ferrite  in  an  AISI  304L  Stainless  Steel.  1147-1158A 
Platinum 

Thermodynamic  Stability  of  Metallurgical  Coke  Relative  to 
Graphite.  149-151 B 

Platinum  metals 
See  Platinum 


Plutonium,  Binary  systems 

Formation  and  Stability  of  Metastable  Structures  and  Amor¬ 
phous  Phases  in  Pu— V,  Pu— TA,  and  Pu— Yb  Systems 
With  Positive  Heats  of  Mixing.  1579-1590A 

Point  defects 

See  Lattice  vacancies 

Poissons  ratio 

Elastic  Constants  of  SiCp/AI:  Measurements  and  Modeling. 

Poissons  ratio,  Temperature  effects 

Elastic  Constants  of  Some  Transition-Metal-DisiNcide  Single 
Crystals. 

Poling 

See  Deoxidizing 

Polygonization 

77  to  G  Phase  Transformation  in  Electrodeposited  Iron — Zinc 
Alloy  Coatings.  1119-11 25A 

Pores 

See  Porosity 

Porosity 

Nanocrystalline  Iron  Sintering  Behavior  and  Microstructural 
Development. 

Characterization  of  Anisotropic  Elastic  Constants  of  Silicon- 
Carbide  Particulate  Reinforced  Aluminum  Metal  Matrix 
Composites.  I.  Experiment. 

Capillarity  in  isothermal  Infiltration  of  Alumina  Fiber  Preforms 
With  Aluminum. 

Porosity,  Coating  effects 

The  Effect  of  Low  Gold  Concentrations  on  the  Creep  of  Eu¬ 
tectic  Tin — Lead  Joints.  1249-1257A 

Porosity,  Cooling  effects 

On  the  Formation  of  Pipes  and  Centerline  Segregates  In  Con¬ 
tinuously  Cast  Billets.  123-133B 

Porosity,  Diffusion  effects 

Determination  of  Pore  Mobility  During  Sintering.  81-87A 

Porosity,  Heating  effects 

Effect  of  Supereutectic  Homogenization  on  Incidence  of  Po¬ 
rosity  in  Aluminum  Alloy  2014  Ingot.  111-122B 

Porosity,  Welding  effects 

Effect  of  Welding  Variables  and  Solidification  Substructure  on 
Weld  Metal  Porosity.  2285-2294A 

Porosity  stress  effects 

Forging  Limit  for  an  Aluminum  Matrix  Composite.  II.  Analysis. 

(Conference  Paper)  2039-2048A 

Potential  (electric) 

See  Electric  potential 

Pots  (electrolytic) 

See  Electrolytic  cells 

Powder  blending 

Mechanical  Processing  of  Iron  Powders  in  Reactive  and  Non¬ 
reactive  Gas  Atmospheres. 

Powder  metallurgy 

See  also  Sintering  (powder  metallurgy) 

Characterization  of  Anisotropic  Elastic  Constants  of  Silicon- 
Carbide  Particulate  Reinforced  Aluminum  Metal  Matrix 
Composites.  I.  Experiment. 

Superplastic  Behavior  of  Two  Ultrahigh  Boron  Steels. 

Microstructural  Analysis  of  Fracture  Toughness  Variation  in 
2XXX-Series  Aluminum  Alloy  Composites  Reinforced  With 
SiC  Whiskers. 

Low-Cycle  Fatigue  Properties  of  a  SiC  Whisker-Reinforced 
2124  Aluminum  Alloy. 

Microstructure  and  Sound  Velocity  of  Ti-N-0  Synthetic  Inclu¬ 
sions  in  Ti-6Ai-4V. 


381-388A 

799-809A 

1241-1248A 

2213-2223A 

2265-2274A 

2321-2329A 


677-685A 

799-809A 

2145-2152A 


2832-2835A 

331-340A 


Powder  metallurgy  parts,  Metal  working 

Superplastic  Behavior  of  Thermomechanically  Treated  P/M 
7091  Aluminum  Alloy.  2153-2160A 

Powder  technology 

See  also  Atomizing 

Powder  metallurgy 

The  Injection  of  Solids  Using  a  Reactive  Carrier  Gas.  653-660B 

Praseodymium  base  alloys,  Phases  (state  of  matter) 

Standard  Enthalpies  of  Formation  of  Some  Praseodymium 
Alloys  of  High-Temperature  Direct  Synthesis  Calorimetry.  73-77B 

Precious  metal  alloys 

See  Gold  base  alloys 
Silver  base  alloys 

Precious  metals 

See  Gold 
Silver 


Precipitates,  Diffusion  effects 

A  Comparison  Between  Three  Simple  Crystallographic  Prin¬ 
ciples  of  Precipitate  Morphology.  (Conference  Paper)  1857-1863A 

Precipitation 

See  also  Intergranular  precipitation 
Sedimentation 


Triclinic  Ni2A!  Phase  in  63.1  at.%  NiAI. 

The  Role  of  Oxygen  and  Zirconium  in  the  Formation  and 
Growth  of  NbaSn  Grains. 

Precipitation  Effects  During  Hot  Deformation  of  a  Copper 
Alloy. 

Multiphase  Precipitation  of  Carbides  in  Fe-C  Systems.  I. 

Model  Based  Upon  Simple  Kinetic  Reactions. 

Multiphase  Precipitation  of  Carbides  in  Fe-C  System.  II. 

Model  Based  on  Kinetics  of  Complex  Reactions. 

Intrinsic  Ledges  at  Interphase  Boundaries  and  the  Crystallog¬ 
raphy  of  Precipitate  Plates.  (Conference  Paper) 

The  Elastic  Strain  Energy  of  Growth  Ledges  on  Coherent  and 
Partially  Coherent  Precipitates. 

Microstructural  Analysis  of  Fracture  Toughness  Variation  in 
2XXX-Series  Aluminum  Alloy  Composites  Reinforced  With 
SiC  Whiskers. 

Melt-Processed  NisAl  Matrix  Composites  Reinforced  With 
TiC  Particles. 

Long-Range  Ordering  in  the  Early  Stages  of  Precipitation  )a 
Brief  Review.  (Conference  Paper) 

A  Discussion  on  the  Formation  of  Bainite  and  Other  Precipi¬ 
tates  in  Copper-Zinc  and  Silver-Zinc  Alloys.  (Conference 
Paper) 

The  Selection  of  Precipitate  Habit  Planes  in  Cr-32  wt.%  Ni. 
(Conference  Paper) 

Precipitation,  Alloying  effects 

Compositional  and  Microstructural  Changes  Which  Attend 
Reheating  and  Grain  Coarsening  in  Steels  Containing  Nio¬ 
bium. 

Thermodynamics  and  Kinetics  of  the  Formation  of 
Widmanstatten  Ferrite  Plates  in  Ferrous  Alloys.  (Confer¬ 
ence  Paper) 

The  Fine  Structure  and  Formation  Mechanism  of  Lower  Bai¬ 
nite.  (Conference  Paper) 

Precipitation,  Cooling  effects 

Characterization  of  Mechanically  Alloyed  Oxide  Dispersion- 
Strengthened  Nickel-Base  Superalloy  MA760. 

Intragranular  Ferrite  Nucleation  in  Medium-Carbon  Vanadium 
Steels. 

Precipitation  of  BCC  Phase  from  Nonequilibrium  A1 3-Type 
Phase  in  Rapidly  Solidified  High-Carbon  Fe-Cr-Mo  Alloy. 

Precipitation,  Diffusion  effects 

The  Invariant  Line  and  Precipitate  Morphology  in  FCC-BCC 
Systems.  (Conference  Paper) 

Atomic  Site  Correspondence  and  Surface  Relief  in  the  For¬ 
mation  of  Plate-Shaped  Transformation  Products.  (Confer¬ 
ence  Paper) 

Precipitation,  Heating  effects 

Hydrogen  Permeation  Behavior  in  IN718  and  GH761  Superai- 
loys. 

The  Effects  of  Double  Austenitization  on  the  Mechanical 
Properties  of  a  0.34C  Containing  Low-Alloy  Ni — Cr — Mo — 
V  Steel. 

Heat  Treatment  of  Investment  Cast  PH  13-8  Molybdenum 
Stainless  Steel.  II.  Isothermal  Aging  Kinetics. 

AI2TI  Precipitation  in  Alg4Fe8Ti28  Alloy. 

Heat  Treatment  of  Investment  Cast  PH  13-8Mo  Stainless 
Steel.  I.  Mechanical  Properties  and  Microstructure. 
Microstructural  Study  of  the  Titanium  Alloy  Ti — 15Mo — 
2.7Nb— 3A}— 0.2Si  (TIMETAL  21 S). 

Interstitial  Precipitation  in  Fe — Cr — Al  Alloys. 

Role  of  AI2O3  Particulate  Reinforcements  on  Precipitation  in 
2014  Aluminum-Matrix  Composites. 

Formation  Mechanism  of  Bainite  Ferrite  and  Carbide.  (Con¬ 
ference  Paper) 

Isothermal  Formation  of  Quasicrystalline  Precipitates  and 
Their  Effect  on  Strength  in  a  12Cr-9Ni-4Mo  Maraging  Stain¬ 
less  Steel. 

Precipitation,  Low  temperature  effects 

Numerical  Modeling  of  7  Precipitate  Growth  During  Fe — Ni 
Martensite  Decomposition  at  Low  Temperatures  (<  400°C). 

Precipitation,  Radiation  effects 

Helium  3  Precipitation  in  AISI  31 6L  Stainless  Steel  Induced  by 
Radioactive  Decay  of  Tritium:  Microstructural  Study  of  He¬ 
lium  Bubble  Precipitation. 

Helium  3  Precipitation  in  AISI  31 6L  Stainless  Steel  Induced  by 
Radioactive  Decay  of  Tritium:  Growth  Mechanism  of  He¬ 
lium  Bubbles. 

Precipitation,  Stress  effects 

Stress-State  Dependence  of  Strain-Hardening  Behavior  in 
2014  AI/15  vol.%  A1203  Composite.  (Conference  Paper) 

Precipitation,  Temperature  effects 

Morphology  of  Bainite  and  Widmanstatten  Ferrite.  (Confer¬ 
ence  Paper) 

Improved  Thermochemical  Calculations  for  Maraging  Steels 
and  Comparison  With  Atom  Probe  Measurement  of  Phase 
Composition. 

Precipitation,  Welding  effects 

Characterization  of  a  Diffusion-Bonded  Al — Mg  Alloy/SiC  In¬ 
terface  by  High  Resolution  and  Analytical  Electron  Micros¬ 
copy. 

Precipitation  hardening 

Diffusional  Boundary  Conditions  During  Coarsening  of  Elasti¬ 
cally  Interacting  Precipitates. 

Precipitation  hardening  alloys 

See  Precipitation  hardening  steels 

Precipitation  hardening  steels 

See  also  Maraging  steels 

Precipitation  hardening  steels,  Heat  treatment 

Heat  Treatment  of  Investment  Cast  PH  13-8  Molybdenum 
Stainless  Steel.  U.  Isothermal  Aging  Kinetics. 
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Reaction  kinetics 


Heat  Treatment  of  Investment  Cast  PH  13-8Mo  Stainless 
Steel.  I.  Mechanical  Properties  and  Microstructure. 

Precision  casting 

See  Investment  casting 

Preferential  attack  (corrosion) 

See  Intergranular  corrosion 

Preforming 

Thermofluid  Analysis  and  Design  of  a  Low-Temperature  Pre¬ 
forming  Process. 

Pressure 

See  Partial  pressure 
Vacuum 

Pressure  casting 

Fiber  Strength  and  Fiber/Matrix  Bond  Strength  in  Single 
Crystal  AI2O3  Fiber  Reinforced  NiaAI  Based  Composites. 

Pressure  castings,  Oxidation 

A  Structural  Study  of  Oxidation  in  a  Zirconia-Toughened  Alu¬ 
mina  Fiber-Reinforced  NiAl  Composite. 

Pressure  die  casting 

See  Die  casting 

Pressure  molding 

See  Injection  molding 

Pressure  vessels,  Irradiation 

Deformation  Behavior  of  Irradiated  Zr — 2.5Nb  Pressure  Tube 
Material. 

Pressure  welding 

See  Diffusion  welding 

Primary  displacements 

See  Displacements  (lattice) 

Process  control 

A  Simple  but  Realistic  Model  for  Laser  Cladding. 

Slurry  Filtration  and  Cake  Washing  After  the  HCl-Leach  of 
Magnesite  and  Serpentine — Continuous  Washing  Model. 

Three-Dimensional  Finite  Element  Modeling  of  Gas  Metal-Arc 
Welding. 

Modeling  the  Thin-Slab  Continuous-Casting  Mold. 

Computer  Algorithms  for  Radiometric  Measurement  of  Tem¬ 
perature  During  the  Galvanneal  Process. 

Process  metallurgy 

See  also  Extractive  metallurgy 

The  Role  of  Chemical  Metallurgy  in  the  Emerging  Field  of  Ma¬ 
terials  Science  and  Engineering.  (Review) 

Propagation 

See  Crack  propagation 

Properzi  process 

See  Continuous  casting 

Protective  coatings,  Heat  treatment 

Morphology  Development  in  Hot-Dip  Galvanneal  Coatings. 

Protective  coatings,  Microstructure 

Structure  of  As-Deposited  Iron — Zinc  Coatings  From  Chlo¬ 
ride  Bath. 

The  Effect  of  Steel  Chemistry  on  the  Formation  of  Fe-Zn  In- 
termetallic  Compounds  of  Galvanneal-Coated  Steel 
Sheets. 

Pseudoelasticity,  Stress  effects 

Characteristics  of  the  Martensitic  Transformation  and  the  In¬ 
duced  Two-Way  Shape  Memory  Effect  After  Training  by 
Compressive  Pseudoelastic  Cycling  in  Cu — Zn — A1  Single 
Crystals. 

Puddling 

See  Ironmaking 

Pulse  echo  technique 

See  Ultrasonic  testing 

Punching 

Effects  of  Texture  Gradients  on  Yield  Loci  and  Forming  Limit 
Diagrams  in  Various  Aluminum-Lithium  Sheet  Alloys. 

Purification 

Thermal  Separation  of  Arsenic  and  Antimony  Oxides. 

Thermodynamics  of  Boron  in  a  Silicon  Melt. 

Pyroceram 

See  Ceramics 

Pyrometallurgy 

Vanadium  Distribution  in  Melts  Intermediate  to  Ferroalloy 
Production  From  Vanadiferous  Slag. 

Thermodynamics  and  Phase  Relations  of  the  Fe — O — S — 
Si02(sat)  System  at  1200°C  and  the  Effect  of  Copper. 

Thermodynamic  Stability  of  Metallurgical  Coke  Relative  to 
Graphite. 

Thermal  Treatment  of  Complex  Sulfide  Ores  in  N2  and  H2  At¬ 
mospheres;  a  New  Approach  for  the  Extraction  of  Their 
Valuable  Elements.  (Review) 

Physical  and  Mathematical  Modeling  of  Pyrometallurgical 
Channel  Reactors  With  Bottom  Gas  Injection.  Residence 
Time  Distribution  Analysis  and  Ideal-Reactor-Network 
Model. 

A  Process  for  Debismuthizing  Lead  With  Magnesium. 

Equilibrium  Oxygen  Pressures  of  Iron  Silicate  Slags. 

The  Ferric  Fluosilicate  Leaching  of  Lead  Concentrates.  I.  Ki¬ 
netic  Studies. 

Thermodynamic  Simulation  Model  of  the  Isasmelt  Process 
for  Copper  Matte. 

Qualitative  analysis 

Sulfur  Determination  in  Carbon-Saturated  Iron  by  Solid-State 
Electrochemical  Sensor. 


435-441 B 
443-457B 


873-884B 

903-907B 


207-21 9B 
379-384B 
463-465B 


Quasicrystailine  structure 

Crystallographic  Characteristics  of  the  Al — Co  Decagonal 
Quasicrystal  and  Its  Monoclinic  Approximant  t^-AIi3Co4. 

Discussion  of  "Crystallographic  Characterization  of  the  Al-Co 
Decagonal  Quasicrystal  and  Its  Monoclinic  Approximant  r^- 

A(i3C04". 

Quasicrystailine  structure,  Heating  effects 

Isothermal  Formation  of  Quasicrystailine  Precipitates  and 
Their  Effect  on  Strength  in  a  12Cr-9Ni-4Mo  Maraging  Stain¬ 
less  Steel. 

Quaternary  systems,  Phases  (state  of  matter) 

Thermodynamic  Study  of  BaCu02  and  BaCu202. 

Quench  bend  tests 

See  Bend  tests 

Quenching  (cooling) 

See  also  Quenching  and  tempering 
Water  quenching 

Mechanism  of  Damping  Capacity  of  High-Chromium  Steels 
and  a-lron  and  Its  Dependence  on  Some  External  Factors. 

Softening  and  Microstructural  Change  Following  the  Dynamic 
Recrystallization  of  Austenite. 

The  Effect  of  Phosphorus  Segregation  on  the  Intermediate- 
Temperature  Embrittlement  of  Ferritic,  Spheroidal  Graphite 
Cast  Iron. 

Multiphase  Precipitation  of  Carbides  in  Fe-C  Systems.  I. 
Model  Based  Upon  Simple  Kinetic  Reactions. 

Multiphase  Precipitation  of  Carbides  in  Fe-C  System.  II. 
Model  Based  on  Kinetics  of  Complex  Reactions. 

Microstructural  Study  of  the  Titanium  Alloy  Ti — 15Mo — 
2.7Nb— 3AI— 0.2Si  (TIMETAL  21 S). 

Dynamic  Fracture  Behavior  of  Ti — 6Ai — 4V  Alloy  With  Vari¬ 
ous  Stabilities  of  0  Phase. 

Nonequilibrium  Solidification  of  Undercooled  Melt  of  Ag-Cu 
Alloy  Entrained  in  the  Primary  Phase. 

Quenching  and  tempering 

Influence  of  Tempering  Temperature  on  Stability  of  Carbide 
Phases  in  2.6Cr — 0.7Mo — 0.3V  Steel  With  Various  Carbon 
Content. 

Quenching  stresses 

See  Residual  stress 

Radiation  damage 

Heliums  Precipitation  in  AISI 316L  Stainless  Steel  Induced  by 
Radioactive  Decay  of  Tritium:  Microstructural  Study  of  He¬ 
lium  Bubble  Precipitation. 

Helium  3  Precipitation  in  AISI  316L  Stainless  Steel  Induced  by 
Radioactive  Decay  of  Tritium:  Growth  Mechanism  of  He¬ 
lium  Bubbles. 

Radioactive  decay,  Radiation  effects 

Helium  3  Precipitation  in  AISI  31 6L  Stainless  Steel  Induced  by 
Radioactive  Decay  of  Tritium:  Microstructural  Study  of  He¬ 
lium  Bubble  Precipitation. 

Radioactive  disintegration 

See  Radioactive  decay 

Radiocrystallography 

See  Crystallography 

Raney  nickel 

See  Catalysts 

Rapid  solidification 

Formation  of  Metastable  and  Equilibrium  Phases  During  Me¬ 
chanical  Alloying  of  Aluminum  and  Magnesium  Powders. 

Supersaturation  of  the  AI2Y  Laves  Phase  by  Rapid  Solidifica¬ 
tion. 

The  Cast  Structure  of  a  7075  Alloy  Produced  by  a  Water- 
Cooling  Centrifugal  Casting  Method. 

Fatigue  Crack  Growth  Rates  and  Fracture  Toughness  of 
Rapidly  Solidified  Al — 8.5Fe — 1 .2V — 1 .7Si  Alloys. 

Calorimetric  Evaluation  of  Nonequilibrium  State  in  As-Melt 
Spun  Al — 1.72  and  Al — 3.12  at.%  Cu  Alloys  and  Al — 6.74, 
Al— 8.48,  and  Al— 11.97  at.%  Si  Alloys. 

Cubic  AINi  Compound  Dispersed  Magnesium-Based  Amor¬ 
phous  Matrix  Composites  Prepared  by  Rapid  Solidification. 

High-Temperature  Deformation  of  B2  NiAI-Base  Alloys.  (Con¬ 
ference  Paper) 

Nonequilibrium  Solidification  of  Undercooled  Melt  of  Ag-Cu 
Alloy  Entrained  in  the  Primary  Phase. 

Precipitation  of  BCC  Phase  from  Nonequilibrium  A1 3-Type 
Phase  in  Rapidly  Solidified  High-Carbon  Fe-Cr-Mo  Alloy. 

Numerical  Analysis  of  the  Rapid  Solidification  of  Gas- 
Atomized  AI-8  wt.%  Iron  Droplets. 

Rare  earth  alloys 

See  Praseodymium  base  alloys 

Rare  earth  metals 

See  Ytterbium 

Rare  gases 

See  Helium 

Rates 

See  Cooling  rate 
Strain  rate 
Wear  rate 

Ratios 

See  Poissons  ratio 

Reaction  entropy 

See  Entropy 

Reaction  kinetics 

Adsorption  Kinetics  of  Dicyanoaurate  and  Dicyanoargentate 
Ions  in  Activated  Carbon. 
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Reaction  kinetics 


Investigation  of  the  Kinetics  of  Reduction  of  Nickel  Tungstate 
by  Hydrogen.  391-396B 

Kinetics  in  Muliticomponent  Metallic  )lonic  Systems.  579-587B 

Reaction  kinetics,  Pressure  effects 

Kinetics  of  the  Reaction  of  H2O  Gas  With  Liquid  Iron.  245*253B 

Reactions  (chemical) 

See  also  Blast  furnace  chemistry 
Combustion 

Decomposition  reactions 

Deoxidizing 

Dephosphorizing 

Dissolution 

Electrolysis 

Hydrogenation 

Interface  reactions 

Oxidation 

Interactions  Between  Drops  of  a  Molten  Aluminum  )Lithium 
Alloy  and  Liquid  Water.  623-625B 

Reactions  (nuclear) 

See  Radioactive  decay 

Thermonuclear  reactions 

Reactivity 

Experimental  Study  of  the  Influence  of  Interfacial  Energies 
and  Reactivity  on  Wetting  in  Metal/Oxide  Systems.  599-605A 

Reactivity  (chemical) 

See  Activity  (chemical) 

Reactor  fuels 

See  Nuclear  fuels 

Reclamation 

See  Recycling 

Recrystaltization 

See  also  Grain  refinement 

Effect  of  Internal  Heating  During  Hot  Compression  on  the 
Stress-Strain  Behavior  of  Alloy  304L.  2737'2752A 

Recrystallization,  Cooling  effects 

Softening  and  Microstructural  Change  Following  the  Dynamic 
Recrystallization  of  Austenite.  389-400A 

Characterization  of  Mechanically  Alloyed  Oxide  Dispersion- 
Strengthened  Nickel-Base  Superalloy  MA760.  705-714A 

Recrystallization,  Deformation  effects 

Discussion  of  ‘The  Distribution  of  Dispersoid  Phases  in  the 
Extruded  CDS  Superalloy  MA-957  and  Reply.  651-653A 

Hot  Deformation  Characteristics  of  INCONEL  Alloy  MA  754 
and  Development  of  a  Processing  Map.  1693-1702A 

Superplastic  Behavior  of  Thermomechanically  Treated  P/M 
7091  Aluminum  Alloy.  2153-2160A 

Microstructural  Control  in  Hot  Working  of  IN-718  Superalloy 
Using  Processing  Map.  2275-2284A 

Microstructure  Development  During  Conventional  and  Iso¬ 
thermal  Hot  Forging  of  a  Near-7  Titanium  Aluminide.  2753-2768A 

Recrystallization,  Heating  effects 

Microstructural  Study  of  the  Titanium  Alloy  Ti — 15Mo — 

2.7Nb— 3AI— 0,2Si  (TIMETAL  21S).  1109-1118A 

Recrystallization,  Radiation  effects 

Helium  3  Precipitation  in  AISI 31 6L  Stainless  Steel  Induced  by 
Radioactive  Decay  of  Tritium:  Microstructural  Study  of  He¬ 
lium  Bubble  Precipitation.  2117-2130A 

Recrystallization,  Temperature  effects 

Behavior  of  Steels  Near  the  Incipient  Melting  Temperature.  125-133A 

Recrystallization,  Welding  effects 

The  Influence  of  Electron-Beam  Welding  Parameters  on 
Heat-Affected-Zone  Microfissuring  in  Incoloy  903.  1733-1745A 

Recycling 

Equilibrium  Values  for  the  Dissolution  of  Solid  Copper  Into 
FeS— Na2S  Mattes.  306-308B 

Processing  of  Spent  Hydrorefining  Catalysts  by  Selective 
Chlorination.  481-490B 

Red  hardness 

See  Hardness 

Red  shortness 

See  Brittleness 

Reduction 

See  Reduction  (chemical) 

Reduction  (electrolytic) 

Reduction  (chemical) 

See  also  Deoxidizing 

Cyanide  Inhibitors  for  the  Carbon  Cathode  Materials  in  Alumi¬ 
num  Reduction  Cells.  221-226B 

Investigation  of  the  Kinetics  of  Reduction  of  Nickel  Tungstate 
by  Hydrogen.  391-396B 

Surface  Characterization  and  Reactivity  of  a  Nitrogen  Atom¬ 
ized  304L  Stainless  Steel  Powder.  509-520A 

Reduction  of  Chromite  in  Liquid  Fe  )Cr  )C  )Si  Alloys.  549-559B 

Reduction  (electrolytic) 

See  also  Electrowinning 

Small  Cell  Experiments  for  Electrolytic  Reduction  of  Uranium 
Oxides  to  Uranium  Metal  Using  Fluoride  Salts.  505-518B 

Reduction  of  area,  Environmental  effects 

Hydride  Embrittlement  in  Zircaloy-4  Plate.  I.  Influence  of  Mr- 
crostructure  on  the  Hydride  Embrittlement  in  Zircaloy-4  at 
20  and  350°C.  1185-1197A 

Reduction  of  area,  Microstructural  effects 

Fracture  and  the  Formation  of  Sigma  Phase,  M23C6,  and  Aus¬ 
tenite  From  Delta — Ferrite  in  an  AISI  304L  Stainless  Steel.  1147-1158A 


Reduction  of  area,  Stress  effects 

Creep  and  Intergranular  Cracking  of  Ni — Cr — Fe — C  in 
360^*0  Argon.  1169-1183A 

Refining 

See  Electrorefining 

Refractory  alloys 

See  Chromium  base  alloys 
Tungsten  base  alloys 

Refractory  metal  compounds 

See  Chromium  compounds 
Molybdenum  compounds 
Niobium  compounds 
Vanadium  compounds 

Refractory  metals 
See  Chromium 
Molybdenum 
Niobium 
Tantalum 
Tungsten 
Vanadium 

Relaxation 

See  Stress  relaxation 

Remelting 

See  Melting 

Replicast  process 

See  Investment  casting 

Residual  stress 

The  Influence  of  Laser  Glazing  on  Fatigue  Crack  Growth  in 
Ti— 24AI— lINb.  183-192A 

Estimation  of  Interfacial  Shear  Strength  Between  Supercon¬ 
ducting  Oxides  and  Silver  Sheath  From  Multiple-Fracture 
Phenomenon  of  the  Oxide.  349-356A 

Coefficients  of  Thermal  Expansion  of  Metal-Matrix  Compos¬ 
ites  for  Electronic  Packaging.  839-850A 

Hydride  Embrittlement  in  Zircaloy-4  Plate.  II.  Interaction  Be¬ 
tween  the  Tensile  Stress  and  the  Hydride  Morphology.  1199-1208A 
Phosphorus  and  Carbon  Segregation:  Effects  on  Fatigue  and 
Fracture  of  Gas-Carburized  Modified  4320  Steel.  1 229-1 240A 

Transformation,  Microcrack,  and  Thermal  Residual  Stress  as 
Interactive  Processes  in  Zr02-Toughened  AI2O3,  Simulated 
by  the  Finite  Element  Method.  1725-1731A 

Resistance 

See  Corrosion  resistance 
Resistance  spot  welding 

Resistance  Spot  Welding  of  Precoated  Steel  Sheet:  Compu¬ 
tational  Heat-Transfer  Analysis.  415-423B 

Resistance  welding 

See  Resistance  spot  welding 

Resistance  welds 
See  Welded  joints 

Resistivity 

Physicochemical  Properties  of  Nickel  Electrolytes.  637-644B 

Resistivity,  Heating  effects 

Aging  of  Freshly  Formed  Iron-Based  Martensites  at  Low 
Temperatures.  (Review)  889-909A 

Isothermal  Formation  of  Quasicrystalline  Precipitates  and 
Their  Effect  on  Strength  in  a  1 2Cr-9Ni-4Mo  Maraging  Stain¬ 
less  Steel.  2225-2233A 

Resistivity,  Microstructural  effects 

Role  of  AI2O3  Particulate  Reinforcements  on  Precipitation  in 
2014  Aluminum-Matrix  Composites.  1591-1602A 

Resistivity,  Temperature  effects 

Gradient  Solid  Electrolytes  for  Thermodynamic  Measure¬ 
ments:  System  Na2C03 — Na2S04.  173-1  BOA 

Resonance  testing 
See  Ultrasonic  testing 

Rheocasting 

The  Effect  of  Aging  on  Wear  Characteristics  of  Rheocast- 
Leaded  Aluminum  Alloys.  851-856A 

Rheological  properties 

See  Viscoplasticity 
Viscosity 

Risers 

Modeling  of  the  Formation  of  Under-Riser  Macrosegregation 
During  Solidification  of  Binary  Alloys.  1051-1062A 

Roasting 

Processing  of  Spent  Hydrorefining  Catalysts  by  Selective 
Chlorination.  481 -490B 

An  Analysis  of  Slag  Stratification  in  Nickel  Laterite  Smelting 
Furnaces  Due  to  Composition  and  Temperature  Gradients.  491-496B 

Roll  spot  welding 

See  Resistance  spot  welding 

Rolling 

See  Cold  rolling 
Hot  rolling 

Roughing  (roiling) 

See  Hot  rolling 

Roughness,  Heating  effects 

Computer  Algorithms  for  Radiometric  Measurement  of  Tem¬ 
perature  During  the  Galvanneal  Process.  449-462B 

Rupture  strength 

See  Creep  rupture  strength 
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Shrinkage 


Sampling 

Efficient  Measurement  of  Microstructural  Surface  Area  Using 
Trisector.  919-928A 

Sand  casting 

See  Green  sand  casting 

Sap  process 

See  Dispersion  hardening 

Scattering 

See  also  Backscattering 
X  ray  scattering 

The  Diffuse-Scattering  Method  for  Investigating  Locally  Or¬ 
dered  Binary  Solid  Solutions.  17-35A 

Schottky  defect 

See  Lattice  vacancies 

Scrap 

See  Metal  scrap 

Scrap  metal 

See  Metal  scrap 

Scratch  tests 

Influence  of  Near-Surface  Microstructures  on  the  Transient 
Current  Response  in  Fe — Cr — Ni  Alloys  During  Scratch 
Tests.  1325-1 331 A 


Screw  dislocations,  Stress  effects 

A  Simplified  Method  of  Calculating  the  Stress  Field  at  the  Tip 
of  a  Discrete  Dislocation  Pileup  in  a  Finite  Crystal.  223-225A 

Season  cracking 

See  Stress  corrosion  cracking 

Secondary  displacements 

See  Displacements  (lattice) 

Sedimentation 

A  Two-Phase  Flow  Model  of  the  Stirring  of  Al  )SiC  Composite 
Melt.  607-618B 


Seeding 

See  Nucleation 


Segregation  process 

Surface  Segregation  of  Calcium  Oxide  in  Wustite  and  Its  Ef¬ 
fects  on  the  Reduction.  405-413B 


Segregations 

Improvement  In  the  Reducibility  of  Wustite  Assisted  by  the  In¬ 
tensified  Surface  Segregation  of  Calcium  Ions  by  the  Dou¬ 
ble  Addition  of  CaO  and  SiOa-  741-748B 


Segregations,  Alloying  effects 

Solid-State  Wetting  of  Graphite  by  Lead  and  Pb — Ni  Alloys.  607-615A 


Segregations,  Cooling  effects 

On  the  Formation  of  Pipes  and  Centerline  Segregates  in  Con¬ 
tinuously  Cast  Billets. 

On  Morphologies,  Microsegregation,  and  Mechanical  Behav¬ 
ior  of  Directionally  Solidified  Cobalt-Base  Superalloy  at  Me¬ 
dium  Cooling  Rate. 

Chemical  Composition  and  Structural  Identification  of  Eutec¬ 
tic  Carbide  in  1%  Manganese  Ductile  Iron. 

Modeling  of  the  Formation  of  Under-Riser  Macrosegregation 
During  Solidification  of  Binary  Alloys. 

Solidification  Macrostructures  and  Macrosegregation  in  Alu¬ 
minum  Alloys  Cooled  From  Above, 

Microsegregation  in  Cellular  Solidification. 

Undercooling-Induced  Macrosegregation  in  Directional  Solid¬ 
ification. 


123-133B 

637-642A 

911-918A 

1051-1062A 

1 097-11 02A 
2295-2301 A 

2507-251 6A 


Segregations,  Heating  effects 

The  Effects  of  Double  Austenitization  on  the  Mechanical 
Properties  of  a  0.34C  Containing  Low-Alloy  Ni — Cr — Mo — 

V  Steel.  545-555A 

The  Effect  of  Phosphorus  Segregation  on  the  Intermediate- 
Temperature  Embrittlement  of  Ferritic,  Spheroidal  Graphite 
Cast  Iron.  557-561A 

Phosphorus  and  Carbon  Segregation:  Effects  on  Fatigue  and 
Fracture  of  Gas-Carburized  Modified  4320  Steel.  1229-1240A 


Segregations,  Stress  effects 

Effect  of  Iron  on  the  Superplastic  Deformation  of  Zn-22%A!.  2391-2401A 

Segregations,  Temperature  effects 

An  Internal  Variable  Description  of  Solidification  Suitable  for 
Macrosegregation  Modeling.  597-605B 

Self  diffusion 

See  Diffusion 


Semiconductors 

See  Germanium 
Silicon 


Semicontinuous  casting 

See  Continuous  casting 

Semikilling 

See  Deoxidizing 

Sensible  heat 

See  Enthalpy 

Sensitizing 

Applicability  of  Bond  Percolation  Theory  to  Intergranular 
Stress-Corrosion  Cracking  of  Sensitized  AISI  304  Stainless 
Steel.  775-787A 


Sensors,  Phases  (state  of  matter) 

Gradient  Solid  Electrolytes  for  Thermodynamic  Measure¬ 
ments:  System  Na2C03 — Na2S04.  173-180A 

Separation 

See  Segregation  process 


Shape  memory,  Alloying  effects 

Effects  of  Carbon  Content  and  Ausaging  on  7  a’  Trans¬ 
formation  Behavior  and  Reverse-Transformed  Structure  in 
Fe— Ni— Co— Al— C  Alloys. 

Shape  memory,  Stress  effects 

Characteristics  of  the  Martensitic  Transformation  and  the  In¬ 
duced  Two-Way  Shape  Memory  Effect  After  Training  by 
Compressive  Pseudoelastic  Cycling  in  Cu — Zn — Al  Single 
Crystals. 

Modeling  the  Effects  of  Stress  State  and  Crystal  Orientation 
on  the  Stress-Induced  Transformation  of  NiTi  Single  Crys¬ 
tals. 

Shaping 

See  Near  net  shaping 

Shear  bands 

See  Slip  planes 

Shear  modulus 

Elastic  Constants  of  SiCp/Al:  Measurements  and  Modeling. 

Shear  modulus.  Temperature  effects 

Elastic  Constants  of  Some  Transition-Metal-Disiticide  Singie 
Crystals. 

Shear  properties 

See  also  Shear  modulus 
Shear  strength 
Shear  stress 

Shear  properties,  Deformation  effects 

Modeling  of  Mechanical  Alloying.  I.  Deformation,  Coales¬ 
cence.  and  Fragmentation  Mechanisms. 

Shear  strength,  High  temperature  effects 

The  Workability  of  Commercial  and  Experimental  0.6%  Car¬ 
bon  Low  Alloy  Steels  in  the  Temperature  Range  of  650- 
870^C. 

Shear  strength,  Stress  effects 

Estimation  of  Interfacial  Shear  Strength  Between  Supercon¬ 
ducting  Oxides  and  Silver  Sheath  From  Multiple-Fracture 
Phenomenon  of  the  Oxide. 

Shear  stress 

Evaluation  of  Homogeneous  Compression  Flow  Curves 
Using  Square  Cross-Sectioned  Specimens.  ' 

Fiber  Strength  and  Fiber/Matrix  Bond  Strength  in  Single 
Crystal  AI2O3  Fiber  Reinforced  NisAI  Based  Composites. 

A  History  of  the  Controversy  Over  the  Roles  of  Shear  and  Dif¬ 
fusion  in  Plate  Formation  Above  Mj  and  a  Comparison  of 
the  Atomic  Mechanisms  of  These  Processes.  (Conference 
Paper.  Review) 

Effect  of  Iron  on  the  Superplastic  Deformation  of  Zn-22%AI. 

Shear  stress,  Microstructural  effects 

The  Study  of  Adiabatic  Shear  Band  Instability  in  a  Pearlitic 
4340  Steel  Using  a  Dynamic  Punch  Test. 

Sheaths,  Mechanical  properties 

Estimation  of  Interfacial  Shear  Strength  Between  Supercon¬ 
ducting  Oxides  and  Silver  Sheath  From  Multiple-Fracture 
Phenomenon  of  the  Oxide. 

Sheet  metal 

See  also  Foil 

Sheet  metal,  Coating 

Morphology  Development  in  Hot-Dip  Galvanneal  Coatings. 

jj  to  G  Phase  Transformation  in  Electrodeposited  Iron — Zinc 
Alloy  Coatings. 

Sheet  metal,  Metal  working 

Anisotropic  Plastic  Potentials  for  Polycrystals  and  Application 
to  the  Design  of  Optimum  Blank  Shapes  In  Sheet  Forming. 

A  Plane  Strain  Punch  Stretching  Test  for  Evaluating  Stamping 
Formability  of  Steel  Sheets. 

Sheet  metal,  Reactions  (chemical) 

Modeling  Hydrogen  Entry  and  Exit  in  Metals  Exposed  to  Mul¬ 
tiple  Charging  Processes. 

Sheet  metal.  Rolling 

A  Simple  Model  for  Conventional  Hot  Rolling  of  Sheet  Materi¬ 
als. 

Sheet  metal,  Welding 

Resistance  Spot  Welding  of  Precoated  Steel  Sheet:  Compu¬ 
tational  Heat-Transfer  Analysis. 

Sheet  steel 

See  Strip  steel 

Sherritt  Gordon  process 

See  Hydrometallurgy 
Powder  technology 

Shielded  arc  welding 

See  Gas  metal  arc  welding 

Short  arc  welding 

See  Gas  metal  arc  welding 

Short  range  order 

Determination  of  the  Short-Range  Order  Structure  of  Au — 25 
at.%  Fe  Using  Wide-Angle  Diffuse  Synchrotron  X-Ray  Scat¬ 
tering. 

Short  range  order.  Heating  effects 

Aging  of  Freshly  Formed  Iron-Based  Martensites  at  Low 
Temperatures.  (Review) 

Shrinkage,  Cooling  effects 

A  Note  on  the  Sensitivity  of  Solidification  Models  to  Thermo¬ 
physical  Properties. 
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Shrinkage 


Further  Discussions  on  the  Solute  Redistribution  During  Den¬ 
dritic  Solidification  of  Binary  Alloys.  731-739B 

Modeling  of  the  Formation  of  Under-Riser  Macrosegregation 
During  Solidification  of  Binary  Alloys.  1051-1062A 

Shrinkage,  Heating  effects 

Effect  of  Supereutectic  Homogenization  on  Incidence  of  Po¬ 
rosity  in  Aluminum  Alloy  2014  Ingot.  111-122B 

Sigma  hard  facing 

See  Gas  metal  arc  welding 

Sigma  phase,  Temperature  effects 

Fracture  and  the  Formation  of  Sigma  Phase,  M23C6,  and  Aus¬ 
tenite  From  Delta— Ferrite  in  an  AISI  304L  Stainless  Steel.  1147-1158A 


Sigma  welding 

See  Gas  metal  arc  welding 

Silicides,  Composite  materials 

Phase  Relations  in  the  Mo — Si— C  System  Relevant  to  the 
Processing  of  MoSi2 — SiC  Composites.  5-15A 

The  Effect  of  Niobium  Morphology  on  the  Cyclic  Oxidation 
Resistance  of  MoSi2/20  vol.7o  Niobium  Composites.  1033-1040A 

Silicides,  Mechanical  properties 

Elastic  Constants  of  Some  Transition-Metal-Disilicide  Single 
Crystals.  331-340A 


Silicon,  Extraction 

Chemical  Equilibria  Between  Silicon  and  Slag  Melts.  497-504B 

Silicon,  Refining 

Thermodynamics  of  Boron  in  a  Silicon  Melt.  903-907B 


Silicon  carbide.  Composite  materials 

Phase  Relations  in  the  Mo — Si — C  System  Relevant  to  the 
Processing  of  MoSi2 — SiC  Composites. 

Modeling  of  the  Incorporation  of  Ceramic  Particulates  in  Me¬ 
tallic  Droplets  During  Spray  Atomization  and  Coinjection. 

A  Two-Phase  Flow  Model  of  the  Stirring  of  Al  )SiC  Composite 
Melt. 

Characterization  of  Anisotropic  Elastic  Constants  of  Silicon- 
Carbide  Particulate  Reinforced  Aluminum  Metal  Matrix 
Composites.  I.  Experiment. 

Characterization  of  Anisotropic  Elastic  Constants  of  Silicon- 
Carbide  Particulate  Reinforced  Aluminum  Metal  Matrix 
Composites.  II.  Theory, 

Effect  of  Microstructure  (Particulate  Size  and  Volume  Frac¬ 
tion)  and  Counterface  Material  on  the  Sliding  Wear  Resis¬ 
tance  of  Particulate-Reinforced  Aluminum  Matrix 
Composites. 

Comparison  of  Orthorhombic  and  Alpha-Two  Titanium  Alumi- 
nides  as  Matrices  for  Continuous  SiC-Reinforced  Compos¬ 
ites. 

Microstructural  Analysis  of  Fracture  Toughness  Variation  in 
2XXX-Series  Aluminum  Alloy  Composites  Reinforced  With 
SiC  Whiskers, 

Effect  of  Heat  Treatment  on  the  Microstructure,  Tensile  Prop¬ 
erties.  and  Fracture  Behavior  of  Permanent  Mold  AI-10 
wt.7o  Si-0.6  wt.®/o  Mg/SiC/lOp  Composite  Castings. 

Low-Cycle  Fatigue  Properties  of  a  SiC  Whisker-Reinforced 
2124  Aluminum  Alloy. 

Micromechanical  Modelling  of  Reinforcement  Fracture  in 
Particle-Reinforced  Metal-Matrix  Composites. 

The  Influence  of  SiC  Particulates  on  Fatigue  Crack  Propaga¬ 
tion  in  a  Rapidly  Solidified  Al-Fe-V-Si  Alloy. 

Kinetic  Study  of  Low-Temperature  Transient  Liquid  Phase 
Joining  of  an  Aluminum-SiC  Composite. 

Elastic  Constants  of  SiCp/AI:  Measurements  and  Modeling. 

Silicon  carbide,  Welding 

Characterization  of  a  Diffusion-Bonded  Al— Mg  Alloy/SiC  In¬ 
terface  by  High  Resolution  and  Analytical  Electron  Micros¬ 
copy. 

Silicon  compounds 

See  Silicides 

Silicon  carbide 

Silver,  Extraction 

Adsorption  Kinetics  of  Dicyanoaurate  and  Dicyanoargentate 
Ions  in  Activated  Carbon. 


5-1 5A 
135-147B 
607-61 8B 

799-809A 

811-819A 

969-983A 

1267- 1283 A 

2213-2223A 

2247-2263A 

2265-2274A 

2403-2420A 

2453-2460A 

2705-271 4A 
2832-2835A 

617-627A 


185-191B 


Silver,  Mechanical  properties 

Estimation  of  Interfacial  Shear  Strength  Between  Supercon¬ 
ducting  Oxides  and  Silver  Sheath  From  Multiple-Fracture 
Phenomenon  of  the  Oxide. 

Silver,  Ternary  systems 

The  Grand  Partition  Function  of  Dilute  Biregular  Solutions. 

Silver  base  alloys,  Microstructure 

High-Resolution  Analytical  Electron  Microscopy  Study  of  Iso¬ 
thermal  Plate-Shaped  Products  in  Some  /3-Phase  Alloys. 
(Conference  Paper) 

Silver  base  alloys,  Phase  transformations 

Application  of  the  Theory  of  Martensite  Crystallography  to 
Displacive  Phase  Transformations  in  Substitutional  Nonfer- 
rous  Alloys.  (Conference  Paper,  Review) 

A  Discussion  on  the  Formation  of  Bainite  and  Other  Precipi¬ 
tates  in  Copper-Zinc  and  Silver-Zinc  Alloys.  (Conference 
Paper) 


349-356A 
703-71  IB 

2569-2579A 

1841-1856A 

2621-2629A 


Simulation 

See  Computer  simulation 


Single  crystals,  Coating 

Microstructural  Evolution  of  an  Overlay  Coating  on  a  Single- 
Crystal  Nickel-Base  Superalloy.  2837-2840A 

Sintering 

See  Sintering  (powder  metallurgy) 


Sintering  (powder  metallurgy) 

See  also  Liquid  phase  sintering 

Determination  of  Pore  Mobility  During  Sintering. 

Modeling  of  Mechanical  Alloying.  1.  Deformation,  Coales¬ 
cence,  and  Fragmentation  Mechanisms. 

Nanocrystalline  Iron  Sintering  Behavior  and  Microstructural 
Development. 

Thermodynamics  of  Isolated  Pores  Filling  With  Liquid  in  Sin¬ 
tered  Composite  Materials. 

High-Performance  NiaAl  Synthesized  From  Composite  Pow¬ 
ders. 

Slab  casting 

On  the  Formation  of  Pipes  and  Centerline  Segregates  in  Con¬ 
tinuously  Cast  Billets. 

Water-Modeling  Study  of  the  Surface  Disturbances  in  Contin¬ 
uous  Slab  Caster. 

Modeling  the  Thin-Slab  Continuous-Casting  Mold. 

Simulation  of  Argon  Gas  Flow  Effects  in  a  Continuous  Slab 
Caster. 

Slags 

See  also  Blast  furnace  slags 

Equilibrium  Distribution  of  Fe.  Ni,  Sb,  and  Sn  between  Liquid 
Cu  and  a  CaO-Rich  Slag. 

Modeling  of  Metallurgical  Emulsions. 

Activities  of  FetO  in  Ca0-Al203-Si02-Fet0  (  5®/o)  Slags  Satu¬ 
rated  With  Liquid  iron. 

Densities  of  Liquid  Fe-Ni  and  Fe-Cr  Alloys. 

Slags,  Reactions  (chemical) 

Thermodynamics  of  Oxygen  and  Nitrogen  in  Liquid  Nickel 
Equilibrated  With  CaO — TiO*  and  CaO — TiO* — AI2O3 
Melts. 

Sliding  friction,  Microstructural  effects 

Effect  of  Microstructure  (Particulate  Size  and  Volume  Frac¬ 
tion)  and  Counterface  Material  on  the  Sliding  Wear  Resis¬ 
tance  of  Particulate-Reinforced  Aluminum  Matrix 
Composites. 

Sling  casting 

See  Centrifugal  casting 

Slip 

See  also  Slip  planes 

Slip,  Deformation  effects 

Relationships  of  Slip  Morphology,  Microcracking,  and  Frac¬ 
ture  Resistance  in  a  Lamellar  TiAl-Alloy. 

Discussion  of  "The  Role  of  Microstructure  on  Strength  and 
Ductility  of  Hot-Extruded  Mechanically  Alloyed  NiAl"  and 
Author  s  Reply. 

Slip,  Radiation  effects 

Effects  of  Simultaneous  Boron  and  Nitrogen  Implantation  on 
Microhardness  and  Fatigue  Properties  of  Fe — 13Cr — 15Ni 
Alloys. 

Slip  bands 

See  Slip  planes 

Slip  planes 

The  Study  of  Adiabatic  Shear  Band  Instability  in  a  Pearlitic 
4340  Steel  Using  a  Dynamic  Punch  Test. 

Smelting 

Vanadium  Distribution  in  Melts  Intermediate  to  Ferroalloy 
Production  From  Vanadiferous  Slag. 

The  Measurement  of  the  Heat-Transfer  Coefficient  Between 
High-Temperature  Liquids  and  Solid  Surfaces. 

Physical  and  Mathematical  Modeling  of  Pyrometallurgical 
Channel  Reactors  With  Bottom  Gas  injection.  Residence 
Time  Distribution  Analysis  and  Ideal-Reactor-Network 
Model. 

Equilibrium  Oxygen  Pressures  of  Iron  Silicate  Slags. 

The  Ferric  Fluosilicate  Leaching  of  Lead  Concentrates.  I.  Ki¬ 
netic  Studies. 

An  Analysis  of  Slag  Stratification  in  Nickel  Laterite  Smelting 
Furnaces  Due  to  Composition  and  Temperature  Gradients. 

Modeling  of  Metallurgical  Emulsions. 

Smelting,  Pressure  effects 

Kinetics  of  the  Reaction  of  H2O  Gas  With  Liquid  Iron. 

Soft  annealing 

See  Annealing 

Soft  solders 

See  Solders 

Solar  ceils 

See  Solar  generators 

Solar  generators 

Thermodynamics  of  Boron  in  a  Silicon  Melt. 

Soldered  joints,  Coating 

The  Effect  of  Low  Gold  Concentrations  on  the  Creep  of  Eu¬ 
tectic  Tin — Lead  Joints. 

Soldered  joints,  Mechanical  properties 

The  Effect  of  Substrate  on  the  Microstructure  and  Creep  of 
Eutectic  Indium-Tin. 

Solders 

The  Effect  of  Substrate  on  the  Microstructure  and  Creep  of 
Eutectic  Indium-Tin. 

Solid  phases 

The  Measurement  of  the  Heat-Transfer  Coefficient  Between 
High-Temperature  Liquids  and  Solid  Surfaces. 

An  Empirical  Correlation  Between  Contact  Angles  and  Sur¬ 
face  Tension  in  Some  Ceramic — Metal  Systems. 

Sticking  of  Solids  in  Liquids. 
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stacking  faults 


X-Ray  Microscopic  Observations  of  Metal  Solidification  Dy¬ 
namics.  1775-1777A 


Solid  phases,  Alloying  effects 

The  Role  of  Oxygen  and  Zirconium  in  the  Formation  and 
Growth  of  NbaSn  Grains.  213-219A 


Solid  phases,  Cooling  effects 

Further  Discussions  on  the  Solute  Redistribution  During  Den¬ 
dritic  Solidification  of  Binary  Alloys.  731-739B 

The  Velocity  of  Solidification  of  Highly  Undercooled  Nickel.  1301-1308A 
Microsegregation  in  Cellular  Solidification.  2295-2301A 

Nonequilibrium  Solidification  of  Undercooled  Melt  of  Ag-Cu 
Alloy  Entrained  in  the  Primary  Phase.  2517-2523A 


Solid  phases.  Diffusion  effects 

The  Morphological  Stability  of  Lateral  Growth  in  Solid — Solid 
Phase  Transformation  During  Thin-Film  Interdiffusion  in 
Aluminum/Copper  Bimetal  Films.  1613-1625A 

Application  of  the  Theory  of  Martensite  Crystallography  to 
Displacive  Phase  Transformations  in  Substitutional  Nonfer- 
rous  Alloys.  (Conference  Paper,  Review)  1841-1856A 


Solid  phases,  Heating  effects 

Mechanism  of  Damping  Capacity  of  High-Chromium  Steels 
and  <v-lron  and  Its  Dependence  on  Some  External  Factors.  111-124A 
Formation  and  Stability  of  Metastable  Structures  and  Amor¬ 
phous  Phases  in  Pu — V,  Pu — TA,  and  Pu — Yb  Systems 
With  Positive  Heats  of  Mixing.  1579-1590A 


Solid  phases.  Temperature  effects 

High-Temperature  Phase  Relations  and  Thermodynamics  in 
the  Iron — Lead — Sulfur  System. 

Gradient  Solid  Electrolytes  for  Thermodynamic  Measure¬ 
ments:  System  Na2C03 — Na2S04. 

Thermodynamics  of  the  iron  )Carbon  )Zinc  System. 

Numerical  Modeling  of  Solidification  and  Subsequent  Trans¬ 
formation  of  Fe — Cr — Ni  Alloys. 

Thermodynamic  Analysis  of  the  In-Ga-Sb  System. 

Solid  solutions 

Solid-Solution  Formation  Between  Arsenic  and  Antimony  Ox¬ 
ides. 


53-61 B 

173-180A 

569-578B 

1309-1321A 

2331-2340A 
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Solidification 

See  also  Directional  solidification 
Rapid  solidification 

Effect  of  Supereutectic  Homogenization  on  Incidence  of  Po¬ 
rosity  in  Aluminum  Alloy  2014  Ingot. 

A  Note  on  the  Sensitivity  of  Solidification  Models  to  Thermo¬ 
physical  Properties. 

Effect  of  Alloying  Elements  on  the  Solidification  Characteris¬ 
tics  and  Microstructure  of  Al — Si — Cu— -Mg — Fe  380  Alloy. 

Three-Dimensional  Simulation  of  the  Grain  Formation  In  In¬ 
vestment  Castings, 

Calculation  of  Thermophysical  Properties  of  Carbon  and  Low 
Alloyed  Steels  for  Modeling  of  Solidification  Processes. 

Modeling  Microstructure  Development  in  Gray  Cast  Irons. 

Prediction  of  Columnar  to  Equiaxed  Transition  During 
Diffusion-Controlled  Dendritic  Alloy  Solidification. 

Solidification  Macrostructures  and  Macrosegregation  in  Alu¬ 
minum  Alloys  Cooled  From  Above. 

The  Velocity  of  Solidification  of  Highly  Undercooled  Nickel. 

X-Ray  Microscopic  Observations  of  Metal  Solidification  Dy¬ 
namics. 

Effect  of  Welding  Variables  and  Solidification  Substructure  on 
Weld  Metal  Porosity. 


111-122B 
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437-448A 

629-635A 

909-91 6B 
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1097-1 102A 
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1 775-1 777A 
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Solidification,  Cooling  effects 

Crystallization  Behavior  of  Iron-Containing  Intermetallic 
Compounds  in  319  Aluminum  Alloy.  1761-1773A 

Microsegregation  in  Cellular  Solidification.  2295-2301A 

Evolution  of  Interaction  Domain  Microstructure  During  Spray 
Deposition.  2341-2355A 


Heat  Treatment  of  Investment  Cast  PH  13-8Mo  Stainless 
Steel.  I.  Mechanical  Properties  and  Microstructure. 

Microstructural  Study  of  the  Titanium  Alloy  Ti — 15Mo — 
2.7Nb— 3AI— 0.2Si  (TIMETAL  21 S). 

Effect  of  Heat  Treatment  on  the  Microstructure,  Tensile  Prop¬ 
erties,  and  Fracture  Behavior  of  Permanent  Mold  AI-10 
wt.%  Si-0.6  wt.%  Mg/SiC/lOp  Composite  Castings. 

Solution  potential 

See  Corrosion  potential 

Solutions 

See  Solid  solutions 

Sorption 

See  Absorption  (material) 

Adsorption 

Desorption 

Space  lattices 

See  Crystal  lattices 

Specific  density 

See  Density 

Specific  gravity 

See  Density 

Specific  heat,  Cooling  effects 

A  Note  on  the  Sensitivity  of  Solidification  Models  to  Thermo¬ 
physical  Properties. 

Specific  heat.  Temperature  effects 

Three-Dimensional  Finite  Element  Modeling  of  Gas  Metal-Arc 
Welding. 

Specific  resistance 

See  Resistivity 

Specific  volume 

See  Density 

Specific  weight 

See  Density 

Spelter 

See  Zinc 

Spheroidal  graphite 

See  Nodular  graphitic  structure 

Spheroidal  iron 

See  Nodular  iron 

Spheroidal  structure 

See  also  Nodular  graphitic  structure 

Spheroidal  structure.  Cooling  effects 

Evolution  of  Interaction  Domain  Microstructure  During  Spray 
Deposition. 

Spheroidal  structure.  Heating  effects 

The  Effect  of  Phosphorus  Segregation  on  the  Intermediate- 
Temperature  Embrittlement  of  Ferritic,  Spheroidal  Graphite 
Cast  Iron. 

Spheroidal  structure,  High  temperature  effects 

The  Workability  of  Commercial  and  Experimental  0.6%  Car¬ 
bon  Low  Alloy  Steels  in  the  Temperature  Range  of  650- 
870*C. 

Spheroidizing 

Alllgatoring  and  Damage  in  the  Cold  Rolling  of  Spheroidized 
Steels. 

The  Role  of  Magnesium-Containing  Spheroidizer  and  Coun¬ 
teraction  of  Misch  Metal  in  the  Intermediate  Temperature 
Intergranular  Embrittlement  of  Ferritic  Nodular  Iron. 

The  Effect  of  Thermal  Exposure  on  Microstructural  Stability 
and  Creep  Resistance  of  a  Two-Phase  TiAI/TisAI  Lamellar 
Alloy. 


Solidification,  Temperature  effects 

An  Internal  Variable  Description  of  Solidification  Suitable  for 
Macrosegregation  Modeling.  597-605B 

Numerical  Modeling  of  Solidification  and  Subsequent  Trans¬ 
formation  of  Fe — Cr — Ni  Alloys.  1309-1321A 

Solidification,  Welding  effects 

The  Influence  of  Electron-Beam  Welding  Parameters  on 
Heat-Affected-Zone  Microfissuring  in  Incoloy  903.  1733-1745A 


Solubility 

Thermodynamics  and  Phase  Relations  of  the  Fe — O — S — 

Si02{sat)  System  at  1200°C  and  the  Effect  of  Copper.  79-89B 

Interactions  Between  Drops  of  a  Molten  Aluminum  )Lithium 
Alloy  and  Liquid  Water.  623-625B 


Solubility,  Alloying  effects 

Thermodynamics  of  Oxygen  and  Nitrogen  in  Liquid  Nickel 
Equilibrated  With  CaO — TiO*  and  CaO — TiOx — AI2O3 
Melts.  5-13B 

Compositional  and  Microstructural  Changes  Which  Attend 
Reheating  and  Grain  Coarsening  in  Steels  Containing  Nio¬ 
bium.  277-286A 


Solubility,  Temperature  effects 

Solubility  and  Thermodynamic  Properties  of  Y2O3  in  LiF — YF3 
Melts.  91-96B 


Solubility,  Welding  effects 

Effect  of  Welding  Variables  and  Solidification  Substructure  on 
Weld  Meta!  Porosity.  2285-2294A 

Solution  entropy 

See  Entropy 

Heat  of  solution 

Solution  heat  treatment 

Hydrogen  Permeation  Behavior  in  IN718  and  GH761  Superal¬ 
loys.  539-544A 


Spheroids 

See  Spheroidal  structure 

Spin  casting 

See  Centrifugal  casting 

Spinodal  decomposition,  Cooling  effects 

Nonequilibrium  Solidification  of  Undercooled  Melt  of  Ag-Cu 
Alloy  Entrained  in  the  Primary  Phase. 

Spinodal  decomposition,  Deformation  effects 

Effects  of  Precursor  Matrix  Events  on  Subsequent  Nucle- 
ation.  (Conference  Paper) 

Splicing 

See  Joining 

Sponginess 

See  Porosity 

Spot  welding 

See  Resistance  spot  welding 

Sprayed  coatings,  Microstructure 

Microstructural  Evolution  of  an  Overlay  Coating  on  a  Single- 
Crystal  Nickel-Base  Superalloy. 

Stability 

See  Phase  stability 
Thermal  stability 

Stacking  faults 

The  Formation  Mechanism  of  Plate  in  /3  Cu-Zn  and  Cu-Zn-AI 
Alloys.  (Conference  Paper) 

Study  on  the  Transformation  Mechanism  of  ai  Plates  in  a 
Copper-Zinc-Aluminum  Alloy.  (Conference  Paper) 

Stacking  faults.  Diffusion  effects 

Application  of  the  Theory  of  Martensite  Crystallography  to 
Displacive  Phase  Transformations  in  Substitutional  Nonfer- 
rous  Alloys.  (Conference  Paper,  Review) 
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Stacking  faults 


Stacking  faults,  Heating  effects 

Interstitial  Precipitation  in  Fe — Cr — Al  Alloys. 

Stainless  steels 

See  also  Austenitic  stainless  steels 
Ferritic  stainless  steels 
Martensitic  stainless  steels 


1135-1146A 


Steels,  Recovering 

Equilibrium  Values  for  the  Dissolution  of  Solid  Copper  Into 
FeS — NaaS  Mattes. 

Steels,  Welding 

Resistance  Spot  Welding  of  Precoated  Steel  Sheet:  Compu¬ 
tational  Heat-Transfer  Analysis. 


Stainless  steels,  Phase  transformations 

The  Invariant  Line  and  Precipitate  Morphology  in  FCC-BCC 
Systems.  (Conference  Paper)  1 865-1 874A 

Stainless  steels,  Physical  properties 

Surface  Tensions  of  Liquid  Fe-Cr  and  Fe-Cr-N  Alloys.  626-628B 

Stainless  steels,  Steel  making 

Reduction  of  Chromite  in  Liquid  Fe  )Cr  )C  )Si  Alloys.  549-559B 

A  Thermodynamic  Study  of  BaO  +  BaCl2  +  CrgOs  Fluxes 
Used  for  the  Removal  of  Phosphorus  From  Chromium- 
Containing  Iron  Melts.  695-701 B 


Stamping 

A  Plane  Strain  Punch  Stretching  Test  for  Evaluating  Stamping 
Formability  of  Steel  Sheets.  2199-2205A 


Static  fatigue 

See  Creep  rupture  strength 


Static  loads 

See  Loads  (forces) 


Stibium 

See  Antimony 

Stiffness,  Heating  effects 

Development  and  Characterization  of  Interface  Coatings  in 
Molybdenum-Reinforced  NiAl  Matrix  Composites. 

Stiffness,  Microstructural  effects 

The  Orientation  Dependence  of  Fatigue-Crack  Growth  in 
8090  Aluminum — Lithium  Plate. 

Characterization  of  Anisotropic  Elastic  Constants  of  Silicon- 
Carbide  Particulate  Reinforced  Aluminum  Metal  Matrix 
Composites.  I.  Experiment. 

Stiffness,  Stress  effects 

Characterization  of  Anisotropic  Elastic  Constants  of  Silicon- 
Carbide  Particulate  Reinforced  Aluminum  Metal  Matrix 
Composites.  II.  Theory. 

Coefficients  of  Thermal  Expansion  of  Metal-Matrix  Compos¬ 
ites  for  Electronic  Packaging. 

Low-Cycle  Fatigue  Properties  of  a  SiC  Whisker-Reinforced 
2124  Aluminum  Alloy. 


Static  pressure 

See  Hydrostatic  pressure 

Steel  constituents 

See  Austenite 
Bainite 
Cementite 
Martensite 
Pearlite 
Sigma  phase 

Steel  converters 

See  Top  blown  converters 

Steel  making 

Calcium  Deoxidation  Equilibrium  in  Liquid  Iron. 

High-Temperature  Isopiestic  Studies  on  the  Ternary  Slag 
PbO— Si02— B2O3  at  1273K. 

Physical  and  Mathematical  Modeling  of  Pyrometatiurgical 
Channel  Reactors  With  Bottom  Gas  Injection.  Residence 
Time  Distribution  Analysis  and  Ideal-Reactor-Network 
Model. 

Kinetics  of  the  Reaction  of  H2O  Gas  With  Liquid  Iron, 

A  Comparison  of  Three  Mathematical  Modeling  Procedures 
for  Simulating  Fluid  Flow  Phenomena  in  Bubble-Stirred  La¬ 
dles. 

Large-Scale  Measurements  of  the  Physical  Characteristics  of 
Round  Vertical  Bubble  Plumes  in  Liquids. 

Backmixing  in  Channel  Reactors  With  High-Strength  Bottom 
Gas  Injection. 

The  Injection  of  Solids  Using  a  Reactive  Carrier  Gas. 

Critical  Fluid-Flow  Phenomenon  in  a  Gas-Stirred  Ladle. 

Measurements  of  High-Temperature  Viscosities  of  Liquid 
Boron  Trioxide. 

Activities  of  FetO  in  Ca0-Al203-Si02-Fet0  (  5%)  Slags  Satu¬ 
rated  With  Liquid  Iron. 

Densities  of  Liquid  Fe-Ni  and  Fe-Cr  Alloys. 

Steels 

See  also  Carbon  steels 

Dual  phase  steels 
Galvanized  steels 
Structural  steels 

Steels,  Casting 

On  the  Formation  of  Pipes  and  Centerline  Segregates  in  Con¬ 
tinuously  Cast  Billets. 

A  Note  on  the  Sensitivity  of  Solidification  Models  to  Thermo- 
physical  Properties. 

Water-Modeling  Study  of  the  Surface  Disturbances  in  Contin¬ 
uous  Slab  Caster. 

Modeling  the  Thin-Slab  Continuous-Casting  Mold. 

Simulation  of  Argon  Gas  Flow  Effects  in  a  Continuous  Slab 
Caster. 


33-42B 

103-109B 


207-219B 

245-253B 


308-31 2B 

359-371 B 

619-623B 

653-660B 

681-693B 

876-881 A 

893-902B 

939-9428 


123-133B 

154-157B 

227-233B 

443-457B 

527-547B 


Steels,  Coating 

7?  to  G  Phase  Transformation  in  Electrodeposited  Iron — Zinc 
Alloy  Coatings.  1119-1125A 

Steels,  Heat  treatment 

Morphological  Stability  of  ykx  Interface  Formed  by  Carburiza¬ 
tion  in  Fe — C — X  Alloys.  531-537A 


Stirring 

See  also  Electromagnetic  stirring 

A  Two-Phase  Flow  Model  of  the  Stirring  of  Al  )SiC  Composite 
Melt. 

Strain 

Characterization  of  Inhomogeneous  Elastic  Deformation  With 
X-Ray  Diffraction. 

Characterization  of  Anisotropic  Elastic  Constants  of  Silicon- 
Carbide  Particulate  Reinforced  Aluminum  Metal  Matrix 
Composites.  II.  Theory. 

J7  to  G  Phase  Transformation  in  Electrodeposited  Iron — Zinc 
Alloy  Coatings. 

The  Phenomenological  Theory  of  Martensite  Crystallogra¬ 
phy:  Interrelationships.  (Conference  Paper) 

A  Plane  Strain  Punch  Stretching  Test  for  Evaluating  Stamping 
Formability  of  Steel  Sheets. 

Strain,  Diffusion  effects 

A  Comparison  Between  Three  Simple  Crystallographic  Prin¬ 
ciples  of  Precipitate  Morphology.  (Conference  Paper) 

Strain,  Heating  effects 

Interstitial  Precipitation  in  Fe — Cr — Al  Alloys. 

The  Effect  of  Thermal  Exposure  on  Microstructural  Stability 
and  Creep  Resistance  of  a  Two-Phase  TiAI/TisAI  Lamellar 
Alloy, 

Strain,  High  temperature  effects 

Low-Cycle  Fatigue  Behavior  of  Polycrystalline  NIAI  at  1000K. 

Elevated  Temperature  Fracture  of  RS/PM  Alloy  8009. 1.  Frac¬ 
ture  Mechanics  Behavior. 

Strain,  Microstructural  effects 

Precipitation  Effects  During  Hot  Deformation  of  a  Copper 
Alloy. 

Microstructure  and  Mechanical  Properties  of  Ti — 40  wt.%  Ta 
(Ti— i5at.%Ta). 

Textural  and  Microstructural  Gradient  Effects  on  the  Mechan¬ 
ical  Behavior  of  a  Tantalum  Plate. 

Temperature  and  Microstructural  Dependence  of  the  Defor¬ 
mation  of  a  High  Niobium,  Titanium — Aluminum  Alloy. 

Microstructural  Analysis  of  Fracture  Toughness  Variation  in 
2XXX-Series  Aluminum  Alloy  Composites  Reinforced  With 
SiC  Whiskers. 

The  Study  of  Adiabatic  Shear  Band  Instability  in  a  Pearlitic 
4340  Steel  Using  a  Dynamic  Punch  Test. 

Strain,  Microstructure 

The  Elastic  Strain  Energy  of  Growth  Ledges  on  Coherent  and 
Partially  Coherent  Precipitates. 

Strain,  Stress  effects 

Micromechanical  Modelling  of  Reinforcement  Fracture  in 
Particle-Reinforced  Metal-Matrix  Composites. 

Fracture  Toughness  of  Discontinuously  Reinforced  Al-4Cu- 
1 .5Mg/TiB2  Composites. 

Strain  aging,  High  temperature  effects 

Effect  of  Strain  Rate  on  the  High-Temperature  Low-Cycle  Fa¬ 
tigue  Properties  of  a  Nimonic  PE-16  Superalloy. 

Strain  aging,  Radiation  effects 

Deformation  Behavior  of  Irradiated  Zr — 2.5Nb  Pressure  Tube 
Material. 


Steels,  Mechanical  properties 

Elastic  Compliance  and  Hill’s  Quadratic  Yield  Function  for 
Weakly  Orthotropic  Sheets  of  Cubic  Metals.  2835-2837A 

Steels,  Metal  working 

A  Plane  Strain  Punch  Stretching  Test  for  Evaluating  Stamping 
Formability  of  Steel  Sheets.  2199-2205A 

Steels,  Metallography 

Efficient  Measurement  of  Microstructural  Surface  Area  Using 
Trisector.  919-928A 


Steels,  Phase  transformations 

Diffusion-Controlled  Growth  in  Ternary  Systems.  2683-2694A 

Steels,  Phases  (state  of  matter) 

The  Phenomenological  Theory  of  Martensite  Crystallogra¬ 
phy:  Interrelationships.  (Conference  Paper)  1787-1795A 

Morphology  of  Bainite  and  Widmanstatten  Ferrite.  (Confer¬ 
ence  Paper)  1981-1989A 


Strain  hardening 

Strain  Hardening  in  Underaged  Inconel  718. 

The  Effect  of  Inertia  on  Tensile  Ductility. 

Strain  hardening,  Heating  effects 

The  Effect  of  Thermal  Exposure  on  Microstructural  Stability 
and  Creep  Resistance  of  a  Two-Phase  TiAI/TiaAl  Lamellar 
Alloy. 

Strain  hardening,  Microstructural  effects 

The  Study  of  Adiabatic  Shear  Band  Instability  in  a  Pearlitic 
4340  Steel  Using  a  Dynamic  Punch  test. 

Strain  hardening,  Stress  effects 

Stress-State  Dependence  of  Strain-Hardening  Behavior  in 
2014  AI/15  vol.%  AI2O3  Composite.  (Conference  Paper) 

Strain  rate 

Discussion  of  “The  Distribution  of  Dispersoid  Phases  in  the 
Extruded  ODS  Superalloy  MA-957  and  Reply. 
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Superalloys 


Factors  Influencing  the  Exceptional  Ductility  of  a  Superplastic 
Pb-62%  Sn  Alloy.  2309-2311A 

The  Effect  of  Inertia  on  Tensile  Ductility.  2723-2735A 

Effect  of  Interna!  Heating  During  Hot  Compression  on  the 
Stress-Strain  Behavior  of  Alloy  304L.  2737-2752A 

Strain  rate,  Composition  effects 

The  Effects  of  Hydrogen  on  the  Mechanical  Behavior  of  Aus¬ 
tenitic  Stainless  Steels  at  Room  Temperature.  1015-1023A 


Strain  rate,  Cooling  effects 

Softening  and  Microstructural  Change  Following  the  Dynamic 
Recrystallization  of  Austenite.  389-400A 

Evolution  of  Interaction  Domain  Microstructure  During  Spray 
Deposition.  2341-2355A 


Strain  rate.  Deformation  effects 

The  Tensile  Deformation  Behavior  of  AA  3004  Aluminum 
Alloy. 

Anisotropic  Plastic  Potentials  for  Polycrystals  and  Application 
to  the  Design  of  Optimum  Blank  Shapes  in  Sheet  Forming. 

Hot  Deformation  Characteristics  of  INCONEL  Alloy  MA  754 
and  Development  of  a  Processing  Map. 

High-Temperature  Deformation  of  B2  NIAI-Base  Alloys.  (Con¬ 
ference  Paper) 

Superplastic  Behavior  of  Thermomechanicatly  Treated  P/M 
7091  Aluminum  Alloy. 

Microstructural  Control  in  Hot  Working  of  IN-718  Superalloy 
Using  Processing  Map. 


357-364A 
1209-1 2 16A 
1 693-1 702A 
2017-2026A 
2153-21 60A 
2275-2284A 


Strain  rate,  Environmental  effects 

Embrittlement  of  B2  iron  Aluminide  by  Water  Vapor  and  by 
Hydrogen.  1285-1290A 


Strain  rate,  High  temperature  effects 

Effect  of  Strain  Rate  on  the  High-Temperature  Low-Cycle  Fa¬ 
tigue  Properties  of  a  Nimonic  PE-16  Superalloy.  159-171A 

Strain  rate,  Microstructural  effects 

Some  Aspects  of  Thermomechanical  Fatigue  of  AISI  304L 
Stainless  Steel.  II.  Dislocation  Arrangements.  407-413A 

The  Study  of  Adiabatic  Shear  Band  Instability  in  a  Pearlltic 
4340  Steel  Using  a  Dynamic  Punch  Test.  2483-2489A 


Strain  rate.  Stress  effects 

Forging  Limits  for  an  Aluminum  Matrix  Composite.  I.  Experi¬ 
mental  Results.  (Conference  Paper)  2027-2038A 

Flow  Instabilities  and  Fracture  in  Ti-6AI-4V  Deformed  in  Com¬ 
pression  at  298-673K.  2173-2179A 

Low  Cycle  Fatigue  Behavior  of  Polycrystalline  NI3AI  Alloys  at 
Ambient  and  Elevated  Temperatures.  2469-2476A 


Strain  rate,  Temperature  effects 

Behavior  of  Steels  Near  the  Incipient  Melting  Temperature.  125-133A 


Evaluation  of  Homogeneous  Compression  Flow  Curves 
Using  Square  Cross-Sectioned  Specimens. 

Creep  and  Intergranular  Cracking  of  Ni — Cr — Fe — C  in 
360®C  Argon. 

Mixed-Mode  I  and  II  Fatigue  Threshold  and  Crack  Closure  in 
Dual-Phase  Steels. 

Transformation,  Microcrack,  and  Thermal  Residual  Stress  as 
Interactive  Processes  in  ZrOj-Toughened  AI2O3,  Simulated 
by  the  Finite  Element  Method. 

Modeling  Creep  Deformation  of  a  Two-Phase  TiAI/TisAI  Alloy 
With  a  Lamellar  Microstructure. 

Thermal-Mechanical  Fatigue  of  Ti-48AI-2V  Alloy  and  Its  Com¬ 
posite. 

Low-Cycle  Fatigue  Properties  of  a  SiC  Whisker-Reinforced 
2124  Aluminum  Alloy. 

Modeling  the  Effects  of  Stress  State  and  Crystal  Orientation 
on  the  Stress-Induced  Transformation  of  NiTi  Single  Crys¬ 
tals. 

Effect  of  Iron  on  the  Superplastic  Deformation  of  Zn-22%AI. 

Short  Fatigue  Crack  Growth  Behavior  in  a  Ferritic-Bainitic 
Steel. 

The  Influence  of  SiC  Particulates  on  Fatigue  Crack  Propaga¬ 
tion  in  a  Rapidly  Solidified  Al-Fe-V-Si  Alloy. 

Fracture  Toughness  of  Discontinuously  Reinforced  AI-4Cu- 
1.5Mg/TiB2  Composites. 

Creep  Characteristics  of  Single  Crystalline  Ni3AI(Ta.B). 

Stress  relaxation,  Composition  effects 

The  Effects  of  Hydrogen  on  the  Mechanical  Behavior  of  Aus¬ 
tenitic  Stainless  Steels  at  Room  Temperature. 

Stress  rupture  strength 

See  Creep  rupture  strength 

Stress  strain  curves 

Behavior  of  Nickel-Base  Superalloy  Single  Crystals  Under 
Thermal — Mechanical  Fatigue. 

Effect  of  Strain  Rate  on  the  High-Temperature  Low-Cycle  Fa¬ 
tigue  Properties  of  a  Nimonic  PE-16  Superalloy. 

Estimation  of  Interfacial  Shear  Strength  Between  Supercon¬ 
ducting  Oxides  and  Silver  Sheath  From  Multiple-Fracture 
Phenomenon  of  the  Oxide. 

Textural  and  Microstructural  Gradient  Effects  on  the  Mechan¬ 
ical  Behavior  of  a  Tantalum  Plate. 

The  Effects  of  Hydrostatic  Pressure  on  the  Compressive  Me¬ 
chanical  Behavior  of  LI2  AI3  Ti-Based  Intermetallic. 

Flow  Instabilities  and  Fracture  in  Ti-6AI-4V  Deformed  in  Com¬ 
pression  at  298-673K. 

Low-Cycle  Fatigue  of  Dispersion-Strengthened  Copper. 

Effect  of  Internal  Heating  During  Hot  Compression  on  the 
Stress-Strain  Behavior  of  Alloy  304L. 


Strain  rate  stress  effects 

Forging  Limit  for  an  Aluminum  Matrix  Composite.  11.  Analysis. 

(Conference  Paper)  2039-2048A 


Stress  aging 

See  Strain  aging 

Stress  concentration 

Cleavage  Initiation  in  the  Intercritically  Reheated  Coarse- 
Grained  Heat-Affected  Zone:  1.  Fractographic  Evidence.  563-573A 

Characterization  of  Anisotropic  Elastic  Constants  of  Silicon- 
Carbide  Particulate  Reinforced  Aluminum  Metal  Matrix 
Composites,  li.  Theory.  811-819A 

Stress  corrosion  cracking 

Creep  and  Intergranular  Cracking  of  Ni — Cr — Fe — C  in 
360“C  Argon.  1169-1183A 

Stress  corrosion  cracking,  Diffusion  effects 

Tritium  Distribution  at  the  Crack  Tip  of  High-Strength  Steels 
Submitted  to  Stress  Corrosion  Cracking.  1159-1167A 


Stress  corrosion  cracking,  Heating  effects 

Applicability  of  Bond  Percolation  Theory  to  Intergranular 
Stress-Corrosion  Cracking  of  Sensitized  AISI  304  Stainless 
Steel.  775-787A 


Stress  corrosion  resistance 

See  Corrosion  resistance 


Stress  cycle 

Behavior  of  Nickel-Base  Superalloy  Single  Crystals  Under 
Thermal — Mechanical  Fatigue. 

Effect  of  Strain  Rate  on  the  High-Temperature  Low-Cycle  Fa¬ 
tigue  Properties  of  a  Nimonic  PE-16  Superalloy. 

Characteristics  of  the  Martensitic  Transformation  and  the  In¬ 
duced  Two-Way  Shape  Memory  Effect  After  Training  by 
Compressive  Pseudoelastic  Cycling  in  Cu — Zn — Al  Single 
Crystals. 

Thermal-Mechanical  Fatigue  of  Ti-48A1-2V  Alloy  and  Its  Com¬ 
posite. 

Low-Cycle  Fatigue  of  Dispersion-Strengthened  Copper. 


99-1 09A 
159-1 71 A 

687-695A 

2207-221 2A 
2235-2245A 


Stress  distribution 

See  Stress  concentration 


Stress  intensity 

Effect  of  Orientation  on  Crystallographic  Cracking  in  Notched 
Nickel-Base  Superalloy  Single  Crystal  Subjected  to  Far- 
Field  Cyclic  Compression. 

Tensile  Ductility  of  Extrinsically  Toughened  Intermetallics. 

Characterization  of  inhomogeneous  Elastic  Deformation  With 
X-Ray  Diffraction. 

Characteristics  of  the  Martensitic  Transformation  and  the  In¬ 
duced  Two-Way  Shape  Memory  Effect  After  Training  by 
Compressive  Pseudoelastic  Cycling  in  Cu — Zn — Al  Single 
Crystals. 

Fracture  of  Glass  in  Tensile  and  Bending  Tests. 

Crack  Initiation  at  Long  Radial  Hydrides  in  Zr — 2.5Nb  Pres¬ 
sure  Tube  Material  at  Elevated  Temperatures. 


287-297A 

299-308A 

341-347A 


687-695A 

961-968A 

993-1 004A 


Stresses 

See  Axial  stress 
Residual  stress 
Stress  intensity 
Tensile  stress 
Thermal  stresses 

Stretching 

Effects  of  Texture  Gradients  on  Yield  Loci  and  Forming  Limit 
Diagrams  in  Various  Aluminum-Lithium  Sheet  Alloys. 

Strip 

See  Strip  steel 
Strip  steel,  Heat  treatment 

Computer  Algorithms  for  Radiometric  Measurement  of  Tem¬ 
perature  During  the  Galvanneal  Process. 

Structural  hardening 

See  Dispersion  hardening 
Precipitation  hardening 
Strain  hardening 

Structural  materials 

See  Structural  steels 

Structural  steels,  Mechanical  properties 

Evaluation  of  Homogeneous  Compression  Flow  Curves 
Using  Square  Cross-Sectioned  Specimens. 

Structure  (atomic) 

See  Atomic  structure 

Structures  (crystalline) 

See  Crystal  structure 
Grain  structure 
Macrostructure 
Microstructure 

Submerged  arc  welds 

See  Welded  joints 

Suction 

See  Vacuum 

Sulfur,  Chemical  analysis 

Sulfur  Determination  in  Carbon-Saturated  Iron  by  Solid-State 
Electrochemical  Sensor. 

Sulfur,  Ternary  systems 

High-Temperature  Phase  Relations  and  Thermodynamics  in 
the  Iron — Lead — Sulfur  System. 

Sulphur 

See  Sulfur 

Superalloys,  Casting 

Three-Dimensional  Simulation  of  the  Grain  Formation  in  In¬ 
vestment  Castings. 

Superalloys,  Cladding 

A  Simple  but  Realistic  Mode!  for  Laser  Gladding. 
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Superalloys 


Superalloys,  Coating 

Microstructural  Evolution  of  an  Overlay  Coating  on  a  Single- 
Crystal  Nickel-Base  Superalloy.  2837-2840A 

Superalloys,  Extrusion 

Discussion  of  “The  Distribution  of  Dispersoid  Phases  in  the 
Extruded  ODS  Superalloy  MA-957  and  Reply.  651-653A 

Superalloys,  Heat  treatment 

Hydrogen  Permeation  Behavior  in  IN718  and  GH761  Superat- 
loys.  539-544A 

Superalloys,  Mechanical  properties 

Behavior  of  Nickel-Base  Superalloy  Single  Crystals  Under 
Thermal — Mechanical  Fatigue.  99-1 09A 

Effect  of  Strain  Rate  on  the  High-Temperature  Low-Cycle  Fa¬ 
tigue  Properties  of  a  Nimonic  PE-16  Superalloy.  159-171A 

Effect  of  Orientation  on  Crystallographic  Cracking  in  Notched 
Nickel-Base  Superalloy  Single  Crystal  Subjected  to  Far- 
Field  Cyclic  Compression.  287-297A 

On  Morphologies,  Microsegregation,  and  Mechanical  Behav¬ 
ior  of  Directionally  Solidified  Cobalt-Base  Superalloy  at  Me¬ 
dium  Cooling  Rate.  637-642A 

Characterization  of  Mechanically  Alloyed  Oxide  Dispersion- 
Strengthened  Nickel-Base  Superalloy  MA760.  705-714A 

Hot  Deformation  Characteristics  of  INCONEL  Alloy  MA  754 
and  Development  of  a  Processing  Map.  1693-1702A 

Superalloys,  Metal  working 

Microstructural  Control  in  Hot  Working  of  IN-718  Superalloy 
Using  Processing  Map.  2275-2284A 

Superalloys,  Structural  hardening 

Strain  Hardening  in  Underaged  Inconel  718.  653-656A 

Diffusional  Boundary  Conditions  During  Coarsening  of  Elasti¬ 
cally  Interacting  Precipitates.  2695-2703A 

Superalloys,  Welding 

The  Influence  of  Electron-Beam  Welding  Parameters  on 
Heat-Affected-Zone  Microfissuring  in  Incoloy  903.  1733-1745A 

Superconductors 

Directional  Phase  Formation  on  Melting  via  Peritectic  Reac¬ 
tion.  1747-1760A 


Superconductors,  Microstructure 

The  Role  of  Oxygen  and  Zirconium  in  the  Formation  and 
Growth  of  NbsSn  Grains.  213-219A 

Superconductors,  Phases  (state  of  matter) 

Thermodynamic  Study  of  BaCu02  and  BaCu202.  385-389B 

Supercooling 

Crystallization  Studies  of  the  0'  (Mg2Pb)  Phase  and  Its  Phase 
Boundaries  in  the  Pb — Mg — Bi  System.  255-263B 

The  Velocity  of  Solidification  of  Highly  Undercooled  Nickel.  1301-1308A 
Nonequilibrium  Solidification  of  Undercooled  Melt  of  Ag-Cu 
Alloy  Entrained  in  the  Primary  Phase.  2517-2523A 

Numerical  Analysis  of  the  Rapid  Solidification  of  Gas- 
Atomized  AI-8  wt.%  Iron  Droplets.  2815-2826A 

Superplastic  forming 

Superplastic  Behavior  of  Thermomechanically  Treated  P/M 
7091  Aluminum  Alioy.  2153-2160A 

Superplasticity 

Factors  Influencing  the  Exceptional  Ductility  of  a  Superplastic 
Pb-62%  Sn  Alloy.  2309-231 1 A 

Superplasticity,  Deformation  effects 

Superpiastic  Behavior  of  Two  Uitrahigh  Boron  Steels.  1241-1248A 

Superplastic  Behavior  of  Thermomechanically  Treated  P/M 
7091  Aluminum  Alloy.  2153-2160A 

Superplasticity,  Microstructural  effects 

Discussion  of  “Grain  Growth  of  a  Superpiastic  7475  Alumi¬ 
num  Alloy”.  221-223A 

Superplasticity,  Stress  effects 

Effect  of  Iron  on  the  Superpiastic  Deformation  of  Zn-22%A!.  2391-2401A 

Surface  analysis  (chemical) 

See  Depth  profiling 

Surface  chemistry 

Adsorption  Kinetics  of  Dicyanoaurate  and  Dicyanoargentate 
Ions  in  Activated  Carbon.  185-191B 

Surface  Segregation  of  Calcium  Oxide  in  Wustite  and  Its  Ef¬ 
fects  on  the  Reduction.  405-413B 

Surface  Characterization  and  Reactivity  of  a  Nitrogen  Atom¬ 
ized  304L  Stainless  Steel  Powder.  509-520A 

Nanocrystatline  iron  Sintering  Behavior  and  Microstructural 
Development.  677-685A 

Improvement  in  the  Reducibiiity  of  Wustite  Assisted  by  the  In¬ 
tensified  Surface  Segregation  of  Calcium  Ions  by  the  Dou¬ 
ble  Addition  of  CaO  and  Si02.  741-748B 

Surface  chemistry.  Alloying  effects 

Solid-State  Wetting  of  Graphite  by  Lead  and  Pb — Nf  Alloys.  607-615A 

Surface  chemistry,  Composition  effects 

High-Temperature  Oxidation  of  Cathodically  Hydrogen- 
Charged  Two-Phase  (Ti3Al,  TiAl)  Titanium  Aluminides.  2491-2496A 

Surface  chemistry,  Diffusion  effects 

Multiphase  Binary  Diffusion  in  Infinite  and  Semi-Infinite 
Media.  II.  On  the  Numerical  Calculation  of  the  Rate  Con¬ 
stants  for  Formation  of  Product  Phases.  753-761A 


Surface  chemistry.  Environmental  effects 

Modeling  Hydrogen  Entry  and  Exit  in  Metals  Exposed  to  Mul¬ 
tiple  Charging  Processes.  723-732A 

Surface  chemistry,  Heating  effects 

Computer  Algorithms  for  Radiometric  Measurement  of  Tem¬ 
perature  During  the  Galvanneal  Process.  449-462B 


Auger  Electron  Analysis  of  the  Initial  Oxidation  of  Titanium  Al¬ 
uminides  Based  on  Ti — 48AI.  1041-1050A 

Surface  chemistry,  Microstructural  effects 

Influence  of  Near-Surface  Microstructures  on  the  Transient 
Current  Response  in  Fe — Cr — Ni  Alloys  During  Scratch 
Tests.  1325-1331A 

Surface  chemistry.  Pressure  effects 

Kinetics  of  the  Reaction  of  H2O  Gas  With  Liquid  Iron.  245-253B 

Surface  chemistry.  Radiation  effects 

Gas  Trapping  and  Release  in  Polycrystalline  Nickel  Preim¬ 
planted  With  Helium.  949-959A 

Surface  defects 

Water-Modeling  Study  of  the  Surface  Disturbances  in  Contin¬ 
uous  Slab  Caster.  227-233B 

Surface  defects.  Stress  effects 

Fracture  of  Glass  in  Tensile  and  Bending  Tests.  961-968A 

Surface  diffusion 

See  Diffusion 

Surface  energy 

An  Empirical  Correlation  Between  Contact  Angles  and  Sur¬ 
face  Tension  in  Some  Ceramic — Metal  Systems.  225-230A 

Surface  hardening 

See  also  Laser  beam  hardening 

Depth  of  Melt-Poo!  and  Heat-Affected  Zone  in  Laser  Surface 
Treatments.  427-435A 


Surface  hardness.  Radiation  effects 

Effects  of  Simultaneous  Boron  and  Nitrogen  Implantation  on 
Microhardness  and  Fatigue  Properties  of  Fe — 13Cr — 15Ni 
Alloys. 

Surface  properties 

See  Emissivity 
Roughness 
Surface  structure 
Surface  tension 
Wetting 

Surface  roughness 

See  Roughness 

Surface  structure 

The  Diffuse-Scattering  Method  for  Investigating  Locally  Or¬ 
dered  Binary  Solid  Solutions. 

Structure  of  As-Deposited  Iron — Zinc  Coatings  From  Chlo¬ 
ride  Bath. 

A  Simple  but  Realistic  Model  for  Laser  Cladding. 

Surface  Characterization  and  Reactivity  of  a  Nitrogen  Atom¬ 
ized  304L  Stainless  Steel  Powder. 

The  Orientation  Dependence  of  Fatigue-Crack  Growth  in 
8090  Aluminum — Lithium  Plate. 

Nanocrystalline  Iron  Sintering  Behavior  and  Microstructural 
Development. 

Thermodynamics  of  Isolated  Pores  Filling  With  Liquid  in  Sin¬ 
tered  Composite  Materials. 

Improvement  in  the  Reducibiiity  of  Wustite  Assisted  by  the  In¬ 
tensified  Surface  Segregation  of  Calcium  Ions  by  the  Dou¬ 
ble  Addition  of  CaO  and  Si02. 

Efficient  Measurement  of  Microstructural  Surface  Area  Using 
Trisector. 

Effect  of  Microstructure  (Particulate  Size  and  Volume  Frac¬ 
tion)  and  Counterface  Material  on  the  Sliding  Wear  Resis¬ 
tance  of  Particulate-Reinforced  Aluminum  Matrix 
Composites. 

Influence  of  Near-Surface  Microstructures  on  the  Transient 
Current  Response  in  Fe — Cr — Ni  Alloys  During  Scratch 
Tests. 

X-Ray  Microscopic  Observations  of  Metal  Solidification  Dy¬ 
namics. 

The  Phenomenological  Theory  of  Martensite  Crystallogra¬ 
phy:  Interrelationships.  (Conference  Paper) 

Ledges  and  Dislocations  in  Phase  Transformations.  (Confer¬ 
ence  Paper) 

The  Role  of  Structural  Ledges  as  Misfit-Compensating  De¬ 
fects:  FCC-BCC  Interphase  Boundaries.  (Conference 
Paper) 

Spreading  and  Interlayer  Formation  at  the  Copper-Copper 
Oxide/Polycrystalline  Alumina  Interface. 

Surface  structure.  Alloying  effects 

Morphological  Stability  of  yla  Interface  Formed  by  Carburiza¬ 
tion  in  Fe — C — X  Alloys. 

Surface  structure.  Coating  effects 

The  Influence  of  Laser  Glazing  on  Fatigue  Crack  Growth  in 
Ti— 24AI— lINb. 

Processing.  Microstructure,  and  Properties  of  Laser-Clad 
Nickel  Alloy  FP-5  on  Al  Alloy  AA333. 

Surface  structure.  Composition  effects 

High-Temperature  Oxidation  of  Cathodically  Hydrogen- 
Charged  Two-Phase  (Ti3AI,  TiAl)  Titanium  Aluminides. 

Surface  structure,  Cooling  effects 

Natural  Convection  in  an  Aluminum  Ingot:  a  Mathematical 
Model. 

Three-Dimensional  Simulation  of  the  Grain  Formation  in  In¬ 
vestment  Castings. 

Fatigue  Crack  Growth  Rates  and  Fracture  Toughness  of 
Rapidly  Solidified  Al — 8.5Fe — t.2V — 1.7Si  Alloys. 
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Surface  structure,  Diffusion  effects 

Crystallographic  Theories,  Interface  Structures,  and  Trans¬ 
formation  Mechanisms.  (Conference  Paper)  1821-1839A 

On  the  Role  of  Interphase-Boundary  Structure  in  Plate 
Growth  by  Diffusional  Mechanisms.  (Conference  Paper)  1 875-1 883A 
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Thermal  conductivity 


Formation  of  Invariant  Plane-Strain  and  Tent-Shaped  Surface 
Reliefs  by  the  Diffusional  Ledge  Mechanism.  (Conference 
Paper)  1923-1931A 

Surface  structure,  Heating  effects 

Atom  Probe  Field  Ion  Microscopy  Study  of  the  Partitioning  of 
Substitutional  Elements  During  Tempering  of  a  Low-Alloy 
Steel  Martensite.  499-508A 

The  Effect  of  Phosphorus  Segregation  on  the  Intermediate- 
Temperature  Embrittlement  of  Ferritic,  Spheroidal  Graphite 
Cast  iron.  557-561A 

Morphology  Development  in  Hot-Dip  Galvanneal  Coatings.  937-947A 

Auger  Electron  Analysis  of  the  Initial  Oxidation  of  Titanium  Al- 
uminides  Based  on  Ti — 48AI.  1041-1050A 

Development  and  Characterization  of  Interface  Coatings  in 
Molybdenum-Reinforced  NiAl  Matrix  Composites.  2111-2116A 

Surface  structure,  Welding  effects 

Characterization  of  a  Diffusion-Bonded  Al — Mg  Alloy/SiC  In¬ 
terface  by  High  Resolution  and  Analytical  Electron  Micros¬ 
copy.  617-627A 

Surface  tension 

An  Empirical  Correlation  Between  Contact  Angles  and  Sur¬ 
face  Tension  in  Some  Ceramic — Metal  Systems.  225-230A 

Sticking  of  Solids  in  Liquids.  397-403B 

Surface  Tensions  of  Liquid  Fe-Cr  and  Fe-Cr-N  Alloys.  626-628B 

Physicochemical  Properties  of  Nickel  Electrolytes.  637-644B 

Susceptibility  (magnetic) 

See  Magnetic  permeability 

Synthesis,  Temperature  effects 

Thermodynamic  Estimation  of  AHp  for  CaGa2  Intermetallic.  151-154B 

Systems  (metallurgical) 

See  Binary  systems 
Quaternary  systems 
Ternary  systems 

Tanks  (electrolytic) 

See  Electrolytic  cells 

Tantalum,  Binary  systems 

Formation  and  Stability  of  Metastable  Structures  and  Amor¬ 
phous  Phases  in  Pu — V,  Pu — TA.  and  Pu — Yb  Systems 
With  Positive  Heats  of  Mixing.  1579-1590A 

Tantalum,  Mechanical  properties 

Textural  and  Microstructural  Gradient  Effects  on  the  Mechan¬ 
ical  Behavior  of  a  Tantalum  Plate.  1025-1031A 

Tear  strength,  High  temperature  effects 

Elevated  Temperature  Fracture  of  RS/PM  Alloy  8009. 1.  Frac¬ 
ture  Mechanics  Behavior.  365-379A 

Temperature 

See  Curie  temperature 
High  temperature 

Tempering 

See  also  Quenching  and  tempering 
Atom  Probe  Field  Ion  Microscopy  Study  of  the  Partitioning  of 
Substitutional  Elements  During  Tempering  of  a  Low-Alloy 
Steel  Martensite.  499-508A 

The  Effects  of  Double  Austenitization  on  the  Mechanical 
Properties  of  a  0.34C  Containing  Low-Alloy  Ni — Cr — Mo — 

V  Steel.  545-555A 

Isothermal  Formation  of  Quasicrystalline  Precipitates  and 

Their  Effect  on  Strength  in  a  1 2Cr-9Ni-4Mo  Maraging  Stain¬ 
less  Steel,  2225-2233A 

Tenacity 

See  Tensile  strength 

Tensile  modulus 

See  Modulus  of  elasticity 

Tensile  properties 

See  Elongation 
Necking 

Reduction  of  area 
Tensile  strength 
Yield  strength 

Tensile  shear  strength 

See  Shear  strength 

Tensile  strength,  Composition  effects 

Room-Temperature  Strength  and  Deformation  of  TiB2- 
Reinforced  Near-7  Titanium  Aluminides.  2181-2197A 

Melt-Processed  NisAl  Matrix  Composites  Reinforced  With 
TiC  Particles.  2525-2534A 

Tensile  strength.  Cooling  effects 

Effects  of  Widmanstatten  Ferrite  on  the  Mechanical  Proper¬ 
ties  of  a  0.2%  C — 0.7%  Mn  Steel.  763-773A 

Tensile  strength,  Environmental  effects 

Hydride  Embrittlement  in  Zircaloy-4  Plate.  I.  Influence  of  Mi¬ 
crostructure  on  the  Hydride  Embrittlement  in  Zircaloy-4  at 
20and  350®C.  1185-1197A 

Tensile  strength,  Heating  effects 

The  Effects  of  Double  Austenitization  on  the  Mechanical 
Properties  of  a  0.34C  Containing  Low-Alloy  Ni — Cr — Mo — 

V  Steel.  545-555A 

Heat  Treatment  of  Investment  Cast  PH  13-8Mo  Stainless 

Steel.  I.  Mechanical  Properties  and  Microstructure.  789-798A 

Effect  of  Heat  Treatment  on  the  Microstructure,  Tensile  Prop¬ 
erties,  and  Fracture  Behavior  of  Permanent  Mold  AI-10 
wt.%  Si-0.6  wt.%  Mg/SiC/10p  Composite  Castings.  2247-2263A 

Tensile  strength,  Microstructural  effects 

Fracture  and  the  Formation  of  Sigma  Phase,  M23C6,  and  Aus¬ 
tenite  From  Delta — Ferrite  in  an  AISI  304L  Stainless  Steel.  1147-1158A 


Microstructural  Analysis  of  Fracture  Toughness  Variation  in 
ZXXX-Series  Aluminum  Alloy  Composites  Reinforced  With 
SiC  Whiskers. 

Tensile  strength,  Stress  effects 

Cleavage  Initiation  in  the  Intercritically  Reheated  Coarse- 
Grained  Heat-Affected  Zone:  I.  Fractographic  Evidence. 

Crack  Initiation  at  Long  Radial  Hydrides  in  Zr — 2.5Nb  Pres¬ 
sure  Tube  Material  at  Elevated  Temperatures. 

Tensile  stress 

Behavior  of  Steels  Near  the  Incipient  Melting  Temperature. 

The  Influence  of  Laser  Gjazing  on  Fatigue  Crack  Growth  in 
Ti— 24Ai— 1 1  Nb. 

A  Simplified  Method  of  Calculating  the  Stress  Field  at  the  Tip 
of  a  Discrete  Dislocation  Pileup  in  a  Finite  Crystal. 

Characteristics  of  the  Martensitic  Transformation  and  the  In¬ 
duced  Two-Way  Shape  Memory  Effect  After  Training  by 
Compressive  Pseudoelastic  Cycling  in  Cu — Zn — Al  Single 
Crystals. 

Fracture  of  Glass  in  Tensile  and  Bending  Tests. 

Hydride  Embrittlement  in  Zircaloy-4  Plate.  II.  Interaction  Be¬ 
tween  the  Tensile  Stress  and  the  Hydride  Morphology. 

Transformation,  Microcrack,  and  Thermal  Residual  Stress  as 
Interactive  Processes  in  Zr02-Toughened  AI2O3,  Simulated 
by  the  Finite  Element  Method. 

Forging  Limits  for  an  Aluminum  Matrix  Composite.  I.  Experi¬ 
mental  Results.  (Conference  Paper) 

Forging  Limit  for  an  Aluminum  Matrix  Composite.  II.  Analysis. 
(Conference  Paper) 

Modeling  the  Effects  of  Stress  State  and  Crystal  Orientation 
on  the  Stress-Induced  Transformation  of  NiTi  Single  Crys¬ 
tals. 

Micromechanical  Modelling  of  Reinforcement  Fracture  in 
Particle-Reinforced  Metal-Matrix  Composites. 

Tensile  tests 

See  Tension  tests 

Tensile  yield  strength 

See  Yield  strength 

Tension  impact  tests 

See  Impact  tests 

Tension  tests 

Environmental  Effect  on  Room-Temperature  Ductility  of  Iso- 
thermally  Forged  TiAI-Base  Alloys. 

Fracture  of  Glass  in  Tensile  and  Bending  Tests. 

The  Effect  of  Inertia  on  Tensile  Ductility. 

Ternary  systems 

Thermodynamic  Properties  of  Ternary  Liquid  Cu — Mg — Ni 
Alloys. 

Ternary  systems,  Phase  transformations 

Numerical  Modeling  of  Solidification  and  Subsequent  Trans¬ 
formation  of  Fe — Cr — Ni  Alloys. 

Diffusion-Controlled  Growth  in  Ternary  Systems. 

Ternary  systems,  Phases  (state  of  matter) 

High-Temperature  Phase  Relations  and  Thermodynamics  in 
the  Iron — Lead — Sulfur  System. 

Thermodynamic  Study  of  the  Bi — Ca — 0  System. 

Crystallization  Studies  of  the  /?'  (Mg2Pb)  Phase  and  Its  Phase 
Boundaries  in  the  Pb — Mg — Bi  System. 

Thermodynamics  of  the  Iron  )Carbon  )Zinc  System. 

The  Grand  Partition  Function  of  Dilute  Biregular  Solutions. 

Thermodynamics  of  the  Liquid  {xCu  +  yAu  +  (1 — x — y)Ge}, 
(0.75  <x<1,0<y<  0.125)  Alloys  at  1550K  by  Knud- 
sen  Effusion  Mass  Spectrometry. 

Thermodynamic  Analysis  of  the  In-Ga-Sb  System. 

Tertiary  displacements 

See  Displacements  (lattice) 

Texture 

The  Orientation  Dependence  of  Fatigue-Crack  Growth  in 
8090  Aluminum — Lithium  Plate. 

Textural  and  Microstructural  Gradient  Effects  on  the  Mechan¬ 
ical  Behavior  of  a  Tantalum  Plate. 

Effects  of  Texture  Gradients  on  Yield  Loci  and  Forming  Limit 
Diagrams  in  Various  Aluminum-Lithium  Sheet  Alloys. 

Texture,  Deformation  effects 

Anisotropic  Plastic  Potentials  for  Polycrystals  and  Application 
to  the  Design  of  Optimum  Blank  Shapes  in  Sheet  Forming. 

High-Temperature  Deformation  of  B2  NiAI-Base  Alloys.  (Con¬ 
ference  Paper) 

Discussion  of  "The  Role  of  Microstructure  on  Strength  and 
Ductility  of  Hot-Extruded  Mechanically  Alloyed  NiAl"  and 
Author’s  Reply. 

Texture,  Radiation  effects 

Deformation  Behavior  of  Irradiated  Zr — 2.5Nb  Pressure  Tube 
Material. 

Texture,  Stress  effects 

Characterization  of  Inhomogeneous  Elastic  Deformation  With 
X-Ray  Diffraction. 

Thawing 

See  Melting 

Thermal  capacity 

See  Specific  heat 

Thermal  conductivity 

Resistance  Spot  Welding  of  Precoated  Steel  Sheet:  Compu¬ 
tational  Heat-Transfer  Analysis. 

Thermal  conductivity,  Cooling  effects 

A  Note  on  the  Sensitivity  of  Solidification  Models  to  Thermo- 
physical  Properties. 
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857-864A 
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Thermal  conductivity 


Thermal  conductivity,  Temperature  effects 

Three-Dimensional  Finite  Element  Modeling  of  Gas  Metal-Arc 
Welding.  435-441 B 

Thermal  expansion,  Stress  effects 

Coefficients  of  Thermal  Expansion  of  Metal-Matrix  Compos¬ 
ites  for  Electronic  Packaging.  839-850A 

Thermal  fatigue,  Deformation  effects 

Modeling  the  Thin-Slab  Continuous-Casting  Mold.  443-457B 

Thermal  fatigue,  Stress  effects 

Thermal-Mechanical  Fatigue  of  Ti-48AI-2V  Alloy  and  Its  Com¬ 
posite.  2207-2212A 


Thermal  fatigue,  Temperature  effects 

Comparison  of  Orthorhombic  and  Alpha-Two  Titanium  Alumt- 
nides  as  Matrices  for  Continuous  SiC-Reinforced  Compos¬ 
ites.  1267-1283A 


Thermal  flux 

See  Heat  transmission 


Thermal  properties 

See  Emissivity 
Melting  points 
Specific  heat 
Thermal  conductivity 
Thermal  expansion 
Thermal  stability 
Vapor  pressure 

Thermal  reduction 

See  Fluidized  bed  reduction 
Smelting 

Thermal  resistivity 

See  Thermal  conductivity 

Thermal  spraying 

See  Plasma  spraying 

Thermal  stability,  Alloying  effects 

Elevated-Temperature  Stability  of  Mechanically  Alloyed 
Copper-Niobium  Powders.  2091-2099A 

Thermal  stability.  Composition  effects 

Melt-Processed  NisAI  Matrix  Composites  Reinforced  With 
TiC  Particles.  2525-2534A 

Thermal  stability,  Microstructural  effects 

Characterization  of  Anisotropic  Elastic  Constants  of  Silicon- 
Carbide  Particulate  Reinforced  Aluminum  Metal  Matrix 
Composites.  I.  Experiment.  799-809A 

Thermal  stability.  Temperature  effects 

Comparison  of  Orthorhombic  and  Alpha-Two  Titanium  Alumi- 
nides  as  Matrices  for  Continuous  SiC-Reinforced  Compos¬ 
ites.  1267-1283A 


Thermal  stresses 

Effect  of  Strain  Rate  on  the  High-Temperature  Low-Cycle  Fa¬ 
tigue  Properties  of  a  Nimonic  PE-16  Superalloy. 

Analysis  of  Thermally  induced  Stress  and  Strain  in  Continu¬ 
ous  Fiber-Reinforced  Composites. 

Cleavage  Initiation  in  the  Intercritically  Reheated  Coarse- 
Grained  Heat-Affected  Zone:  I.  Fractographic  Evidence. 

On  Low-Temperature  Environment-Assisted  Fatigue  Crack 
Propagation. 

Transformation.  Microcrack,  and  Thermal  Residual  Stress  as 
Interactive  Processes  in  2r02*Toughened  AI2O3,  Simulated 
by  the  Finite  Element  Method. 

Modeling  Creep  Deformation  of  a  Two-Phase  TiAl/TisAi  Alloy 
With  a  Lamellar  Microstructure. 


159-171A 

415-425A 

563-573A 

658-659A 

1725-1 731 A 
2161-2171A 


Thermochemistry 

Improved  Thermochemical  Calculations  for  Maraging  Steels 
and  Comparison  With  Atom  Probe  Measurement  of  Phase 
Composition.  2538-2539A 


Thermodynamics 

See  also  Enthalpy 
Entropy 
Free  energy 

Calcium  Deoxidation  Equilibrium  in  Liquid  iron. 

High-Temperature  Phase  Relations  and  Thermodynamics  in 
the  Iron — Lead — Sulfur  System. 

Thermodynamics  and  Phase  Relations  of  the  Fe — O — S — 
Si02(sat)  System  at  1200^C  and  the  Effect  of  Copper. 

Gradient  Solid  Electrolytes  for  Thermodynamic  Measure¬ 
ments:  System  Na2C03 — Na2S04. 

Thermodynamics  of  Oxygen,  Nitrogen,  and  Sulfur  in  Liquid 
Iron  Equilibrated  With  CaO— -AI2O3— -MgO  Slags. 

Thermodynamics  of  the  Iron  )Carbon  )Zinc  System. 

Experimental  Study  of  the  Influence  of  interfacial  Energies 
and  Reactivity  on  Wetting  in  Metal/Oxide  Systems. 

Thermodynamics  of  Isolated  Pores  Filling  With  Liquid  in  Sin¬ 
tered  Composite  Materials. 

Thermodynamic  Simulation  Model  of  the  Isasmett  Process 
for  Copper  Matte. 

Thermodynamics  of  the  Liquid  jxCu  +  yAu  +  (1 — x — y)Gel, 
(0-75  £x<1,0<y£  0.125)  Alloys  at  1550K  by  Knud- 
sen  Effusion  Mass  Spectrometry. 

Thermal  Separation  of  Arsenic  and  Antimony  Oxides. 

A  Therm, cdynamic  Study  of  the  Molybdenum-Oxygen  Sys¬ 
tem- 

Thermodynamics  of  Boron  in  a  Silicon  Melt. 

Calculation  of  Thermophysical  Properties  of  Carbon  and  Low 
Alloyed  Steels  for  Modeling  of  Solidification  Processes. 

Intragranuiar  Ferrite  Nucieation  in  Medium-Carbon  Vanadium 
Steels. 

Computer  Simulation  of  Diffusion  in  Multiphase  Systems. 

Numerical  Modeling  of  Solidification  and  Subsequent  Trans¬ 
formation  of  Fe — Cr — Ni  Alloys. 
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235-244B 
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839-853B 
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Thermodynamics  and  Kinetics  of  the  Formation  of 
Widmanstatten  Ferrite  Plates  in  Ferrous  Alloys.  (Confer¬ 
ence  Paper) 

Thermodynamic  Consideration  of  Formation  Mechanism  of 
ai  Plate  in  /JCu-Base  Alloys.  (Conference  Paper) 

The  Chromium  Equivalents  of  Selected  Elements  in  Austen¬ 
itic  Stainless  Steel. 

Diffusion-Controlled  Growth  in  Ternary  Systems. 

Thermodynamics  and  Long-Range  Order  of  Interstitials  in  a 
Hexagonal  Close-Packed  Lattice. 

Thermoeiastic  properties 

See  also  Shape  memory 

Thermoeiastic  properties,  Microstructural  effects 

Some  Aspects  of  Thermomechanical  Fatigue  of  AISI  304L 
Stainless  Steel.  II.  Dislocation  Arrangements. 

Thermoeiastic  properties,  Stress  effects 

Behavior  of  Nickel-Base  Superalloy  Single  Crystals  Under 
Thermal — Mechanical  Fatigue. 

Some  Aspects  of  Thermomechanical  Fatigue  of  AISI  304L 
Stainless  Steel.  I.  Creep — Fatigue  Damage. 

Modeling  the  Effects  of  Stress  State  and  Crystal  Orientation 
on  the  Stress-Induced  Transformation  of  NiTi  Single  Crys¬ 
tals. 

Thermomechanical  properties 

See  Thermoeiastic  properties 

Thermomechanical  treatment 

Compositional  and  Microstructural  Changes  Which  Attend 
Reheating  and  Grain  Coarsening  in  Steels  Containing  Nio¬ 
bium. 

Superplaslic  Behavior  of  Thermomechanically  Treated  P/M 
7091  Aluminum  Alloy. 

Thermonuclear  reactions,  Radiation  effects 

Helium  3  Precipitation  in  AISI  31 6L  Stainless  Steel  Induced  by 
Radioactive  Decay  of  Tritium:  Microstructural  Study  of  He¬ 
lium  Bubble  Precipitation. 

Thermostability 

See  Thermal  stability 

Thin  films,  Phases  (state  of  matter) 

The  Morphological  Stability  of  Lateral  Growth  in  Solid — Solid 
Phase  Transformation  During  Thin-Film  Interdiffusion  in 
Aluminum/Copper  Bimetal  Films. 

Tig  arc  welding 

See  Gas  tungsten  arc  welding 

TIG  welding 

See  Gas  tungsten  arc  welding 

Time  temperature  transformation  curves 

See  TTT  curves 

Tin,  Microstructure 

Characterization  of  Inhomogeneous  Elastic  Deformation  With 
X-Ray  Diffraction. 

Tin,  Physical  properties 

Sticking  of  Solids  in  Liquids. 

Tin,  Soldering 

The  Effect -of  Low  Gold  Concentrations  on  the  Creep  of  Eu¬ 
tectic  Tin — Lead  Joints. 

Tin  base  alloys,  Casting 

Prediction  of  Columnar  to  Equiaxed  Transition  During 
Diffusion-Controlled  Dendritic  Alloy  Solidification. 

Tin  base  alloys,  Mechanical  properties 

Factors  Influencing  the  Exceptional  Ductility  of  a  Superpiastic 
Pb-62%  Sn  Alloy. 

Tin  compounds.  Superconductivity 

Effect  of  Oxygen  and  Zirconium  on  the  Growth  and  Super¬ 
conducting  Properties  of  NbaSn. 

The  Role  of  Oxygen  and  Zirconium  in  the  Formation  and 
Growth  of  NboSn  Grains. 

Titanium,  Alloying  elements 

Thermodynamics  of  Oxygen  and  Nitrogen  in  Liquid  Nickel 
Equilibrated  With  CaO — TiOx  and  CaO — TiO* — At203 
Melts. 

Effects  of  Austenite  Grain  Size  and  Cooling  Rate  on 
Widmanstatten  Ferrite  Formation  in  Low-Alloy  Steels. 

Microstructures  and  Mechania!  Behavior  of  NiAI-Mo  and 
NIA!-Mo-Ti  Two-Phase  Alloys. 

Titanium,  Diffusion 

Anomalous  Diffusion  of  Aluminum  in  |i-Titanium. 

Titanium  base  alloys 

Microstructure  and  Sound  Velocity  of  Ti-N-0  Synthetic  Inclu¬ 
sions  in  Ti-6AI-4V. 

Titanium  base  alloys,  Coating 

The  Influence  of  Laser  Glazing  on  Fatigue  Crack  Growth  in 
Ti— 24AI— lINb. 

Titanium  base  alloys,  Composite  materials 

Microstructural  Study  of  the  Titanium'Alloy  Ti — 15Mo — 
2.7Nb— 3AI— 0.2Si  (TIMETAL  21 S). 

Comparison  of  Orthorhombic  and  Alpha-Two  Titanium  Alumi- 
nides  as  Matrices  for  Continuous  SiC-Reinforced  Compos¬ 
ites. 

Room-Temperature  Strength  and  Deformation  of  TiB2- 
Reinforced  Near--)  Titanium  Aluminides. 

Thermal-Mechanical  Fatigue  of  Ti-48AI-2V  Alloy  and  Its  Com¬ 
posite. 
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2683-2694A 

2797-281 4A 
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99-1 09A 
401-406A 

2383-2389A 


277-286A 
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211 7-21 30A 


1613-1625A 


341-347A 

397-403B 

1 249-1 257A 

1081-1093A 
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5-1 3B 
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2321-2329A 
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Turbojet  engines 


Titanium  base  alloys,  Diffusion 

A  History  of  the  Controversy  Over  the  Roles  of  Shear  and  Dif¬ 
fusion  in  Plate  Formation  Above  and  a  Comparison  of 
the  Atomic  Mechanisms  of  These  Processes.  (Conference 
Paper,  Review) 

Titanium  base  alloys,  Heat  treatment 

The  Effect  of  Thermal  Exposure  on  Microstructural  Stability 
and  Creep  Resistance  of  a  Two-Phase  TiAI/TiaAl  Lamellar 
Alloy. 

Titanium  base  alloys,  Mechanical  properties 

Microstructure  and  Mechanical  Properties  of  Ti — 40  wt.%  Ta 
(Ti— 15at.%Ta). 

Dynamic  Fracture  Behavior  of  Ti — 6AI — 4\/  Alloy  With  Vari¬ 
ous  Stabilities  of  0  Phase. 

Temperature  and  Microstructural  Dependence  of  the  Defor¬ 
mation  of  a  High  Niobium,  Titanium — Aluminum  Alloy. 

The  Elastic  Strain  Energy  of  Growth  Ledges  on  Coherent  and 
Partially  Coherent  Precipitates. 

Flow  Instabilities  and  Fracture  in  Ti-6AI-4V  Deformed  in  Com¬ 
pression  at  298-673K. 

Modeling  the  Effects  of  Stress  State  and  Crystal  Orientation 
on  the  Stress-Induced  Transformation  of  NiTi  Single  Crys¬ 
tals. 

Titanium  base  alloys,  Metal  working 

Relationships  of  Slip  Morphology,  Microcracking,  and  Frac¬ 
ture  Resistance  in  a  Lamellar  TiAI-Alloy. 

Titanium  base  alloys.  Oxidation 

Auger  Electron  Analysis  of  the  Initial  Oxidation  of  Titanium  Al- 
uminides  Based  on  Ti — 48AI. 

Titanium  base  alloys,  Powder  technology 

Microstructure  and  Sound  Velocity  of  Ti-N-0  Synthetic  Inclu¬ 
sions  in  Ti-6AI-4V. 

Titanium  base  alloys.  Reactions  (chemical) 

High-Temperature  Oxidation  of  Cathodically  Hydrogen- 
Charged  Two-Phase  (TisAI,  TiAl)  Titanium  Aluminides. 

Titanium  base  alloys,  Rolling 

A  Simple  Model  for  Conventional  Hot  Rolling  of  Sheet  Materi¬ 
als. 

Load-Signature  Analysis  for  Pack  Rolling  of  Near-Gamma  Ti¬ 
tanium  Aluminide  Alloys. 

Titanium  base  alloys,  Sorption 

Barrier-Layer  Formation  and  Its  Control  During  Hydrogen 
Permeation  Through  Ti — 24AI— 1 1  Nb  Alloy. 

Titanium  base  alloys,  Welding 

The  a/0  Interface  Phase  in  Titanium  Alloys:  Artifact  or  Real 
Phase  Contribution  to  Problem  Resolution. 

Titanium  carbide,  Composite  materials 

Modelling  the  Infiltration  Kinetics  of  Molten  Aluminum  Into 
Porous  Titanium  Carbide. 

Melt-Processed  NisAI  Matrix  Composites  Reinforced  With 
TiC  Particles. 

Titanium  compounds 

See  also  Titanium  carbide 

Titanium  compounds,  Forging 

Microstructure  Development  During  Conventional  and  Iso¬ 
thermal  Hot  Forging  of  a  Near-y  Titanium  Aluminide. 

Titanium  compounds,  Mechanical  properties 

Tensile  Ductility  of  Extrinsically  Toughened  Intermetallics. 

Environmental  Effect  on  Room-Temperature  Ductility  of  Iso- 
thermally  Forged  TiAI-Base  Alloys. 

Elastic  Constants  of  Some  Transition-Metal-Disilicide  Single 
Crystals. 

Ordering  and  Mechanical  Strength  in  LI2  Cubic  Titanium  Tri- 
aluminides. 

The  Effects  of  Hydrostatic  Pressure  on  the  Compressive  Me¬ 
chanical  Behavior  of  LI  2  AI3  Ti-Based  Intermetallic. 

Modeling  Creep  Deformation  of  a  Two-Phase  TiAI/TisAI  Alloy 
With  a  Lamellar  Microstructure. 

Top  blown  converters 

Backmixing  in  Channel  Reactors  With  High-Strength  Bottom 
Gas  Injection. 

Torsion  tests 

Softening  and  Microstructural  Change  Following  the  Dynamic 
Recrystallization  of  Austenite. 

Torsional  modulus 

See  Shear  modulus 

Torsional  strength 

See  Shear  strength 

Total  heat 

See  Enthalpy 

Toughness 

See  also  Fracture  toughness 

Toughness,  Alloying  effects 

Microstructures  and  Mechanial  Behavior  of  NiAI-Mo  and 
NiAI-Mo-Ti  Two-Phase  Alloys.  J 

Toughness,  Cooling  effects 

Effects  of  Widmanstatten  Ferrite  on  the  Mechanical  Proper¬ 
ties  of  a  0.2%  C— 0.7%  Mn  Steel. 

Toughness,  Heating  effects 

Development  and  Characterization  of  Interface  Coatings  in 
Molybdenum-Reinforced  NiAl  Matrix  Composites. 

Toughness,  Microstructure 

The  Elastic  Strain  Energy  of  Growth  Ledges  on  Coherent  and 
Partially  Coherent  Precipitates.  4 


Transformation  entropy 

See  Entropy 

Transformations  (materials) 

See  Phase  transformations 

Transgranular  fracture,  Heating  effects 

Fracture  Toughness  of  Quaternary  Al-Li-Cu-Mg  Alloy  Under 
Mode  I,  Mode  II,  and  Mode  III  Loading  Conditions. 

Transition  metal  alloys 

See  Cobalt  base  alloys 
Copper  base  alloys 
Ferrous  alloys 
Nickel  base  alloys 
Titanium  base  alloys 
Zinc  base  alloys 
Zirconium  base  alloys 

Transition  metal  compounds 

See  Cobalt  compounds 
Iron  compounds 
Nickel  compounds 
Titanium  compounds 
Zinc  compounds 

Transition  metals 

See  Cobalt 
Copper 
Iron 

Manganese 

Nickel 

Titanium 

Yttrium 

Zinc 

Zirconium 

Transmission 

See  Heat  transmission 

Transmission  electron  microscopy 

Transmission  Electron  Microscopy  Study  of  Martensites  in 
Laser-Clad  Ni — Al  Bronze  on  Aluminium  Alloy  AA333. 
Transmission  Electron  Microscopy  Crystal  Structure  Study  of 
the  Chromium-Rich  Phase  in  a  Laser-Clad  Nickel  Alloy. 
Al2Ti  Precipitation  in  Al64Fe8Ti28  Alloy. 

Interstitial  Precipitation  in  Fe — Cr — Al  Alloys. 

Transuranium  metals 
See  Plutonium 

Trlaxial  stress 
See  Axial  stress 

Tritium,  Diffusion 

Tritium  Distribution  at  the  Crack  Tip  of  High-Strength  Steels 
Submitted  to  Stress  Corrosion  Cracking. 

Tritium,  Dopants 

Helium  3  Precipitation  in  AISI 31 6L  Stainless  Steel  Induced  by 
Radioactive  Decay  of  Tritium:  Microstructural  Study  of  He¬ 
lium  Bubble  Precipitation. 

Helium  3  Precipitation  in  AISI  31 6L  Stainless  Steel  Induced  by 
Radioactive  Decay  of  Tritium:  Growth  Mechanism  of  He¬ 
lium  Bubbles. 

TTT  curves 

Bainitelike  Transformations  in  Some  Oxide  Ceramics.  (Con¬ 
ference  Paper) 

Tubular  goods 

See  Pipe 

Tundishes 

Mathematical  and  Physical  Modeling  Studies  of  Molten  Alu¬ 
minum  Flow  in  a  Tundish. 

Tungsten,  Composite  materials 

Investigation  of  the  Kinetics  of  Reduction  of  Nickel  Tungstate 
by  Hydrogen. 

Tungsten,  Powder  technology 

Determination  of  Pore  Mobility  During  Sintering. 

Tungsten  arc  welding 

See  Gas  tungsten  arc  welding 

Tungsten  base  alloys.  Heat  treatment 

The  Cause  of  Matrix  Penetration  of  W/W  Grain  Boundaries 
During  Heat  Treatment  of  W-Ni-Fe  Heavy  Alloy. 

Tungsten  base  alloys,  Powder  technology 

Effect  of  Cobalt  Addition  on  the  Liquid-Phase  Sintering  of 
Tungsten — Copper  Prepared  by  the  Fluidized  Bed  Reduc¬ 
tion  Method. 

Tungsten  carbide.  Composite  materials 

Thermodynamics  of  isolated  Pores  Filling  With  Liquid  in  Sin¬ 
tered  Composite  Materials. 

Tungsten  compounds 

See  Tungsten  carbide 

Tungsten  inert  gas  welding 

See  Gas  tungsten  arc  welding 

Turbine  blades,  Microstructure 

The  Effect  of  Enhanced  Gravity  Levels  on  Microstructural  De¬ 
velopment  in  Pb — 50  wt.%  Sn  Alloys  During  Controlled  Di¬ 
rectional  Solidification. 

Turbines 

See  Gas  turbine  engines 

Turbojet  engines,  Materials  selection 

Investigation  of  the  Kinetics  of  Reduction  of  Nickel  Tungstate 
by  Hydrogen. 


487-497A 
715-721A 
1 135-1 146A 
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Twinning 


Twinning 

Crystallographic  Characteristics  of  the  Al — Co  Decagonal 
Quasicrystal  and  its  Monoclinic  Approximant  r2-Ali3C04.  47-56A 

Triclinic  Ni2Al  Phase  in  63.1  at.%  NiAI.  57-61A 

Strain  Hardening  in  Underaged  inconel  718.  653-656A 

Ultimate  shear  strength 

See  Shear  strength 

Ultimate  tensile  strength 

See  Tensile  strength 

Ultrasonic  testing 

Characterization  of  Anisotropic  Elastic  Constants  of  Silicon- 
Carbide  Particulate  Reinforced  Aluminum  Metal  Matrix 
Composites.  I.  Experiment.  799-809A 

Ultraviolet  photoelectron  spectroscopy 

See  Photoelectron  spectroscopy 

Undercooling 

See  Supercooling 

Uranium,  Extraction 

Small  Cell  Experiments  for  Electrolytic  Reduction  of  Uranium 
Oxides  to  Uranium  Metal  Using  Fluoride  Salts.  505-51 8B 

Uranium,  Reactions  (chemical) 

Simulation  of  In  Situ  Uraninite  Leaching.  I.  A  Partial  Equilib¬ 
rium  Model  of  the  NH4HCO3 — (NH4)2C03 — H2O2  Leaching 
System.  171-183B 

Uranium  base  alloys,  Diffusion 

Interdiffusion  Between  Uranium — Zirconium  Fuel  vs.  Se¬ 
lected  Cladding  Steels.  1649-1653A 

V  notch  Charpy  impact  tests 

See  Impact  tests 

V  notch  Charpy  tests 

See  Impact  tests 

Vacancies  (crystal  defects) 

See  Lattice  vacancies 

Vacancies  (lattice) 

See  Lattice  vacancies 

Vacuum,  Environment 

Environmental  Effect  on  Room-Temperature  Ductility  of  Iso- 
thermaliy  Forged  TiAI-Base  Alloys.  32t-330A 

Vacuum  annealing 

A  Structural  Study  of  Oxidation  in  a  Zirconia-Toughened  Alu¬ 
mina  Fiber-Reinforced  NiAI  Composite.  1291-1299A 

Vanadium,  Alloying  elements 

Influence  of  Tempering  Temperature  on  Stability  of  Carbide 
Phases  in  2.6Cr— 0.7Mo— 0.3V  Steel  With  Various  Carbon 
Content.  267-275A 

Vanadium,  Binary  systems 

Formation  and  Stability  of  Metastable  Structures  and  Amor¬ 
phous  Phases  in  Pu — V,  Pu — TA,  and  Pu — Yb  Systems 
With  Positive  Heats  of  Mixing.  1579-1590A 

Vanadium,  Recovering 

Vanadium  Distribution  in  Melts  Intermediate  to  Ferroalloy 
Production  From  Vanadiferous  Slag.  27-32B 

Processing  of  Spent  Hydrorefining  Catalysts  by  Selective 
Chlorination.  481-490B 

Vanadium  compounds,  Mechanical  properties 

Elastic  Constants  of  Some  Transition-Metat-Disilicide  Single 
Crystals.  331-340A 

Vapor  phases 

An  Empirical  Correlation  Between  Contact  Angles  and  Sur¬ 
face  Tension  in  Some  Ceramic — Metal  Systems.  225-230A 

Vapor  pressure 

Kinetics  of  the  Reaction  of  H2O  Gas  With  Liquid  Iron.  245-253B 

Vapors 

See  Water  vapor 

Vessels 

See  Pressure  vessels 

Vickers  hardness 

See  Diamond  pyramid  hardness 

Viscoplasticity,  Deformation  effects 

Modeling  the  Thin-Slab  Continuous-Casting  Mold.  443-457B 

Viscoplasticity,  Stress  effects 

Micromechanical  Modelling  of  Reinforcement  Fracture  in 
Particle-Reinforced  Metal-Matrix  Composites.  2403-2420A 

Viscosity 

Observations  on  the  Effect  of  Medium  Density  and  Viscosity 
on  the  Rate  of  Induced  Aeration  in  Agitated  Vessels.  303-306B 

Sticking  of  Solids  in  Liquids.  397-403B 

A  Model  for  Estimation  of  Viscosities  of  Complex  Metallic  and 
Ionic  Melts.  519-525B 

A  Two-Phase  Flow  Model  of  the  Stirring  of  Al  )SiC  Composite 
Melt.  607-618B 

Physicochemical  Properties  of  Nickel  Electrolytes.  637-644B 

Measurements  of  High-Temperature  Viscosities  of  Liquid 
Boron  Trioxide.  876-881A 

Viscosity,  Composition  effects 

The  Effects  of  Hydrogen  on  the  Mechanical  Behavior  of  Aus¬ 
tenitic  Stainless  Steels  at  Room  Temperature.  1015-1023A 

Viscosity,  Temperature  effects 

Estimation  of  the  Viscosities  of  Binary  Metallic  Melts  Using 
Gibbs  Energies  of  Mixing.  589-595B 


Voids,  Deformation  effects 

Alliqatorinq  and  Damage  in  the  Cold  Rolling  of  Spheroidized 
Steels.  589-598A 

Voids,  Heating  effects 

Effect  of  Heat  Treatment  on  the  Microstructure,  Tensile  Prop¬ 
erties.  and  Fracture  Behavior  of  Permanent  Mold  Al-10 
wt.%  Si-0.6  wt.%  Mg/SiC/1  Op  Composite  Castings.  2247-2263A 

Voids,  Stress  effects 

Creep  and  Intergranular  Cracking  of  Ni — Cr — Fe — C  in 
360®C  Argon.  1 1 69-1 1 83A 

Thermal-Mechanical  Fatigue  of  Ti-48Ai-2V  Alloy  and  Its  Com¬ 
posite.  2207-221 2A 

Fracture  Toughness  of  Discontinuously  Reinforced  AI-4Cu- 
1 .5Mg/TiB2  Composites.  2461 -2468A 

Voltage 

See  Electric  potential 

Voltage  drop 

See  Electric  potential 


Washing 

Slurry  Filtration  and  Cake  Washing  After  the  HCI-Leach  of 
Magnesite  and  Serpentine — Continuous  Washing  Model.  321 -331 B 

Water,  Reactions  (chemical) 

Interactions  Between  Drops  of  a  Molten  Aluminum  )Lithium 
Alloy  and  Liquid  Water.  623-625B 

Water  quenching 

Microstructure  and  Mechanical  Properties  of  Ti — 40  wt.%  Ta 
(Ti— 15  at.%  Ta).  461-472A 

Local  Melting  in  Al — Mg — Zn — Alloys.  521-530A 

Interstitial  Precipitation  in  Fe — Cr — Al  Alloys.  1 135-1 146A 

The  Cause  of  Matrix  Penetration  of  W/W  Grain  Boundaries 
During  Heat  Treatment  of  W-Ni-Fe  Heavy  Alloy.  2828-2831 A 

Water  vapor,  Environment 

Embrittlement  of  B2  Iron  Aluminide  by  Water  Vapor  and  by 
Hydrogen.  1 285-1 290A 


Wear 

See  also  Abrasive  wear 
Frictional  wear 

Wear,  Stress  effects 

Fracture  Toughness  of  Discontinuously  Reinforced  Al-4Cu- 
1.5Mg/TiB2  Composites.  2461-2468A 

Wear  rate,  Microstructural  effects 

Effect  of  Microstructure  (Particulate  Size  and  Volume  Frac¬ 
tion)  and  Counterface  Material  on  the  Sliding  Wear  Resis¬ 
tance  of  Particulate-Reinforced  Aluminum  Matrix 
Composites.  969-983A 

Wear  resistance,  Coating  effects 

Processing.  Microstructure,  and  Properties  of  Laser-Clad 
Nickel  Alloy  FP-5  on  Al  Alloy  AA333.  425-434B 

Wear  resistance,  Heating  effects 

The  Effect  of  Aging  on  Wear  Characteristics  of  Rheocast- 
Leaded  Aluminum  Alloys.  851 -856A 

Wear  resistance,  Microstructural  effects 

Effect  of  Microstructure  (Particulate  Size  and  Volume  Frac¬ 
tion)  and  Counierface  Material  on  the  Sliding  Wear  Resis¬ 
tance  of  Particulate-Reinforced  Aluminum  Matrix 
Composites.  969-983A 

Weathering  steels 

See  Structural  steels 

Weld  defects 

The  a/0  Interface  Phase  in  Titanium  Alloys:  Artifact  or  Real 
Phase  Contribution  to  Problem  Resolution.  241-248A 

Effect  of  Welding  Variables  and  Solidification  Substructure  on 
Weld  Metal  Porosity.  2285-2294A 

Weldability 

Resistance  Spot  Welding  of  Precoated  Steel  Sheet:  Compu¬ 
tational  Heat-Transfer  Analysis.  415-423B 

Welded  joints,  Heat  treatment 

Computer  Simulation  of  Diffusion  in  Multiphase  Systems.  1 1 27-1 1 34A 

Welded  Joints,  Microstructure 

The  a/0  Interface  Phase  in  Titanium  Alloys:  Artifact  or  Rea! 

Phase  Contribution  to  Problem  Resolution.  241-248A 

Welded  joints,  Phases  (state  of  matter) 

Characterization  of  a  Diffusion-Bonded  Al — Mg  Ailoy/SiC  In¬ 
terface  by  High  Resolution  and  Analytical  Electron  Micros¬ 
copy.  617-627A 

The  Influence  of  Electron-Beam  Welding  Parameters  on 
Heat-Affected-Zone  Microfissuring  in  Incoloy  903.  1 733-1 745A 

Welded  joints,  Physical  properties 

Effect  of  Welding  Variables  and  Solidification  Substructure  on 
Weld  Metal  Porosity.  2285-2294A 

Welded  joints,  Thermal  properties 

Three-Dimensional  Finite  Element  Modeling  of  Gas  Metal-Arc 
Welding.  435-441 B 

Welding  parameters 

Resistance  Spot  Welding  of  Precoated  Steel  Sheet;  Compu¬ 
tational  Heat-Transfer  Analysis.  415-423B 

The  Influence  of  Electron-Beam  Welding  Parameters  on 
Heat-Affected-Zone  Microfissuring  in  Incoloy  903.  1733-1745A 

Welds 

See  Welded  joints 

Wetting 

An  Empirical  Correlation  Between  Contact  Angles  and  Sur¬ 
face  Tension  in  Some  Ceramic — Metal  Systems.  225-230A 
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Zirconium  base  alloys 


Experimental  Study  of  the  Influence  of  Interfacial  Energies 
and  Reactivity  on  Wetting  in  Metal/Oxide  Systems.  599-605A 

Capillarity  in  Isothermal  Infiltration  of  Alumina  Fiber  Preforms 
With  Aluminum.  2145-2152A 

Modelling  the  Infiltration  Kinetics  of  Molten  Aluminum  Into 
Porous  Titanium  Carbide.  2357-2370A 

Wetting,  Alloying  effects 

Solid-State  Wetting  of  Graphite  by  Lead  and  Pb — Ni  Alloys.  607-61 5A 

Wetting,  Temperature  effects 

Kinetics  of  Interlayer  Formation  on  Polycrystalline  «-Al203/ 
Copper-Titanium  Alloy  Interface.  2083-2090A 

Whisker  composites,  Powder  technology 

Microstructural  Analysis  of  Fracture  Toughness  Variation  in 
2XXX-Series  Aluminum  Alloy  Composites  Reinforced  With 
SiC  Whiskers.  2213-2223A 

Low-Cycle  Fatigue  Properties  of  a  SiC  Whisker-Reinforced 
2124  Aluminum  Alloy.  2265-2274A 

White  metal  (copper  matte) 

See  Copper  mattes 

Wolfram 

See  Tungsten 

Work  hardening 

See  Strain  hardening 

Work  strengthening 

See  Strain  hardening 

Workability 

See  also  Formability 

Workability,  High  temperature  effects 

The  Workability  of  Commercial  and  Experimental  0.6%  Car¬ 
bon  Low  Alloy  Steels  in  the  Temperature  Range  of  650- 
870*C.  827-837A 

Wustite,  Reduction  (chemical) 

Surface  Segregation  of  Calcium  Oxide  in  Wustite  and  Its  Ef¬ 
fects  on  the  Reduction,  405-413B 

Improvement  in  the  Reducibiiity  of  Wustite  Assisted  by  the  In¬ 
tensified  Surface  Segregation  of  Calcium  Ions  by  the  Dou¬ 
ble  Addition  of  CaO  and  Si02.  741-748B 

X  ray  analysis 

See  X  ray  diffraction 

X  ray  diffraction 

Crystallographic  Characteristics  of  the  Al — Co  Decagonal 
Quasicrystal  and  Its  Monoclinic  Approximant  r2-AI,3C04.  47-56A 

X  ray  diffractometer 

See  X  ray  diffraction 

X  ray  photoelectron  spectroscopy 

See  Photoelectron  spectroscopy 

X  ray  scattering 

Determination  of  the  Short-Range  Order  Structure  of  Au — 25 
at,%  Fe  Using  Wide-Angle  Diffuse  Synchrotron  X-Ray  Scat¬ 
tering.  1561-1573A 

Yield  strain 

See  Strain 

Yield  strength,  Composition  effects 

The  Effects  of  Hydrogen  on  the  Mechanical  Behavior  of  Aus¬ 
tenitic  Stainless  Steels  at  Room  Temperature.  1015-1023A 

Room-Temperature  Strength  and  Deformation  of  TiB2- 
Reinforced  Near-7  Titanium  Aluminides.  2181-2197A 

Melt-Processed  NisAI  Matrix  Composites  Reinforced  With 
TIC  Particles.  2525-2534A 

Yield  strength,  Cooling  effects 

Effects  of  Widmanstatten  Ferrite  on  the  Mechanical  Proper¬ 
ties  of  a  0.2%  C— 0.7%  Mn  Steel.  763-773A 

Yield  strength,  Deformation  effects 

The  Tensile  Deformation  Behavior  of  AA  3004  Aluminum 
Alloy.  357-364A 

Hot  Deformation  Characteristics  of  INCONEL  Alloy  MA  754 
and  Development  of  a  Processing  Map.  1693-1702A 

High-Temperature  Deformation  of  B2  NiAI-Base  Alloys.  (Con¬ 
ference  Paper)  2017-2026A 

Yield  strength,  Environmental  effects 

Hydride  Embrittlement  in  Zircaloy-4  Plate.  I.  Influence  of  Mi¬ 
crostructure  on  the  Hydride  Embrittlement  in  Zircaloy-4  at 
20  and  350°C.  1185-1197A 

Yield  strength.  Heating  effects 

The  Effects  of  Double  Austenitization  on  the  Mechanical 
Properties  of  a  0.34C  Containing  Low-Alloy  Ni — Cr — Mo — 

V  Steel.  545-555A 

Effect  of  Heat  Treatment  on  the  Microstructure,  Tensile  Prop¬ 
erties,  and  Fracture  Behavior  of  Permanent  Mold  AI-10 
wt.%  Si-0.6  wt.%  Mg/SiC/lOp  Composite  Castings.  2247-2263A 

Yield  strength,  High  temperature  effects 

Elevated  Temperature  Fracture  of  RS/PM  Alloy  8009. 1.  Frac¬ 
ture  Mechanics  Behavior.  365-379A 

The  Workability  of  Commercial  and  Experimental  0.6%  Car¬ 
bon  Low  Alloy  Steels  in  the  Temperature  Range  of  650- 
870°C.  827-837A 

Yield  strength,  Microstructural  effects 

Precipitation  Effects  During  Hot  Deformation  of  a  Copper 
Alloy.  257-266A 

Ordering  and  Mechanical  Strength  in  LI  2  Cubic  Titanium  Tri- 
aluminides.  449-451A 

Textural  and  Microstructural  Gradient  Effects  on  the  Mechan¬ 
ical  Behavior  of  a  Tantalum  Plate.  1025-1031A 


Temperature  and  Microstructural  Dependence  of  the  Defor¬ 
mation  of  a  High  Niobium,  Titanium — Aluminum  Alloy. 

Microstructural  Analysis  of  Fracture  Toughness  Variation  in 
2XXX-Series  Aluminum  Alloy  Composites  Reinforced  With 
SiC  Whiskers. 

Yield  strength,  Pressure  effects 

The  Effects  of  Hydrostatic  Pressure  on  the  Compressive  Me¬ 
chanical  Behavior  of  LI  2  AI3  Ti-Based  Intermetallic. 

Yield  strength,  Radiation  effects 

Deformation  Behavior  of  Irradiated  Zr — 2.5Nb  Pressure  Tube 
Material. 

Yield  strength,  Stress  effects 

Behavior  of  Nickel-Base  Superalloy  Single  Crystals  Under 
Thermal — Mechanical  Fatigue. 

Analysis  of  Thermally  Induced  Stress  and  Strain  in  Continu¬ 
ous  Fiber-Reinforced  Composites. 

Crack  Initiation  at  Long  Radial  Hydrides  in  Zr — 2.5Nb  Pres¬ 
sure  Tube  Material  at  Elevated  Temperatures. 

Evaluation  of  Homogeneous  Compression  Flow  Curves 
Using  Square  Cross-Sectioned  Specimens. 

Hydride  Embrittlement  in  Zircaloy-4  Plate.  II.  Interaction  Be¬ 
tween  the  Tensile  Stress  and  the  Hydride  Morphology. 

Stress-State  Dependence  of  Strain-Hardening  Behavior  in 
2014  AI/15  vol.%  AI2O3  Composite.  (Conference  Paper) 

Flow  Instabilities  and  Fracture  in  Ti-6AI-4V  Deformed  in  Com¬ 
pression  at  298-673K. 

Yield  strength,  Temperature  effects 

Behavior  of  Steels  Near  the  Incipient  Melting  Temperature. 

Yield  stress 

See  Yield  strength 

Youngs  modulus 

See  Modulus  of  elasticity 

Ytterbium,  Binary  systems 

Formation  and  Stability  of  Metastable  Structures  and  Amor¬ 
phous  Phases  in  Pu — V,  Pu — TA.  and  Pu — Yb  Systems 
With  Positive  Heats  of  Mixing. 

Yttrium,  Alloying  elements 

Supersaturation  of  the  AI2Y  Laves  Phase  by  Rapid  Solidifica¬ 
tion. 

Yttrium,  Quaternary  systems 

Thermodynamic  Study  of  BaCu02  and  BaCu202. 

Yttrium,  Reactions  (chemical) 

Solubility  and  Thermodynamic  Properties  of  Y2O3  in  LiF — YF3 
Melts. 

Zinc,  Alloying  elements 

Effect  of  Alloying  Elements  on  the  Solidification  Characteris¬ 
tics  and  Microstructure  of  Al — Si~Cu — Mg — Fe  380  Alloy. 

On  the  Prebainitic  Phenomenon  in  Some  Alloys.  (Conference 
Paper) 

Zinc,  Binary  systems 

Multiphase  Binary  Diffusion  in  Infinite  and  Semi-Infinite 
Media.  II.  On  the  Numerical  Calculation  of  the  Rate  Con¬ 
stants  for  Formation  of  Product  Phases. 

Zinc,  Coatings 

Computer  Algorithms  for  Radiometric  Measurement  of  Tem¬ 
perature  During  the  Galvanneal  Process. 

Zinc,  Extraction 

Thermal  Treatment  of  Complex  Sulfide  Ores  in  N2  and  H2  At¬ 
mospheres;  a  New  Approach  for  the  Extraction  of  Their 
Valuable  Elements.  (Review) 

The  Ferric  Fluosilicate  Leaching  of  Lead  Concentrates.  I.  Ki¬ 
netic  Studies. 

Zinc,  Ternary  systems 

Thermodynamics  of  the  Iron  )Carbon  )Zinc  System. 

Zinc  base  alloys,  Mechanical  properties 

Effect  of  Iron  on  the  Superplastic  Deformation  of  Zn-22%AI. 

Zinc  compounds.  Coatings 

The  Effect  of  Steel  Chemistry  on  the  Formation  of  Fe-Zn  tn- 
termetallic  Compounds  of  Galvanneal-Coated  Steel 
Sheets. 

Zinc  plating 

See  Galvanizing 

Zirconium,  Alloying  elements 

Effect  of  Oxygen  and  Zirconium  on  the  Growth  and  Super¬ 
conducting  Properties  of  NbsSn. 

The  Role  of  Oxygen  and  Zirconium  in  the  Formation  and 
Growth  of  NbsSn  Grains. 

Zirconium  base  alloys,  Mechanical  properties 

Deformation  Behavior  of  Irradiated  Zr — 2.5Nb  Pressure  Tube 
Material. 

Crack  Initiation  at  Long  Radial  Hydrides  in  Zr — 2.5Nb  Pres¬ 
sure  Tube  Material  at  Elevated  Temperatures. 

Hydride  Embrittlement  in  Zircaloy-4  Plate.  I.  Influence  of  Mi¬ 
crostructure  on  the  Hydride  Embrittlement  in  Zircaloy-4  at 
20  and  350°C. 

Hydride  Embrittlement  in  Zircaloy-4  Plate.  II.  Interaction  Be¬ 
tween  the  Tensile  Stress  and  the  Hydride  Morphology. 


1 667-1 679A 
2213-2223A 

1703-1711A 

135-145A 

99-1 09A 
415-425A 
993- 1004 A 
1 095-1 097A 
1199-1208A 
2049-2061 A 
21 73-21 79A 

125-133A 


1 579-1 590A 

230-233A 

385-389B 

91-96B 

437-448A 

1941-1946A 

753-761 A 

449-462B 

193-205B 

473-480B 

569-578B 
2391 -2401 A 

721-730B 


203-21 2A 
21 3-21 9A 

135-145A 
993-1 004A 

1185-1197A 

1199-1208A 


S-47 


STYLING  OF  REFERENCES 


1 .  A  journal  reference  should  be  readily  available  on  subscription 
and  included  in  most  library  collections.  Use  journal  abbre¬ 
viations  as  given  in  the  current  listing  of  Chemical  Abstracts 
Service  Source  Index.  Article  titles  are  not  to  be  included. 
Example:  Author:  Journal,  year,  ser.,  vol.,  pp. 

R.M.  Horn  and  Robert  O.  Ritchie:  Metall.  Trans.  A,  1978, 
vol.  9A,  pp.  1039-53. 

2.  References  to  books  should  include  the  title  and  pages  within 
the  book. 

Example:  Author:  Book,  edition,  publisher,  place,  date,  pages. 
George  E.  Dieter:  Mechanical  Metallurgy,  2nd  ed.,  McGraw- 
Hill  Book  Co.,  New  York,  NY,  1976,  pp.  160-65. 

3.  A  ‘^private  communication'”  or  “unpublished  research”  may  be 
referenced  when  required  to  give  proper  credit.  The  citation 
must  include  the  affiliation  and  address  of  the  person  involved, 
as  well  as  the  year.  Papers  Presented  at  Meetings  but  not  Pub¬ 
lished  fall  under  this  category. 

Example:  J.J.  Doe:  AAA  Company,  Washington,  DC,  un¬ 
published  research,  1988. 

INFORMATION  ON  PAGE 

METALLURGICAL  AND  MATERIALS  TRANSACTIONS, 
like  many  other  scientific  and  technical  journals,  depends  on  au¬ 
thor  page  charges  for  a  significant  part  of  its  support.  Therefore 
a  charge  of  $75.00  per  printed  page  is  levied  for  all  papers  pub¬ 
lished.  This  charge  is  $70.00  per  printed  page  for  manuscripts 
submitted  on  computer  diskette  (see  Metall.  Trans.  A,  1985,  vol. 
16A,  p.  2082).  One  hundred  reprints  will  be  supplied  without 
additional  charge  for  every  paper  on  which  the  payment  of  these 
charges  is  authorized.  It  is  expected  that  each  author  or  sponsoring 
institution  will  contribute  fairly  to  the  support  of  METALLUR- 


4.  References  to  Internal  Reports  and  other  publications  of  lim¬ 
ited  availability*  are  not  desirable.  However,  they  will  be  per¬ 
mitted  when  the  use  results  in  a  saving  of  page  space  or  is 
required  for  proper  recognition.  In  these  matters,  the  author’s 
judgment  must  be  supported  by  the  review  committee  and  ed¬ 
itor.  The  report  should  be  available  on  request  and  include  the 
source  from  which  a  copy  may  be  obtained. 

Example:  J.J.  Doe:  Report  No.  738,  AAA  Company,  Wash¬ 
ington,  DC,  January  1988. 

5.  In  Press  references  must  include  the  name  of  the  journal.  Bal¬ 
ance  of  reference  should  be  supplied  when  available.  This  may 
be  done  on  the  proofs. 

6.  References  such  as  submitted  for  publication  and  to  be  pub¬ 
lished  are  not  acceptable.  If  the  item  is  still  undergoing  review, 
use  same  format  as  in  3  above. 

7.  References  must  be  numbered  throughout  the  manuscript  and 
presented  in  consecutive  numerical  order  on  Reference  page. 

8.  No  other  references  will  be  published. 

*Not  available  by  subscription. 

CHARGES  AND  REPRINTS 

GICAL  AND  MATERIALS  TRANSACTIONS  through  payment 
of  the  page  charges. 

However,  in  special  cases  in  which  the  author  would  have  to 
pay  the  charges  personally,  such  charges  may  be  waived  upon 
written  request.  Instructions  and  forms  regarding  page  charges, 
waivers,  and  reprints  will  be  forwarded  from  the  editorial  office 
and  appropriate  action  should  be  taken  at  that  time.  These  and 
any  other  special  matters  related  to  page  charges  should  be  re¬ 
ferred  to  METALLURGICAL  AND  MATERIALS  TRANSAC¬ 
TIONS,  Carnegie  Mellon  University,  Schenley  Park,  Pittsburgh, 
PA  15213. 


PUBLICATION  OF  SYMPOSIUM  PAPERS  IN  METALLURGICAL  AND  MATERIALS  TRANSACTIONS 


There  are  special  situations  when  it  is  desirable  to  publish  a 
group  of  papers  concurrently  in  METALLURGICAL  AND  MA¬ 
TERIALS  TRANSACTIONS.  Typically,  these  arise  when  a  tech¬ 
nical  committee  has  organized  a  limited  meeting  program  of  two 
or  three  half-day  sessions  on  a  particular  theme.  The  material  must 
be  original,  of  high  quality,  and  closely  correlated  but  not  suffi¬ 
cient  to  justify  an  independent  monograph  or  proceedings-type 
publication.  A  high  percentage  of  these  would  normally  be  pub¬ 
lished  as  METALLURGICAL  AND  MATERIALS  TRANSAC¬ 
TIONS  papers,  but  the  authors  and  committees  feel  there  is  an 
additional  benefit  from  concurrent  publication. 


To  obtain  approval,  the  chairman  of  the  symposium  program 
should  write  to  the  editor  outlining  the  symposium  scope,  the  pa¬ 
pers  to  be  considered,  with  abstracts  if  available,  and  the  plans 
for  payment  of  page  charges.  On  receipt  of  this  information,  the 
editor  will  submit  a  request  to  the  Joint  Commission  for  approval. 
All  manuscripts  in  the  symposium  will  be  reviewed  according  to 
METALLURGICAL  AND  MATERIALS  TRANSACTIONS 
standard  review  procedure. 

An  example  of  a  symposium  published  by  METALLURGICAL 
AND  MATERIALS  TRANSACTIONS:  “Symposium  on  the  Me¬ 
chanical.  Microstructural  and  Fracture  Processes  in  Superplastic¬ 
ity,”  Metall.  Trans.  A,  1982,  vol.  13A,  pp.  688-743. 


COPYRIGHT  POLICY 


METALLURGICAL  AND  MATERIALS  TRANSACTIONS  is 
subject  to  the  U.S.  Copyright  Law  which  became  effective  on 
January  1,  1978.  Accordingly,  the  signed  copyright  transfer  form 
must  be  received  in  the  Editor’s  Office  before  the  article  can  be 
processed  for  publication.  This  form,  published  in  the  February 
issue  of  METALLURGICAL  AND  MATERIALS  TRANSAC¬ 
TIONS  A  and  METALLURGICAL  AND  MATERIALS  TRANS¬ 
ACTIONS  B,  must  be  signed  by  each  author  unless  excepted  as 
noted  under  Part  A,  “work  made  for  hire”  or  Part  B  which  per¬ 
tains  to  U.S.  Government  employees.  Other  copyright  transfer  forms 
may  not  be  substituted  for  this  form. 

ANNUAL 

TMS — Champion  H.  Mathewson  Award:  Established  to  honor 
Dr.  Champion  H.  Mathewson,  President  of  the  Institute  in  1943, 
award  is  made  for  a  paper  which  represents  a  notable  contribution 
to  metallurgical  or  materials  science.  Paper  must  have  been  pub¬ 
lished  in  Metallurgical  and  Materials  Transactions  A  or  S  or  any 
other  TMS  publication  within  the  three-year  period  preceding  the 
award. 

ASM — Marcus  A.  Grossmann  Young  Author  Award:  Estab¬ 
lished  to  honor  Dr.  Marcus  A.  Grossmann,  President  of  ASM  in 


This  copyright  transfer  formalizes  the  author-publisher  relations 
of  professional  societies  and  becomes  effective  when  the  manu¬ 
script  is  accepted  for  publication.  If  the  article  is  not  published  in 
METALLURGICAL  AND  MATERIALS  TRANSACTIONS,  the 
copyright  transfer  will  not  take  effect.  As  the  copyright  owners 
for  articles  in  METALLURGICAL  AND  MATERIALS  TRANS¬ 
ACTIONS,  ASM  and  TMS-AIME  will  continue  to  promote  the 
widest  dissemination  of  the  technical  information  printed  in  these 
journals. 


AWARDS 

1944,  award  is  made  to  suitable  author  whose  age  is  less  than  40 
years  of  age  on  1  January  of  year  in  which  paper  was  published 
in  Metallurgical  and  Materials  Transactions.  Paper  must  have  been 
published  in  the  calendar  year  preceding  that  in  which  award  is 
to  be  made. 

ASM — Henry  Marion  Howe  Award:  Established  to  honor  Dr. 
Henry  Marion  Howe,  this  is  the  oldest  of  the  ASM  awards  and 
metals.  Paper  must  have  been  published  in  the  calendar  year  pre¬ 
ceding  that  in  which  award  is  to  be  made. 


Statement  of  Ownership, 
Management  and 
Circulation 

(Required  by  39  U.S.C.  3685) 


1A.  Title  of  Publication 

Metallurgical  &  Materials  Transactions  A 

IB.  PUBLICATION  NO. 

2.  Date  of  Filing 

September  30,  1994 

0 

3 

6 

0 

2 

1 

3 

3 

3.  Frequency  of  Issue 

Monthly  (1994) 

3A.  No.  of  Issues  Published 
Annually 

12 

3B.  Annual  Subscription  Price 

$696.00 

4.  Complete  Mailing  Address  of  Known  Office  of  Publication  (Street.  City,  County,  State  and  ZIP+4  Code)  (Not  printers) 


420  Commonwealth  Drive,  Warrendale,  PA  15086  (Allegheny  County) 


5.  Coruplete,  Mailing  Address  pf  tbe  tleadqu^lers  of  G^ecal  Bu 

42T!)  Commoiiwealtn  Drive,  Warrenaale, 


f  the  Publisher  (Not  printer) 


6.  Full  Names  and  Complete  Mailing  Address  of  Publisher,  Editor,  and  Managing  Editor  (This  item  MUST  NOT  be  blank) 
Publisher  (Name  and  Complete  Mailing  Address) 

Alexander  R.  Scott,  TMS,  420  Commonwealth  Drive,  Warrendale,  PA  15086 


Editor  (Name  and  Complete  Mailing  Address) 


David  Laughlin,  Carnegie  Mellon  University,  Pittsburgh,  PA  15213 

Managing  Editor  (Name  and  Complete  Mailing  Address) 


7.  Owner  (If  owned  by  a  corporation,  its  name  and  address  must  be  stated  and  also  immediately  thereunder  the  names  and  addresses  of  stockholders  owning  or  holding 
I  percent  or  more  of  total  amount  of  stock.  If  not  owned  by  a  corporation,  the  names  and  addresses  of  the  individual  owners  must  be  given.  If  owned  by  a  partnership 
or  other  unincorporated  firm,  its  name  and  address,  as  well  as  that  of  each  individual  must  be  given.  If  the  publication  is  published  by  a  nonprofit  organization,  its 
name  and  address  must  be  stated.)  (hem  must  be  completed.) 


Full  Name 

Complete  Mailing  Address 

Owned  iolntlv  bv  The  Minerals.  Metals  & 

420  Commonwealth  Drive 

Materials  Society  and 

Warrendale,  PA  15086 

ASM  International 

Materials  Park,  OH  44073 

8.  Known  Bondholders,  Mortgagees,  and  Other  Security  Holders  Owning  or  Holding  1  Percent  or  More  of  Total  Amount  of  Bonds,  Mortgages  or  Other 
Securities  (If  there  are  none,  so  state) 


Full  Name 

Complete  Mailing  Address 

9.  For  Completion  by  Nonprofit  Organizations  Authorized  To  Mail  at  Special  Rates  (DM M  Section  424.12  only) 

The  purpose,  function,  and  nonprofit  status  of  this  organization  and  the  exempt  status  for  Federal  Income  tax  purposes  (Check  one) 


□  Has  Not  Changed  During  I — I  Has  Changed  During  (If  changed,  publisher  must  submit  explanation  of 

Preceding  12  Months  _ I I  Preceding  12  Months _ change  with  this  statement.) _ 


”'0-  Extent  and  Nature  of  Circulation 

(See  instructions  on  reverse  side) 

Average  No.  Copies  Each  Issue  During 
Preceding  12  Months 

Actual  No.  Copies  of  Single  Issue 
Published  Nearest  to  Filing  Date 

A.  Total  No.  Copies  (Net  Press  Run) 

3,420 

3,263 

B.  Paid  and/or  Requested  Circulation 

1.  Sales  through  dealers  and  carriers,  street  vendors  and  counter  sales 

_ 

_ 

2.  Mail  Subscription 
(Paid  and/or  requested) 

2,528 

2,552 

C.  Total  Paid  and/or  Requested  Circulation 
(Sum  of  lOBl  and  I0B2) 

2,528 

2,552 

D.  Free  Distribution  by  Mail,  Carrier  or  Other  Means 

Samples,  Complimentary,  and  Other  Free  Copies 

764 

648 

E.  Total  Distribution  (Sum  of  C  and  D) 

3,292 

3,200 

F.  Copies  Not  Distributed 

1.  Office  use,  left  over,  unaccounted,  spoiled  after  printing 

128 

63 

2.  Return  from  News  Agents 

_ 

G.  TOTAL  (Sum  of  E,  FI  and  2— should  equal  net  press  run  shown  in  A) 

3,420 

3.263 _ 

"  1  certify  that  the  statements  made  by 
me  above  are  correct  and  complete 

Signature  and  Title  of  Editor,  Publisher,  Business  Manager,  or  Owner 

PS  Form  3526,  January  1991  (See  instructions  on  reverse) 


